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1 – Motivation and Background 

Magnetic thin films of 3d-4d/5d transition metal alloys such as Fe-Pt, Co-Pt, and Fe-Pd 

are of technological interest due to their ordered L10 tetragonal intermetallic phases, which 

exhibit high magnetocrystalline anisotropies of K ~ 107 to 108 ergs/cm3 that are comparable to 

rare earth magnets [1-6].  Rare earth permanent magnets, based on 3d transition metals alloyed 

with the 4f lanthanide series, have become ubiquitous since their development in the 1970s      

[7, 8].   Despite their prevalent use in modern technology, they are limited by a tendency to be 

vulnerable to corrosion, as well as brittle due to a lack of available slips systems in their complex 

crystal structure [7, 8].  Both of these issues can cause intractable problems for nanoscale 

applications.   The strong hard-magnet properties of 3d-4d/5d magnetic alloys, combined with 

the ductility and chemical inertness of their ennobled metallic nature, allow these material 

systems to remain above the thermally induced KV/kBT superparamagnetic limit at the 

nanometer scale, making them ideal for applications in ultra-high-density magnetic storage or 

micro-electro-mechanical systems [9].  Within this class of materials, Fe-Pd alloys possess 

comparatively moderate magnetocrystalline anisotropies relative to Co-Pt and Fe-Pt.  The Fe-Pd 

system, however, exhibits a considerably lower range of order-disorder transition temperatures 

that renders the material well-suited for nanostructured magnetic applications by enabling lower 

processing temperatures [10, 11].  In addition, the high economic demand for Pt makes Pd based 

alternatives of considerable technological interest. 

Experimental work to date near the Fe38.5Pd61.5 eutectoid composition between the L10 

and L12 phases of the Fe-Pd system, bounding one side of the technologically relevant L10 phase 

region, is limited and has left large uncertainties in the experimental phase diagram (Fig. 1) [10].   
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Fig. 1 – Partial experimental phase diagram of the Fe-Pd material system [10].  Of special note 

is the eutectoid decomposition located at Fe38.5Pd61.5 from the disordered FCC γ phase to the     

γ1 - L10 (FePd) and γ2 - L12 (FePd3) ordered phases.  The uniformly dashed lines in the diagram 

represent uncertain boundaries in the experimental phase diagram; the broken lines represent 

the magnetic transformation temperature. 

The work included in this thesis began as an attempt to better understand the complicated 

phase behavior of this unexplored region of the binary diagram and solidify a gap in the 

experimental record.  The related Co-Pt system has been shown to decompose into a novel, 

strain-induced chessboard microstructure at the eutectoid composition between its ordered L10 

and L12 intermetallic phases [12, 13], and it is thought that producing similar strain-induced 

microstructures in related 3d-4d/5d material systems may be possible [14].  Strain-induced 

effects are observed for the Fe38.5Pd61.5 thin films presented within this thesis, but they are of a 

considerably different nature than the microstructural behavior produced at the Co-Pt eutectoid. 
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1.1 – FCC Based Ordered Phases 

This thesis will focus largely on the Pd-rich phases of the Fe-Pd system, which consist of 

a Face Centered Cubic (FCC) phase and the L10 and L12 ordered structures derived from this 

parent lattice.  The conventional cell for the FCC lattice is a cube with an atom at each corner 

and situated in the middle of each face, containing a total of four atomic sites (Fig. 2).  Each of 

these atomic sites in the disordered binary alloy is a statistical entity that has some probability   

of being either an Fe or Pd atom, and can be treated as a compositional superposition of the two. 

 

Fig. 2 – The conventional cell of an FCC structure, with statistical atoms at the corners and face 

centers.  This structure will serve as a parent cell to all ordered phases of the Fe-Pd system. 

This FCC configuration results in a close-packed structure, with {111} close-packed 

planes and <110> close-packed directions, and each atom having a coordination of twelve 

nearest neighbors.  The FCC structure is given the Stukturbericht designation A1 [15], and 

Pearson symbol cF4, which can be broken down as cubic Face centered with a 4 atom cell [16].  

This places the structure in space group ��3��, no. 225, with a statistical atom residing in the 

Wyckoff 4(a) positions at (0, 0, 0),  (½, 0, ½),  (½, ½, 0),  and (0, ½, ½).  The symmetry 

operators of this space group are displayed in Fig. 3. 
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Fig. 3 – The space group symmetry for the FCC structure represented graphically with all 

appropriate symmetry operators, along with a list of all symmetric points [17].  The three-fold 

axis running through the body diagonal is indicative of cubic symmetry.  

 1.1.1 - The L10 Crystal Structure 

The L10 (Stukturbericht designation) structure is a crystallographic derivative of the FCC 

parent lattice.  The ordered structure has less symmetry than its parent and can be envisioned as 

alternating monolayers of two constituent elements on an FCC scaffold.  These alternating 

monolayers result in the large magnetocrystalline anisotropies of magnetic L10 alloys, giving the 
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phase its desirable magnetic properties [18].  The conventional unit cell for L10 has a Pearson 

symbol of tP4 (tetragonal Primative 4-atom) and is related closely to a compositionally modified 

FCC conventional cell, as the tetragonal c/a ratio is generally close to unity.  The L10 primitive 

cell is reduced to a tP2 two atom basis and is related to the L10 conventional cell in a manner 

superficially similar to the Bain correspondence between FCC and BCC structures (Fig. 4). 

 

Fig. 4 – The L10 conventional cell (Blue) and primitive cell (Red).  The conventional cell can be 

seen to correlate to an FCC parent lattice with atomic sites occupied by alternating layers. 

This places the structure in space group �4/���, no. 123, with one element residing in the 

Wyckoff 1(a) position at (0,0,0) and 1(c) position at (½, ½,0), while the other element is found at 

positions 2(e) at (½,0, ½) and (0, ½, ½).  Observing the symmetry operators of the L10 space 

group (Fig. 5), there is a notable absence of a three-fold symmetry axis along the body diagonal, 

representing a shift from cubic to tetragonal symmetry. 
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Fig. 5 – The space group symmetry for the L10 structure represented graphically with all 

appropriate symmetry operators, along with a list of all symmetric points [17].  Tetragonality 

has eliminated the three-fold axis running through the body diagonal of the FCC parent. 

1.1.2 - The L12 Crystal Structure 

The L12 (Stukturbericht designation) structure is also a crystallographic derivative of the 

FCC parent lattice.  The face centered atoms found at Wyckoff positions 3(c) at (½, 0, ½),       

(½, ½, 0), and (0, ½, ½) are now a different species than the minor constituent element at 

position 1(a) (0, 0, 0).  The conventional cell for L12 is its primitive cell, which corresponds 

closely to the conventional cell of FCC (Fig. 6).  L12 is in space group ��3��, no. 221, and as it 

maintains cubic symmetry it has a threefold symmetry along the body diagonal (Fig. 7). 
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Fig. 6 – The L12 structure conventional cell, which is also a simple cubic primitive cell. 

 

Fig. 7 – The space group symmetry for the L12 structure represented graphically with all 

appropriate symmetry operators, along with a list of all symmetric points [17].  The three-fold 

axis running through the body diagonal shows that the FCC cubic symmetry is preserved. 
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1.2 - The Fe-Pd Binary System 

1.2.1 - Overview 

The experimental phase diagram commonly cited for the Fe-Pd system is given by 

Massalski (Fig. 8) [10].  At high temperatures and Pd-rich compositions the diagram is 

dominated by the FCC γ-phase. The L10 and L12 ordered phases can both be found at lower 

temperatures on the Pd-rich half of the phase diagram, a region that will be discussed later in 

greater detail.  The Fe-rich side of the diagram is dominated at low temperatures by a two-phase 

α-Fe + L10 region, giving way to Body Centered Cubic (BCC) α-Fe for low Pd at % alloys.  

With rising temperatures the Fe-rich side of the diagram transitions to an α + γ two-phase region, 

and eventually to solely γ-(Fe-Pd) after a possible miscibility gap.  Near the Fe-rich liquidus a 

small region of BCC δ-Fe can be found, similar to the phase diagram of steel. 

 

Fig. 8 – The classically cited experimental Fe-Pd binary phase diagram given by Massalski 

[10].  The work in this thesis will focus on the FCC → L10 +L12 eutectoid at 61.5 at % Pd. 
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Thorough reviews are available concerning the accuracy of the Fe-Pd experimental 

diagram [19-21].  Ghosh et al. [19] in particular perform an excellent line-by-line analysis of the 

entire diagram, which is reproduced partially in Fig. 9 along with their own computational work.  

The studies determining the solidus-liquidus of the diagram [22-24] and the Fe-rich features   

[21, 25-28] are not of great concern for the solid state Pd-rich work presented in this thesis.  It is 

worth noting ambiguities, however, in the region containing the ordered FePd and FePd3 phases.  

The ordered phase boundaries in the experimental diagram have been determined by thermal 

analysis [23, 26, 29], magnetic measurements [30, 31], diffraction [32, 33], dilatometry [30], and 

electrical resistivity [34].  The experimental diagram given by Massalski relies heavily on the 

data provided by Kußman and Jessen [30] and Takezawa et al. [34].  It can be seen from Fig. 9 

this data is not fully corroborated by all other studies, but both studies are in close agreement 

with each other and large portions of the other available data points. 

 
Fig. 9 – A compilation of experimental work on the Fe-Pd phase diagram presented by Ghosh et 

al. [19], along with the results from their own computational model (added lines). 
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Studies spanning the Fe-Pd diagram are available documenting both the lattice constants and 

magnetic properties of the BCC, FCC, L10 and L12 phases of the alloy as a function of 

composition [35, 36].  A comprehensive study of the diffusion behavior of both the Fe and Pd 

species across all alloy compositions has also been published [37]. 

1.2.2 – The Fe38.5Pd61.5 Eutectoid Region 

The experimental phase diagram presented in previous section (Figs. 8 and 9) shows a 

great deal of uncertainty in the region below the FCC → L10 + L12 eutectoid at 61.5 at % Pd.  A 

closer look at the experimental diagram can be made, centering on the eutectoid region (Fig. 1). 

 

Fig. 1 (Repeated) – Partial experimental phase diagram of the Fe-Pd material system [10].  Of 

special note is the eutectoid decomposition located at Fe38.5Pd61.5 from the disordered FCC         

γ phase to the γ1 -L10 (FePd) and γ2 - L12 (FePd3) ordered phases The uniformly dashed lines in 

the diagram represent uncertain boundaries in the experimental phase diagram; the broken lines 

represent the magnetic transformation temperature. 
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One of the most distinctive features of the Fe-Pd eutectoid region is that the congruent 

temperatures for both L10 and L12 types of ordering do not fall, as would be normally expected, 

on the stoichiometric FePd and FePd3 compositions.  This shift in the congruent ordering 

temperatures is attributed to multi-body or magnetic interactions, as the magnetic contribution to 

the free energy of the system is expected to be relatively large [38].  The Curie temperature, 

above which the material changes from a ferromagnetic to paramagnetic state, is established for 

the alloy from a number of studies [28, 30, 34, 39, 40] and has a maximum value at 50 at % Pd.  

L10 type ordering is suggested to lead to a decrease in the magnetic transformation temperature 

compared to disordered FCC, starting small and diverging toward the eutectoid composition   

[28, 30, 34].  The magnetic transformation temperature of L12 reaches a maximum at 75 at % Pd, 

which is stoichiometric FePd3. 

 Enthalpies of formation for the FCC based phases of the system have been calculated, 

with the prediction that both L10 and L12 have enthalpies of formation in the territory of -0.004 

Ry/atom.  The enthalpy of ordering (∆Hf : disorder → order), however, is much greater for L10 

than L12, as the enthalpy of formation for FCC drops from 0.004 Ry/atom to -0.001 Ry/atom 

between the Fe50Pd50 and Fe25Pd75 compositions [41].  Several studies concerning phonon 

dispersion curves, lattice constant modeling as a function of temperature, and calculated 

migration enthalpies are also available for stoichiometric FePd and FePd3 [42-47].  Of particular 

interest are two papers that present computational phase diagrams for the Fe-Pd system modeled 

from select experimental thermodynamic data, which may yield further insights into the alloy’s 

behavior [19, 48].  Both of these models predict an inflection of the L10 + L12 → L12 phase 

boundary back to 70-71 at % Pd at 300°C.  This type of phase boundary inflection is a known 

feature of all phase diagrams with ordered constituents, as thermodynamics at 0 K dictate that all 



12 | C h . 1  

 

ordered phases must be present as stoichiometric line compounds to minimize entropy; however 

it will generally occur only at cryogenic temperatures.  Both diagrams also experience a shift in 

their eutectoid composition closer to 65 at % Pd and a broadening of their L10 + L12 two phase 

region.  While both diagrams differ significantly from the experimental phase diagram presented 

in Fig. 8, namely in behavior below the ordering transition, they are remarkably similar to each 

other (Fig. 10). 

Fig. 10 – Computational phase diagrams (Left) [19] and (Right) [48] created by fitting select 

experimental thermodynamic data.  Notable changes from the experimental diagram include a 

shift in the eutectoid composition and a broadening of the L10 + L12 two-phase region. 

 Extensive modeling of the technologically relevant FePd phase has been performed from 

first principles by two academic groups using cluster variation methods.  Mehaddene et al.     

[42, 43, 49-51] focused their work primarily on pair potentials and migration energies within   

the system.  Mohri et al. [41, 52-55], in contrast, closely address the ordering dynamics of the 

system and analyze the contribution made by the tetragonal distortion, presenting a modeled 

diagram of the L10 ordering transition.  In this model, non-optimal tetragonality of the FePd 
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phase is shown to require an exponentially increasing contribution to the configurational energy 

[41].  The group was able to reproduce the order transition temperature from first principles 

using both cluster variation methods and separately with Lennard-Jones pair potentials [38].  

Despite this success, in both cases the composition of congruent ordering was at 50 at % Pd 

instead of the non-stoichiometric experimental value.  This shift was attributed to the 

unaccounted magnetic energy contribution to the system.  The magnetic anisotropy of 3d-4d/5d 

L10 alloys have been modeled, including FePd, from spin orbit interactions using local spin 

density approximations [56].  Vacancy movement in FePd has also been reconstructed using 

molecular dynamics, showing that diffusion should not disrupt long range order in the alloy [57]. 

 Additional sources concerning the Pd-rich side of the eutectoid, including the ordered 

FePd3 phase, are limited.  Phonon dispersion curves and modeled pair potentials are available for 

both FePd3 [58] and Pd-rich (> 90 at %) FCC [59], as well as data on the electronic structure of 

FePd3 [60].  The magnetic behavior of both the ordered L12 and disordered FCC across the 70 to 

100 at % Pd region has been directly measured [61], as well as modeled for FePd3 [62].  L12 type 

ordering is not expected to significantly impact the lattice parameters of the system. 

1.2.3 – Studies Approaching the Eutectoid Composition 

 There are a handful of studies of L10 Fe-Pd in the 57 to 60 at % Pd range that provide the 

closest data points published to date near the eutectoid two-phase field.  One of these is the only 

known study to show a coexisting mixture of the L10 and L12 phases for Fe-Pd [63].  This 

mixture was created by depositing Pd followed by Fe onto NaCl substrates, creating 10 nm 

nanoparticles of approximately 58 at % Pd on average.  The resulting nanoparticles were       

two-phase in nature and consisted of a Pd-rich L12 core and Fe-rich L10 outer shell.   The core-

shell structure of the particles was attributed to the order of elemental deposition and the limited 
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annealing time of the particular study (10 min), rather than resulting from an equilibrium       

two-phase field.  Similar nanoparticle depositions by the same authors with longer annealing 

times, also centered about 58 at % Pd averages, have yielded particles of only the L10 phase   

[64-67].  These studies provide a picture of how the Pd saturated L10 phase will behave 

magnetically at the nanoscale.  The nanoparticles in these studies were deposited at low 

temperatures, forming in the disordered FCC phase, and subsequently annealed; the increased 

kinetics available at higher temperatures allowing for transition into the ordered L10.  For 

~Fe42Pd58 particles undergoing annealing, ordering was found to begin around 500°C (1 hr) and 

to fully complete at 600°C (1 hr).  Of great importance to the findings later in this thesis, the     

10 nm Fe42Pd58 nanoparticles reach a coercivity of 3000 Oersted upon fully ordering to L10.  

Another study reports Fe43Pd57 3 nm nanoparticles (likely aggregated into larger clusters) grown 

by wet chemistry exhibiting a similar ordering transition temperature range and coercivities 

above 1200 Oersted [68].  The closest study to the Fe38.5Pd61.5 eutectoid is based on the in situ 

neutron diffraction of heated nanocrystalline powders, including the Fe40Pd60 composition [69]. 

 

Fig. 11 – Select data from Ref. 69.  Ordering to the L10 phase at several Fe-Pd compositions is 

shown as a function of temperature (Left) as determined by neutron diffraction (Right). 
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This study shows that the Fe40Pd60 has a notably slower ordering transition than compositions 

nearer to the stoichiometric FePd; completing closer to 625°C than 525°C and lacking a distinct 

onset (Fig. 11).  Neutron diffraction can also provide additional information on the magnetic 

moment of Fe atoms in a sample and confirms that at Fe40Pd60 the alloy undergoes a magnetic 

transformation beginning at 250°C and completing at 325°C [69], agreeing well with the 

experimental phase diagram.  

1.2.4 – Effects at Fe-rich Compositions 

Much of the literature on Fe-Pd concerns the Fe-rich α + L10 region of the diagram and it 

would be negligent to review the system without briefly addressing some of the phenomena 

found at these compositions.  One cluster of active study centers on formation of exchange 

spring magnets of the magnetically soft α-Fe and hard L10 phases [70-74].  This requires a fine 

microstructure of the two phases, allowing for magnetic coupling of the Fe-rich α phase, which 

has a high saturation magnetization, with the high coercivity of the anisotropic L10 to produce a 

large magnetic energy product. 

 Near the FePd composition, ordering has been found to result in a very distinct 

polytwinned microstructure [1, 5, 75-79].  In this morphology macrotwins are themselves 

comprised of a series of {110} microtwins, with the alternation of the L10 tetragonal c-axis 

serving to relieve strain that would otherwise build during ordering (Figs. 12 & 13).  The 

coercivity of the polytwinned FePd microstructure is relatively low despite its fine structure, for 

while it contains a high density of anti-phase and twin boundaries, neither of these features 

provides a strong retarding force on magnetic domain wall motion [1].  Heavily cold working 

and subsequently annealing the alloy below the critical ordering temperature results in 

concomitant recrystallization and L10 ordering, avoiding the polytwinned morphology.  This 

fine, essentially equiaxed, microstructure of L10 crystallites provides a higher density of domain 

pinning sites and has an accompanying eightfold increase in coercivity [75]. 
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Fig. 12 – Select data showing both the micro and macrotwins of the polytwinned microstructure 

of FePd [76]. A) Scanning electron backscattered electron micrograph, B) Multibeam bright 

field transmission electron micrograph, C) Illustration of the alternating tetragonal c-axes for 

the microtwins of the structure. 

 

Fig. 13 – A closer look at the microtwins of a polytwinned microstructure of FePd by 

transmission electron micrograph (left) [77], along with a schematic of the magnetic domain 

configuration where arrows represent the magnetization vectors (right). 

The last major grouping of studies concerns the Fe70Pd30 composition, which has been 

shown to exhibit phenomena ranging from vanishing thermal expansion to shape memory alloy 

behavior [80-89].  The INVAR effect that leads to negligible thermal expansions across a certain 

temperature range, classically observed in the Fe-Ni system, originates from strong magneto-
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volumetric coupling in the material; resulting in a sizable negative magnetic contribution to the 

thermal expansion that is large enough to offset the positive phonon contribution for relatively 

low temperatures [87].  The shape-memory effect of the Fe70Pd30 alloy results from a 

diffusionless structural transformation from the high temperature FCC phase to a lower 

temperature, lower symmetry martensitic phase, which importantly has multiple variants with 

their own specific shape changes [88].  As the alloy is ferromagnetic, it is possible to affect its 

microstructure by applying an external magnetic field.  For low-anisotropy ferromagnetic shape-

memory alloys, applied fields result in conventional magnetostriction, i.e. rotating the 

magnetization direction with respect to the magnetic easy axis of the lattice, which does not force 

a phase change and requires relatively little energy [90].  In the case of Fe70Pd30, a magnetic field 

can physically rearrange the variants of martensite, known as the Ferromagnetic Shape-Memory 

Effect (FSME), resulting in large strains [89, 91].  This requires a high mobility of twin 

interfaces between the variants and large anisotropies to constrain the magnetization to an easy 

axis.  The difference between these two mechanisms is illustrated in Fig. 14. 

 
Fig. 14 – Schematic drawing of magnetostriction (left) and FSME (right) as the magnetic field 

increases from top to bottom [88].  Arrows represent the magnetic easy axis of each region.  

Fe70Pd30 composition will follow the FSME behavior, which requires more energy for 

transformation but results in larger physical changes (∆l ≈ 0.6 %) [88]. 
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1.3 – Related Material Systems 

 Given the sparse literature available for the Fe-Pd alloy near the eutectoid composition it 

is worth conducting a brief review of several related systems.  This will be limited for 

conciseness to an analysis of their phase diagrams and special observations on the microstructure 

of eutectoid Co-Pt.  Further references to these systems, however, will appear in greater detail 

throughout each chapter in relation to specific discussions. 

1.3.1 – The Au-Cu System 

 The Au-Cu system serves as the archetypal FCC-based ordered system, exhibiting both 

the L10 (AuCu) and two L12 (AuCu3, Au3Cu) ordered phases.  Review literature for Au-Cu is 

available covering experimental and computational approaches [92, 93], which are both in close 

agreement.  Only the AuCu3 phase of the system is considered to be prototypical of L12 

behavior, due to uncertainties concerning portions of the Au3Cu region, therefore AuCu-AuCu3 

is the relevant eutectoid for study in relation to Fe38.5Pd61.5 (Fig. 15).  Studies on this eutectoid 

[94, 95] place it at 64 at % Cu and, while establishing the likelihood of a eutectoid based on the 

convergence of the FCC + L10 and FCC + L12 lines, they make no distinct reference to the 

microstructure underneath it or direct confirmation of the two-phase field.  One older study 

makes some attempt at phase identification at lower temperatures but, unable to detect the co-

existence of the L10 and L12 phases, concluded that if a two-phase field existed beneath the 

eutectoid it must be very narrow [96].  Some of this may be attributed to the relatively low 

ordering transition temperatures for the Au-Cu system compared to Fe-Pd, Fe-Pt, or Co-Pt.   In 

combination with what may be a low driving force near the eutectoid composition for a transition 

between the two ordered phases, the temperature range of the order-disorder transition 

dramatically limits the available rates of diffusion for the ordered phases of Au-Cu [94].  If one 
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of the ordered phases is nucleated first it may therefore come to dominate the system metastably, 

even if the alloy exists in a two-phase equilibrium field.  Both AuCu and AuCu3 experience 

congruent ordering at their stoichiometric compositions. 

 

Fig. 15 – Partial experimental phase diagram of the Au-Cu material system near the relevant 

eutectoid [92].  The uniformly dashed lines in the diagram represent uncertain boundaries in the 

experimental phase diagram, notably bounding the two-phase L10 + L12 region of concern. 

1.3.2 – The Fe-Pt System 

 The Fe-Pt system is the most studied of the three ordered systems with strong magnetic 

properties, due to its high magnetocrystalline anisotropies, and exhibits an L10 FePt, L12 FePt3, 

and at least a metastable L12 Fe3Pt phase.  The phase diagram of Fe-Pt, however, is highly 

tentative as there are large disagreements between studies.  One of the most widely cited Fe-Pt 

diagrams is presented at its L10-L12 eutectoid in Fig. 16 [10].  The two-phase field below the 

eutectoid presented in this particular diagram experiences a notable strong linear shift with 

temperature toward Pt-rich compositions.   
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Fig. 16 – Partial experimental phase diagram of the Fe-Pt material system near the relevant 

eutectoid, from the source most widely cited in literature [10].  The uniformly dashed lines in the 

diagram represent the large number of uncertain boundaries. 

 

Fig. 17 – Partial experimental phase diagrams of the Fe-Pt material system near the relevant 

eutectoid from more recent sources.  Okamoto’s original [97] diagram is close to Fig. 16 in form 

excluding directly beneath the eutectoid.  The revised diagram [98] becomes more similar to the 

Fe-Pd diagram seen in Fig. 1, especially in the location of the eutectoid. 
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A more recent phase diagram, presented by Okamoto in 1993 [97] and revised in 2004 

[98], is closer in character to the other related systems (Fig. 17).  The most recent revision shifts 

the congruent temperature of L10 away from the stoichiometric FePt and the diagram starts to 

resemble that presented for the Fe-Pd system (Fig. 1).  Review papers are available covering the 

contradictory experimental results and history of the diagram in further detail [97-100].            

No report or direct observation of an FePt-FePt3 bulk microstructure has been made. 

1.3.3 – The Co-Pt System 

The Co-Pt system shares the same desirable L10 magnetic properties of Fe-Pd and Fe-Pt 

alloys and has the distinction of having published microstructural results for the L10 + L12 phase 

region below its eutectoid.  The exact form of the Co-Pt phase diagram is a matter of open 

debate.  Many older diagrams confirm the presence of an L10 phase, and a possible L12 region is 

only penciled in [10, 101].  Some newer studies have suggested diagrams that include a 

eutectoid, but agree on little other than the general form of the diagram; demonstrated by the 

competing diagrams in Fig. 18 [42, 102, 103]. 

  
 

Fig. 18 – Partial experimental phase diagrams (Left) [102] and (Right) [42] of the Co-Pt 

material system near the relevant eutectoid, showing disagreements in all but the general form. 
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One particular study presents a partial phase diagram of the Co-Pt eutectoid that can be 

taken as particularly reliable, having been verified by high resolution transmission electron 

microscopy and directly observing a two-phase L10 + L12 structure (Fig. 19) [104].  The authors 

of this study take care, however, to note the diagram’s approximate nature as chemical 

inhomogeneity and damage from ion milling could not be fully avoided. 

 
 
Fig. 19 – Partial experimental phase diagram of the Co-Pt material system near the relevant 

eutectoid, verified by high resolution transmission electron microscopy [104]. 

 
 The Co-Pt microstructure produced in the L10 + L12 region is novel and consists of a 

chessboard like pattern of L12 and alternating variants of L10 oriented along the <100> directions 

of the L12 phase (Fig. 20) [12, 13, 104].  This microstructure is reached as the alloy attempts to 

optimally relieve coherency strain caused by the tetragonal L10 phase forming within a cubic 

matrix, and this mechanism has been successfully modeled for the system (Fig. 21) [12].  The 

original high resolution transmission electron microscopy work on this structure is particularly 

convincing and, though not reproduced here, deserves special mention [104]. 
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Fig. 20 – Dark field transmission electron micrograph highlighting the L12 phase (L10 dark) of 

the Co-Pt chessboard microstructure, along with a schematic of the phase orientations [104]. 

 
Fig. 21 – Dark field transmission electron micrographs highlighting the L12 phase (L10 dark) of 

the Co-Pt chessboard microstructure as series of annealing time, along with a simulated dark 

field contrast pattern [12].  The “tweed” contrast in the images on the left is indicative of 

coherency strain in the micrograph. 
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Chessboard microstructures induced by coherency strain have been found in several other 

metallic alloys that experience a two-phase decomposition into cubic and tetragonal/hexagonal 

phases; including AuCu-Pt/Ag [105], (Ti,Nb)3Al [106] and NiFe [107].  Consequentially there is 

a distinct possibility that chessboards could be produced as the eutectoid microstructure of the 

Fe-Pd system.  Columnar chessboard structures have been observed to form via the same 

coherency mechanism in ceramic oxide films (Fig. 22), raising the possibility that metallic 

systems that exhibit chessboards in the bulk could also be grown in a similar manner [14]. 

    

Fig. 22 – Simulated columnar chessboard microstructure matching the diffraction spectra of a 

ZnMnGaO4 thin film [14].  It may be possible to grow similar films from metallic systems that 

exhibit the chessboard microstructure in the bulk. 
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1.4 – Pulsed Laser Deposition 

The Pulsed Laser Deposition (PLD) technique was first used to deposit films in 1965 

[108] but came into being as a field of study in the early 1980s [109, 110] and was popularized 

later in the later in the decade after it was used to successfully deposit some of the first viable 

Type II superconducting thin films [111].  At its core the technique consists of a pulsed, 

generally ultraviolet, laser that is focused onto a solid target inside a vacuum chamber, resulting 

in ablation from the target’s surface and the transfer of energetic species to a substrate (Fig. 23).  

Two broad books have been written concerning the process and applications of PLD [112, 113]. 

 

Fig. 23 – Illustration of a typical PLD experimental setup.  An ultraviolet laser is focused onto a 

rotating target inside a vacuum chamber, leading to heating/ablation and formation of a forward 

directed plasma plume with sufficient momentum for material to reach a heated substrate. 

The choice of ultraviolet wavelengths comes from the high absorption coefficients of most 

materials in the ultraviolet region, stemming from the photon energy (~5 ev) being on the order 

of typical bond energies.  Pulses are generally chosen to be of nanosecond length scale so that 
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energy from the laser is thermally confined to the near surface region, leading to the explosive 

vaporization of a small material volume rather than bulk evaporation.  The target is usually 

rotated between pulses to avoid compounding topographical changes to the target surface, which 

are known to alter both the effective fluence (energy per area) and the types of ejected species. 

 The ablated material results in the formation of a forward distributed plasma plume 

which consists of a mixture of excited ions, nanoclusters, nanoparticles, and micro-scale particles 

that result from ejected topographic features or melted drops from the target surface.  The density 

and shape of this plume, and the nanoparticles that form within the plume during flight, can be 

controlled through the use of background gases of different molecules and pressures.  Typically 

inert gases such as Ar, Ne, He are used for depositions, but reactive gases such as O2 allow for 

the ready creation of oxide films.  Material in the plume eventually arrives at a substrate, which 

is usually heated to enable faster diffusion kinetics.  Much of the material arriving to the 

substrate is still in an ionic or kinetically excited state, and arrives suddenly as a wave rather than 

as a continuous flux, resulting in films grown from PLD often possessing different properties 

than similar films grown through other deposition techniques. 

One of the strengths of PLD is that the stoichiometry of material deposited is often 

preserved from the target material, largely responsible for its success with complex 

superconducting oxides such as YBa2Cu3O7-x.  This makes PLD a well suited choice for studies 

involving single, exact compositions as many films can be created from one bulk target; without 

deposition parameters introducing variability in film stoichiometry. 

1.5 – Fe-Pd Thin Films in Literature 

Much of the technological interest in Fe-Pd as a system comes in the form of nanoscale 

magnetic applications.  These require large magnetocrystalline anisotropies (K) to overcome the 
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superparamagnetic limit at small volumes (V), where thermal fluctuations in the sample can 

randomly change the magnetic state over the Néel relaxation time 

�	
�� = ��� � ��
����     (1) 

A magnetic data storage device with a lifetime of ten years will require a factor of at least 35 

inside the exponential of Eq. 1.  This allows for a minimum theoretical device grain diameter of 

5 nm for FePd [114], which is the approximate minimum onset size for ordering behavior found 

in FePd nanoparticles [115].  The corrosion resistance of Fe-Pd alloys is especially desirable in 

conjunction with these small scales [116]. 

 Fe-Pd thin films have been grown using a number of deposition techniques, including 

Molecular Beam Epitaxy (MBE) [116-139], PLD [140-143], sputtering [118-120, 144-154] and 

electrochemistry [155-157].  During deposition onto Si/SiO2 substrates [116-120, 140, 144-148] 

films tend to grow with random crystallographic orientation, favoring low energy {111} planes, 

though strain induced by thermal mismatch during cooling can be used strategically to impart a 

(001) preferential texture of the L10 c-axis out of the plane [146, 147], as can the deposition and 

annealing of multilayer structures [148].  Epitaxial films of Fe-Pd have been grown using MgO 

substrates directly [118-126, 141, 142, 149-152], or on top of Cr [127-136], Au [137], Pd     

[134-136, 137, 158], and Pt [139, 154] seed layers; all of which help mitigate mismatch in lattice 

parameters between the film and substrate.  Fe-Pd in FCC-based phases has been shown to align 

Fe-Pd(001)[010] || MgO(001)[010] on MgO (001) substrates [123, 124, 149-151], while the body 

centered α phase of the alloy aligns with a 45o rotation BCC(001)[110] || MgO(001)[010]  [142].  

The FCC-based phases of the system have also been found to grow epitaxial on other 

orientations of MgO so that Fe-Pd(110)[001] || MgO(110)[001] and Fe-Pd	111�[11�0] || 

MgO	111�[11�0] [150, 151].  The light tetragonality of L10 FePd introduces only a small wrinkle 
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into these orientation relationships, aligning the c-axis preferentially out of the plane for MgO 

(001) but aligning randomly on MgO (110) and MgO (111) so that they produce four and eight 

possible L10 variants respectively.  It is also expected that Fe-Pd will grow epitaxially on NaCl 

substrates, though this is has only been confirmed by the growth of cube-on-cube nanoparticles 

and not films [63-67, 159].  Most films in the literature are being grown explicitly for their L10 

magnetic properties, but there is pursuit to achieve shape-memory properties at the Fe70Pd30 

composition [117, 122, 141, 142, 145, 153, 155]. 

 The literature on Fe-Pd thin film growth via PLD is light on deposition specific details.  

The group able to achieve the highest quality films [141, 142] did so by depositing at room 

temperature under ultra-high vacuum conditions onto MgO (001), but they did not publish the 

fluence, number of pulses, deposition time or rate. Additionally, these studies were focused on 

shape-memory properties so they did not include any data on ordering behavior.  In another 

study, films were deposited at a fluence of 3 J/cm2 onto Si, though the characterization provided 

is rudimentary in concern to growth properties [140].  The remaining PLD study produced room 

temperature films of an aggregated nanoparticulate nature at 9 J/cm2, consistent with the very 

high deposition rates they report.  Fluences on the order of 9 J/cm2 tend to result in non-plasma 

ejection of material from the target, and the growth of poorer quality films; the optimal PLD 

fluence for most transition metals being in the range of  2 to 3 J/cm2 [112, 113]. 

 Thin films generally deposit in the disordered phase of an ordered system and 

subsequently order, either by depositing at elevated temperatures or post-deposition annealing, 

with the increased kinetics available approaching the ordering temperature of the material.  

Nanothin films are expected to order at lower temperatures than the bulk [160] and FePd 

nanoparticles are known to be fully ordered by 600°C after an onset of ordering behavior around 

400°C [69, 161].  This same 400°C onset / 600°C completion ordering behavior has also been 
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observed in FePd thin film studies [126, 148].  Ordering behavior is based on kinetics, so it is 

possible to induce higher degrees of ordering at lower temperatures by using longer annealing 

times or impacting the rate of diffusion through properties such as microstructure.  The choice of 

MBE onto MgO (001) over sputtering onto Si (001) for the room temperature deposition of FePd 

films has been shown to result in an earlier onset of ordering during post-deposition annealing, 

which is suggested to complete closer to 500°C [118-120].  Metallic seed layers on MgO (001) 

have also been shown to promote c-axis L10 ordering [154], and ion bombardment can bring the 

order temperature as low as 200°C by introducing additional vacancies for diffusion [137]. 

 Several thin film studies include the characterization of epitaxial film morphology as a 

function of deposition temperature and provide useful background for the films that will be 

presented as results during this thesis.  The most detailed of these tracks the morphology of 

sputtered FePd on MgO (001), deposited between 25°C and 600°C (Fig. 24) [152].  

 

Fig. 24 – Atomic force micrographs of FePd on MgO (001) grown at four different temperatures 

[152].  Of particular note is the formation of facets along the <110> directions with the onset of 

coalescence and island growth modes.  
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With increasing deposition temperature the film can be seen to transition from a nanoparticulate 

state limited by diffusion, to a coalesced network or separated islands with clear faceting along 

the <110> directions.  This results from largely {110} facets for the networked film and lower-

energy {111} facets for the islands, as confirmed by atomic force microscopy.   

Another study compares films deposited by MBE at both 400°C and 100°C, the latter of 

which was annealed post-deposition at 400°C for comparison (Fig. 25) [125].  The films 

deposited at 400°C grew as faceted islands, while those annealed after deposition formed voids 

aligned with preferential orientation along two orthogonal axes.  The authors claim these 

directions to be of type <100> but this is inconsistent their own markings in Fig. 25, and it is 

unclear from the paper how the direction was determined. 

 

Fig. 25 – Scanning electron micrographs of FePd on MgO (001) (A) grown at 100°C and 

annealed at 400°C and (B) grown at 400°C [125].  Both show a clear trend for the film to facet 

along two (somewhat ambiguous) orthogonal directions, possibly <100> or <110>. 
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A third study also presents a film morphology with distinct rectangular voids faceted 

along two orthogonal directions, in this case an Fe70Pd30 film grown at 630°C by MBE on MgO 

(001) (Fig. 26) [122].  This film is claimed to be a mixture of the FCC, BCC and L10 phases of 

the system but no diffraction results are presented.  It does, however, continue the strong trend  

of orthogonal faceting behavior of voids and islands of the Fe-Pd system on MgO (001) surfaces.   

 

Fig. 26 – Scanning electron micrograph of an Fe70Pd30 film grown at 630°C by MBE [122] 

exhibiting strong orthogonal faceting behavior of rectangular voids. The darker rectangles are 

claimed to be voids that have begun to fill with depositing material, as opposed to the brighter 

voids which show charging effects from the insulating MgO surface. 

These morphologies are specific to the native MgO (001) surface and not epitaxy in 

general, as 50 nm FePd films grown by MBE at 347°C on 60 nm Pd (001) thin films, themselves 

grown on MgO (001), exhibit an alternate trend [134-136].  These films form a pattern of 2 nm 

tall cross-hatched steps on the surface, determined to be the result of {111} microtwins 

extending from the surface all the way into the Pd substrate (Fig. 27).  Substrate conditions will 

be shown in this thesis to play a crucial role in the final morphology of Fe-Pd thin films. 
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Fig. 27 – Scanning tunneling micrographs (a-d), with 100 nm scale bars, of the Pd surface and 5 

to 40 nm FePd thin films, along with an atomic force micrograph of a 50 nm FePd film (e); as 

presented in Refs. 134-136. Cross-hatching from {111} microtwins is visible on the surface. 

The magnetic domain behavior of c-axis oriented FePd films during magnetization has 

been studied extensively using both magnetic force microscopy [162] and Lorentz transmission 

electron microscopy [163].  FePd films with weak anisotropy and small film thicknesses prefer 

to align with a magnetic axis residing in-plane, which transitions out of the plane as the balance 

between the magnetostatic energy and the energy contributed from the uniaxial anisotropy 

changes with film thickness [129-132].  The magnetic saturation behavior of low deposition 

temperature Fe-Pd thin films, presumably BCC/FCC, has been observed across almost the entire 

compositional range of alloys and is presented in Fig. 28 [30, 116].   L10 type ordering may lead 

to saturations up to 30% higher [35, 164], though the strain present in thin films is known to alter 

the magnetic moments residing on both Fe and Pd atoms in FePd [165].  Magnetic coercivity is 

more dependent upon the microstructural, ordering, and crystalline properties of each film.  
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Fig. 28 – Saturation magnetizations of Fe-Pd alloy thin films grown at different compositions as 

a function of composition [116], superimposed on Kussman’s (sic) bulk data [30].  The 

magnetization falls with lower Fe concentrations as Fe carries most of the magnetic moment. 

             
Fig. 29 – Coercivity of Fe-Pd alloy islands of varying diameter (D) as a function of composition 

[144].  The highest coervicities are found at 56 at % Pd near the congruent ordering 

composition.  Islands approaching the superparamagnetic limit experience a decrease in 

coercivity, but still maintain hard magnetic properties across the L10 compositional range. 
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For FePd films coercivities routinely range between 1 kOe and 5 kOe  [118, 120, 121, 

125, 144, 146-148, 156].  Coercivity studies as a function of island diameter and composition, of 

single domain Fe-Pd island forming films annealed at 510°C on Si, provides a reasonable 

expectation for thin film coercivity behavior (Fig. 29) [144].  Coercivity of L10 Fe-Pd can be seen 

to reach a maximum at about 56 at % Pd, which is much closer to the congruent ordering 

composition of 58 at % Pd than stoichiometric FePd.  Films below 50 at % Pd are two-phase in 

nature as predicted by the phase diagram, explaining the lower coercivities in the Fe-rich range.  

Disappointingly, crystallographic analysis was conducted in intervals stopping at 59 at % Pd and 

was is not presented for the eutectoid region.  The island size has a large influence on coercivity 

for diameters below 12 nm.  3 nm nanoparticles, which may have trouble maintaining long range 

order, can still register coercivities above 1 kOe.  These findings are important in relation to the 

results presented later in this thesis, where a conspicuous lack of coercivity will be used as 

supporting evidence. 
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2 - Experimental Procedures 

2.1 - Fe38.5Pd61.5 Target 

An Fe38.5Pd61.5 target for PLD was prepared by vacuum arc-melting high purity metals     

(> 99.95 at %) in an Ar atmosphere, followed by homogenization at temperatures above 900°C.  

The ingot was subsequently worked into a suitable target by repeated cold-rolling and then 

annealed to induce recrystallization; this created a flat sample wide enough to be used in a 

standard 1” diameter PLD target holder (Fig. 1).  Each deposition would start on a polished 

portion of the surface.  When areal overlap with the ablation tracks left by previous depositions 

could not be avoided, the target would be polished back to a 1200 grit finish with SiC paper, 

sonicated to remove debris, and rinsed with ethanol. 

 

Fig. 1 - The Fe38.5Pd61.5 PLD target seen post-deposition.  Two ring shaped deposition tracks 

show differences to the target surface resulting from ablation of material as the target is rotated. 

2.2 - Deposition Setup and Conditions 

All film samples in this thesis were prepared by PLD from a single Fe38.5Pd61.5 target 

using a KrF excimer laser (Lambda Physik COMPex 205, λ = 248 nm; 25 ns FWHM) at a 

repetition rate of 10 Hz for 12-30 minutes, running at a fluence of 3.0 J/cm2.  The optical 

pathway (Fig. 2) started at the laser window and was reflected off an adjustable 45° ultraviolet 
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mirror, allowing the beam to be centered onto the target inside the PLD chamber.  The beam was 

then passed through an aperture and focused onto the target with a 25.4 cm focal length lens, 

passing into the PLD chamber through an ultraviolet transparent vacuum window.  An adjustable 

iris diaphragm aperture was used, set to remove stray scattering from the mirror and control 

collimation, rather than removing a significant portion of the high intensity beam.  The intensity 

of the beam was measured inside the chamber with a pyroelectric energy meter averaging twice 

over 125 pulses, and the spot size at the target was determined with ultraviolet sensitive laser 

burn paper (Laser Alingment Products Zap-It™). 

 

Fig. 2 - The laser beam optical path used for the deposition of all samples in this thesis.  The 

adjustable 45° mirror allows for position control within the PLD chamber, while the aperture 

serves to remove diffuse scatter and collimate the beam. 

MgO (001) oriented substrates (CrysTec GmbH, Sigma Aldrich or MTI Corp.) were 

mounted using colloidal Ag paint (Ted Pella) to a MeiVac resistive heater located 5.5 cm from 

the target (Fig. 3).   The temperature was monitored by two k-type thermocouples, one located 
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inside the heater element and the second placed on the surface.  Substrates were held at a 

temperature within two degrees of 500°C, 550°C, 600°C, or 650°C during deposition, which was 

started once both thermocouples were in agreement and a steady state was reached. Prior to each 

deposition, the chamber was evacuated to high vacuum (10-4 Pa) with a turbomolecular pump 

while the heater reached deposition temperatures, removing volatile elements as the colloidal Ag 

paint annealed.  The chamber was then backfilled to a deposition pressure of 100 mTorr       

(13.3 Pa) with Ar, and the polished PLD target was conditioned at 10 Hz for one minute with the 

substrate shuttered.  Conditioning helps to removed possible surface contaminants from the 

target, as well as oxidation, without depositing them onto the substrate. Immediately following 

deposition the samples were cooled to room temperature by venting the chamber with Ar, falling 

from 600°C to 300°C within approximately 20 minutes.  The films when then removed once the 

heater reached 50°C and was safe to handle, then stored within a desiccator until analysis. 

 

Fig. 3 - Configuration inside the vacuum chamber (target holder retracted slightly for view).  

The shutter allows for deposition to be paused while the laser conditions the target, while the 

two thermocouples (TC) monitor the temperature of the resistive heater. 
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2.3 – Characterization Techniques 

2.3.1 - Scanning Electron Microscopy (SEM) 

 One of the primary characterization techniques used on all samples in this thesis was a 

JEOL JSM-6700F cold cathode field-emission scanning electron microscope equipped with an 

annular backscattered electron detector.  At first principle SEM employs an accelerated electron 

source (order keV) which, controlled by a series of apertures and magnetic lenses, is focused to a 

probe and rastered across the surface of a sample held under vacuum.  This results in a number 

of different elastic and inelastic interactions, and the emission of electron (secondary, Auger, 

backscattered) or photon (cathodoluminescence, X-rays) signals which are subsequently picked 

up by various detectors located around the SEM chamber [1]. 

 Secondary electrons are produced by the inelastic excitation of valence electrons in the 

sample by the electron beam, leading to their release (< 50 eV).  These free electrons are then 

pulled from the sample by an Everhart-Thornley detector held at a small positive bias inside the 

vacuum chamber.  Due to their low energy, only secondary electrons created at the surface of  

the sample are able to reach the detector, providing the best resolution of all the SEM signals and 

limited predominantly by the focusing power of the magnetic lenses.  With good alignment, 

proper conditions, and appropriate samples the resolution will approach ~1 nm in scale.  This 

high resolution, combined with good signal production, makes secondary electrons the normal 

imaging mode for most SEM work, and a common tool for the analysis of microscale or 

nanostructures.  The samples in this study were imaged without the addition of a conductive 

coating, at an operating voltage of 5 kV and beam current of 20 pA to avoid surface charging. 

 Backscattered electrons come from elastic Rutherford scattering in the material, leading 

high-energy incident electrons to change direction and leave the sample.  Backscattered electron 
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signal is therefore more sensitive to surface topology (escape path) and atomic number density 

(protons for scattering) of the sample, making it useful in the compositional analysis of flat 

samples.  The resolution of backscattered electron microscopy is broader than that of secondary 

electrons, as electrons now travel deeper into the sample and spread with scattering over a larger 

interaction volume.  For bulk materials this forces the use of lower voltages (lower penetration 

depths) to increase resolution, but is made difficult by a corresponding drop in backscattered 

signal.  For thin films it is desirable to place the backscattered interaction volume solely within 

the film.  The MgO substrate is considerably less dense than the Fe & Pd in the films, and 

without loss of generality backscattered electrons reaching the substrate can be taken either to be 

lost out the back of the film and do not reach the detector, or are scattered so broadly by the 

substrate before return to the film that they provide only diffuse signal.  Monte Carlo simulations 

can be used to approximate the interaction volume and electron paths, and thus resolution and 

yield, for Fe-Pd thin films [2, 3].  Fig. 4 shows four Monte Carlo simulations for Fe and Pd 

(approximated as Ag, ∆Z = 1) at beam energies of 5 keV and 20 keV, performed for 100 nm 

thick films [3].  It can be seen that at 20 keV for both elements most electrons travel into the 

substrate before they could be deflected back to the surface, resulting in both poor signal and a 

very broad resolution.  Lowering the accelerating voltage to 5 keV, many electrons now escape 

through the surface as backscattered electrons, and most do not reach the substrate at all.  The 

majority of escaping electrons occur within a 50 nm diameter spread with a roughly Gaussian 

distribution, and the highest intensity is focused within ±10 nm of the incident beam.  This is 

qualitatively confirmed later by samples in this thesis, which are able to resolve features with a 

backscattered resolution in the territory of 10 nm at 5 keV. 
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Fig. 4 - Monte Carlo simulations for100 nm thin films of Fe and Ag (~Pd) at 5 keV and 20 keV 

beam energies [3]. Both elements have a higher resolution and signal of backscattered electrons 

at 5 keV, as most incident electrons exit the back of the film at 20 keV and are effectively lost. 

 

2.3.2 – Energy Dispersive X-ray Spectroscopy (EDXS) 

When an energetic (keV) electronic beam interacts with material, tightly bound core-shell 

electrons can be removed from individual atoms, leaving behind vacancies and an excited 

electronic state.  Through a limited set of transitions allowed by quantum physics, outer-shell 

electrons relax to fill this vacancy on the picosecond time scale and emit photons in the X-ray 

intensity range characteristic to the element involved.  The spatial resolution of EDXS is on the 

order of micrometers and follows the approximation  

����� � �.�	
	��
������.����������.��
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where E0 is the beam energy, Ex is the energy of the characteristic X-ray being observed, and 

ρmass is the mass density of the material [1].  This poor spatial resolution will require the 

inclusion of additional compositional analysis techniques for the quantitative analysis of 

nanoscale structures. 

 EDXS is generally a qualitative method when employed in conjunction with SEM, as it is 

heavily dependent on spread and absorption of the incident electron beam and internal absorption 

of the characteristic X-rays.  Software packages tuned to the specific machine and detector being 

used, and modeling the background radiation present, can be utilized to reduce some of this error 

and produce “semi-quantitative” results.  Through the rigorous application of constant beam 

parameters, long acquisitions and multiple standards, the technique can also be used to produce 

close quantitative results for a specific sample [4]. 

EDXS for this thesis was performed on a Princeton Gamma Tech (PGT) Prism 2000 

Spectrometer with a resolution of 135 eV (FWHM) equipped to the SEM.  Running at an 

accelerating voltage of 20 keV, working distance of 15 mm, current of 0.04 nA, and take-off 

angle of 31o, bulk samples of pure Fe and Pd were calibrated into the PGT Spirit microanalysis 

software.  Acquisitions were performed until the major characteristic lines of the elements 

reached 10,000 counts (approx. 20 min), and the dead time of the detector was held under 15% to 

reduce artifacts.  Maintaining the same conditions, a bulk sample with a known Fe50Pd50 

composition was then analyzed to account for changes due to inter-elemental mixing, exhibiting 

a relative increase in the predicted Fe value at 56.48 at % Fe.  This second standardization 

accounts for hard to model interactions involving cross-species absorption and fluorescence.  In 
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the compositional vicinity of Fe50Pd50 this mixing interaction should remain approximately 

constant and the Fe50Pd50 sample can be used as a reliable standard using the following equation 

���
���

� �� ! "�	#$%
&'	#$%       (2) 

with Kmix = 1.298 , which can be applied generally to the range of Fe38.5Pd61.5.  The Fe38.5Pd61.5 

bulk target is measured pre-standardization by the software to be 54.91 at % Pd, and 

standardizing off Fe50Pd50 this results in a predicted composition of 61.25 at % Pd.  The error 

commonly associated with this methodology is ± 2 %, so this result agrees well with the 

expected Fe38.5Pd61.5 composition of the target. 

Limited EDXS was also performed during transmission electron microscopy on an 

EDAX Titan 300ST detector with an ultra-thin window and a resolution of 134 eV (FWHM).  

EDXS is naturally quantitative in transmission electron microscopy as the thin samples and 

higher beam energies needed for transmission limit spread of the electron beam and eliminate 

many of the more complicated effects present in scanning microscopy. 

2.3.3 – Atomic and Magnetic Force Microscopy (AFM-MFM) 

AFM is a type of scanning probe microscopy, where a finely controlled mechanical 

cantilever makes physical contact with a surface while rastering across it, producing a direct 3-D 

map of the sample’s surface topography [5].  MFM utilizes a thin film magnetic coating on a 

standard AFM tip.  Running just above the surface of the sample without making contact, the 

pull on the cantilever due to magnetic forces can be used to observe and map the magnetic 

domain structure of the sample [5, 6].  Specific samples were characterized by both AFM and 

MFM using an Asylum Research Cypher Scanning Probe Microscope with a Si AFM tip           

(9 nm diameter) and a CoCr coated Si MFM tip (47 nm diameter). 
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2.3.4 – Vibrating Sample Magnetometry (VSM) 

VSM is a technique used to measure the magnetic hysteresis loops of small samples by 

monitoring the flux change in a solenoid coil when a sample is mechanically vibrated in close 

proximity [7, 8].  In practice the sample is secured on a vibrating rod located across a 2 cm gap 

separating two solenoid coils that together generate a variable magnetic field.  This allows for the 

measurement for the magnetic moment (and thus magnetization) of a sample for a given applied 

external magnetic field, which in turn can be used to calculate useful magnetic properties such as 

coercivity and saturation magnetization.  For thin film samples the measurement can be made 

either with the magnetic field running perpendicular or parallel to the film’s surface. All 

hysteresis measurements in this thesis were conducted on a 7400 Series LakeShore VSM. 

2.3.5 – Auger Electron Spectroscopy (AES) 

 Auger electrons are emitted as one of the many types of signals during SEM in a process 

similar to the creation of characteristic X-rays.  After a core-shell electron is excited out of an 

atom by the incident electron beam, an outer-shell electron relaxes to fill the vacancy.  Instead of 

emitting energy in the form of a characteristic X-ray photon, the process transfers energy to a 

third electron in the form of kinetic motion, leading to its ejection from the atom.  These Auger 

electrons have characteristic energies on the scale of hundreds eV that are dictated by the 

allowed quantum transitions within the excited atom.  This relatively low energy range makes 

Auger electron detection surface sensitive, with resolution falling between secondary and 

backscattered signals, and much more localized than characteristic X-rays.  As the sampling 

depth of AES is only a few nanometers, and the incident electron beam can be focused to less 

than 10 nm laterally, high resolution Auger microscopy is critical to quantitative compositional 

analysis at the nanoscale [9].   
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Auger electron microscopy for compositional analysis was performed on a Physical 

Electronics PHI 710 Scanning Auger Nanoprobe Microscope in collaboration with Dennis Paul 

& Dr. John Hammond of Physical Electronics.  The surface sensitivity of Auger spectroscopy 

requires in-situ cleaning of the surface, and an in-situ Ar ion sputtering source (2kV, 1uA) was 

utilized to remove surface contaminants originating from sample exposure to ambient air 

between deposition and analysis.  Zalar rotation [10-12] was employed during sputter cleaning to 

minimize topographical effects [13] and a cylindrical mirror analyzer was utilized to reduce 

analyzer induced shadowing. 

2.3.6 – High Resolution Transmission Electron Microscopy (HRTEM) 

Samples deposited via PLD onto TEM grids (20 nm continuous carbon, type-a, Ted Pella 

1821) were characterized via bright-field high resolution transmission electron microscopy on an 

FEI Titan STEM equipped with a Schottky field-emission gun, operating at 300 kV with a point 

resolution of 0.2 nm (information limit 0.09 nm). 

In contrast to SEM, the electron beam in HRTEM passes through a thin sample              

(1 to 50 nm) and a micrograph of the image plane, diffraction plane, or additional signals or 

spectrographic results are collected on the other side.  Phase-contrast of the electrons passing 

through the sample allows for the atomic resolution analysis of crystal structures [14].  This is 

often done by using a Fast Fourier Transform (FFT) to view the reciprocal space of a 

micrograph, which can be interpreted in a manner similar to an electron diffraction pattern.  An 

example is presented in  Fig. 5, showing two Fe-Pd nanoparticles grown by the author using 

Matrix Assisted Pulsed Laser Evaporation (MAPLE) from metal-acetate precursors.  It can be 

seen through FFT analysis of the phase-contrast image plane micrographs that the particles can 

be determined to be of two different, L10 and L12, ordered structures. 
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Fig. 5 - (A)  HRTEM micrograph of an L12 Fe-Pd particle deposited by MAPLE as seen down a 

<111> direction (B)  Fast Fourier transform (FFT) reciprocal space of the micrograph, 

showing L12 superlattice peaks and three-fold symmetry  (C)  Modeled L12 electron diffraction 

pattern  (D)  HRTEM micrograph of an L10 Fe-Pd particle deposited by MAPLE as seen down a 

<111> direction (E) FFT of the micrograph, showing only L10 superlattice peaks with                

a characteristic c-axis stretch and a breaking of the three fold cubic symmetry.  (F)  Modeled 

L10 electron diffraction pattern. 
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2.3.7 – X-ray Diffractometry (XRD) 

 The label of XRD covers a large range of techniques that involve the interaction of        

X-rays with a sample and the subsequent measurement of their distribution with a detector.  

These all involve scattering following Bragg’s Law, or diffraction, off of the crystallographic 

planes of the material, supplying information about orientation and crystallographic properties.   

A number of geometries can be utilized for diffraction, with each providing a different subset of 

information.  Data presented in this thesis was collected under θ-2θ, ϕ-rotation, or Reciprocal 

Space Mapping (RSM) conditions.  From this data, properties such as lattice parameters, 

crystallinity, strain, epitaxy, orientation, and ordering can be deduced.  X-ray Reflectivity 

(XRR), utilizing Fresnel’s equations for reflectivity, can additionally be used to predict the 

roughness and thickness of thin film layers.  All crystallographic analysis was performed on a 

Rigaku SmartLab X-Ray Diffractometer using a Ge (220) 2-bounce incident beam 

monochromator, parallel beam setup, and Cu-Kα1 radiation.  The standard XRD geometry for an 

epitaxial film is shown in Fig. 6, highlighting common terms that will be used in this thesis. 

 

Fig. 6 - Illustration of different parameters in an XRD epitaxial film geometry, including the 

Bragg angle θ, as well as the definitions of ϕ-rotation and χ-tilt. 
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2.4 – Quantitative X-ray Diffraction 

Through the use of quantitative XRD analysis, the extent and nature of crystallographic 

ordering can be determined by comparison of diffraction peaks associated with fundamental and 

superlattice reflections of a crystal structure. Such analysis can be quite complicated and requires 

a firm understanding of the many interactions and detector geometry effects that occur during the 

diffraction process [15-19].  These correction terms are derived in detail in this section. 

Bragg diffraction occurs when electromagnetic waves with wavelength (λ), comparable 

to crystallographic plane spacing, are scattered by the sample and undergo constructive 

interference.  For many materials this requires X-Rays, often generated in the laboratory setting 

from characteristic electronic transitions in 3d transition metals.  These X-rays are scattered 

elastically by electrons in the material, known as Thomson scattering (the quasi-nonrelativistic 

case of Compton scattering in the lower energy range Ry << E << mec
2), a process that causes 

the electrons to oscillate as Hertz dipoles and become a source of re-emitted radiation.  A free 

electron at position R0 will be impinged by an incoming X-ray plane wave E0·exp(iK0R0-iωt), 

where E0 is the electric field, K0 is the wave vector, and ω is the angular frequency.  As time 

dependence is not of concern the iωt term can be discarded for simplicity.  The oscillating single 

electron will then emit radiation with outgoing wave vector K, with an amplitude at position R of 

*��� ∝ �

, sin∠�*�, �� exp�−6���    (3) 

As the scattering is elastic, K and K0 share the same magnitude of 2π/λ.  For the many atoms in a 

crystal, each located at a lattice vector rn = n1a + n2b + n3c where a, b, and c are the lattice 

parameters, the scattering at position R from an electron at position rn can be written as 

*7��� ∝ exp�−6��87� �

|,�:;| sin∠�*�, � − 87� exp<−6��� − 87�=         (4) 
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Supplying that interatomic distances are small compared to the area being measured, R - rn ≈ R, 

the sum over all the scattering atoms in the crystal will be  

*#>>��� ∝ exp�−6��� �

, sin∠�*�, ��	∑ exp�−6�� − ���87�7           (5) 

The vector K-K0 can be collected as the vector Q, known as the scattering vector, which has a 

magnitude of 4πsin(θ)/λ  (Fig. 7). 

 

Fig. 7 -  Illustration of the scattering vector Q geometry, which is constructed by subtracting the 

initial wave vector Ko from the outgoing wave vector K. 

In order to determine the conditions for constructive interference we must look at the 

difference in the phase of the scattered radiation caused by translating rn, which follows 

@A �	 �87 ∙ Q�      (6) 

For constructive interference ∆ϕ must equal 2πN, where N is an integer, so that radiation coming 

from all points in the structure remains in phase.  To find the solution satisfying this condition a 

reciprocal lattice rhkl* = ha* + kb* + lc* is introduced, where a*, b*, and c* are reciprocal space 

unit vectors of a primitive lattice, related to the real lattice by  

D∗ � 	2G HIJ
K	∙	�HIJ� 	 ; 				M∗ � 2G	 JIK

H	∙	�JIK� 	 ; 				N∗ � 		2G	 KIH
J	∙	�KIH�	  (7) 
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With this reciprocal lattice defined, it is easy to find values of the scattering vector, Q, which 

force Eq. 6 to take values of 2πN, utilizing the relation 

8O�>∗ 	 ∙ 87 � 2G�PQR S TQU S VQW� � 2G�XR S XU S XW� � 2GX  (8) 

Solutions for constructive interference will therefore follow Q = rhkl*, where rhkl* is the inverse 

of the interplanar d-spacing of reflection (h, k, l), which for an orthogonal system can be written  

Y � 	8O�>∗ � 	 UZ
'[\]

� 2G	^_O
K`

U S _�
H`

U S _>
J`

U	   (9) 

Knowing the magnitude of Q, found in Fig. 7, this simplifies into the form of the well-known 

Bragg’s Law, with the geometric derivation illustrated in Fig. 8. 

a � 	2 R
^_[

�`bc_\
d`bc_]

e`
b 	sin	�f�     (10) 

 

 

 

 

Fig. 8 – The classic geometric derivation of Bragg’s law illustrated for both perfectly 

constructive and perfectly destructive interference scenarios. 

In order to arrive at quantifiable intensities the terms in Eq. 5 must be analyzed further, as 

reflection intensity will follow I ∝ (E)(E*), or I ∝ E2, for most crystals under the kinematical 

theory limit, where the sample can be viewed as a mosaic of small perfect crystals (i.e. “ideally 
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imperfect”) and multi-scattering effects can be ignored.  The last term in Eq. 5 can be re-written 

as Eq. 11 by applying a continuous limit and defining an electronic charge distribution ρe. 

∑ exp�−6�� − ���87� � 	g h��8� exp�−6Y8� i87           (11) 

As the structure is composed of repeating unit cells, the intensity scattered will be proportional to 

this base repeating unit; which itself can be divided into a summation of the atoms within it. 

g h��8� exp�−6Y8� i8	
j�>> � 	∑ g h��8� exp<56Y�8 − 87�= i8	

#$k�
	j�>>          (12) 

The term being integrated in Eq. 12 (Eq. 13) is known as the atomic form factor, fx, and 

represents the integrated scattering caused by the electrons in an atom of species x. 

l! � g h��8� exp�−6Y8� i8	
#$k�             (13) 

The atomic form factor determines the strength of scattering from a given position of the unit cell 

and will depend on the element located there, its electronic state, and the scattering vector Q.  

Experimentally it can be computed from numerical Hartree-Fock wave functions, fitted with nine 

coefficients to the following equation 

l!�f� � ∑ D mno p−M _q 7	�r�
s `Ut S 	u
 vR       (14) 

Solutions to these wave functions are available, determined from experimental data (Fig. 9) [20]. 

 

Fig. 9 - Solutions for Hartree-Fock wave functions in Eq. 14, determined empirically and 

satisfying the atomic form factor of Fe and Pd [20]. 
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Having satisfied the integral, Eq. 12 can be reduced to a simple summation that is known as the 

structure factor, F, of the material. 

w �	∑ l7exp�−6Y87�	j�>>             (15) 

From the derivation of Bragg diffraction we know that constructive interference can only occur 

at certain lattice plane conditions, moving from general lattice coordinates (n1, n2, n3) to unit cell 

positions (x, y, z) in Eq. 8, we can express the structure factor in its most classic form 

wO�> �	∑ l7exp�−62G�Pn S Tx S Vy��	j�>>     (16) 

The structure factor, Fhkl, accounts for the contribution of each atom in the unit cell to a lattice 

reflection (h, k, l) of the crystal.  As Euler’s equation eix = cos(x)+ i sin(x) can take both positive 

and negative values, atoms are able to destructively interfere and modify the intensity of 

reflections.  Summed over the n atoms of position (x, y, z) in the crystal structure, this term 

determines the classification of extinct, fundamental, and superlattice peaks.  The structure factor 

will affect the final intensity as I ∝ Fhkl
2. 

The term  sin∠�*�, �� remaining in Eq. 5 accounts for the polarizing effect of reflection 

off a sample.  Incoming X-rays have E-fields vibrating in directions perpendicular to their 

propagation.  For an unpolarized source, polarization is randomly distributed but can be sorted 

by projection into σ-polarized photons with an E-field vibrating in the plane perpendicular to the 

diffraction plane, and π-polarized photons that vibrate in the diffraction plane.  For σ-polarized 

photons sin∠�*�, �� � 1, while for π-polarized photons sin∠�*�, �� � |Nz{2f|.  As the intensity 

follows the square of the electric field, and both polarizations are equally likely, a polarization 

correction for an unpolarized source can be reached 

|}7~k>K: ��' � RcJkqb�Ur�
U      (17) 
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For diffraction employing a monochromatic source, X-rays arrive to the sample already 

partially polarized.  Correcting for this is not simple and will depend on the heavily on the 

monochromator being used.  For source monochromators functioning in the plane of diffraction, 

this will further affect the intensity of the π-polarization component by a polarization factor p0 : 

|�k7kJO:k�K$�' � Rc�
	Jkqb�Ur�
Rc�
�Ur��     (18) 

The polarization factor p0 for the Ge (220) single crystal double bounce monochromator          

(θm = 22.69o) used in this thesis can be found by adding a multiplicative term dependent on the 

Bragg angle of the monochromator for each reflection.  With single crystals the kinematical 

approximation used to arrive at the π-polarization from a mosaic crystal, cos2(2θm), is no longer 

appropriate and the dynamical approach modifies the term to |cos(2θm)| [19, 21, 22].  

Consequently, for the monochromator used in this study p0 ≈ |cos(2θm)|2.  In real systems the 

actual polarization will reside imperfectly between these two extremes, so it is important to 

address it as a possible source of error.  Analysis of complex superlattice structures, discussed in 

Chapter 4, will be performed with the relative intensities of two pairs of peaks.  Errors associated 

with this term are completely canceled for the more critical of the peak pairs, which is used to 

determine the type of ordering present, as the peaks share a common Bragg angle at different     

χ-tilts.  The second peak pair has two different θs, and is used to determine the degree, as 

opposed to type, of ordering; which is less critical to the major findings of this thesis.  

Reasonable deviations of p0, for example p0 = |cos(2θm)|2.5, lead to a < 2 % error in the relative 

intensities of this pair when applied to the actual data, and a maximum of 6 % for the extreme 

limit p0 = |cos(2θm)|4.  Any errors introduced here further support major findings, which are 

conservative.  The choice of p0 = |cos(2θm)|2 results in some films reaching but not exceeding 

100% ordering, which circumstantially supports the appropriateness of the approximation.  
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Having already arrived at two terms that affect the diffracted intensity, this is a 

convenient point to collect these and any additional corrections to be made into a single 

expression, which can be written as  

�	 ∝ 	 �wO�>�U ∗ � ∗ � ∗ � ∗ | ∗ � ∗ � ∗ �.      (19) 

The multiplicity term M accounts for the number planes in a crystallographic family, for 

example M = 8 for the {111} planes of a cubic structure.  This term can be ignored for epitaxial 

samples as each peak represents a single variant of the reflection family. 

The Lorentz (L) and geometry (G) factors are often collected into one term with the 

polarization factor (P), and collectively referred to as the Lorentz-Polarization factor.  This 

simplification is only appropriate for polycrystalline, randomly oriented samples and an 

unpolarized source.  The Lorentz factor accounts for diffraction occurring at angles neighboring 

the Bragg condition, resulting in an angular dependence to the integrated intensity.  In a θ-2θ 

geometry this contribution follows I ∝ sin(2θ)-1.  The derivation for this term sources back to 

diffraction conditions within the crystal.  As incident planar waves move through the crystal, 

their scattering and reconstruction leads to a change in transmitted amplitude, as well as a phase 

shift of q0 per plane.  As the wave passes through p planes, this leads to a phase-lag of pq0 over 

the traveled distance distance x = pd/sin(θ), where d is the interplanar spacing.  This results in a 

total phase shift of (2π/λ) x + pq0.  Alternatively this shift can be written as (2π/λ)(1 - δ)(x), 

which makes (1 - δ) the refractive index and 

� � 	−_ s
UZ` ���	�r�

' �k       (20) 

For an angle θ1 near the Bragg angle θ0, Bragg’s law can be rewritten as 

2i{6Q�fR� S _ s
UZ` 2�� � �a      (21) 

2i{6Q�fR� � �a S _ U'
���	�r��` �      (22) 
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And as 2dsin(θ1) is very close to mλ 

2i{6Q�fR� � �a _1 S �
q 7br�

`      (23) 

This expansion to the classical Bragg equation allows for some constructive scattering at 

small deviations from the Bragg condition.  As we would like a relation between the span of this 

alteration, ∆θ0 = θ1 - θ0, as a function of θ, we solve for θ1 and make a substitution into Eq. 22 

2i{6Q�∆f� S f�� � �a S _ U'
���	�r��` �     (24) 

2i{6Q�∆f��Nz{�f�� S 2iNz{�∆f��{6Q�f�� � �a S _ U'
���	�r��` �    (25) 

2i∆f�Nz{�f�� S 2i{6Q�f�� � �a S _ U'
���	�r��` �    (26) 

Having made good use of trigonometry and the small angle approximation, the two inner terms 

of Eq. 26 satisfy Bragg’s law and can be removed, allowing a solution for ∆θ0 

∆f� � �
Jkq�r
����	�r��       (27) 

∆f� � U�
q 7�Ur
�       (28) 

As peak shape remains Guassian in nature I ∝ ∆θ0, and the Lorentz correction has been arrived at 

� ∝ R
q 7�Ur�        (29) 

The geometry factor adds two terms related to polycrystalline diffraction geometries.  

The first concerns the number of crystallites in a polycrystalline sample that are oriented to 

satisfy Bragg’s law.  A collection of randomly oriented crystals will have their normal vectors 

spread evenly about a sphere surrounding the sample.  However only those that meet the Bragg 

condition will diffract, which translates to those with a normal vector oriented at angle 90 – θ.  
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These diffracting crystals have normal vectors that form a ring on the sphere, of circumference 

2π(r·sin(90-θ)).  With an infinitely small change in angle, ∆θ, this ring has width r·sin(∆θ) = r∆θ 

via the small angle approximation.  The fractional area on the sphere’s surface that the ring 

represents is the angular density of randomly oriented crystals able to diffract for a given θ: 

h~>K7�q �	 :∆r	UZ:	���	����r�

Z:b � 	 ∆r���	�r�

U      (30) 

The crystals that do diffract lead to a diffraction cone originating from the sample, which 

intersects a surrounding sphere along a circle with a circumference of 2πr·sin(2θ).  As the 

detector is of fixed width it will only pick up a slice of this cone, leading to an intensity               

I ∝ 1/sin(2θ).  These two combined terms are referred to as the geometry factor (Eq. 31) and are 

important for non-textured polycrystalline films, must be modified for textured samples, and can 

be ignored for single crystals and epitaxy. 

�~k>� ∝ ���	�r�
q 7�Ur�       (31) 

The absorption factor (A) accounts for Beer-Lambert absorption of X-rays as they travel 

through the sample (Fig. 10).  It depends on the Bragg angle θ, tilt χ of the sample about the 

beam axis, the linear attenuation coefficient µ of the sample, and sample thickness t.  

 

Fig. 10 - Illustration of the pathway in a thin film the absorption correction is integrated over in 

Eqs. 32-34, using the Beer-Lambert law of form I = I0 exp(-µx). 
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For thin films the absorption factor follows 

� ∝ g �kexp�−2�ℓ� iℓℓ����        (32) 

� ∝ 1 − exp (−2�ℓ�K!) ;  ℓ�K! =  $
���(r���� (��     (33) 

� ∝ 1 − mno _ �U�$
q 7(r�Jkq (��`    (34) 

With thick samples, A can be seen to approach unity and is often ignored.  The mass density of 

Fe38.5Pd61.5 is calculated to be 

h�Kqq = 4 D�z�{ (��wm55.85 �
�zV+��|i106.4 �

�zV�
6.022n1023D�z�{

�zV  ∗(3.83 Å�3 = 1.017n107 �
�3  D� 61.5% |i  (35) 

This can be used to convert from mass attenuation coefficients [23] to linear attenuation 

�
� = ��"�  0.03056 �b

  + ��&'  0.02017 �b
  = 0.02417 �b

   D� 61.5% |i  (36) 

� = 244583 R
�     (37) 

The Debye-Waller temperature factor (T) involves an angle dependent dampening effect 

due to thermally driven vibrational displacements of atoms from lattice sites, and is given by 

� = mno p−¡ _q 7 (r�
s `Ut       (38) 

where B is the isotropic temperature factor for the sample (or 8π2u2 where u2 is the mean square 

displacement from the atom’s average position).  At room temperature the Debye-Waller factor 

rarely contributes more than a couple percentage points of change but remains important for 

quantitative analysis.  At 300 K migration energies are similar between FePd & FePd3 and the 

isotropic temperature factor can be taken as B = 0.442 Å2 for Fe38.5Pd61.5 [24]. 
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When employing a tilt along χ, part of the sample is moved out of the ideal diffraction 

condition for the detector, leading to a defocusing correction (D).  This factor must be 

determined empirically for a given diffractometer geometry, which can be done with a bulk 

polycrystalline sample by tracking the intensity change of a reflection while tilting in χ [25].  The 

Fe38.5Pd61.5 target was found to have mild crystallographic texture left over from processing, 

making assignment of a correction factor only tentative.  The {112} and {121} χ –tilted peaks 

relevant to this paper have a Bragg angle of approximately 29.5°, consequently a high purity W 

sintered target (which did not exhibit texture) {200} peak of 29.16° was used to confirm the 

defocusing factor for the diffractometer at D({112}/{121}) = 2.86 [26].   

The methodology for X-ray analysis outlined in this section is able to predict the relative 

intensities of published Fe-Pd bulk standards for the disordered, L10 and L12 phases for major 

peaks generally within 2-3 % despite a number of variable factors such as texture, degree of 

crystallinity, ordering and grain size effects known to cause variations in the bulk references 

[27].  In the case of epitaxial thin films the predictive power of such quantitative methods will be 

more accurate, with the elimination of indeterminate texture and more control over the 

diffraction geometry. 
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3 – Deposition Temperature Series 

3.1 - Introduction 

 Study began with the PLD of Fe38.5Pd61.5 thin films onto MgO (001) substrates 

constituting a deposition temperature series.  This series was intended to establish the feasibility 

and temperature range required for growing smooth, continuous and possibly epitaxial films by 

PLD on MgO (001) at the Fe38.5Pd61.5 composition.  At high temperatures these films would      

be expected to order, though which ordered phases and microstructures would appear was an 

open question.  The approximate temperature range of the ordering transition under non-

equilibrium conditions could be established for any ordered phases that did appear, as the 

transition is expected to be lower for nanoscale films grown by PLD than in bulk equilibrium.  

The study presents clear answers concerning the morphological behavior of Fe38.5Pd61.5 films on 

MgO (001) and shows that at high temperatures films come to preference an L12 phase, 

tetragonally distorted by strain, rather than a two-phase L10-L12 microstructure.  In this chapter 

the results of the initial temperature series are analyzed and several important observations are 

made, two of which have been expanded into the studies constituting the remainder of this thesis. 

 Based on the publication history for epitaxial Fe-Pd growth on MgO substrates, in 

addition to knowledge of physical vapor deposition thin film growth regimes [1-3], four 

deposition temperatures were chosen for the temperature series: 500°C, 550°C, 600°C, and 

650°C.  These temperatures are illustrated on the equilibrium phase diagram in Fig. 1 and color 

coded throughout the figures in this chapter for convenience.  The deposition temperatures are 

100 to 250 K lower than the expected bulk equilibrium ordering transition, ranging from 0.75 to       

0.90 T0.  They are also well above the magnetic transformation temperature, so the magnetic 
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properties of the film will be negligible during the growth process.  The films in this study were 

grown at identical deposition conditions on Crystec GmbH substrates over a 48 hour period to 

reduce any sources of experimental variance. 

 

Fig. 1 - Partial phase diagram of the Fe-Pd material system, marked with the parameters of the 

films deposited in this study.  Of special note is the eutectoid decomposition located at 

Fe38.5Pd61.5 from the disordered FCC γ phase to the L10 (FePd) and L12 (FePd3) ordered phases.  

The uniformly dashed lines in the diagram represent uncertain boundaries in the experimental 

phase diagram; the broken lines represent the expected magnetic transformation. 

3.2 - Film Growth and Morphology 

3.2.1 – Film Thickness and Growth Rate 

Thickness and deposition rate can play a critical role in many of a film’s final properties.  

One method for determining film thickness is cross-sectional SEM.  This method is destructive 

in nature, requiring cleavage of the substrate, and was performed after other characterization 
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methods were exhausted.  As the MgO substrates are insulating, the low voltage and current 

conditions needed to avoid charge buildup are at odds with optimal resolution and signal 

production, respectively. From Fig. 2 it can be seen that the Fe38.5Pd61.5 films deposited are 

approximately 50 nm thick. 

 

Fig. 2 - Cross-sectional SEM micrograph of a cleaved Fe38.5Pd61.5 film grown at 600°C. 

X-ray reflectivity is an accurate and non-destructive technique for determining the 

thickness of thin films, but requires films with very low surface roughness.  For the films in this 

study only those grown at 600°C were amenable to XRR measurements.  The XRR method fits 

observed reflection data to simulated data utilizing film roughness, density and thickness.  For 

the 600°C films, modeling suggests a density of approximately 10 g/cm3 (calculated to be 10.017 

g/cm3 in Chapter 2) and a thickness on the order of 45 nm (Fig. 3).  The final fit is a good 

qualitative match but has a relatively low correlation R = 0.08, which likely arises from film 

roughness.  The model suggests a roughness of ~1 nm, which holds true over regions of the film, 

but the actual surface will be seen to have additional topographical features of a larger scale.  As 

both Fe and Pd have similar and approximately negligible vapor pressures in the temperature 

range being studied (< 10-10 atm) [4], the sticking coefficient for incoming material flux to       

the substrate will be constant across all four deposition temperatures.  Consequently, all films in 

the study should have the same amount of deposited material, equal in mass to a 45-50 nm 
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smooth film as observed at 600°C. This mass translates to 260 atomic monolayers of an FCC 

based Fe-Pd crystal structure, deposited 0.4 monolayers per second (7200 pulses, 10 Hz). 

 

Fig. 3 - XRR data from an Fe38.5Pd61.5 film grown at 600°C, with a qualitatively accurate model 

yielding a more definitive film thickness in the same 45 to 50 nm range as cross-sectional SEM. 

3.2.2 – Surface Morphology and Growth Modes 

Scanning electron microscopy shows a clear dependence of the films’ morphology on 

deposition temperature.  This is best explained under the Structure Zone Model (SZM) [1] for 

film growth, which relates microstructural dependence in the films to the onset of different 

growth kinetic regimes expressed in units T/Tm, where Tm is the melting temperature of the alloy 

(Fig. 4).  In zone I (T/Tm < 0.3) low mobility of incoming atoms leads to films with poor density 

and a large number of dislocations and voids.  Approaching zone II (0.3 < T/Tm < 0.5), surface 

and grain boundary diffusion enable the formation of columnar grains resulting the beginning of 

epitaxy and smooth films, with dislocations located primarily at the grain boundaries.  In zone III 
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(0.5 > T/Tm) temperatures are high enough for the onset of bulk diffusion and coalescence of the 

film results in larger grain sizes.  For Fe38.5Pd61.5 with Tm ≈ 1573 K, the region for zone II growth 

is expected to be between the temperatures of 200 to 515°C. 

 

Fig. 4 - Illustration of the SZM, starting at low temperatures limited diffusion leads to low 

density films with high void densities.  The onset of surface diffusion with increasing temperature 

leads to columnar grain growth, and above T/Tm = 0.5 bulk diffusion results in coalescence and 

larger grain sizes [1]. 

Films grown at 500°C have a nanoscale granular structure following zone II columnar 

grain growth and forming a continuous coverage of the MgO substrate (Fig. 5).  Characteristic 

domed caps of the columnar grains can be seen on the surface and place their diameter at 

approximately 50 nm.  Depositions at 550°C, in theory, have begun to transition away from zone 

II growth and should result in a larger grain structure; however, many unexpected regular 

geometric surface features with a 10 to 20 nm topology above the matrix are observed.  This will 

be shown to be the result of a unique two-phase decomposition at this temperature.  Films grown 

at 600°C are nearly continuous and show clear coalescence (zone III growth).  Films grown at 

650°C consist of nucleated islands that have not coalesced, suggesting that surface diffusion is 

able to act faster than the arrival of new material to the substrate. 
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Fig. 5 - SEM micrographs of Fe38.5Pd61.5 films grown at four different temperatures showing 

respectively:  500°C continuous film composed of fine columnar grains, 550°C continuous film 

with distinctive rectangular features rising from the surface, resulting from a two-phase nature, 

600°C continuous film in the final stages of coalescing, 650°C film in island growth mode. 

The overall dependence of structure and morphology on deposition temperature is 

characteristic of thermally-activated surface diffusion during Volmer-Weber film growth, and is 

consistent with the literature for equiatomic FePd alloys grown on MgO (001) substrates  [2, 3].  

The distinctive morphology found in the films grown at 550°C is unique to the films in this study 

at the Fe38.5Pd61.5 composition.  All films were analyzed by standardized EDXS and have no 

observable deviations from the target stoichiometry.  Backscattered electron microscopy 



71 | C h . 3  

 

suggests films grown at 500°C, 600°C, and 650°C are single-phase in nature and have no 

observable concentration gradients, in contrast to the films grown at 550°C (Fig. 6). 

 

Fig. 6 – Secondary and backscattered electron micrographs contrasting films grown at 550°C 

and 600°C.  The films at 550°C have a clear two-phase composition, while all contrast at 600°C 

can be explained by variations in thickness. 

3.3 – Magnetic Properties 

Hysteresis loops performed by VSM with an applied field perpendicular to the surface 

(Fig. 7) show that films grown at all four of the deposition temperatures are ferromagnetic, as 

evidenced by their non-zero saturation remanence [5].  The Fe38.5Pd61.5 films grown at 

temperatures of 500°C, 600°C and 650°C exhibit similar magnetic properties to each other; 

possessing saturation magnetizations on the order of 600 to 700 emu/cm3.  The magnetic 

moments of these films were calculated to be 1.066 µB, 0.952 µB, and 0.980 µB per atomic site, 

respectively.  These values are closer in magnitude to the 1.2 µB per atomic site expected in the 

bulk material for both the disordered FCC and ordered L12 phases at this composition, than the 

1.6 µB per site expected for the magnetically hard L10 phase at Fe38.5Pd61.5 [6, 7].  A loss of 

saturation magnetization on the order of 20 % from the bulk (FCC / L12) value is consistent with 

other nanoscale systems of similar length scales, as disorder at the films’ interfaces can reduce 
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the mean magnetic moment per atom [8].   The coercivities of the 500°C, 600°C and 650°C 

films, between 333 and 405 Oersted, place them well outside the expected range of values for 

L10 ordering.  L10 ordered Fe42Pd58 10 nm particles grown on MgO substrates, near the 

Fe38.5Pd61.5 composition and considerably smaller than the films, still exhibit coercivities above 

3000 Oersted [9].  Consequently, the existence of anything but very weakly ordered L10 is 

inconsistent with the magnetic properties of the films, while the FCC and L12 phases could be 

expected to result in hysteresis loops similar to the observed behavior.   

 

Fig. 7 - VSM hysteresis loops taken perpendicular to films grown at the four different deposition 

temperatures, all showing some degree of ferromagnetic behavior.  Deviations to the hysteresis 

loops of the 500°C and 600°C films from the simple ferromagnetic behavior seen at 650°C are 

attributed to domain wall pinning on inhomogeneities, while those of the 550°C film result from 

what will be shown to be a two-phase microstructure. 
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Curvature deviations in the hysteresis loops of both the 500°C and 600°C films, compared to the 

simpler ferromagnetic behavior exhibited by the 650°C film, are attributed to domain wall 

pinning on inhomogeneities such as grain boundaries and other defects.  The hysteresis curve of 

the 550°C film has both a lower coercivity and saturation magnetization, and the width of the 

hysteresis loop collapses for magnetizations above 120 emu/cm3.  This suggests that the 550°C 

films have a more complicated magnetic nature than those found in the films deposited at other 

temperatures.  These films will be addressed separately after further characterization (Chapter 5). 

3.4 - Crystallographic Properties 

3.4.1 - Orientation and Epitaxy 

Rotational XRD φ-scans, where the film is placed into a suitable θ-2θ condition for 

diffraction from a given family of planes and rotated about the φ-axis, show films at deposition 

temperatures between 500°C and 650°C are grown with cube-on-cube epitaxy to the MgO (001) 

substrates.  If the film is randomly oriented no φ dependence would be expected, and with 

increasing texture the films should start to exhibit clear peaks.  For cube-on-cube epitaxy, peaks 

of the same crystallographic family for the MgO substrate and Fe-Pd film will align, as seen in 

Fig. 8.  The {111} family of peaks, being a fundamental reflection for both the cubic and 

tetragonal Fe-Pd structures, is an optimal choice for these scans.  The variation in height for both 

the MgO and Fe-Pd peaks observed in Fig. 8 is an artifact of the alignment, step size and fast 

scan speeds, disappearing with closer attention to each peak.  

 A detailed look at a pair of {111} peaks, as seen in Fig. 9, can be used to more finely 

assess the degree of epitaxy in the films.  For the 500°C films, the {111} Fe-Pd peaks are broad 

in comparison to the substrate, with a full width half maximum (FWHM) of 0.97°.  This is 

consistent with the presence of low-angle tilt boundaries in the epitaxial film, necessary for the 
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columnar structure. Films grown at higher temperatures, possessing larger-grained 

microstructures, consistently have FWHMs on the order of half those of the 500°C films. 

 

Fig. 8 - XRD φ-scans about the Fe-Pd {111} and MgO {111} peaks of an Fe38.5Pd61.5 film grown 

at 500°C confirm cube-on-cube epitaxy of the film. 

 

Fig. 9 - High resolution XRD φ-scan about the Fe-Pd (111) and MgO (111) peaks of an 

Fe38.5Pd61.5 film grown at 500°C, highlighting broadening of the film peak. 

3.4.2 - Phase Assignment 

Cube-on-cube epitaxy of the films results in conventional θ-2θ XRD spectra (χ = 0) that 

exhibit film peaks only for crystallographic planes normal to the substrate surface (Fig. 10).  All 

of the Fe38.5Pd61.5 films in this study have a (001) diffraction peak present, which is an extinct 

reflection for the disordered FCC phase and confirms that the films are at least partially ordered. 

The degree of ordering, related to the size of the ordered (001) superlattice peak, can be seen to 

increase as the peak quadruples in integrated intensity with escalating deposition temperatures. 
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Fig. 10 - θ-2θ X-Ray Diffraction patterns of the Fe38.5Pd61.5 film temperature series showing only 

epitaxial film peaks. Increased ordering, as evidenced by the intensification of the (001) film 

peaks, is observed with elevating temperatures.  Higher temperatures are also accompanied by a 

shift of film peaks to lower angular values, signifying larger c-axis lattice constants. 

 

 

Table 1 - The peak locations, out-of-plane lattice parameters, and calculated strains of the films 

studied.  A relaxation of strain towards the expected cubic bulk parameter of 3.836 Å can be 

seen with elevating temperatures.  The ratio of the (001) and (002) integrated peak intensities 

rises with increasing temperature, and allows for the determination of the ordering parameter. 

Film 2θ001 2θ002 I001/I002 C001 C002

500°C #1 23.50 θ 47.74 θ 0.033 3.782 Å 3.807 Å 3.852 Å 0.396 % -1.100 %

500°C #2 23.57 θ 48.88 θ 0.051 3.771 Å 3.796 Å 3.856 Å 0.499 % -1.387 %

550°C #1 23.40 θ 47.74 θ 0.081 3.799 Å 3.807 Å 3.849 Å 0.316 % -0.878 %

550°C #2 23.42 θ 47.82 θ 0.092 3.795 Å 3.801 Å 3.851 Å 0.363 % -1.009 %

600°C #1 23.36 θ 47.71 θ 0.096 3.805 Å 3.809 Å 3.847 Å 0.279 % -0.774 %

600°C #2 23.39 θ 47.76 θ 0.098 3.799 Å 3.806 Å 3.849 Å 0.321 % -0.891 %

650°C #1 23.30 θ 47.58 θ 0.114 3.815 Å 3.819 Å 3.844 Å 0.185 % -0.513 %

650°C #2 23.25 θ 47.49 θ 0.128 3.823 Å 3.826 Å 3.841 Å 0.114 % -0.318 %

Strain ||APoisson Strain ⊥⊥⊥⊥
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The c-axis lattice parameter of the films expands with increasing deposition temperatures, as 

evidenced by a shift of the diffraction peaks to lower angular values, representing a relaxation of 

the tetragonal distortion caused by epitaxial strain.  The two Fe-Pd film peaks present acuminate 

with increasing temperature, with the increased sharpness representing a rise in lattice periodicity 

as defects are annealed out of the depositing film. 

The presence of all four {101} Fe-Pd peaks in XRD φ-scans of the deposited films yields 

great insight into the phases that may be present.  Reflections of type {101} are extinguished for 

the disordered FCC phase due to destructive interference.   The tetragonal L10 phase possesses 

{110} superlattice reflections but not {101}, making them orientation specific.  The L12 phase 

has allowed {101} reflections regardless of its orientation as it is a cubic system.  The four {101} 

peaks found in φ scans can therefore only be formed by the L12 ordered phase, or by two 

simultaneous variants of the tetragonal L10 existing with c-axes along perpendicular in-plane 

directions (in addition to a variant normal to the film accounting for the (001) peak). 

 Although non-trivial, the presence of the L10 phase is eliminated by a combination of 

XRD analysis of high-order diffraction peaks, which clearly show the films have a singular set of 

lattice parameters with no sign of tetragonal peak splitting, and magnetic hysteresis loops with 

coercivities no larger than 300-400 Oersted, much smaller than expected for L10 ordering in thin 

films.  It is also telling that the lattice parameters of the system move with increasing 

temperature toward those expected for L12 at this composition, and would put the films into 

compression for L10 when they should be in tension.  This leads to the conclusion that the films 

grown at 500°C, 600°C, and 650°C are all of a primarily L12 nature and the L10 ordered phase is 

either absent or represents a very small volume fraction.  The films grown at 550°C possess a 

more complicated microstructure and are discussed at length in Chapter 5.  These findings are 
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unexpected, as the c-axis oriented L10 phase has a more accommodating lattice parameter for 

epitaxial growth on the MgO (001) substrate. If epitaxial growth were to deter the formation of a 

phase, educated guesswork leads to the exclusion of L12 and not L10. 

3.5 – Strain Behavior 

3.5.1 - Heteroepitaxial Strain Dynamics 

The absence of the L10 phase from the system at its eutectoid composition suggests that 

the phase diagram originally presented is subject to some level of skepticism, although 

conditions in thin films can diverge dramatically from the bulk equilibrium state due to strain.  

MgO has a cubic rock salt structure with a lattice parameter of 4.212 Å [10].  The bulk lattice 

constants for the FCC and L12 phases at the specific Fe38.5Pd61.5 composition used here are 

approximately 3.83 Å, while L10 at this composition has a = 3.88 Å and c = 3.73 Å       

({2a+c}/3 = 3.83 Å) [11].  XRD analysis, combined with the alloy’s Poisson ratio of 0.36 [12], 

yields an equilibrium (i.e. relaxed) lattice parameter of 3.836 Å for the films deposited.  This 

closely matches the values predicted for FCC or L12 and shows that it is reasonable to treat the 

system as a strained film starting from the bulk equilibrium.  The Fe38.5Pd61.5 alloy, therefore, has 

a lattice mismatch approaching 9% as it tries to conform epitaxially to the MgO substrate.  

However, it is unlikely that the film remains coherent to the substrate for more than a few 

monolayers and the actual instantaneous strain the system faces will be much smaller, due to 

partial relaxation from misfit dislocations along the interface (Fig. 11).   

For the Fe-Pd system, ordinary dislocations will have a Burgers vector of a/2<110> 

(disordered) or a<110> (ordered L10 or L12) types and glide along the {111} set of planes [13]. It 

is worth noting a/2<110> dislocations are still possible in the ordered phases but leave behind an 

anti-phase boundary [13].  At the (001) substrate maximal interfacial relaxation will occur when  
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Fig. 11 – Illustration of the role of misfit dislocations at the interface relieving strain in the film. 

the dislocations are of full edge  character,  with  Burgers  vectors  of  either  a[110] or a[11 0].   

As neither of these edge dislocations can have both their Burgers vector (b) and line direction (L) 

in the same {111} glide plane (� ∙ � � 0 for edge), their movement is dominated by slow climb 

processes.  Consequently, dislocations of a mixed screw/edge character, e.g. a[101], known as 

60° dislocations and well known to be glissile in cubic heteroepitaxial thin films, are expected to 

play a large role in relieving stress at the interface (Fig. 12) [14-16]. 

 

Fig. 12 – Illustration of the line direction, burgers vectors, and {111} slip planes available for 

misfit dislocations. b = a[101] “60°” dislocations are able to glide in the system. 
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 Once formed at the free surface, these 60° dislocations form a dislocation half loop which 

is able to glide to the interface and relieve strain (Fig. 13).  It can be shown that the misfit portion 

of the loop, with L = [11�0] and b ∝ [101�], once formed is indeed pulled to the surface by the 

tensile stress in the film, and that the remaining “threading” portions L = [1�1�2] and L = [112�] 

are pulled by a resolved force through the crystal, extending the misfit.  The force per unit length 

of a dislocation follows the equation 

�
�
���� = �� ∙ �� × ���      (1) 

In this case σ is the tensile stress in the film 

� =	 ��� 0 00 �� 00 0 0�      (2) 

For the misfit portion of the dislocation loop this leads in a resolved force in toward the interface 

�
� =	 ��� 0 00 �� 00 0 0� �

10−1� × � 1−10 � 	∝ 	−��	�̂    (3) 

And for the two threading portions force resolves along opposite in-plane directions 

�
� = 	 ��� 0 00 �� 00 0 0� �

10−1� × ± � 11−2� 	∝ 	���±	�̂ ± 2� !    (4) 

 

Fig. 13 – Illustration of a threading 60° misfit dislocation propagating along the interface. 
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Strain can arise both from lattice and thermal mismatch between the film and substrate. 

All the Fe-Pd films are found to be in tension along the in-plane directions and experience a 

Poisson compression perpendicular to the film (Table 1).  The decrease of film strain with rising 

deposition temperature is consistent with the thermally activated formation and glide of misfit 

dislocations. 

3.5.2 – Thermal Mismatch 

Strain from thermal mismatch arises from differences in thermal expansion between the 

film and substrate.  Both strain components of the films decrease in magnitude with increasing 

deposition temperature, inconsistent with significant thermal mismatch strain.  Thermal 

expansion is often quoted in terms of an average linear thermal expansion coefficient α, and for 

MgO this is 1.34 x 10-5 K-1 above 0°C [10].   Thermal expansion however is not always constant 

and can be better formulated when it is of importance.  Plotting the linear expansion coefficients 

of MgO, determined by three different experimental methods, it can be seen that α rises steadily 

over the range of temperatures used for deposition (Fig. 14) [17-19]. 

 

Fig. 14 – Linear expansion coefficients for MgO measured over the study’s temperature range 

from three different measurement techniques [17-19]. 
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This data can in turn be used to find a more accurate effective average linear expansion 

coefficient for the deposition temperatures of the study (Fig. 15).  For the 500°C films this is 

slightly lower at 1.29 x 10-5 K-1 than the original constant, while for films at 650°C it approaches 

the original constant at 1.33 x 10-5 K-1.  Fe38.5Pd61.5 has coefficient of 1.35 x 10-5 K-1 at 20°C 

[20], and the data suggests that it remains approximately constant below 650°C, with the 

possibility of a small increase at elevated temperatures (e.g. to 1.40 x 10-5 K-1 by 700°C)         

[11, 20, 21].   As a consequence, the largest expected difference in the average linear expansion 

is on the order of 0.10 x 10-5 K-1, resulting thermal stains below 0.065%, and it’s possible the 

contribution to tensile strain from thermal expansion could be as low as 0.001% for some films 

deposited between 500°C and 650°C.  The scale of thermal strain is therefore negligible 

compared to the strains observed in Table 1. 

 

Fig. 15 – Average linear expansion coefficients for the MgO substrates, taken from room 

temperature to a given deposition temperature.  i.e. �"�!�#$%. '! = ∆)/)+,. 
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3.5.3 – Epitaxial Strain Energetics 

 Having ruled out a significant contribution from thermal mismatch, the primary 

contribution to strain is expected to source from epitaxial conformance to the substrate.  In order 

to discuss elasticity in thin films, the anisotropic version of Hooke’s law must be invoked: 

-�./0 = -1./2�0�32��     (5) 

45
55
56
�77�88�99�89�97�78:;

;;
;< =

45
55
56
1== 1=> 1=?1>= 1>> 1>?1?= 1?> 1??

1=@ 1=A 1=B1>@ 1>A 1>B1?@ 1?A 1?B1@= 1@> 1@?1A= 1A> 1A?1B= 1B> 1B?
1@@ 1@A 1@B1A@ 1AA 1AB1B@ 1BA 1BB:;

;;
;<	
45
55
56
377388399238923972378:;

;;
;<
     (6) 

In this Voigt notation σxx represents a stress along the x-direction of a crystal, while σxz is a shear 

force in the x-z plane, similarly for strains εxx and εxz.  The top left quadrant of the stiffness 

tensor cij accounts for extension-extension coupling, the bottom right quadrant accounts for 

shear-shear coupling, and the remaining quadrants are extension-shear coupling between stress 

and strain.   

For a cubic crystal, such as FCC or L12, symmetry reduces the stiffness tensor to 

-1./0CDE.C =
45
55
56
1== 1=> 1=>1=> 1== 1=>1=> 1=> 1== 0

0 1@@ 	 		 1@@ 		 	 1@@:;
;;
;<	     (7) 

While tetragonal crystals of type P4/mmm, such as L10, reduce to the form 

-1./0�
�FG =
45
55
56
1== 1=> 1>?1=> 1== 1>?1>? 1>? 1?? 0

0 1@@ 	 		 1@@ 		 	 1BB:;
;;
;<	     (8) 
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As cubic systems can be treated as a special case of the tetragonal, derivations need to be made 

only once.  For a tetragonal film in biaxial tension from cube-on-cube epitaxy 

45
55
56
����0000 :;

;;
;< =

45
55
56
1== 1=> 1>?1=> 1== 1>?1>? 1>? 1?? 0

0 1@@ 	 		 1@@ 		 	 1BB:;
;;
;<	
45
55
56
377388399238923972378:;

;;
;<
     (9) 

Using linear algebra, the bottom three lines of Eq. 9 reduce to  εyz = εzx = εxy = 0, leaving 

H����0 I = �1== 1=> 1>?1=> 1== 1>?1>? 1>? 1??�	�
377388399 �     (10) 

�� = 1==377 + 1=>388 + 1>?399    (11) 

�� = 1=>377 + 1==388 + 1>?399    (12) 

0 = 1>?377 + 1>?388 + 1??399    (13) 

By the symmetry of Eqs. 11 and 12, it is clear that εxx = εyy, and it follows that 

399 = −2KCLMCMMN 377      (14) 

�� = �1== + 1=>!377 + 1>?399     (15) 

This allows for the calculation of the biaxial modulus M, a term which relates the in-plane film 

strain with an associated stress 

�� = K1== + 1=> − 2 CLML
CMM N 377 = O377   (16) 

O = K1== + 1=> − 2 CLML
CMM N     (17) 
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 The biaxial modulus can be used to find the elastic energy density for a biaxially strained 

film, which will follow Wel = Mε2.  The in-plane strain contribution, ε, will in turn be heavily 

dependent on the availability of misfit dislocations to relieve strain at the interface.  As the L12 

and L10 phases share a common Burgers vector, b = a<101>, the relative ease of creating misfit 

dislocations will correspond to the dislocation energy E ∝ Gb2 where G can be taken as the Voigt 

average of the shear modulus.  The Voigt average approximates the moduli by averaging across 

all possible tensor rotations.  For a tetragonal system this is given by the equations [22] : 

PQR.�� = STUV?W
A                (18) 

X = >CYYVCMM? 		Z = >CLMVCYL? 		[ = >C\\VC]]? 		     

The Poisson ratio can also be approximated in this manner, and yields results of approximately   

γ = 0.35, slightly shy of the experimentally determined value of γ = 0.36 [12]. 

^QR.�� = SV@UT>W
@SVBUV>W               (19) 

Ideally, the components of the alloy’s stiffness tensor would be known for all three 

phases at the non-stoichiometric composition.  Given limited study of the eutectoid region of the 

Fe-Pd phase diagram, these values can only be interpolated from the available data.  Table 2 

compiles all available experimental measurements of the stiffness constants for the relevant 

phases of the Fe-Pd system.  The disordered FCC phase has been characterized at both 

equiatomic Fe50Pd50 and Pd-rich Fe10Pd90 compositional extrema [23, 24], and experiences a 

slight stiffening in transverse components of the tensor with increasing Pd content.  The L10 

phase at the equiatomic FePd composition has been analyzed across a series of processing 

conditions [23, 25, 26] and varies considerably from the FCC values.  The FePd3 L12 phase has 

only one experimental value which was taken at liquid nitrogen temperature (80 K) and therefore 
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cannot be compared directly with the other measurements, which were made at ambient 

temperature conditions [26].  Additionally, values at elevated temperature are available for 

equiatomic L10 and disordered Fe50Pd50 [26]. 

Type Temp. C11 C12 C23 C33 C44 C66 M (GPa) G (GPa) Ref. 

γ - Fe10Pd90 RT 229 165     86   156 64 24  
γ - Fe50Pd50 RT 215 161     83   135 61 23  
L10 -FePd RT 226 154 154 238 92 96 181 71 23  
L10 -FePd RT 218 148 151 227 92 94 165 70 23  
L10 -FePd RT 214 143 143 227 92 93 177 70 25  
L10 -FePd RT 213 142 146 225 92 99 166 71 25  

L10 -FePd RT 248 159 159 239 95 86 195 72 26  

L12 –FePd3 80 K 206 122     90   183 71 26  
L10 -FePd 860 K 202 122 122 200 76 48 175 56 26  
γ - Fe50Pd50 1020 K 178 125     64   127 49 26  

Table 2 – Experimental values of the stiffness tensor, biaxial and shear moduli for FCC, L12 and 

L10 phases at different temperatures and compositions. 

 For the Fe38.5Pd61.5 composition, the known stiffness values for the FCC phase are close 

enough that they can be linearly interpolated without any substantial loss of accuracy.  As the 

L12 phase maintains the cubic nature of the disordered FCC, it is expected that its elastic 

properties will be similar.  Study of the FCC → L12 ordered transition on the elasticity of AuCu3, 

a closely related material system, demonstrates that this is a reasonable assumption.  Theoretical 

work suggests that ordering results in a correlated 4% maximum rise in C11 and C12 for AuCu3 

[27], and experimental data shows no change in the elastic constants within the margin of error 

[28].  Similar theoretical work on FePd3 predicts a model-dependent 2.4 to 8.4% rise in the    

bulk modulus, B, going from disordered to fully ordered L12 [29].  The Voigt average of the bulk 

modulus for cubic system [30] is given by 

ZCDE.C = CYYV>CYL?                (20) 
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If, with ordering, the C11 and C12 components follow a comparable correlated increase as 

expected for AuCu3, the behavior of L12 at Fe38.5Pd61.5 can also be approximated as about 4 % 

stiffer than the disordered phase (maximum ordering possible at non-stoichiometric Fe38.5Pd61.5 

being Smax = 0.82).  For the L10 phase at Fe38.5Pd61.5, values of the stiffness constants can be 

found by first-order interpolation; observing the percentage differences between FCC and the 

average of the data L10 at Fe50Pd50, translating this percentage to Fe38.5Pd61.5, and accounting 

linearly for the loss of order due to non-stoichiometry (Smax = .77).  The approximated values for 

all three phases of Fe38.5Pd61.5 can be found in Table 3.  If we accept these values as accurate, it is 

clear that the L10 phase has a larger biaxial and shear moduli than the two cubic phases at this 

composition.  While these are room temperature values, data taken closer to the deposition 

temperatures (Table 2) suggests that the biaxial modulus for L10 remains considerably larger 

than the cubic phases across the entire temperature range. 

Type Temp. C11 C12 C23 C33 C44 C66 M (GPa) G (GPa) 

γ – Fe38.5Pd61.5 RT 219 162     86   141 63 
L12– Fe38.5Pd61.5 RT 228 169     89   147 65 
L10– Fe38.5Pd61.5 RT 226 153 153 232 94 94 177 71 

Table 3– Approximate values of the stiffness tensor, biaxial and shear moduli for FCC, L12 and 

L10 phases based on interpolation from known data. 

 The higher biaxial moduli of the L10 phase could explain in part why it is not strongly 

favored by the 4.212 Å MgO substrate, despite having a lattice parameter of 3.88 Å compared to 

the 3.83 Å of the cubic phases.  Misfit dislocations relieving strain have a linear energy density 

of El ≈ Gb2/2π, though their strain field is complicated by introduction of the MgO interface.  As 

the dislocation energy density will prove to be negligible, the strain field can be approximated as 

being half in the film and half in the substrate (G= 124 GPa [31]). Each of these misfit 

dislocations results in a relaxation on the interface that is a projection of their edge character 

along one direction, i.e.  _�101� ∙ �100� = _  and  _�101� ∙ �010� = 0.   
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Two perpendicular dislocations over a square meter of material will relieve (a/m) worth 

of biaxial tensile strain, using a total dislocation length 2 m.  The areal energy density of 

dislocations required to relieve ∆ε strain is thus 

`abcdefghbeijL = �2k! KlEL
>m N K ∆nG j⁄ N K =

jLN = 	 >Gl∆n
m          (21) 

Using this convention, Wel can be written accounting for a thickness t and coherent strain ε0 as 

`pdgchbfjL = O�3� − ∆3!>q              (22) 

This allows for the total energy related to elastic strain and misfit dislocations to be calculated 

for the L10 and L12 phases as a function of the strain relieved from coherence for a 50 nm thick 

film (Fig. 16).  The strain energetics of the system suggests that L10 is still favored, but, after 

significant relaxation has occurred (> 80%), the difference in strain energy between L10 and L12 

will play only a negligible role.  As evidenced by the strain energy at full relaxation, which is the 

maximum contribution of Edislocation, the elastic term dominates the dislocation energy for most 

strains, placing emphasis on the larger biaxial modulus M of L10.  Consequentially, the trend in 

strain related energy would still hold if a/2[110] happens to be the dominant dislocation instead 

of a[110].  It can be inferred from the strain energies that the preference for L12 must come from 

strain-induced effects in another contribution to the system, such as the large magnetic energy. 

Films clearly show a tendency away from L10 lattice values, and the different elastic properties 

of the phases are relevant only at the early stages of growth when films experience large strains. 

 

Fig. 16 – Total strain energies from elastic and misfit contributions for 50 nm thick films. 
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3.6 – Ordering Behavior 

At sufficiently low deposition temperatures, films will be kinetically limited from 

transforming completely into the equilibrium ordered phases during the finite length of the 

deposition process.  Fe38.5Pd61.5 material arriving at the surface during PLD is expected to be a 

mixture of ions, atomic clusters, and nanoparticles in the disordered FCC phase of the material 

[32].  This was confirmed by depositing Fe38.5Pd61.5 via PLD at 3.0 J/cm2 in 100 mTorr (13.3 Pa) 

He onto Type A carbon support grids (Ted Pella) at room temperature for HRTEM.  After      

150 pulses it can be seen that a coalescing network of 2 nm nanoparticles has begun to form on 

the TEM grid (Fig. 17).  With no superlattice planes present in the FFT pattern it is confirmed 

that material is deposited in the disordered FCC phase. 

 

Fig. 17 – HRTEM micrograph of Fe38.5Pd61.5 material deposited by PLD, forming a coalesced 

network of disordered, FCC nanoparticles. 
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After arrival onto the heated substrate this FCC material will begin to increase in long 

range order.  Transformations between the disordered FCC, L10, and L12 phases of the Fe-Pd 

system are first-order phase transitions [33], experiencing nucleation and growth of ordered 

phases as opposed to a continuous increase in ordering at the atomic scale.  However, as 

illustrated in Landau’s free energy vs. generalized order parameter plots, there is an instability 

temperature below which the transformation can occur as a higher-order phase transition [34].  

Concentration or strain fluctuations, both of which are present in the thin films studied, also can 

increase the likelihood of a higher-order phase transition [35]. 

The long-range ordering parameter S as defined for L12, which is different than S as 

defined for L10, may be determined from the XRD data by careful comparison of the superlattice 

and fundamental peak intensities.  For quantitative analysis this is complex but well-established, 

and covered in depth in the experimental procedures. As classically defined, the ordering 

parameter will take the value of zero when the Fe and Pd atoms are randomly distributed over 

the entire FCC lattice, and approaches unity as the L12 Fe sites are filled exclusively by Fe atoms 

and the Pd sites exclusively by Pd atoms.  For the non-stoichiometric Fe38.5Pd61.5 the L12 

ordering parameter can achieve a maximum value of S = 0.82, as there will always be Fe 

remaining on the Pd sites of the L12 lattice.  As a result, the ratio of superlattice to fundamental 

peaks, I001/I002, has a theoretical maximum of 0.0886 for the epitaxial L12-Fe38.5Pd61.5 films. This 

is problematic given the higher values found for the single phase films in this study at 600°C and 

650°C   (Table 1).  Closer study shows that the anomaly in superlattice peak intensities arises 

from an elevation in peaks shared by c-axis oriented L10 relative to other superlattice peak 

variants.  This discrepancy has been found to result from Fe atoms in the 600°C and 650°C films 

sitting in unequal concentrations across the three Pd sites of the FePd3 superlattice, forming a 
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slightly perturbed version of the L12 phase that gives special preference to the c-axis oriented 

(1/2, 1/2, 0) sites and will discussed later at length (Chapter 4). 

Comparing the degree of ordering found in these films to other publications, 

nanocrystalline powders of Fe40Pd60, just outside of the projected two phase region of the 

equilibrium phase diagram, have long range order parameters that increase from disordered FCC 

to L10 in a linear manner with increasing temperature, starting at approximately 30% ordered by 

volume at 375°C and fully order by 625°C [36].  Putting aside the complications of any 

perturbation and treating the films as conventional L12, films in this study show good general 

agreement with the published Fe40Pd60 nanocrystalline ordering behavior.  Films grown at 500°C 

are found to be in the territory of 60 to 70 % ordered.  The 600°C and 650°C films are 97% and 

100% ordered, respectively.  Consequently, the degree of ordering in the films is similar to other 

nanoscale studies, occurring significantly below the bulk order-disorder transition temperature. 
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3.7 – Major Findings 

Thin films of Fe38.5Pd61.5 were grown by PLD onto MgO (001) substrates between 500°C 

and 650°C.  Films grown at 550°C exhibit different behaviors than those grown at other 

temperatures, experiencing a two-phase decomposition and meriting further discussion.  All 

films grow with cube-on-cube epitaxy with the substrate and show a preference for a tetragonally 

distorted L12 phase due to epitaxial strain, with the degree of order rising steadily across the 

temperature range.  No signs of the L10 phase were observed for any films in the study.  Thermal 

mismatch with the substrate is negligible and film strain declines with increasing deposition 

temperature.  The difference in elastic strain energies between the L10 and L12 phases is shown 

to be small once full coherency is lost, explaining why the lower lattice mismatch of the L10 

phase does not dominate behavior; this allows another contribution, possibly magnetism, to 

preference the L12 phase.  An anomaly from the predicted values for superlattice intensities of 

the L12 phase has also been noted. 

In the following chapter the anomalous superlattice behavior of the films will be shown 

to arise from the existence of a metastable hybrid of the L10 and L12 structures, L1', once 

theorized to exist in the prototypical Au-Cu ordered system based on statistical thermodynamics 

[37].  The unique two-phase films grown at 550°C will then be examined closer in Chapter 5, 

with the phases identified and the origination and behavior of the decomposition discussed. 
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4 – L1' Ordering : Evidence of L10-L12 Hybridization  

4.1 - Introduction 

A unique finding of the growth temperature study of Fe38.5Pd61.5 deposited onto MgO 

(001) substrates in Chapter 3 was that L12 natured films grown at 600oC and 650oC possessed 

anomalous superlattice peak intensities, where reflections also allowed by c-axis oriented L10 are 

elevated slightly in relation to other variants.  These films were confirmed to be of a single, 

uniform composition by backscattered electron microscopy.  VSM hysteresis loops (Ch.3, Fig 7) 

do not suggest the presence of two separate phases, especially one with the coercivity expected 

for L10 ordering.  MFM shows no discernible indication of two-phase magnetic behavior or the 

nanoscale presence of magnetically hard precipitates.  XRD peaks of the films are sharp, singular 

and Gauss-Lorentzian in profile, indicating the film has only one set of lattice parameters.  It was 

concluded from this evidence that no significant L10 precipitates were present to contribute to the 

superlattice peak anomaly.  Intensity variations are instead suggested to arise from tetragonality 

in Fe38.5Pd61.5 films induced by tensile epitaxial strain, breaking symmetry in the three           

face-centered L12 Pd superlattice sites into two variants which no longer share the same 

composition.  This perturbation gives special preference to the c-axis oriented (1/2, 1/2, 0) sites, 

and will be shown to be the result of L10-L12 hybridization into a metastable L1' phase.  This 

chapter expands markedly on initial observations of the anomaly with the growth of additional 

films of varying thickness and rigorous quantitative XRD analysis of multiple peaks, confirming 

the presence of an L1' phase. It also addresses the proper handling of ordering in the complex L1' 

system by expanding conventional notation for the L10 and L12 phases and offers speculation 

concerning formation. 
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4.2 - History of L1' Ordering 

Existence of L1' ordering was first proposed by William Shockley in 1938 for Au-Cu 

alloys, based on Mean Field Theory (MFT) and Bethe’s nearest-neighbor assumption statistical 

thermodynamics [1].  Au-Cu is considered the prototypical ordered FCC material system, 

exhibiting not only the tetragonal L10 phase but both cubic L12 variants, and consequentially 

serves as the model for most theoretical work on FCC ordering phenomena. In this treatment the 

FCC lattice can be viewed as a compilation of four interlocking simple cubic sublattices; each 

occupied by some statistical composition and designated L1, L2, L3 and L4 (Fig. 1).  For the 

disordered case (L1 = L2 = L3 = L4) the entire system can be represented by one parameter, alloy 

composition.  L12 (L1 ≠ L2 = L3 = L4) and L10 (L1 = L2 ≠ L3 = L4) structures are fully described by 

the alloy composition in combination with an ordering parameter relating the relative 

compositions of the two sublattices.  Tetragonal L1' (L1 ≠ L2 ≠ L3 = L4) and orthorhombic        

(L1 ≠ L2 ≠ L3 ≠ L4) symmetries are also possible, requiring two and three ordering parameters 

respectively due to their lower symmetries and increased number of variant sublattices.  

 

Fig. 1 - Illustration of the four simple cubic FCC sublattices and how different variations of 

equivalent sites create the three ordered phases discussed for the Fe-Pd system. 
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Shockley proceeded to break these sublattice variations into three distinct types based on 

the manner free energy responded to compositional changes in his first-order calculations; the 

cubic disordered phase (FCC), the cubic ordered phase (L12), and the tetragonal ordered phase 

(L10).  In doing so, Shockley combines the L10 and L1' symmetries which, “for most purposes 

can be lumped into a single phase.”  The L1' portion of this “L10” phase, however, dominates the 

calculated phase diagram (Fig. 2) at low temperatures and non-stoichiometric compositions.  

Created from a first nearest-neighbor approximation, the Shockley diagram only qualitatively 

matches the experimental phase diagram, and the addition of second nearest neighbors has been 

shown to dramatically improve agreement by changing the FCC→L10 transition from higher 

order to first order nucleation and growth [2].  The L1' phase in the MFT model accommodates 

the non-stoichiometry of an alloy by placing the over-abundant constituent on the L2 site, leaving 

the remaining three sublattice sites to fully order to their preferred singular element.  For 

example, an alloy of type Au50-xCu50+x would result in an L1' phase consisting of site 

occupancies L1 = Au, L2 = ( (1 - 4x) Au + (4x) Cu ) %, and L3 = L4 = Cu. 

 

Fig. 2 – An illustration of Shockley’s calculated phase diagram [1] for the Cu-Au system.  The 

dotted lines represent a transition between the tetragonal L10 and L1' phases. 
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Having no experimental confirmation, and originally predicted to be unstable by Ising 

spin models [3], quasi-chemical theory [4], Cluster Variation Method (CVM) calculations [5], 

and Monte Carlo (MC) simulations [5], the L1' phase was long considered an artifact of 

Shockley’s first-order approach.  In 1986, through the refinement of some minor approximations 

present in earlier CVM work, Ducastelle et al. [6] again predicted the presence of the L1' phase 

using both tetrahedron and tetrahedron-octahedron clusters; the latter spanning a region of 

similar size and shape to Shockley’s (Fig. 3). This was followed by targeted MC simulations 

exhibiting a stable, low-temperature L1' ordered phase sharing a higher-order transition with L10, 

and first-order transition with L12 (Fig. 4) [7].   

 

Fig. 3 – Combined theoretical phase diagrams for an ordered FCC system derived from MFT 

[1] and CVM [6], both predicting similar L1' stability regions. 
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Fig. 4 – Monte Carlo calculation of the concentration of the FCC sub-lattice sites near the L10-

L12 superdegenerate point approached at different slopes (θ), supporting the CVM prediction of 

a stable L1' phase region [7]. 

The higher-order transition likely originates from the L1' primitive cell (Pearson symbol 

tP4) sharing the conventional cell and P4/mmm space group symmetry of the L10 phase.   The 

inability of L1' to reduce to the L10 primitive cell (tP2) represents a loss of transitional symmetry 

within the space group, increasing periodicity along the <110> directions of the cube from 

� √2 2⁄ 〈110〉  to  �√2〈110〉 (Fig. 5). 

 

Fig. 5 - View of the (001) crystal facet of L10 and L1', illustrating how L1' breaks the 

translational symmetry of L10 despite sharing the same space group symmetry. 
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4.3 - Formal Treatment of the Ordered Phases 

4.3.1 – Structure Factor and Allowed Reflections 

The crystal structure factor, Fhkl, accounts for the constructive and destructive 

interference of lattice planes (h, k, l) resulting in crystal diffraction (Chapter 2).  Summed over 

the N atoms of position (x, y, z) in the crystal structure, this term determines the classification of 

extinct, fundamental, and superlattice peaks and is given by 

	
�� =  ∑ ��  ����2��(ℎ�� + ��� + ���) !�"# .    (1) 
For the disordered FCC phase all atomic sites in the conventional unit cell are equivalent.  

Stoichiometric L10 and L12 at perfect long-range order can be viewed as possessing α-sites 

occupied preferentially by A-atoms, and β-sites occupied by B-atoms.  For L10 there are an equal 

number of α-sites (L1, L2) and β-sites (L3, L4).  L12 in contrast only possesses one α-site (L1) but 

three β-sites (L2, L3, L4).  The sites and scattering factors fn for these phases are listed in Table 1. 

 Atomic Scattering Factor 

Site Position FCC L10 L12 

(% % % ) fα fα fα 

& '( '( % ) fα fα fβ 

& '( % '( ) fα fβ fβ 

&% '( '( ) fα fβ fβ 

Table 1 – Atomic sites and scattering factors for the conventional cell of the disordered FCC, as 

well as ordered L10 and L12 phases. 
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For the disordered FCC phase this reduces the structure factor to the single expression 

	(	**)
�� = �+,1 + 	�-.(
/�) + �-.(
/�) + �-.(�/�)0		 	 	 (2)	
Invoking Euler’s formula, eiπn= (-1)n, the last three terms reduce to 1 when n is even and -1 when 

n is odd.  When reflection indices h, k and l are all even or all odd, the four terms in the structure 

factor add constructively and result in a fundamental reflection.  In all other scenarios two of the 

terms become negative and lead to perfect destructive interference. 

 In the ordered L12 phase it can be observed that, as fα ≠ fβ, no peaks can be completely 

extinct from destructive interference.  L12 peaks are broken into a fundamental variant that 

coincides with the allowed reflections for FCC, and superlattice reflections that are extinct for 

FCC but have a scattering factor of fα - fβ for the L12 phase.  L10 exhibits the same fundamental 

peaks as FCC but has a more complicated superlattice than L12.  Some superlattice reflections, 

where (h + k) is odd, experience destructive interference and become extinct, while superlattice 

reflections where (h + k) is even have a structure factor of 2(fα - fβ). 

	(112)
�� = �+ + 	�3,�-.(
/�) + �-.(
/�) + �-.(�/�)0		 	 	 (3)	
	(114)
�� = �+,1 + 	�-.(
/�)0 	+ �3,�-.(
/�) + �-.(�/�)0					 	 (4)	

This trend is best exhibited by viewing the conventional cells of the phases in reciprocal space 

Fig. 6 – Reciprocal space representations of the FCC, L12, and L10 phases, as well as a 

superposition of three orthogonal variants of the tetragonal L10 phase mimicking the L12 phase. 
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In reciprocal space (Fig. 6) each point represents a reflection from a set of planes with a 

normal vector starting from the origin, and a planar spacing inverse to the magnitude of the 

vector.  As the FCC conventional cell is not a primitive lattice, certain reflections will not exist if 

planes are labeled according to the conventional cell.  In juxtaposition, the L12 conventional cell 

is also a simple cubic primitive cell making all reflections possible, though the intensities of the 

superlattice peaks are modified.  The L10 conventional cell (tP4) can be broken into a smaller 

primitive cell (tP2), once again necessitating some extinct reflections in the conventional 

labeling.  The L10 reciprocal space is dependent on orientation, though three L10 crystals aligned 

across different orthogonal axes will produce all of the superlattice peaks of the L12 structure 

when superimposed. 

4.3.2 – L10 and L12 Formal Notations 

 
It is important when discussing the L1' phase to expand upon the rigorous formalism 

established for the existing ordered phases of the system [8].  As established, binary ordered 

structures L10 and L12 have two types of atoms and two atomic site variants: α-sites occupied 

preferentially by A-atoms, and β-sites occupied by B-atoms.  Imperfect ordering and non-

stoichiometric compositions introduce the necessity to view each site as having its own 

concentration of species rather than remaining occupied by a single element.  The concentrations 

of A-atoms and B-atoms in the alloy, XA and XB respectively, follow the conservation relation:  

X6 	+ 	X7 	= 	1      (5) 

Similarly, the concentrations of A and B on each lattice site must be conserved, so that  

 A+ + 	B+ = 1      (6) 

A3 	+ 	B3 	= 1      (7) 
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The atomic scattering factors can now be written for the α-sites and β-sites as 

�+ = :+�6 + ;+�7     (8) 

�3 = :3�6 + ;3�7     (9) 

Lastly, so that both L10 and L12 can be talked about in the same general terms, quantities yα and 

yβ are defined to be the fraction of each site type in the lattice (for L10 yα = yβ = 0.5, while for 

L12 yα = 0.25 and yβ = 0.75).  Conservation once more dictates that  

y+ 	+ 	y3 	= 1      (10) 

and two more relations can be reached  

=6 = �+:+ + �3:3     (11) 

=7 = �+;+ + �3;3     (12) 

A long-range order parameter S for both L10 and L12 ordering is defined so that it is 

linearly proportional to (Aα + Bβ), with S = 1 for a stoichiometric fully-ordered material and       

S = 0 representing complete disorder, so that 

> = :+ + ;3 − 1 = :+ − :3 = ;3 − ;+					 	 	 (13)	
which, utilizing Eq. 10, 11, 12, and some algebra, is classically expressed as 

> = 6@ABC #AD@ = 7EABF #ADE .	 	 	 	 	 (14)	
The parameter S can reach unity only for a stoichiometric compound.  This definition guarantees 

that the structure factors for both L10 and L12 superlattice reflections are proportional to S for 

non-stoichiometric compositions.  In order to condense mathematical derivations, Fig. 7 and  

Fig. 8 on the following pages provide a summary of superlattice structure factor calculations, as 

well as the limitations placed on the ordering parameter by non-stoichiometry for both phases. 
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Fig. 7 – Calculations for the structure factor and ordering limits of the L10 phase.  
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Fig. 8 - Calculations for the structure factor and ordering limits of the L12 phase. 
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It can be seen from structure factor calculations that L10 fundamental reflections          

(2fα + 2fβ) are of intensity 4(XAfA + XBfB), while superlattice reflections (2fα - 2fβ) have intensity 

2S(fA - fB).  Similarly, L12 fundamentals (fα + 3fβ) are of intensity 4(XAfA + XBfB), with 

superlattice (fα - fβ) intensities of S(fA - fB). 

4.3.3 – Expansion to the L1' phase 

 L1' ordering introduces a third site to the binary A-B system at the L2 position.  This      

γ-site can be viewed to be preferentially occupied by A-atoms, but orders separately of the α-site 

so that Aα ≥ Aγ ≥ Aβ.  The atomic scattering factor of the γ-site will be fγ = AγfA + BγfB , and as 

on other sites: Aγ+ Bγ = 1.  Conservation dictates that former identities be expanded so that  

y+ + 	 y3 + yv = 1      (15) 

=6 = �+:+ + �3:3 + yv:v     (16) 

=7 = �+;+ + �3;3 + yv;v     (17) 

The structure factor of the L1' phase can be written as 

	(11′)
�� = �+(1) + �v,	�-.(
/�)0 	+ �3,�-.(
/�) + �-.(�/�)0					 	 (18)	
This preserves much of the L10 phase behavior and results in three variants: fundamental, 

superlattice reflections where (h + k) is odd, and superlattice reflections where (h + k) is even.  

The primary difference from L10 is that when (h + k) is odd the first two terms do not perfectly 

destructively interfere (L12 behavior), and this results in a second type of superlattice reflection. 

 Another way to view the superlattice behavior of the L1' structure is as a superposition of 

L10 and L12 type ordering.  When this is done graphically using reciprocal space it is easy to see 

that three variants exist (Fig. 9).  One set of superlattice peaks are contributed solely from the 

L12 nature of the hybrid phase, and therefore can be called “L12 superlattice ordering”. 
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Fig. 9 – Reciprocal space of the L10 and L12 phases with their superposition into the L1' phase. 

The L12 superlattice ordering of the L1' phase has a structure factor (fα - fγ) as the two fβ terms 

cancel.  The other superlattice peak is a combination of reflections from both L10 and L12 types 

of ordering, and can be called “mixed superlattice ordering”.  This mixed superlattice variant has 

a structure factor of (fα + fγ - 2fβ).  Fundamental peaks, as for all cases before, have a structure 

factor that is a summation of all the atomic sites (fα + fγ + 2fβ). 

 As for the L10 and L12 phases, it is convenient to condense the relevant calculations for 

the structure factor of L1' onto one page (Fig. 10).  The addition of a γ-site requires that two 

ordering parameters now be defined to describe the system.  The choice of one these ordering 

parameters is straightforward, collecting the leading term of the L12 type superlattice       

ordering we can define the first ordering parameter so that 

>+v = :+ − :v     (19) 

This choice for the first ordering parameter closely follows the definition of the order parameter 

for L10 and L12 ordering, S = Aα- Aβ, and cannot exceed the value of one.  In fact, Sαγ is actually 

a conventionally defined ordering parameter across a 2D monolayer sublattice of α and γ sites.  

In this 2D layer Sαγ = 1 will form a perfect chessboard pattern, and Sαγ = 0 represents complete 

disorder in the monolayer and a uniform composition across the two sites. 
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Fig. 10 - Calculations for the structure factor and ordering limits of the L1' phase. 
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The choice of the second ordering parameter is not as clearly determined and there are 

several justifiable possibilities.  The leading term for mixed superlattice ordering is                  

(Aα + Aγ – 2Aβ), and can take values as high as 2 when approaching L10 stoichiometric ordering 

(Aα = Aγ = 1, Aβ = 0).  This problem can be resolved by emulating the L10 ordering calculations 

with the inclusion of a leading value of 2, i.e. 2Smixed(fA-fB), making the new ordering parameter  

>�-��� = 6@/6�A26E2 = 	6@/6�2 − :3		 	 	 	 (20) 

This is a valid choice for the second ordering parameter, being linearly independent with the first 

ordering parameter and the compositional constraint in Eq. 16.  Physically speaking, Smixed 

represents the degree of ordering between alternating monolayers, which is the same as L10 

ordering while treating Aα and Aγ as an averaged statistical site.   

 Another possibility for picking the second ordering parameter is to note that Aα - Aβ, used 

to define the L10 and L12 order parameters, is the sum of the independent contributions Aα - Aγ 

and Aγ - Aβ.  The first term has already been utilized as the ordering parameter Sαγ, the second 

>v3 = :v − :3 	 	 	 	 	 (21) 

can be defined as a second ordering parameter for the L1' phase.  Sγβ appears in the structure 

factor calculations for the mixed ordering superlattice in the form of (Sαγ + 2Sγβ) (fA - fB).  

Similar to the Sαγ parameter, Sγβ is a conventionally defined ordering parameter across a 

sublattice of the γ and β sites.   

 The choice of Sαγ and Sγβ as L1' ordering parameters can be shown to be a more elegant 

representation than that of Sαγ and Smixed.  Across all compositions the L10 and L12 phases can be 

viewed as constrained subsets of L1' ordering, regardless of which set of ordering parameters is 

used.  For the Sαγ-Sγβ notation, when Sαγ = 0 (Aα = Aγ) then Sγβ = Aα - Aβ becomes the 

conventional L10 ordering parameter.  Similarly, when Sγβ = 0, Sαγ is identical to the conventional 
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L12 ordering parameter.  Both the L10 and L12 phases are therefore special cases of L1' ordering 

where one of the structure factors is zero, regardless of stoichiometry.  The choice of Sαγ-Sγβ 

notation adds additional insight into the nature of L1' ordering, emphasizing hybridization of the 

L10 and L12 phases, and the contribution of both sublattices to the structure factor (Sαγ + 2Sγβ) of 

the mixed superlattice reflection.  For the alternate Sαγ-Smixed notation, as with the Sαγ-Sγβ 

notation, the L10 phase will still have Sαγ = 0 regardless of composition.  In this notation, 

however, L12 type ordering always will have Sαγ = 2Smixed.  For example, fully L12 ordered 

Fe38.5Pd61.5 would be represented as Sαγ = 0.82 and Smixed = 0.41; opposed to Sαγ = 0.82 and       

Sγβ = 0.  This choice of notation is not incorrect, but it ceases to provide the more intuitive 

understanding of the L1' ordering process that Sαγ-Sγβ notation offers. 

 Defining the ordering limitations based on composition is complicated from the 

calculations seen for L10 (Fig. 7) and L12 (Fig. 8) phases by the addition of a second ordering 

parameter.  We start with the defined L1' phase behavior 

1	 ≥ :+ ≥ :v ≥ :3 ≥ 0	 	 	 	 (22) 

Treating Eq. 16, 19 and 21 as a system of linear equations and diagonalizing the matrix 

�1 0 −10 −1 11 2 1 � �:+:3:v
� = �>+v>v34=6

�	 	 	 	 	 (23) 

�1 0 −10 −1 10 0 4 � �:+:3:v
� = � >+v>v34=6 − >+v + 2>v3

�	   (24) 

�1 0 00 1 00 0 1� �:+:3:v
� =

���
��=6 + �� >+v + #2 >v3	
=6 − #� >+v − #2 >v3=6 − #� >+v + #2 >v3 ���

��	 	 	 (25) 

Combining these equations yields 

1	 ≥ =6 + �� >+v + #2 >v3 ≥ =6 − #� >+v + #2 >v3 ≥ =6 − #� >+v − #2 >v3 ≥ 0	 (26) 
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The central inequalities reduce to trivial statements (Sγβ ≥ -Sγβ) so the outer inequalities 

determine the limits on ordering for the L1' phase 

3>+v + 2>v3 ≤ 4(1 − =6)     (27) 

>+v + 2>v3 ≤ 4=6     (28) 

These limits reduce to the same as for L10 or L12 ordering when either Sαγ or Sγβ becomes zero. 

4.4 – Observation of the L1' Phase 

In the growth temperature series (Chapter 3) it was observed that films grown at 600oC 

and 650oC possessed anomalous superlattice peak intensities which, combined with evidence 

excluding L10 ordering, first suggested the possibility of a c-axis oriented L1' phase.  In 

particular the ratio of superlattice to fundamental peaks, I001/I002, is capped at 0.0886 for epitaxial 

L12-Fe38.5Pd61.5 but ratios as high as 0.128 were being measured.  To an observer familiar with 

the substantially larger superlattice intensities in the related CoPt and FePt L10 systems, where 

I001/I002 can approach 2, both of these values may appear spuriously low [9].  The change in 

magnitude originates from the switch of L10 to L12 ordering and the difference in the atomic 

form factors of Pt and Pd, both of which result in roughly four-fold drops in the superlattice 

intensities.  As discussed in Chapter 2, quantitative XRD is able to accurately predict the relative 

peak intensities of bulk Fe-Pd phases within 2 to 3 % error.  The epitaxial films in this study 

likely narrow this error due to simpler geometry, elimination of indeterminate texture, less 

disorder at grain boundaries, and familiarization with the diffractometer being used.  

Consequently, the     10 to 35% variations from the expected intensity ratios measured represent 

a significant deviation.  Additional films grown at 600oC for this study confirm both the 

reproducibility of the L1' phase and provide a larger body of data points to support its presence. 
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4.4.1 – XRD Methodology and Analysis of Error 

To verify the presence of L1' type ordering, a quantitative comparison of peaks intensities 

belonging to each of the structure factor variants must be made.  As calculations rarely perfectly 

predict results, it is absolutely critical to perform analysis in such a way that possible errors from 

the numerous correction terms are systematically minimized.  One simple way to do this is by 

analyzing pairs of relative peak intensities that occur under similar diffraction conditions.   

The first peak pairs are taken from θ-2θ scans with scattering vectors perpendicular to the 

film, providing the (001) mixed L10/L12 superlattice and (002) fundamental peaks.  The simple 

normal geometry (χ = 0) of these scans reduces error by removing the defocusing correction, as 

well as simplifying the absorption correction term.  The Lorentz correction remains influential 

for these peaks but is not subject to significant errors as it is determined strictly from the θ-2θ 

geometry.  One major source of possible error is the polarization correction, which reasonably 

could lead to a 1 to 2 % error in the predicted relative intensities (Chapter 2), and in the worst 

case scenario no more than 6 %.  Any correction for an under-accounted polarization factor, 

however, would serve to lower the predicted I001/I002 intensity ratio.  The model would therefore 

be under-predicting the amount of ordering present and polarization error would strengthen the 

argument for L1'.  The Debye-Waller temperature correction is very small to begin with at room 

temperature (~2% for I001/I002) so any error from the term can be assumed to be vanishingly 

small; though orientation corrections have been determined for L10 FePd [10].  The absorption 

correction can serve as an error to the I001/I002 intensity ratio due to some uncertainty in film 

thicknesses.  Doubling film thickness results in an approximately 3 % loss in the ratio and 

thickness errors can be viewed as a negligible contribution for actual deviations, which will be 

much smaller.  Surface topology of films may also lead to some error in the absorption term, 

notably for the island forming 650oC films.  The integrals needed to discretely solve for this error 
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are specific to the 3D surface and unapproachably complicated without the aid of extensive 

computer modeling.  As a first-order approximation, the film can be viewed as having a lower 

average density but remaining smooth.  Such an approximation suggests an error on the scale of 

1-2% for the island forming films.  For the majority of films, grown at 600oC, their smooth 

nature on long length scales will make any topological effects less consequential. 

The second pair of peaks utilized for analysis are the (121) L12 exclusive and (112) 

mixed L10/L12 superlattice peaks, the lowest order pair of accessible peaks with similar indices, 

i.e. both containing c-axis components lifting diffraction out of the film plane.  These peaks 

share nearly identical Bragg angles as the degree of tetragonality in the films is still relatively 

close to cubic, but the peaks are found at different χ tilts for epitaxial films.  The similar Bragg 

angle of these peaks nearly eliminates the impact of the Lorentz, Debye-Waller and polarization 

correction factors.  This leaves the absorption factor, which is simplified by the removal of        

θ-dependence and consequentially behaves much like I001/I002 ratio in terms of error, and          

the defocusing correction.  The defocusing correction is determined empirically for the 

diffractometer geometry being used and should not be a significant source of error. 

The relative errors expected for both the I001/I002 and I112/I121 ratios are expected to be 

small and, due to polarization, I001/I002 may actually be conservative.  The ratio I001/I002 is 

sensitive to the degree of ordering in the films as (002) is a fundamental reflection. If the two 

ordering parameters follow the same general behavior (Sγβ ∝ Sαγ), errors in I001/I002 will affect the 

holistic state of order in the system but have little role in providing information on L1' nature.  

The I112/I121 ratio of the films, which is more insensitive to errors, is independent of the 

fundamental peak intensity.  Deviations to this I112/I121 ratio are a more direct representation of 

the L12 vs. L1' nature of a film.  All film peaks were measured after removing background signal 

from the θ-2θ scans. 
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4.4.2 – L1' Confirmation through XRD Results 

Comparing the measured intensity ratios against those expected for perfect L12 ordering 

(Table 2), it can be seen that the films have large deviations from the expected values.  This is 

particularly clear in the I112/I121 ratios, which are invariant to changes in the holistic degree of 

ordering compared to the fundamental reflections.  These I112/I121 values fall well outside the 

expected margin of error discussed earlier, in many cases by an order of magnitude or greater.  

The I001/I002 values are subject to a greater level of deviation, in some cases resulting in 

decreased values from those calculated for fully ordered L12.  This arises as some films have not 

maximally ordered, which is equivalent to saying the α-sites, which are able to fully order, have 

Aα < 1.  Complete data for two of the earliest films is missing, due to their unfortunate 

destruction or damage during or between characterization methods, much of which was 

performed before the L1' phenomenon was realized to have occurred.   

 

Table 2 – A comparison of eight films found to be in the L1' phase, examining their expected 

values at full L12 ordering juxtaposed to their experimental values.  The deviations for I112/I121 

are shown to be well above the calculated margin of error, while I001/I002 ratios vary more as 

they depend on the holistic degree of ordering, which is not always maximal. 

Substrate Temp. Thickness I001/I002 I112/I121 I001/I002 I112/I121

Crystec GmbH 600 °C 45 nm 0.0889 0.5022 0.0959 - 7.87 % -

Crystec GmbH 600 °C 45 nm 0.0889 0.5011 0.0982 0.6357 10.40 % 26.87 %

Crystec GmbH 650 °C 45 nm 0.0889 0.5076 - 0.6572 - 29.47 %

Crystec GmbH 650 °C 45 nm 0.0887 0.5084 0.0984 0.5777 10.99 % 13.62 %

Sigma Aldrich 600 °C 80 nm 0.0868 0.5200 0.0735 0.8042 -15.37 % 54.65 %

Sigma Aldrich 600 °C 115nm 0.0850 0.5304 0.0774 0.7507 -8.94 % 41.55 %

Sigma Aldrich 600 °C 85 nm 0.0866 0.5198 0.0871 0.7893 0.61 % 51.85 %

Sigma Aldrich 600 °C 70 nm 0.0876 0.5136 0.1183 0.7786 35.01 % 51.59 %

I001/I002 I112/I121

L12 Values @ Smax Experimental Deviation
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*Sample destroyed during prior testing, numbers interpolated from partial data 

Table 3 – The ordering parameters, Fe compositions at the three atomic sites, and lattice 

parameters of eight L1' Fe38.5Pd61.5 films. Many of the films approach nearly full ordering Aα ≈ 1, 

and have none-zero components to both Sαγ and Sβγ, representing an L1' nature.  Of particular 

note is the correlation between Sγβ and the tetragonality of the films.  

Once the relative intensities of these peak pairs are known Sαγ and Sγβ can be determined 

(Table 3).  The ordering parameter Sαγ remains significantly larger than Sγβ under all film 

conditions, showing a general predominance of L12 nature.  The Fe occupancy of α-sites (Aα) 

approaches but does not exceed 100%.  This was not constrained during fitting, meaning 

measurement errors could easily have placed it above unity.  While circumstantial evidence, this 

is a strong positive indicator of analytical accuracy.  As the two values I001/I002 and I112/I121 are 

fitted by two variables, Sαγ and Sγβ, they are able to produce “exact” order parameters.  A change 

of 0.01 to the value of Sαγ or Sγβ equates to an error in the intensity ratios on the order of 3 to 5 %, 

consequently the order parameters calculated can be taken to be accurate to the hundreths place. 

There are some notable differences to the ordering parameters based on the substrates 

used.  Films from the original temperature series on Crystec GmbH brand substrates, considered 

to be of high quality, produce relatively consistent values for Aα, Aγ, and Aβ.  Films grown on 

substrates from alternate suppliers were found, both for these particular films and many others 

Substrate Temp. Thickness Sαγ Sγβ Aα Aγ Aβ C/A Ratio

Crystec GmbH 600 °C 45 nm 0.76* 0.05* 0.98* 0.22* 0.17* 3.81 Å 3.85 Å 0.9880

Crystec GmbH 600 °C 45 nm 0.77 0.05 0.98 0.22 0.17 3.80 Å 3.85 Å 0.9876

Crystec GmbH 650 °C 45 nm 0.79* 0.04* 1.00* 0.21* 0.17* 3.82 Å 3.85 Å 0.9941

Crystec GmbH 650 °C 45 nm 0.80 0.03 1.00 0.20 0.17 3.82 Å 3.85 Å 0.9923

Sigma Aldrich 600 °C 80 nm 0.60 0.07 0.88 0.27 0.20 3.83 Å 3.85 Å 0.9946

Sigma Aldrich 600 °C 115nm 0.65 0.07 0.91 0.25 0.19 3.83 Å 3.85 Å 0.9939

Sigma Aldrich 600 °C 85 nm 0.68 0.08 0.93 0.25 0.18 3.82 Å 3.85 Å 0.9937

Sigma Aldrich 600 °C 70 nm 0.76 0.09 1.00 0.24 0.15 3.81 Å 3.86 Å 0.9890

C-axis A-axis



114 | C h . 4  

 

discussed in Chapter 5, to produce a range of growth behaviors due to impurities and hydrophilic 

surface pitting.  A good example can be found in Fig. 11, which displays micrographs of two 

films taken from the tables above with markedly different surfaces. 

 

Fig. 11 – Secondary electron micrographs of a 70 nm thick (A) and 115 nm thick (B) films from 

the XRD study in Table 2 and 3.  Hydrophilic surface pitting of the MgO substrates can lead to 

unpredictable number and size of voids as the film coalesces. 

 

Tetragonality within each sub-set of films can be seen to correlate with increasing Sγβ, the 

ordering term which breaks cubic symmetry.  This suggests that heightened tetragonality due to 

epitaxial strain encourages the formation of the L1' phase in an effort to relieve energy in the 

system.  The bulk lattice constants for the L12 phase at Fe38.5Pd61.5 (Sαγ = .82, Sγβ = 0) are 

approximately 3.83 Å.  L10 at this composition (Sαγ = 0, Sγβ = .77) has a = 3.88 Å and c = 3.73 Å 

({2a+c}/3 = 3.83 Å), and a tetragonality of C/A = 0.961 [11].  The L1' phase should exist 

between these bounds and its natural tetragonality may serve to relieve strain energy compared to 

L12.  This still leaves the absence of the more tetragonal L10 as an unanswered question, which 

likely results from the unaccounted magnetic energy contribution to the system. 
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4.4.3 – Feasibility of an L10-L12 Microstructure 

In order to fully embrace the existence of L1' in the system it is important to show that 

possible alternatives are not tenable. Direct confirmation through HRTEM is difficult as the L1' 

phase found in these films represents a small compositional shift which impacts the intensity and 

not location of possible reflections.  This ~5 % compositional shift also tests the current 

boundaries of atomic resolution High Angle Annular Dark Field Scanning Transmission Electron 

Microscopy (HAADF-STEM) as only one atom on average would be expected to be perturbed in 

an atomic column for every ~8 nm of material thickness along the optimal (001) or (100) zone 

axes.  Natural variations in thickness or interfacial disorder from sample preparation could be 

expected to negate or overwhelm the small contrast from L1' ordering for samples thin enough 

for atomic resolution STEM. 

It is possible to reproduce the intensity ratios for the L1' films with a two-phase 

microstructure of L12 and c-oriented L10 phases, both of Fe38.5Pd61.5 composition.   If the alloy 

does form in a two-phase field its constituents should have separate compositions in equilibrium. 

Fig. 12 demonstrates that no distinct compositional variance has been observed even for the most  

 

Fig. 12 – Secondary and backscattered electron micrographs of the 70 nm thick L1' film showing 

no discernible differences in composition, the few features present in backscatter being voids. 
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distinctly L1' of the films, though the degree of compositional separation could be below the     

Z-contrast or spatial resolution of backscattered microscopy.   

If a two-phase microstructure is present it will need to have formed through nucleation in 

a first-order phase transition to exclude the possibility of the L1' phase, as continuous ordering 

from the L12 to L10 phases necessitates the presence of L1' as an intermediary state.  For the four 

thicker films a two-phase L10-L12 microstructure can be calculated to require approximately     

13 % L10 by volume, with ordering scaling as S/(Smax) = Aα for both phases.  A c-axis oriented 

L10 precipitate with a high degree of ordering can be expected to manifest in magnetic behavior 

at 13 % volume.  VSM hysteresis loops of the thicker films, in addition to those already covered 

in Chapter 3, possess coercivities in the range of 330 to 430 Oersted (Fig. 13).  As L10      

ordered Fe42Pd58 10 nm particles grown on MgO substrates still exhibit coercivities above 3000 

Oersted [12], and are still above the values observed down to 3 nm [13], this strongly suggests 

the absence of L10.  The form of the hysteresis loops closely follows those for the 600oC films 

from the original temperature study (Ch.3, Fig 7). 

 

Fig. 13 – Hysteresis loops corresponding to the 70 nm thick (A) and 115 nm thick (B) films in 

Fig. 11.  The low coercivities (Hc) of these films compared to L10 suggest absence of the phase. 
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As domain pinning is expected to play a large role in these films, speculation concerning the 

effect of L1' ordering on coercitivity is prone to a degree of error, as film morphology will exert 

a sizable influence.  A general trend between larger Sγβ values and higher coercivity is expected 

to exist as tetragonality should increase the magnetocrystalline anisotropy of the film.  Finely 

dispersed L10 particles would also be expected to increase pinning, which is not observed. 

 The absence of c-axis oriented L10 precipitates is strengthened by the addition of MFM 

analysis (Fig. 14).  Magnetically hard L10 regions of a film should have a stark contrast against 

 

Fig. 14 – Paired atomic and magnetic force micrographs of the film with the strongest L1' 

ordering (70 nm thick).  Magnetic force microscopy shows random magnetic structure and no 

regions of strong contrast, suggesting a single phase film without magnetically hard precipitates. 
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the magnetically soft L12 matrix, which lacks a strong magnetic easy axis and will rotate more 

freely.  Instead, MFM shows a random deviation about the average force on the tip, seen clearly 

in the contour map with an equal number of high and low points that has no correlation to  

surface topology.  Fe-Pd films are expected to exhibit a striped domain structure with                

30 to 50 nm spacing when the magnetic easy axis is aligned out-of-plane [14, 15].  The MFM 

pattern found in Fig. 14 is instead consistent with the film having a general in-plane orientation 

for its magnetic easy axis, which is more congruous with a weak L12 easy axis along the <111> 

directions than the strong L10 easy axis along [001] for films thicker than 30 nm [15-18]. 

 The absence of any L10 signature in the magnetic behavior at 13% volume fraction is 

suggestive but not definitive.  This volume, however, is well above the detection limit of XRD 

and would be recognized if convoluted with an L12 peak.  Any L10 precipitate must consequently 

share identical lattice parameters with the L12 matrix.  For all the films in Table 3, the L10 

precipitates would be placed under considerable compression for large ordering parameters       

(S > 0.8) a → 3.88 Å, despite the L12 matrix (a = 3.83 Å) remaining under tensile strain.  It 

would be highly unusual, and energetically unfavorable, for a film to form compressed regions 

when growing epitaxial to a substrate that is placing it under tensile strain. In juxtaposition, L1' 

provides a clear account for the strain energy and behavior of the films.  Heightened tetragonality 

for films on each substrate brand is accompanied by a corresponding increase in Sγβ, which is 

related to the strength of L10 type ordering in L1'.  As Sγβ increases, the a-axis lattice parameter 

of L1' will transition away from the L12 value of 3.83 Å, toward the L10 3.88 Å.  Tetragonality in 

the films accompanied by Sγβ ordering can therefore lower strain and elastic energy.  Developing 

strain energy during growth is hypothesized to drive the L1' perturbation, and explains the 

sensitivity of the phase to film thickness, temperature, and the starting substrate surface. 
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4.5 – Origination of L1' Behavior 

 Having established the likelihood of the L1' phase forming for epitaxial films of 

Fe38.5Pd61.5, discussion can transition to the manner that L1' comes to constitute the film: either 

as a perturbation away from a primordial conventional ordered phase, or as the primary phase 

arising from the very onset of ordering in the film. 

4.5.1 – The Case for L12 Perturbation : Snoek/Zener Type Effects 

 As the Fe38.5Pd61.5 films remain predominantly L12 in overall nature it is possible that 

they originate as conventional L12 and are subsequently perturbed from this equilibrium by strain 

conditions in the film.  Tensile strain breaks symmetry in the three face-centered L12 Pd 

superlattice sites, creating two variants.  Fe atoms are smaller than those of Pd and will be 

affected differently by the induced strain.  In particular they may come to preference the c-axis 

Pd site of the material to better accommodate epitaxial strain and this perturbation would create 

the L1' phase from an originally L12 film. 

 This proposed phenomenon is similar to several well-known observations: The Snoek 

effect concerning the behavior of interstitials in steel [19], and the Zener effect in alloys of        

α-Brass [20, 21].  In the Snoek effect, strain breaks symmetry of the BCC Fe lattice of α-steel, 

therefore carbon or nitrogen atoms come to preferentially occupy one of the interstitial sites over 

others; though the term Snoek effect, “is [nowadays] used in a wider sense, implying the 

relaxation phenomenon associated with reorientation of isolated solute atoms in any crystal 

lattice or even in amorphous structures.” [22]  For the related Zener effect, stress is found to 

induce a preferential orientation of Zn-Zn atom pairs in brass, which is a substitutional alloy of 

Cu and Zn atoms in an FCC lattice structure.  The L1' phase may be considered a subset of either 
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the Snoek or Zener effects, and if a bulk sample of L1' could be produced, experiments involving 

a Snoek pendulum to measure the diffusion dampening of the alloy may be insightful.  

 As the difference between L12 and L1' behavior is fairly complicated to establish ex situ, 

in situ identification to monitor any change of behavior during deposition is prohibitive.  If a film 

could be safely removed from its MgO substrate, which in theory can be done without harming 

the film with a solution of sodium bicarbonate in water at the rate of 80 nm/hr over the better 

portion of a year [23], the behavior of the unstrained film may be insightful to the nature of L1' 

ordering.  A more productive path may be to determine if L1' Fe38.5Pd61.5 films can be grown on 

more hydrophilic NaCl (001) substrates, which Fe38.5Pd61.5 could be expected to deposit on with 

the same epitaxial orientation [24].  This would increase the level of experimental difficulty as 

NaCl must be cleaved under vacuum, but is expected to be a viable way to produce free-standing 

Fe38.5Pd61.5 films for study. 

4.5.2 – The Case for Native L1': Simultaneous Continuous Ordering 

Transitions between the FCC, L10, and L12 phases are generally first-order and require 

nucleation and growth with distinct phase boundaries.  As illustrated in Landau’s free energy vs. 

generalized order parameter plots (Fig. 15), there is an instability temperature (Ti) below which 

the transformation can occur as a continuous higher-order phase transition [25].  The vertical 

axis of the plot is the change in free energy from the disordered to ordered state, with a long-

range order parameter η (as S will be used shortly to represent entropy).  Above Ti an energy 

barrier exists between the disordered and ordered state of the material, preventing it from 

ordering without nucleation.  Below Ti the system is able to move incrementally to states of 

higher order through a continuous transformation. 
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Fig. 15 – Landau free energy plot illustrating the effect of temperature on the nature of ordering. 

Tc represents the critical temperature and the onset of order. Ti is the instability temperature, 

marking the transition away from first-order nucleation to continuous ordering.  

It is possible that films were grown beneath the instability temperatures for both L10 and 

L12 type ordering, and experience simultaneous continuous ordering.  This would imply that the 

films form in the L1' phase directly during the ordering process of a strained Fe38.5Pd61.5 film. 

Interpolation from cluster variation method modeling for the Au-Cu and Fe-Pt systems [26, 27] 

suggests that instability temperatures are high for Fe-Pd, on the order of 90 % the ordering 

temperature.  Carrying this ratio over to the experimental diagram of the Fe-Pd system (Fig. 16), 

it can be seen that the deposition temperatures may fall below the instability temperatures for 

both ordered phases.  This line of reasoning suggests that instead of the complete absence of L10 

from the expected two-phase region of the phase diagram, the system resides in a mixture of 

local ordering moving the system toward both L10 and L12 on the atomic scale simultaneously, 

in an effort to balance energy contributions from both strain and magnetism. 
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Fig. 16 – Partial phase diagram of the Fe-Pd material system centered about the Fe38.5Pd61.5 

eutectoid composition.  Dashed lines in the diagram represent uncertain boundaries in the 

experimental phase diagram.  Dotted lines represent the approximate instability temperatures of 

the L10 and L12 phases, underneath which L1' may be expected to form from simultaneous 

continuous ordering. 

4.5.3 - First Principles Calculation of Instability Temperatures 

 In this section a first-order assessment of the instability temperature for both the L10 and 

L12 phases of Fe-Pd is made to compare against the cluster variation method, expanding upon 

the generalized Bragg-Williams approach and Khachaturyan’s Static Wave Concentration 

(SCW) methods [28-30].  The derivation for the instability temperature starts with the 

interchange energies (Vn) from first and second nearest-neighbors in the FCC crystal. 

�#�� = 	 #2 ,�66(#��) + �77(#��) − 2�67(#��)0	 	 	 	 (29) 

�2�� = 	 #2 ,�66(2��) + �77(2��) − 2�67(2��)0	 	 	 (30) 
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The terms of type EAA
(2nd) are pairwise interaction energies between atoms, in the case of EAA

(2nd) 

the interaction between two A type atoms between second nearest-neighbor sites.  In general the 

Hemholtz free energy of mixing in solution of A & B atoms can be written as 

	� = �� − �>�       (31) 

The heat of mixing term Em can be broken down into either 1st and 2nd neighbor interactions      

E1 and E2, or components based on the disordered state Ed and the addition of ordering Eo. 

�� =  �# + �2 =  �� + ��     (32) 

Introducing the alloy composition C, and the long-range order parameter η, for the L10 and L12 

phases it follows that 

*+�#� =  * −  #2 � *+�#� =  * −  #� �    (33) 

*3�#� =  * +  #2 � *3�#� =  * +  �� �    (34) 

From here, with an extensive use of algebra and analysis of nearest-neighbor relations in the L10 

and L12 crystals [31], the heat of mixing contributions are found to be 

�#�#� =  ��#��{12*(1 − *) + �2}   �#�#� =  ��#��{12*(1 − *) +  ¡ �2}  (35) 

�2�#� =  ��2��{6*(1 − *) −  � �2}   �2�#� =  ��2��{6*(1 − *) − £¡ �2}  (36) 

���#� =  �*(1 − *){12�#�� + 6�2��}     ���#� =  �*(1 − *){12�#�� + 6�2��} (37) 

���#� =  #� ��2{4�#�� − 6�2��}      ���#� =  �#  ��2{4�#�� − 6�2��}     (38) 
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The entropy of mixing term of Eq. 31 in the mean field approximation for ideal mixing is given 

by Boltzmann's entropy formula 

>� = �7 ln ¥      (39) 

Assuming random mixing on the sublattices, the configuration entropy depends on the total 

number of possible arrangements of microstates for the system: 

>��#� = �7 ln ¦§�!¨!ª!C@«!ª!F@«! ¦§�!¨!
¦!CE¨!¦!FE¨!    (40) 

>��#� = �7 ln ¦¬­!¨!ª!C@«!ª!F@«! ¦§­!¨!
¦!CE¨!¦!FE¨!    (41) 

These expressions can be expanded in terms of C and η using Sterling’s approximation so that 

>��#� = A�F!� ® 2(* − #2 �) ln &* − #2 �) + 2(1 − * + #2 �) ln &1 − * + #2 �)
+2(* + #2 �) ln &* + #2 �) + 2(1 − * − #2 �) ln &1 − * − #2 �)¯ (42) 

>��#� = A�F!� ®3(* − #� �) ln &* − #� �) + 3(1 − * + #� �) ln &1 − * + #� �)
+(* + �� �) ln &* + �� �) + (1 − * − �� �) ln &1 − * − �� �) ¯ (43) 

Khachaturyan’s SCW method approaches site occupancies and interchange energies as 

formulated in reciprocal k-space, with the use of discrete Fourier transforms.  The real space site 

occupation n(r) can be described this way as 

j(d) = * + ∑ °(�)exp (�� ∙ d)�     (44) 

Here the average composition C is modified by a superposition of concentration waves with 

wave vectors k and magnitude Q(k), localized in the first Brillouin zone.  
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This allows the interchange energies to be expressed by a Fourier transform with the summation 

occurring over the first and second neighbors. 

�(�4) = ∑ �(d)exp	���4 ∙ d)´ 		 	 	 	 (45) 

For the first and second nearest-neighbor interactions of an FCC structure this yields 

�(0) = 12�#�� + 6�2��	 	 	 	 	 (46) 

�(�4) = −4�#�� + 6�2��	 	 	 	 	 (47) 

Which allows for Eqs. 37 and 38 to be rewritten as 

���#� = 	�*�1 − *)�(0)				 	 	���#� = 	�*�1 − *)�(0)				 	 (48) 

���#� = 	− #� ��2�(�4)				 	 	���#� = 	− �#  ��2�(�4)	 			 (49) 

If the heats of formation for the disordered and ordered phases are known, it is now possible to 

solve for V(0) and V(k0).  For Fe-Pd there are predicted heats of formation available that are 

calculated from the cluster variation method [32]. 

��µ�¶� = 	��4 × 10A�)¸�				 	 ��µ�¶�¬ = 	−��1 × 10A�)¸�				 (50) 

��µ�¶� = 	−��6 × 10A�)¸�			 	��µ�¶�¬ = 	−��3 × 10A�)¸�	 		(51)	
Combined with Eq. 48 and 49, the known concentrations, and η = 1 of the stoichiometric ordered 

phases, this results in the interaction energies 

�(0)µ�¶� = 	12 × 10A�	¸�					 �(0)µ�¶�¬ = 	−5.33 × 10A�	¸�				 (52) 

�(�4)µ�¶� = 	24 × 10A�	¸�			 	�(�4)µ�¶�¬ = 	16 × 10A�	¸�	 		(53)	
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To find the critical temperatures, Tc, the free energy related to ordering for the two ordered 

phases can now be approached as in Fig. 15.  The form of Fm is conveniently compressed by the 

use of stoichiometric compositions (C = 0.5 for L10 and C = 0.25 for L12) and subtraction of    

the disordered Fm(0), resulting in the more manageable 

 

	�(�)µ�¶� − 	�(0�µ�¶� = 	− #� ��2�(�0�	�¹º � 	�F!»� ¦2�1 ? 1�� ln &#
2 ? #

2 �) � 2�1 � 1�� ln &#
2 � #

2 �) ? 4 ln &#
2)¨  

(54) 

		�(�)µ�¶�¬ − 	�(0�µ�¶�¬ = 	− �#  ��2�(�4)µ�¶�¬ + �F!»� ®3 &#� − #� �) ln &#� − #� �) + 3 &�� + #� �) ln &�� + #� �) − 3 ln &��)
+ &#� + �� �) ln &#� + �� �) + &�� − �� �) ln &�� − �� �) − ln &#�) ¯	

(55) 

These equations can now be graphed as Landau free energy plots. For FePd this results in Fig 17, 

which shows a critical temperature of approximately 1895 K.  The vanishingly small energy 

barrier formed at Tc suggests that the instability temperature will be very similar to Tc for FePd. 

 

Fig. 17 – Landau free energy plot of Eq. 54 for FePd, normalized per atom.  The critical 

temperature Tc = 1895 K, and the lack of a significant energy barrier implies Ti is nearly Tc. 
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Fig. 18 – Landau free energy plot of Eq. 55 for FePd3, normalized per atom.  The critical 

temperature Tc = 777 K, and unlike FePd a small energy barrier is present at Tc. 

The Landau plot of FePd3 (Fig. 18) shows a critical temperature of approximately 777 K 

and a clear energy barrier at Tc that is better visualized on a different vertical scale (Fig. 19).  

The presence of this barrier suggests there will be more separation between Ti and Tc for FePd3. 

 

Fig. 19 – Landau free energy plot of Eq. 55 for FePd3 at 770 K, normalized per atom. The larger 

energy barrier for ordering than FePd suggests more separation between Tc and Ti . 



128 | C h . 4  

 

The instability temperatures Ti for both phases can now be calculated by taking the 

second derivative of the free energy of ordering, Eqs. 54 and 55.  Setting η = 0 and solving for 

the inflection point, representing the removal of an energy barrier to ordering, the temperature 

for continuous ordering can be found. 

��
�¼� ½	�(�)µ�¶� = 	− #2 ��(�4)µ�¶� + 	�F!»� ¦ �¼�A#¨    (56) 

��
�¼� ½	�(�)	�¹º3 = 	− �

¡ ��(�4)µ�¶�¬ + 	�F!»� ¦ ��A�¼ + �#2/�¼ + £�/#2¼ + £#2A#2¼¨   (57) 

��
�¼� ½	�(0)µ�¶� = 0									�-µ�¶� = 	 ¾���)¿ÀÁÂ

2�F      (58) 

��
�¼� ½	�(0)µ�¶�¬ = 0									�-µ�¶�¬ = 	 �¾���)¿ÀÁÂ¬¡�F     (59) 

The instability temperatures are thusly Ti
FePd = 1894.6 K and Ti

FePd3 = 710.5 K.  Eqs. 58 and 59 

here conform to the formula given for the instability temperature as a function of concentration, 

which can be used to assess changes to Ti with composition. [33, 34] 

�7�- = 	2*(1 − *)�(�4)      (60) 

 The ordering temperatures found using this first-order approximation are significantly 

different than those of the experimental diagram.  Like the shift of the congruent compositions 

away from the stoichiometric compounds, much of this is attributed to the large but unaddressed 

magnetic contribution to the free energy.  However, this model agrees well qualitatively with the 

cluster variation approach and predicts the instability temperatures for both the phases to be very 

close to their critical temperatures, in the range of 91 to 100% of their value.  Consequentially, 

continuous ordering is considered a viable pathway even at the elevated depositions temperatures 

used for the films in this study.  
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4.6 – Major Findings 

Through epitaxial deposition of L10-L12 eutectoid Fe38.5Pd61.5 films PLD onto MgO 

(001) substrates, experimental verification of the long-theorized L1' hybrid ordered structure 

has been reached.  The quantitative methodology needed to assess films of this nature by 

XRD is presented along with thorough analysis of possible errors.  New formalisms have 

been established for the discussion of ordering in this type of structure, with the definition of 

two ordering parameters highlighting the hybridized nature of the phase.  The possibility of a 

two-phase L10-L12 microstructure is ruled out as unlikely through magnetic and 

crystallographic analysis.  L1' type ordering is theorized to arise either as a Snoek effect type 

perturbation of the L12 phase due to strain, or as the result of simultaneous ordering toward 

both the L10 and L12 phases on the atomic scale. 
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5 – Two-Phase Films Grown at 550°C 

5.1 - Introduction 

From the growth temperature study of Fe38.5Pd61.5 films deposited onto on MgO (001) 

substrates at 500°C, 550°C, 600°C and 650°C (Chapter 3), it became apparent that Fe38.5Pd61.5 

films grown at 550°C exhibit dramatically different behaviors from those grown at 500°C, 600°C 

or 650°C.  This will be shown to be result of an unexpected two-phase decomposition between 

the disordered FCC and ordered L12 phases, despite the system residing in what is thought to be 

an L10-L12 two-phase region.  This microstructure consists of disordered Fe60Pd40 FCC 

secondary phases with 10 to 100 nm facets oriented along the <110> substrate directions, 

embedded within a nearly stoichiometric ordered Fe27Pd73 L12 Pd-rich matrix. These secondary 

phase, magnetically soft precipitates exhibit single domain magnetic axis rotation, while the 

ordered L12 matrix has a magnetic easy axis aligned in-plane.   

This unique two-phase microstructure is postulated to be induced by the degree of 

epitaxial strain present in the films growing at 550°C, as the deposition temperature is sufficient 

for coalescence and larger grain sizes than the columnar films grown at 500°C, but low enough 

that the misfit dislocations needed for relaxation at the interface are considerably less mobile 

than those at higher deposition temperatures.  In this chapter the unique two-phase 

microstructure of the films grown at 550°C will then be examined closely in terms of 

crystallographic, compositional and magnetic properties.  The origination and behavior of the 

two-phase decomposition will then be discussed in relation to the experimental phase diagram, 

highlighting a possible pathway to arrive at the observed microstructural state. 
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5.2 - Characterization of the Two-Phase Microstructure 

From the initial characterization of the 550°C films in Chapter 3 (Fig. 1) it became clear 

that their behavior was inconsistent with the general trends of the temperature study.  This 

ranged from the increased surface topography compared to films grown at temperatures above 

and below them, to the marked decreases in the size and shape of their VSM hysteresis loops.  

Consequently, further characterization was required to assess their microstructural nature. 

 

Fig. 1 - SEM secondary electron micrograph of a 550°C Fe38.5Pd61.5 film with distinctive 

features which rise from the surface and corresponding VSM hysteresis loop with low coercivity 

and saturation magnetization, originally presented as results in Chapter 3. 

 

5.2.1. Backscattered Electron Microscopy 

 The compositional contrast provided by backscattered electron microscopy in an SEM is 

often a critical tool for the imaging of multi-phase microstructures.  Utilizing a relatively low 

working voltage of 5 nm, the interaction volume can be limited within the depth of the Fe-Pd 

film (Chapter 2, Section 2.3.1), yielding the necessary resolution to image the nanostructured 

film, as well as lowering background signal from the substrate and increasing contrast from 
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atomic number changes.  This analysis shows that the 550°C films are definitively two-phase in 

nature (Fig. 2).  Rectangular surface features in secondary electron imaging can be seen to 

correlate with the presence of an Fe-rich secondary phase within a denser, Pd-rich surrounding 

matrix.  These {110} faceted, Fe-rich secondary phases are oriented along the <110> substrate 

directions and have sides ranging from 10 to 100 nm in length.   

 

Fig. 2 - SEM secondary electron and atomic z-contrast backscattered electron micrographs of a 

two-phase Fe38.5Pd61.5 film grown at 550°C, showing rectangular features which correlate to  

Fe-rich FCC phases with preferential facets along the <110> family of directions, embedded in 

a Pd-rich continuous matrix phase. 

 

Image analysis, utilizing open-source ImageJ software [1-3], establishes that the Fe-rich 

secondary phase constitutes approximately 32 % of the film surface by areal fraction. It is 

expected that the depth of these secondary phases approach or reach the substrate interface, as 

the areal phase fraction and volume phase fraction, as determined later by Auger analysis, are in 

close agreement.  Contrast threshold filtering allows for an approximate particle (in this case 

precipitate) size distribution to be constructed from backscattered micrographs.  The general 

process for this is illustrated for a 550°C film in Fig. 3. 
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Fig. 3 – A detailed illustration of the image analysis process used for the two-phase films.  A 

backscattered electron micrograph is broken down into a black and white image using a contrast 

threshold, splitting two convoluted Gaussian signal peaks.  The black and white image is then 

used to compute phase fractions, as well as to outline and measure particle distributions. The 

median particle area is ~2000 nm2, approximately a 45 x 45 nm square or 32 x 64 nm rectangle. 
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This analysis method will tend to overestimate the average size of precipitates by 

connecting some in close proximity that do not actually appear to touch, as interpreted by the 

human eye, and will also include some small points of contrast in the matrix that may not be 

particles.  The analysis for most measured precipitates is reliable and, as the median is resistant 

to both these types of outliers, it can be said with high confidence to be about 2000 nm2.  The 

precipitates can be approximated as rectangles with an aspect ratio somewhere between 1:1 and 

2:1, with larger precipitates tending to be more rectangular.   This places the median precipitate 

in the range between a square of 45 x 45 nm and 32 x 64 nm rectangle, which appears to be an 

accurate assessment of the distribution.  Considerably more of the secondary phase will reside in 

precipitates larger than the median size, with precipitates either larger or smaller than ~5300 nm2 

representing half of the secondary phase by area.  This explains why a cross-hatched pattern of 

50 x 100 nm rectangular precipitates appears to be the dominant feature of the backscattered 

micrographs, even though they are not strictly “average” in size. 

 5.2.2 - X-Ray Diffraction 

Through the use of XRD φ-scans (Fig. 4), it can be confirmed that the two-phase films 

maintain cube-on-cube epitaxy with the MgO (001) substrates.  Similar to the films grown at 

other temperatures, the presence of all four {101} Fe-Pd superlattice peaks can only be formed 

by the L12 ordered phase or by two coexisting, perpendicular in-plane variants of L10 with axes 

along the [010] and [100] directions.  Reciprocal Space Mapping (RSM) [4] about the (204) 

fundamental peaks of the Fe38.5Pd61.5 films and MgO substrate (Fig. 5) allows for both lattice 

parameters of the film to be determined.  A tetragonal distortion is observed, with a = 3.850 Å 

and c = 3.805 Å, consistent with all the films studied in this thesis and attributed to epitaxial 

strain.     Using   a   high-order   reflection,   such   as  (204),   yields  an  increased  accuracy  for  
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Fig. 4 – XRD φ-scans about the Fe-Pd {011} and MgO {022} peaks of an Fe38.5Pd61.5 film grown 

at 550°C confirm cube-on-cube epitaxy and are consistent with an L12 matrix phase. 

           

Fig. 5 – Reciprocal space map about the (204) peaks of the MgO substrate and an Fe38.5Pd61.5 

film grown at 550°C, confirming that the Fe38.5Pd61.5 film is tetragonally distorted under tensile 

strain from epitaxial conformance to the substrate.  The singular and symmetric nature of the 

Fe38.5Pd61.5 film peak implies that both film phases have identical lattice parameters. 

determination of the film’s lattice parameters.  From the single-peak nature of the Fe-Pd (204) 

intensity map, with no asymmetric spread and a reasonably tight distribution, it can be inferred 

that both phases of the system will share identical lattice parameters.  Utilizing the known 
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superlattice intensities and peak locations of the films, the dominant Pd-rich matrix can be 

assigned as a tetragonally distorted L12 phase.  The single set of lattice parameters for both the 

phases suggests that the Fe-rich secondary phase will be one of four possibilities: amorphous, 

disordered FCC, the c-axis oriented variant of the L10, or an implausible variant of the L12 phase 

with an Fe concentration considerably higher than the eutectoid composition. 

5.2.3 – Magnetic Properties 

With knowledge that the Pd-rich matrix is L12 in nature, the perpendicular hysteresis loop 

of the 550°C film can be broken speculatively into two separate parts, each contributed by one of 

the phases present (Fig. 6).  If the magnetic easy axis of the L12 matrix rests in-plane, the 

perpendicular loop will exhibit a linear magnetic relation until saturation.  Removing this 

contribution from the hysteresis loop, the remainder of the magnetic behavior may be attributed 

to the Fe-rich secondary phase.  

 

Fig. 6 – VSM hysteresis loops of a 550°C Fe38.5Pd61.5 film, showing the out-of-plane hysteresis 

loop broken into two components: one from the Pd-rich L12 matrix which has its magnetic easy 

axis in-plane, the second from the Fe-rich FCC secondary phases exhibiting single domain 

magnetic axis rotation. The in-plane hysteresis loop confirms the L12 matrix phase has a 

magnetic axis resting in-plane. 



138 | C h . 5  

 

This second contribution, especially in its initial magnetization behavior, is a close match 

to that predicted by the Stoner–Wohlfarth model for an array of single-domain particles with 

randomly oriented magnetic axes experiencing magnetic rotation (Fig. 7) [5, 6]. 

 

Fig. 7 – Hysteresis loops derived from the Stoner-Wohlfarth model, where magnetic particles 

with an easy axis of magnetization are placed in a magnetic field oriented at some fixed angle to 

the preferential axis.  A 90o difference between the easy axes of the particles and the field results 

in a linear hysteresis loop, which will be the general form of a film with an easy axis laying in-

plane.  A random orientation of particle easy axes will result in the hysteresis curve on the right. 

 

    The isotropic distribution of magnetic axes and low coercivity in the Fe-rich phase 

suggests that it is composed of disordered FCC or amorphous material; thereby excluding the    

c-axis variant of the ordered L10 phase.  Both FCC and L12 have comparable magnetocrystalline 

anisotropies of K ~ -2 x 104 ergs/cm3, where the easy axis of magnetization is much weaker than 

that of L10 and rests along the <111> directions or their <110> projections onto the film [7-9].  

The geometry of the Fe-rich precipitates also varies considerably, with some precipitates 

elongating along the <110> directions, and many being thicker along the c-axis than they are 
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wide.  The multiplicity of shape and magnetocrystalline anisotropies supports the random 

distribution of magnetic easy-axes in the precipitate phase. 

The in-plane hysteresis loop of the film confirms that the L12 matrix has a magnetic easy 

axis oriented parallel to the film.  FePd films with weak anisotropy and small film thicknesses 

prefer to align in-plane magnetically, transitioning out of the plane as the balance between the 

magnetostatic energy and the energy contributed from the uniaxial anisotropy changes with film 

thickness [10].  The tetragonally-distorted L12 ordered phase has a relatively weak anisotropy 

component out of the plane of the film, compared to the alternating monolayers of the L10 phase, 

so an in-plane magnetization can be expected for films 50 nm thick. MFM (Fig. 8) was 

performed after applying a 1 Tesla field out-of-plane to saturate the film.  The measurement   

was made at remanence, with the MFM tip magnetized out-of-plane, to confirm the expected 

magnetic properties of the two-phase microstructure.   

 

Fig. 8 – Paired atomic force and out-of-plane magnetic force micrographs of an Fe38.5Pd61.5 film 

grown at 550°C showing a nanoscale topography on the 10 to 20 nm scale.  The Fe-rich 

secondary phases are magnetized more readily out of plane than the surrounding L12 matrix, 

which has a magnetic easy axis that resides in-plane. 
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It is observed that the Fe-rich secondary phase, which has clear topography, magnetizes more 

freely out-of-plane than the surrounding L12 matrix; confirming that it consists of rotatable 

single domains and that the surrounding matrix has an in-plane magnetic easy axis. 

 Both the L12 and Fe-rich secondary phases of the 550°C film experience a significant 

decrease in their saturation magnetizations, measured as 0.785 and 0.573 µB per statistical atom, 

respectively, compared to the single phase Fe38.5Pd61.5 films in the study (~1 µB).  The decrease 

of magnetization in the dominant L12 matrix phase can be attributed directly to the loss of Fe 

from the eutectoid composition, which is the constituent that accounts for most of the magnetic 

moment in the alloy [11].  If the composition of the Pd-rich L12 matrix is interpolated linearly 

from the loss in magnetic moment compared to other films in the study, it results in a prediction 

that the matrix is between 72 % and 73 % palladium, nearly the stoichiometric FePd3 L12 phase.  

The secondary phase precipitates, with approximate stoichiometry of Fe60Pd40 scaling from the 

areal fraction, exhibit a very low magnetization despite their Fe-rich composition.  One possible 

explanation for this loss is that the precipitates have large interfacial areas relative to their 

volume, which has been shown to significantly decrease the expected saturation magnetization in 

several other nanoscale films and particles, and is attributed to a number of competing theories 

[12].  The Fe-rich nature of the secondary phase may also result in a loss of chemical 

ennoblement originating from the Pd, making precipitates more vulnerable to oxidation.  

Combined with the uncertain degree of crystallinity, all of these effects further complicate the 

magnetic state of the material. 

5.2.4 – Composition: Auger Electron Microscopy 

Due to its micron-scale interaction volumes, EDXS could not be utilized to determine the 

compositions of the two-phase microstructure.  As the sampling depth of Auger microscopy is 
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only a few nanometers, and the incident electron beam can be focused to less than 10 nm 

laterally, high resolution AES was used to determine the quantitative composition of the two 

phases present in a 550°C film [13].  The surface of the film was analyzed as received, and 

subsequently after 0.5 nm, 2 nm, and 7 nm of material was removed from the sample surface by 

Ar sputter etching to reduce ambient carbon contamination.  The relative ratio of Fe to Pd 

remained constant through each sputtering step and the carbon signature was completely 

eliminated past 2 nm of material removal, as well as most of the oxygen by 7 nm.  As seen in 

Fig. 9, sputtering to remove contaminants from the surface greatly improves on the ability to 

assess the Pd Auger peaks in the spectrum, which overlap with carbon. 

 

Fig. 9 – Auger spectrums of a 550°C Fe38.5Pd61.5 film showing the native film after ambient 

exposure, and after 7 nm of ion sputter etching to remove surface contamination. 

 Auger compositional analysis shows that the matrix phase of the material is 72.66 at % 

Pd with a standard deviation of 1.07 at %, while the Fe-rich secondary phase is 40.56 at % Pd 

with 5.53 at % standard deviation, both sampled over n = 8 regions (Table 1) (Fig. 10) . 
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Table 1 – Compositional analysis of selected points in both the matrix and secondary phase 

precipitates of a 550°C Fe38.5Pd61.5 film.  These values indicate an overall L12-Fe27Pd73/FCC-

Fe60Pd40 microstructure for the two-phase films. Greater variation is found in the secondary 

phase, which is consistent with its non-contiguous nature. 

 

Fig. 10 – Auger spectrums of a 550°C Fe38.5Pd61.5 film taken on a secondary-phase precipitate 

(Left) and on the contiguous Pd-rich matrix (Right) after 7 nm of material removal.  The 

compositional differences between the two spectrums are observed in the changing height of the 

peaks attributed to each element.  The Fe-rich secondary phase exhibits a stronger oxygen peak. 

Fe at% Pd at% Fe at% Pd at%

n = 1 25.32 74.68 66.11 33.89
n = 2 27.85 72.15 63.35 36.65
n = 3 28.75 71.25 63.21 36.79
n = 4 27.69 72.31 58.97 41.03
n = 5 28.06 71.94 61.66 38.34
n = 6 26.65 73.35 58.77 41.23
n = 7 26.67 73.33 48.97 51.03
n = 8 27.72 72.28 54.47 45.53

Average 27.34 72.66 59.44 40.56
StDev 1.07 1.07 5.53 5.53

PrecipitatesMatrix
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These phase compositions are nearly identical to those deduced independently from the 

interpolation of magnetic properties, and necessitate that the volumetric and areal phase fractions 

are nearly equal. The dispersed Fe-rich secondary phase microconstituents have a larger 

compositional variation than the contiguous Pd-rich matrix phase.  This is consistent with the 

belief that they precipitated out of the matrix, which has given up excess Fe to reach its near 

stoichiometric composition. 

Auger analysis of the film shows that the Fe27Pd73 matrix and Fe60Pd40 secondary phases 

have 6 to 7 at % and 20 to 30 at % oxygen concentrations, respectively, after 7 nm of material 

had been removed.  The preferential oxidation of the Fe-rich secondary phase is highlighted by 

Auger compositional mapping (Fig. 11). 

 

Fig. 11 – Secondary electron micrograph and corresponding composition maps of Pd, Fe & O 

from AES at 20kV on a 550°C Fe38.5Pd61.5 two-phase film, after 2 nm of material was removed by 

ion sputtering to reduce the carbon contaminant signature.  The compositional maps show 

Fe40Pd60 secondary phases with a high oxygen signature embedded in an Fe27Pd73 matrix. 
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The oxygen content in the film decreases markedly between 2 nm and 7 nm of material 

removal, suggesting that the oxygen arises from environmental exposure and not from diffusion 

from the MgO substrate during deposition.  Pure FCC Fe has a low solubility for oxygen as the 

oxygen/metal radii ratio is 0.63, well above the 0.59 structural limitation for the octahedral 

interstitial sites [14].  For the Fe-rich binary secondary phases, with an established lattice 

parameter in the territory of 3.836 Å, the radii ratio is just below 0.59 and solubilities on the 

order of 20% could theoretically be accommodated [15].  It is likely, however, that over time 

with environmental exposure, the near surface region of the Fe60Pd40 secondary phases may have 

formed a thin oxide layer which transitions to an interstitial solution away from the free surface. 

The film as a whole was confirmed to be deposited stoichiometrically from the Fe38.5Pd61.5 target, 

and no other elements were detected with a concentration level above 0.1%.  Oxidation is not 

expected to significantly impact film topography, as raised Fe60Pd40 features are found directly 

post-deposition with minimal exposure to ambient conditions before characterization. 

Having both confirmed the L12-Fe27Pd73 composition, and eliminated the possibility that 

the Fe-rich Fe60Pd40 phase is L10 ordered, it can be determined that the latter is at least partially 

crystalline.  In order to account for the intensity of the fundamental (002) film peak, which 

cannot be fully contributed from the L12 matrix (given the superlattice intensity, the maximum 

fundamental L12 reflection intensity can be determined), the Fe-rich phase must be at least 52 % 

FCC in nature.  If the extra 2 at % Fe deviation from FePd3 in the matrix sits on the c-axis 

oriented Pd sites, similar to the strain-induced L1' perturbation found at higher temperatures 

(Chapter 4), the Fe-rich phase could be up to 100% crystalline.  Given the strong {110} faceting 

nature of the Fe60Pd40, an assumption will be made that the phase is dominantly FCC in behavior. 
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5.3 - Origins of the Two-Phase Decomposition 

The origination of this unique two-phase microstructure of films deposited at 550°C still 

needs to be addressed.  Long-range ordering, whether type L1' or L12, of the Fe38.5Pd61.5 films 

has been found to rise with increasing deposition temperature.  A two-phase microstructure of 

the disordered and ordered phases should exist at some transitional temperature; with the ordered 

phase nucleating from, and growing through, a disordered matrix phase of the same composition.  

In contrast, the Pd-rich nature of the ordered Fe27Pd73 matrix phase implies that this did not 

occur, and instead the Fe-rich Fe60Pd40 disordered regions have precipitated out.  The films 

deposited at 550°C are likely, therefore, to have started growth in a single ordered phase, and at 

some point underwent a two-phase decomposition resulting in the microstructure described in 

this chapter.  Films grown at 500°C, 600°C, and 650°C have not experienced this two-phase 

decomposition, suggesting that the two-phase decomposition is not driven by equilibrium 

conditions in the film.   

5.3.1 - Argument for a Strain-Induced Transition 

One of the largest disparities experienced during growth is in the strain conditions of 

depositing films.  The decrease of film strain with rising deposition temperature is consistent 

with the thermally activated formation and glide of misfit dislocations, possibly 60° mixed 

edge/screw dislocations that are well known to be glissile in cubic heteroepitaxial thin films.  It 

is proposed that films at 550°C start growth in a single ordered phase, likely the perturbed L1' as 

found in the 600°C films.  In the early stages of growth it is expected to be energetically 

favorable for the film to nucleate in a single phase that is distorted tetragonally by strain.  With 

increasing film thickness and the start of coalescence, it is possible for the elastic strain energy of 

the film to grow faster than the kinetics of the film are able to relieve it through misfit 
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dislocations.   Under these conditions, the strain energy could become large enough to induce a 

phase transformation that lowers the energy of the system.  The decomposition of L1' → FCC + 

L12 could therefore be an alternative path to relieve strain energy within the film when other 

modes of relaxation are insufficient. 

Additional films, not included in the temperature series, were grown at 550°C on 

alternative MTI Corp. and Sigma Aldrich brand MgO (001) substrates under similar processing 

conditions to those used earlier in this study, with some variations in deposition rate and 

deposition time.  Many of these alternate films were kept from fully coalescing due to the 

presence of hydrophilic surface pitting and substrate impurities, demonstrating the need of high 

quality MgO for epitaxial Fe-Pd film growth.  Depending on the brand of substrate, these defects 

can be readily observed by SEM (Fig. 12) or AFM (Fig. 13 and 14).  The unpredictable surface 

conditions of these substrates may have inadvertently provided some insight into the two-phase 

behavior, as the films produced exhibit a wide range of local strain conditions compared to the 

much smoother films presented in Chapter 3. 

 

Fig. 12 – Secondary electron micrograph of an as received MTI brand MgO (001) substrate 

directly after removal from packaging, showing hydrophilic pitting and a micro-rough surface. 
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Fig. 13 – AFM micrographs of two MTI brand MgO (001) substrates removed from the same 

shipment and annealed simultaneously at 1000°C in an oxidizing tube furnace to expose 

impurities (white spots).  Variations in the impurity levels and surface topography of the 

supposedly identical substrates highlight the difficulty of growing truly reproducible films on 

anything but the highest quality MgO surfaces. 

 

Fig. 14 – AFM micrograph of a Crystec MgO (001) substrate, of the type used in Chapter 3, 

annealed at 1000°C in an oxidizing tube furnace.  In direct comparison to Fig. 13, the level and 

distribution of substrate impurities is markedly different and the surface is much smoother. 
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The microstructure of these films provides further evidence for a strain-induced phase 

transition, as the disordered phase can often be seen nucleating in a fine structure preferentially 

along the film edges as well as along steps in film thickness, believed to be a result of the 

inhomogeneous strain concentrations in these regions.  This is particularly clear in one film 

which adopted the pattern of a continuous network (Fig. 15).  The Fe-rich precipitates are 

topographically raised and exist within the body of the film, but they are especially prevalent at 

steps where film thickness changes and in a fine pattern along the film boundary. 

 

 

Fig. 15 – SEM secondary electron and backscattered electron micrographs of a two-phase 

Fe38.5Pd61.5 film grown at 550°C, highlighting the preference of precipitates to be found at areas 

of inhomogeneous strain such as thickness steps and along the film edge. 
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Fig. 16 – SEM secondary electron and backscattered electron micrographs of a two-phase 

Fe38.5Pd61.5 film grown at 550°C, highlighting the preference of precipitates to be found at areas 

of inhomogeneous strain such as coalescing voids. 

Another film (Fig. 16) that grew more continuously over the MgO substrate demonstrates 

a mix of precipitates, some of the size and orientations found in the temperature series films and 

located within generally smooth regions. There are also clusters of the secondary phase clearly 

ringing all coalescing, or already coalesced, voids in the film which will have highly 

inhomogeneous strain conditions.  The different areal fraction of precipitates in this film suggests 

that the exact composition of the two phases will be subject to strain and growth conditions in 

the film and are not the result of decomposition in an equilibrium two-phase field. 
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5.3.2 - Metastable Phase Diagram 

The phase diagram surrounding the eutectoid composition of the Fe-Pd system is not well 

understood from a theoretical standpoint.  Attempts to model the system using Lennard-Jones 

type potentials and cluster variation methods have resulted in a close reproduction of the order-

disorder transition temperatures of the Fe-Pd system, but cannot explain the shift of the 

congruent composition from equiatomic, which is attributed to multibody or magnetic 

interactions [16].  Phase diagrams that have been calculated from thermodynamic modeling 

parameters, and refined to experimental data, do not agree fully with the empirical phase diagram 

but do offer some insight into the behavior of the Fe-Pd system.  Models from at least two 

different groups [17, 18] predict an inflection of the L10 + L12 → L12 phase boundary back to  

70 to 71 at % Pd at room temperature.  This inflection is a known feature of all phase diagrams 

with ordered constituents, as thermodynamics at 0 K dictate that all ordered phases must be 

present as stoichiometric line compounds to minimize entropy; however this inflection in the 

phase boundary will generally occur at cryogenic temperatures for most material systems. 

Using known behaviors of the system, the outline of a metastable phase diagram for     

Fe-Pd on MgO may be constructed accounting for the absence of L10; where an FCC + L12    

two-phase region extends down to room temperature.  The lines used in this diagram will be 

subject to conditions in the film such as strain, interfacial energy, and nanoscale size effects, so 

they are strictly qualitative in nature.  To begin bounding such a diagram, metastable extensions 

of the L10 and L12 equilibrium curves can be made, under the umbrella of which each of the two 

phases can be considered to be energetically favorable compared to FCC, if not the lowest 

energy phase, due to the balance of structural and magnetic energies in the un-strained system.  

The hybrid-nature L1' phase could be expected to generally form near the eutectoid, in the region 
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encompassed by both the L10 and L12 phases; or by their instability temperatures, which are 

similar enough the difference can be ignored.  Removing the L10 phase from the diagram due to 

strain in the system, ostensibly due to an unfavorable magnetic energy contribution compared    

to L12 ordering, but maintaining the general order-disorder transition temperature across the Fe-

rich region; a rough metastable diagram can be drawn  (Fig. 17).  L1' is a loose designation, as it 

encompasses the entire spectrum of ordering between L10 and L12.  With increasing strain the 

L1' region will subsequently shift or disappear as its L10 component appears to be unfavorable, 

leading the Pd-rich boundary of the FCC + L1' region to approach stoichiometric FePd3.  As a 

result, at the Fe38.5Pd61.5 composition the alloy can rest, depending on strain, in an L1' or variable 

FCC + L1' region with an extreme value approaching FCC + L12.  It is hypothesized that the 

two-phase L12-Fe27Pd73/FCC-Fe60Pd40 microstructure found in this study is produced by          

the decomposition of L1'- Fe38.5Pd61.5 in this type of a two-phase field.  

 

Fig. 17 – Possible behavior for a metastable phase diagram of strained Fe-Pd on MgO (001).  

The hybrid L1' phase is proposed to disappear or shift to Pd-rich compositions with sufficient 

strain, yielding an FCC + L12 two-phase region stretching across the Fe38.5Pd61.5 composition. 



152 | C h . 5  

 

 As L10 is known to grow on MgO (001) substrates across much of the excluded region, it 

is important to note the ad hoc nature of the metastable diagram.  The diagram presented 

assumes that the films undergoing decomposition have begun to grow as L1' and have already 

partly relaxed before the phase change.  If this relaxation has moved the film past the in-plane 

lattice parameter of the L10, the phase may continue to be excluded as it is unlikely to form as a 

compressed precipitate. 

5.3.3 – Formation and Diffusion  

The presence of Fe-rich, disordered Fe62Pd38–Fe75Pd25 FCC columns on the 10 nm scale 

have been observed to form within ordered equiatomic FePd films in another study [19].  The 

presence of these disordered structures was suggested to correspond to the presence of anti-phase 

boundaries or other defects, which become a preferential site for diffusion and aggregation of Fe 

atoms during growth [20].  As the disordered FCC phase shares less symmetry with the parent 

L12, and Fe may experience preferential aggregation to defects in the Fe-Pd system, the Fe-rich 

FCC phase can be expected to precipitate during the phase transition rather than the ordered L12.   

The diffusion behavior of Fe and Pd remains relatively constant across all binary alloy 

compositions and both species have comparable values, with Fe being about twice as mobile at 

550°C.  At Fe40Pd60, near the Fe38.5Pd61.5 eutectoid composition, the Fe atoms have a              

self-diffusion coefficient Do
*
Fe = 0.69 cm2s-1 and activation energy Q*Fe = 61.8 kcal/mol; while    

Do
*
Pd = 0.79 cm2s-1 and Q*

Pd = 63.6 kcal/mol [21].  The dominant diffusion term for the thin film, 

however, will be surface diffusion from the interfaces.  For an FCC metal, surface diffusion has a 

lower activation energy than the bulk, roughly QS ~ 0.6 QB [22], or can be approximated from 

the melting temperature [23], with both methods yielding surface diffusion coefficients on the 

order of 5.0 x 10-11 cm2s-1 for the Fe38.5Pd61.5 depositions.   This term is expected to contribute to 
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the diffusion flux only over a 0.5 nm surface thickness at any instance during deposition [24], but 

is much larger than the ~1 x 10-17 cm2s-1 supplied in the bulk.  The mean free diffusion path 

length can be taken as �̅ = √2��, where D is the diffusion coefficient (which is temperature 

dependent) and t is time.  The mean diffusion length in the lateral film directions due to surface 

diffusion is on the order of 200 nm, as opposed to the 2 nm available during the deposition time 

for bulk diffusion.  The microstructure of the two-phase films is on the scale of hundreds of 

nanometers, consequently the formation of the observed two-phase decomposition is likely to 

occur early in the growth process as surface diffusion is necessary.  Strain will be high in the 

early stages of film growth due to the level of epitaxial coherence to the substrate, so this is 

consistent with the hypothesis of a strain-induced two-phase decomposition. 

  The prominence of surface diffusion in the two-phase film may also explain some of the 

film topography, as Fe and Pd adatoms deposited on the surface will experience different 

diffusion gradients.  During PLD material arrives at the surface in discrete bursts.  The 50 nm 

films have approximately 260 atomic monolayers, deposited 0.4 monolayers per second over 

7200 individual 10 Hz pulses.  Fe has a higher diffusion rate than Pd, so Fe adatoms from new 

material landing on the more prominent L12 matrix will diffuse along the surface to the 

precipitate phase, leaving behind a new Pd-enriched Fe27Pd73 layer.  As Fe38.5Pd61.5 is deposited 

on the Fe60Pd40 precipitates, however, the less mobile excess of Pd is offset partly by the 

incoming Fe flux from the surrounding matrix, which could result in some degree of mass 

accumulation in the Fe-rich precipitates and their rise above the surface of the matrix phase. 
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5.4 – Major Findings 

Fe38.5Pd61.5 films grown at 550°C on MgO (001) substrates have been found in an unique 

two-phase microstructure of prismatic, Fe60Pd40 disordered FCC secondary phases with             

10 to 100 nm facets oriented along the <110> substrate directions, embedded within a nearly 

stoichiometric ordered L12-Fe27Pd73 matrix. These secondary phase precipitates exhibit single 

domain magnetic axis rotation, while the ordered L12 matrix has a magnetic easy axis aligned  

in-plane.  This unique two-phase microstructure is postulated to be induced by the degree of 

epitaxial strain in the coalescing film, which throughout this thesis has also been proposed to 

drive the absence of L10 in the films at this composition.  A hypothesis has been put forward     

to explain the two-phase decomposition, involving a metastable extension of the FCC + L12 

region of the phase diagram through the eutectoid composition due to epitaxial strain.  The effect 

of MgO surface quality on the ability to reproduce strain conditions in Fe-Pd films is also 

highlighted in this chapter. 
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6 – Contributions and Suggested Work 

Having presented a number of related studies, this chapter will address the collective 

impact of the included work and outline a number of suggested additional experiments for those 

wishing to expand upon the previous findings.  

6.1 – Contributions to the Field 

 One significant contribution to the field presented in this dissertation is the discovery and 

experimental verification of the L1' hybrid phase presented in Chapter 4.  While introduced 

periodically as a possibility for ideal magnetic FCC systems between 1938 and 1986, such a 

phase existing is not commonly addressed in modern literature and could be considered a largely 

unknown prospect at the time of its first experimental appearance in the Fe-Pd system.  During 

the calculation of long-range ordering parameters for Fe38.5Pd61.5 films, initially thought to reside 

in the L12 phase, it was noted that the ordering parameters exceeded not only the maximum 

values for non-stoichiometric L12, but unity as well.  In the absence of indicative L10 behavior, it 

was the author’s own original proposal that the non-stoichiometric Fe in the alloy may be 

accommodated differently across Pd sites of the lattice, explaining the anomalously high (001) 

superlattice peaks.  The procedure for determining and quantifying such a perturbation from 

quantitative XRD was developed, and the presence of the L1' phase was confirmed.  Notation for 

discussing such a hybrid structure and the assignment of two ordering parameters is presented for 

the first time, having not been discussed or developed during the brief Au-Cu theoretical 

proposals.  The approximation of instability temperatures for FePd and FePd3 from first and 

second nearest-neighbor interactions is also currently absent from the publication history of the 

alloy and is presented as original work in this thesis. 
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 This thesis presents the first comprehensive study of epitaxial film growth at the 

Fe38.5Pd61.5 eutectoid composition, and more generally for the entire Pd-rich region of the Fe-Pd 

alloy.  While an L10-L12 microstructure, chessboard or otherwise, did not manifest, the behavior 

of the alloy to trend to L12 single-phase dominated behavior shows that the two-phase region of 

the Fe-Pd diagram is very responsive to processing conditions such as strain, explaining the high 

degree of experimental uncertainty concerning the equilibrium phases of the eutectoid region.  

The work presented is also the first expansive study of Fe-Pd alloy film growth and morphology 

on MgO (001) substrates at any composition by PLD.  In particular, it highlights the role of MgO 

(001) surfaces in controlling film morphology for PLD at temperatures ≥ 600°C. 

 The two-phase decomposition of Fe38.5Pd61.5 films grown by PLD at 550°C presents a 

new type of behavior for films of ordered systems, where strain in the film induces a disordered 

phase precipitate from an ordered matrix.  In some situations this could be detrimental to the 

desired properties of the film and the findings in this thesis outline how to avoid such unwanted 

phenomena if identified by others in the future.  However, with some enterprise, this behavior 

may be adopted to other ordered systems in an attempt to create desirable two-phase 

microstructures induced by strain during film growth.  For example, in the two-phase Fe38.5Pd61.5 

films presented in Chapter 5, the Fe-rich precipitates might be coerced back into an ordered L10 

phase with altered processing conditions such as post-deposition annealing. 

 In conclusion, two types of ordering phenomena new to the field are presented and 

developed within the work of this thesis, in addition to filling gaps in the experimental record 

concerning both the specific Fe38.5Pd61.5 composition and the growth of epitaxial Fe-Pd thin films 

via PLD.  Both of these new ordering phenomena are not necessarily specific to Fe-Pd and may 

manifest themselves, for better or worse, in other technically relevant material systems. 



158 | C h . 6  

 

6.2 – Suggested Future Work 

 The work presented in this thesis, as per cliché, raises more questions than it definitively 

answers and could have been continued for many more years.  This section will outline some of 

the most obvious experimental expansions, as well as providing some insights from the point    

of experience.  Foremost, given the number of closely related material systems, attempts to 

reproduce the ordering phenomena presented in this thesis by growing eutectoid Fe-Pt, Co-Pt, or 

Au-Cu thin films would be of distinct interest in an effort to determine the generality of the new 

behaviors.  Suggested experiments will focus more narrowly on Fe-Pd alloys. 

 Within the Fe-Pd system, a number of readily controllable parameters can be expected to 

alter the microstructure and phases of epitaxial films.  Strain conditions within the films have 

been attributed to result in much of the Fe38.5Pd61.5 alloy’s unique behavior on MgO (001).  A 

study concerning the effect of deposition rates on both the L1' and two-phase phenomena is a 

logical expansion on the original temperature study, as the same Fe38.5Pd61.5 target and setup can 

be used.  Slower deposition rates should result in slower accumulation of strain energy in the 

films, as more time at higher kinetic rates allow for misfit dislocations to better relieve mismatch 

with the substrate.  Another expansion, i.e. requiring little experimental change, is studying the 

effect of post-deposition annealing on Fe38.5Pd61.5 films.  The two-phase films grown at 550°C 

could be expected to evolve with further exposure to elevated temperatures, with the Fe-rich 

FCC precipitates either growing or expanding, and possibly even ordering into the L10 phase.  

Post-deposition annealing may also help determine whether the L1' phase arises from the Snoek 

effect or simultaneous L10/L12 ordering.  If driven by simultaneous ordering, the L1' phase may 

be held together at room temperature by a low driving force for phase separation.  Long anneals 

could then result in the formation of two ordered phases due to increased diffusion.  If instead 
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L1' is driven by the Snoek effect, further relaxation of strain in the film during a long anneal 

could bring the system to an equilibrium L12 structure.   

With more effort and cost, additional targets can be made at neighboring compositions.  

With increasing Fe concentrations the degree of L1' type ordering is likely to increase. It would 

be of great interest to observe the transition from L12 dominant to L10 dominant behavior and 

whether it is smooth or discontinuous.  If post-deposition annealing of Fe38.5Pd61.5 provides 

fruitful data, a possible low-cost alternative would be the subsequent deposition of Fe or Pd thin 

films after the deposition of Fe38.5Pd61.5, which after a sufficiently long anneal could achieve 

films of a non-eutectoid stoichiometry.  This introduces a number of new variables and may 

yield more new phenomena rather than addressing a shift in stoichiometry. 

 Substrate effects also play a large role in strain conditions and provide another parameter 

to explore.  The quality of MgO surfaces from different suppliers, and sometimes within 

suppliers, varies considerably.  As the highest quality substrates are not always available 

commercially, studies into MgO surface preparation may help to provide better control of Fe-Pd 

thin film morphology and consequentially local strain conditions.  This may involve trying to 

anneal out surface pitting and defects using high temperature furnaces, or holding the substrate at 

temperature under vacuum longer before deposition.  It is also possible to condition the MgO 

substrate under a low pressure oxidizing atmosphere directly prior to deposition, as opposed to 

an inert gas vacuum, to test the difference in the surface state on film growth.  The introduction 

of Pt, Pd, Cr, or Au seed layers, as reviewed in Chapter 1, provide other options for study. 

 Alternate substrates are available, for which Fe-Pd may be expected to deposit with cube-

on-cube epitaxy.  Strontium titanate has a perovskite crystal structure with a cubic lattice 

parameter of a = 3.905 Å [1], which is a far better match than MgO at a = 4.212 Å [1] but costs 
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about six times as much.  The close lattice match to Fe38.5Pd61.5 does make it intriguing for small 

scale study, however, as strain will be much lower and should dramatically impact the ordering 

phenomena in the films if they are strain-induced.  Alternatively, lanthanum aluminate has a 

perovskite structure with a = 3.790 Å [1], so films could be grown for comparison in 

compressive strain; opening a whole realm of possibilities.  Thermal mismatch reintroduces itself 

with the move away from MgO substrates but, as linear expansion coefficients of both alternate 

substrates are not dramatically smaller, should still play a limited role [1].  Oxidized Si substrates 

provide another avenue for study, moving away from epitaxial growth altogether. 

NaCl has a rock salt structure with a = 5.640 Å [2] but FePd is known to grow with cube-

on-cube epitaxy on NaCl substrates, at least in the form of nanoparticles [3].  Using NaCl 

introduces experimental complications as it is extremely hydrophilic and needs to be cleaved 

under vacuum to produce reliable surfaces [4].  If films can be successfully grown, this same 

behavior turns into an asset as NaCl substrates can be dissolved to create free standing films.  

There is some possibility that MgO substrates could be dissolved as well with the aid of chemical 

solutions [5].  The creation of freestanding films is of particular interest as they can be observed 

readily via HRTEM to confirm their crystallographic behavior at the atomic scale, in the 

direction perpendicular to the surface. 

While HRTEM cannot be used to directly confirm the presence of an L1' phase, the 

preparation of TEM samples would be able to provide additional pertinent information.  Notable 

areas of interest include the Fe-Pd/MgO interface and the type and location of dislocations within 

the film.  Cross sections of the two-phase films grown at 550°C would also answer a number of 

questions, including direct verification of the FCC Fe-rich phase and observation of the interface 

along the {110} facets between the FCC and L12 phases in the film.  Preparing TEM samples of 
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these films is non-trivial, and it is possible that techniques such as focused ion beam milling may 

still introduce defects into cross-sectional samples that alter the state of ordering.  With sufficient 

time and finances it would be one of the higher priority pursuits initiated by the findings in this 

thesis. 

Moving away from thin film growth, entire theses could be written engaging in a detailed 

study of the Fe38.5Pd61.5 target used for deposition, exposing the bulk to different processing 

conditions and annealing.  Melting part of the target and spinning the material as a ribbon would 

allow for the detailed TEM study of the bulk using conventional electro-polishing, dimpling and 

ion milling preparation techniques.  Understanding of the bulk alloy behavior at Fe38.5Pd61.5 

would allow for better insight into the material at the nanoscale.  Alternatively the        

Fe38.5Pd61.5 target could be deposited at room temperature onto Mo TEM grids with thin 

amorphous carbon scaffolds. The resulting nanoparticles or films could be annealed in furnaces 

at different temperatures and observed readily by HRTEM. 
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