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ABSTRACT
As sources of energy have expanded from burning wood and coal to a diverse assortment of modern
renewable and nonrenewable sources, including hydrothermal, ultra-high temperature combustion, and
nuclear, more robust, structural and protective materials are urgently needed to harness this energy. These
materials often require excellent thermal stability, must be chemically inert, and must demonstrate reliable
mechanical performance to withstand harsh conditions within many energy generation systems, like a
nuclear reactor or combustion engine. Here, thermal barrier coatings (TBCs) and silicon carbide fiber /
silicon carbide matrix composites (SiC/SiC CMCs) are considered for their wide suitability for multiple
extreme environment energy applications. Both materials have been extensively studied within the last few
decades, yet there remain many critical questions about their failure mechanisms in relevant environments
and loading modes, which represent barriers to their widespread adoption.
This dissertation elucidates these critical failure mechanisms via digital image correlation (DIC) enabled mechanical testing of TBC and CMC material systems under relevant environmental conditions up
to 1200 °C and loading modes via indentation, wear, and flexural testing. DIC techniques enable
quantitative measurements of deformation and strain, which provide boundary conditions for predictive
analytical models of material stress state and creep response. Material degradation is further characterized
via electron microscopy and acoustic emission monitoring. Importantly, both TBCs and CMCs are multicomponent systems composed of high temperature ceramic materials, and their failure mechanisms reflect
a complicated accumulation of properties of their individual constituents. Thus, it is critical to characterize
and quantify the multiscale thermomechanical properties and multi-component interactions inherent in
these hierarchically structured material systems, such as thermal property and residual stress mismatch
between coating layers or material constituents, which can exacerbate local stress concentrations and
promote degradation. DIC techniques are fully capable of quantifying and tracking this degradation to its
source.
Through this work, new materials design paradigms are revealed, which support superior performance
within these harsh environments. Key findings relating to the TBC system include the need (i) to minimize
i

thermal property mismatch between coating layers, which exacerbate residual stresses within each layer
and promote delamination, and (ii) to optimize the coating deposition methodology to reduce instances of
porosity, pre-existing cracks, and solid particles, which can serve as fracture initiation sites. Key findings
relating to the CMC system include (i) the need for optimization of the fiber tow architecture to create nonuniform microstructure to disrupt crack growth and (ii) the development of a rule-of-mixtures materials
model to describe the nanoscale CMC creep response.
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CHAPTER 1: INTRODUCTION
1. The Role of Harsh Environment Ceramic Materials
As sources of energy have expanded from burning wood and coal to a diverse assortment of modern
renewable and nonrenewable sources, including hydrothermal, ultra-high temperature combustion, and
nuclear, more robust, structural and protective materials are urgently needed to enable next-generation
technologies to harness this energy. This need is readily apparent within aircraft jet engines, where greater
fuel efficiency demands higher operating temperature, often in excess of 1300 °C. To withstand these
temperatures, many engine components require an active or passive cooling system, protective thermal
coating system, or both [1,2]. Another salient energy materials need is nuclear fuel cladding, which must
possess good irradiation resistance, chemical stability, and thermomechanical durability. The nuclear
industry is currently investigating next-generation accident tolerant fuel systems to extend reactor design
safety to include extreme, non-ideal conditions, driven by industry demand for greater efficiency and by
safety concerns following the Fukushima incident [3–6]. Across these different examples from multiple
industries, common trends link the material needs: high thermal stability, corrosion resistance, and
mechanical durability.
This dissertation is focused on an investigation of thermal barrier coatings (TBCs) and silicon carbide
fiber / silicon carbide matrix composites (SiC/SiC CMCs), which are energy materials of key scientific and
industry interest due to their wide suitability for multiple extreme environment energy applications. Both
materials have been extensively studied within the last few decades, yet there remain many critical
questions about their failure mechanisms in relevant environments and loading modes, which represent key
barriers to their widespread adoption.

2. Overview of Thermal Barrier Coatings
TBCs are widely used to provide thermal insulation to an underlying substrate within high temperature
environments, most commonly the extreme environment within a gas turbine engine [7]. These
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environments are characterized by temperatures as high as 1400 °C and a mix of superheated air and
combusted fuel, which can generate pressures up to 3.5 MPa. As such, TBCs are applied across multiple
components within a gas turbine engine, including the compressor blades, compressor seals, turbine blades,
turbine seals, and burner [2,8,9]. The durability of these coatings is highly dependent on many parameters:
coating thickness, roughness, porosity, residual stress, and pre-existing defects (cracks, voids) [10–12].
Remarkable work has been performed and is well documented in the literature of the failure mechanisms
within TBCs, predominately coating delamination, using numerical methods and post-failure microscopy,
but these studies assume a homogeneous ceramic coating without the microstructural variation seen in
actual coatings [13–16]. Furthermore, much of this work provides only a piecemeal examination of the
properties of TBCs, from their mechanical performance under flexure or tension [17], their
thermomechanical fatigue response [18–20], to their phase stability and residual stress state [21]. While the
current literature provides a good fundamental understanding of TBC failure, these failure mechanisms
cannot be separated from the many microstructural variations and asperities, loading mode, and inherent
residual stress state.
TBC systems may be multilayered; each layer can possess distinct thermomechanical properties, which
results in a complex stress state during high temperature operation or during large mechanical deformations.
The properties of each layer are also highly dependent on the methodology by which they were deposited:
commonly air plasma spray, chemical vapor deposition, or physical vapor deposition. Air plasma spray, or
thermal spray, processes involve passing fine ceramic powders through a plasma arc and onto the substrate.
The plasma arc melts the powders, which land randomly as splats and cool on the substrate into a hard,
porous coating layer [22,23]. In a chemical vapor deposition process, reactive gas precursors are fed into a
chamber around the substrate; a reaction is initiated at a controlled temperature, and the gases decompose
to form the coating atop the substrate. Physical vapor deposition processes use electron beams to melt the
coating precursor into a vapor, which then decomposes onto the substrate. Vapor deposition coatings are
typically characterized by a columnar coating microstructure, formed from the decomposing gases. While
air plasma sprayed coatings typically have higher porosity (10 to 20 %), both processes leave a coating
2

microstructure with voids and cracks, which may contribute to failure [9,24,25]. Furthermore, the actual
materials for each coating layer may vary. The TBC itself is commonly a zirconia or silicate material, which
is deposited on a bond coat, usually a nickel or chromium alloy, with the substrate [9,23,25,26].
The variety of coating deposition techniques and material choices itself imposes limitations on the
practicality of holistic research into TBC failure mechanisms. Thus, this dissertation focuses on TBCs
composed of a yttria-stabilized zirconia (YSZ) top coat deposited via an air plasma spray methodology
[27]. In this air plasma spray process, the plasma arc melts the particles, so they will flatten and solidify on
the substrate in the form of splats. These splats build up during spraying as the plasma arc passes up and
down the substrate. This process can deposit coatings of variable thickness, material, and consistency across
flat or complex geometric surfaces and can be automated to enable cost-effective manufacturing; however,
air plasma sprayed coatings are also prone to inherent defects [7] and significant residual stress due to large
thermal gradients during deposition and in use [28,29].
Figure 1.1 presents a representative micrograph of the YSZ TBC system manufactured via air plasma
spraying used in this dissertation and showcases frequently seen inherent defects. At a glance, the
microstructure is not homogeneous; there are varying concentrations of pores, voids, and pre-existing
cracks. These features form as splats during deposition. Much like pebbles in a jar, the splats do not always
fill all the available space and leave voids as they solidify. Lateral, inter-splat cracks tend to form as a layer
of molten splats are deposited on already cooling splats and cannot sufficiently solidify together. Not all
ceramic particles are fully melted by the plasma arc, so some solid particles may be included within the
coating [7,30]. Another notable feature is the coating layer interface; it is rough and uneven, which can
promote stress concentrations, poor bonding, and localized oxidation. Thermally grown oxide (TGO) layers
are frequently observed along coating interfaces over repeat thermal cycling, which can alter the layer
adhesion strength [27,31]. Not shown in Figure 1.1, periodically spaced surface cracks have been observed
within the top coating, often penetrating as far as the TGO layer. These cracks, referred to as dense vertical
cracks (DVCs) have been documented to increase coating compliance and enhance interfacial durability
[32,33], but their effect on TBC failure mechanisms have not been well documented.
3

Figure 1.1. A micrograph of the YSZ TBC system deposited via air plasma spraying and
characterized in this dissertation, showing inter-splat voids, uneven coating interfaces, and
heterogeneous microstructure.

There is little available research to quantitatively correlate fracture with coating microstructure, but it
is hypothesized that the TBC failure mechanisms are directly governed by the aggregate effect of the full
heterogeneous microstructure. Thus, it is critical to experimentally study the TBC system and use
computational solutions, like finite element simulations, to strengthen and explain results rather than to rely
on numerical approaches alone. It is difficult for numerical approaches to integrate all of these parameters
to accurately describe the failure mechanisms of these coatings, so this dissertation applies a series of insitu experimental testing techniques to elucidate the fracture and failure mechanisms to address the
following technical questions:
i.

How can we accurately quantify the residual stress within TBC coating layers? What is the role of the
coating layer stress state on fracture? Mechanical properties of individual coating layers (i.e., modulus,
thermal expansion coefficient) will affect the local stress state, but it is also important to investigate the
aggregate effect of multiple layers (such as the bond coat and top coat), each with disparate
thermomechanical properties. As these coating systems cool, heat up, and cool in many cycles during
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spraying and over time, the contrast in properties across the system can contribute to significant residual
stress within the coating, which can promote cracking [20,34].
ii. How do pre-existing defects contribute to the mechanical durability and failure of the coating? These
defects will likely serve as crack initiation sites and promote rapid crack growth, leading to coating
delamination and failure.
iii. How are these mechanisms affected by high temperature effects (i.e., material softening, oxidation)?
High temperatures will promote oxidation, which is documented to most afflict coating layer interfaces
and through-thickness cracks [27]. The growth of oxidation layers will add localized stress
concentrations, which may reduce the activation barrier to delamination cracking. Furthermore,
material softening at high temperatures (>1000 °C) may complicate the coating system stress state as
layers relax and soften.

3. Overview of SiC/SiC Ceramic Matrix Composites
Ceramic materials are attractive materials for high temperature applications (up to 1500 °C); however,
their brittle and catastrophic failure modes are highly problematic in aerospace and nuclear applications
where safety is a mission-critical consideration. Ceramic fiber / ceramic matrix composites represent a
potential solution where the fiber / matrix architecture can enable higher strength and toughness because
individual constituents may fail, but the load can be redistributed to remaining fibers [35]. There are
numerous technical questions, which must be addressed before CMCs are ready for implementation in
mission-critical structural roles. These questions include unveiling the architecture, load, and environment
dependent failure mechanisms, thermomechanical properties, oxidation effects, among many others.
In this dissertation, the research focus is on SiC fiber /SiC matrix CMCs, which are prime candidates
to replace conventional alloy materials in aerospace and nuclear energy applications due to their excellent
strength and corrosion resistance even at temperatures above the operating limits of most superalloys and
due to the stability of SiC thermomechanical properties even under neutron irradiation [36,37]. It is
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commonly understood that the properties and failure mechanisms of CMCs are highly dependent on the
loading orientation and CMC architecture [38–40]; this effect can be attributed to the hierarchical structure
of the CMC (Figure 1.2) [41] and the resulting impact on load distribution. The SiC fibers are the prominent
load-bearing feature of the CMC, and hundreds of individual fibers bundled together in tows can be woven
or braided forming complex structures to distribute loading. The fibers are coated with a thin boron nitride
or pyrolytic carbon coating and then coated with a SiC matrix interphase via either a chemical vapor
infiltration or chemical vapor deposition process [42,43].

Figure 1.2. An example of a typical SiC/SiC CMC. (a) A hollow, CMC tube prepared as
a tensile specimen. (bc) SEM micrographs showing the fiber microstructure. Adapted from
Singh, et al. (2018) [41].

The resulting CMC architecture is very complicated, and thus, there are many necessary avenues of
research. Much work has been done to examine the conventional tensile properties of CMCs [40,44,45] and
even properties under off-axis loading (i.e., loading along an off-axis orientation to the fiber tow
architecture) [40,46]. This testing has uncovered the fundamental fracture mechanisms of CMC for the
conventional tensile load orientation; it has been demonstrated that the onset of matrix microcracking under
load relieves stresses and transfers load from the matrix to the fibers. Proper tailoring of the fiber / matrix
interface with a thin coating (pyrolytic carbon or boron nitride) helps to arrest or deflect cracks from
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propagating from the matrix through the fibers [35]. This mechanism enables the CMC to accommodate
higher strains and achieve greater strength than monolith ceramic materials [47–49]. CMCs with both
pyrolytic carbon (PyC / Chapters 5 and 6) and boron nitride (BN / Chapter 7) fiber coatings are examined
in this dissertation.
This prior work has demonstrated the mechanical performance of the CMCs is dependent on load
orientation and load distribution mechanisms distinct for different two-dimensional and three-dimensional
tow weave or braid architectures. Furthermore, the specific choice of material constituents, most
prominently, the fiber / matrix coating, can have significant implications for CMC performance. Pyrolytic
carbon interfaces are used to maintain the irradiation resistance of nuclear fuel materials [50] but are limited
to low temperatures (<500 °C); in contrast, boron nitride coatings can withstand much higher temperatures
and are more suitable for gas turbine applications [51]. Several different types of SiC fibers are also used,
such as Nicalon, Tyranno, and Sylramic SiC fibers, which have significant variations in modulus and
strength [52,53]. The methodology of matrix infiltration can also change the composite microstructure and
mechanical performance. Matrix infiltration techniques include polymer infiltration and pyrolysis, chemical
vapor infiltration, reactive and silicon melt infiltration, and slurry infiltration [51,54,55]. There are
advantages and disadvantages to each method; and manufacturers must strike a balance between factors,
such as mechanical properties, low residual stresses, and good creep and oxidation resistance, and
limitations, such as a proclivity to matrix cracking due to shrinkage, the presence of pores and residual
materials (like silicon), and large production costs [51].
For all this material complexity, there remain many areas in need of continued investigation, such as
the load distribution mechanisms within nonconventional mission loading modes, anisotropy of
thermomechanical properties, CMC constituent bonding and contact interactions, CMC porosity
implications for fracture resistance, and thermal expansion mismatch between constituents. This
dissertation addresses the following technical questions to provide a fundamental scientific understanding
of CMC failure mechanisms in areas not addressed by the current literature:
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i.

What are the failure mechanisms of CMC nuclear fuel cladding? How are these mechanisms dependent
on the loading mode and CMC architecture? The failure mechanisms of CMCs in nonconventional or
multiaxial loading modes are less understood, owing to the lack of test methodologies beyond tension
and compression testing. For example, nuclear fuel claddings are unlikely to be loaded in either tension
or compression; instead, the 4 m long tubes must accommodate moderate bending strains and expansion
of the fuel pellets during burnup [56]. Thus, new test methodologies are necessary to evaluate failure
mechanisms attributed to the relevant loading modes.

ii. How do the failure mechanisms of the CMC affect the hermeticity, or gas tightness, of the nuclear fuel
cladding? Cladding hermeticity is necessary to ensure radioactive gas remain contained within the fuel
rod, so a critical question is the load and deformation limit of the cladding before gas escapes. Even at
relatively low loads, matrix microcracking may be extensive enough to open channels through the
cladding. Typically, hermeticity testing occurs without any concurrent loading or deformation, so it is
not currently feasible to relate deformation with the gas tightness of the cladding. A new, coupled
hermeticity / mechanical test rig is necessary to investigate this mission-critical quality.
iii. How is creep response governed by CMC microstructure? Can this response be isolated to identify
contributions from individual features (grain boundaries, materials phases, CMC constituents, etc.)?
How does this response scale from individual constituents to bulk composite response? The creep
properties of CMCs are also poorly understood, but creep, even of this generally thermally stable
material system, cannot be ignored when it may be exposed to high operating temperatures above 1200
°C for aerospace applications. The bulk composite creep behavior may be investigated via conventional
tensile creep experiments [45,57], but it is critical to resolve the contribution of individual CMC
constituents to the bulk composite deformation. Individual constituent properties are known to regulate
mechanical properties, so it is only reasonable to assume they have equal importance to the composite
creep response.
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4. Statement of Research Objectives
This dissertation seeks to address critical technical questions regarding the fracture and failure
mechanisms of TBC and CMC materials with focused emphasis on relevant loading mode and environment
conditions. The work related to zirconia-based TBCs elucidates the microstructural, environment, and loaddependent factors critical to the failure of these coatings. This insight informs the manufacturing and future
application of protective thermal coatings. This work includes:
i.

High temperature wear experiments to unveil the damage mechanisms of TBCs in a gas turbine
environment. Wear within a simulated turbine environment (at 1000 °C) evokes the stresses and
fracture mechanisms experienced by TBCs in operation. Friction and wear rate data provide in-situ
indicators of coating degradation. Post-experiment characterization via digital image correlation and
electron microscopy qualify the extent of degradation while finite element simulations predict the
accumulation of stresses within the coating.

ii. The development of a curvature-based TBC residual stress model. Pre-existing stress states within the
coating can either contribute to early fracture or delay fracture. Thus, it is important to develop robust
methodologies to quantify the residual stress. Here, a digital image correlation-enabled technique
provides non-contact curvature measurements, which are converted into stress measurements via a
Euler Bernoulli beam-in-bending model. Residual stresses are typically measured by hole drilling [58],
Raman spectroscopy [59], or X-ray diffraction [60,61], but these techniques are not practical in a
manufacturing environment. Digital image correlation techniques have been shown by others to provide
accurate and reliable surface profile measurements [62,63], which are conducive to curvature
measurements for stress calculations. Thus, this non-contact technique could be advantageous to inprocess stress measurement during coating deposition to tailor the deposition to optimize the stress to
delay fracture.
iii. Thermal cycling experiments to unveil the temperature-dependent and microstructure-dependent
degradation mechanisms of TBCs. Thermal cycling experiments were conducted within an optical
microscope heating stage, which has temperature capabilities up to 1200 °C. In-situ optical microscopy
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image correlation was used to resolve the thermal expansion of the coating layers during repeated
cycling and elucidate crack initiation and propagation. Importantly, this experimental study reflects the
influence of the complex, heterogeneous TBC microstructure on crack propagation.

The work related to SiC/SiC CMCs investigates the failure mechanisms leading to loss of hermeticity,
or gas tightness, and probe the low-temperature (<1000 °C) creep response of individual CMC constituents.
This insight will inform the manufacturing and future application of protective thermal coatings. This work
includes:
i.

An investigation of the coupled fracture and hermeticity of CMC nuclear fuel claddings. Nuclear fuel
claddings are anticipated to experience primarily bending and expansion loading modes in application.
In contrast to tension testing, there are relatively few documented bending and expanding plug
experiments, and none of those incorporate a consideration for the gas tightness of the CMC [64,65].
A new, in-situ hermeticity testing rig was developed to correlate leak detection with deformation. The
new test rig was validated through four-point bending of steel, alumina, and borosilicate glass
specimens; thus, it was possible to assess the limitations of the proposed test rig over a range of material
response from brittle fracture to ductile deformation.

ii. An investigation of the environment dependent fracture of CMCs. Building on the effort of the previous
investigation of CMC fracture and hermeticity, in-process crack detection and crack opening
displacement measurements were performed via full-field digital image correlation analysis of CMC
specimens in bending. Thus, crack properties can be correlated with flexural strain during loading to
understand the progression of fracture damage. Furthermore, in recognition of the harsh operating
environments of these CMCs, select specimens were subjected to high temperature (1200 °C)
treatments in open air, inert (helium), and vacuum environments to elucidate environment-dependent
fracture mechanisms.
iii. An investigation of the CMC constituent-level creep response. In nuclear energy and aerospace
applications, CMCs are expected to withstand high temperature environments. Within jet engines,
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operating temperatures may be as high as, or even greater, than 1300 °C [2,8]. While nuclear
applications will not typically approach those temperatures (the typical reactor operating temperature
is between 280 and 320 °C) [66], under abnormal conditions, such as fuel meltdown, temperatures may
exceed 2000 °C [67]. In both aerospace and nuclear energy applications, where tight tolerances are
necessary for safe operation, material deformation due to creep poses a critical challenge, and it is
essential to understand and quantify the creep response. Numerous studies have aimed to address this
need with tensile creep and fatigue testing of CMCs at elevated temperatures [57,68,69]. These studies
focus on the aggregate CMC creep response, but as CMC architecture and composition can vary from
application to application, it is also important to investigate how the creep of individual constituents
contributes to the aggregate response. Thus, targeted indentation creep measurements were used to
probe the constituent creep response with increasing temperature.

5. Experimental Methods Enhanced with In-Situ Digital Image Correlation
This dissertation presents experimental and computational work relating to the failure mechanisms of
TBCs and CMCs, including mechanical testing (wear/fretting, flexural), thermal cycling, nanoindentation,
and finite element simulations. However, the foundation of this work is digital image correlation (DIC) enhanced experimentation. DIC measurements are performed using one or more cameras, or other imaging
instrument, to track the displacement of a detectable, high contrast speckle pattern. This speckle pattern is
typically applied with paint, but in some applications, the object of interest may have a high contrast surface
texture or microstructure, which can serve as a substitute speckle pattern. A high resolution, gray-scale
imaging source works best to maximize contrast and to allow for finer speckles, ideally about four pixels
per speckle, in order to derive more accurate deformation calculations. Quantitative deformation and strain
measurements are calculated based on the pixel displacement of points or speckles within the full field of
view [70]. Compared to conventional deformation measurement techniques, like strain gauges or an
extensometer, DIC is advantageous for providing full-field measurements rather than being limited to point
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measurements and for being a non-contact technique, making it highly suitable for high temperature
applications.
There are different iterations of DIC; DIC is highly versatile and can be performed with multiscale
imaging techniques, such as everyday digital cameras [71,72], scanning and transmission electron
microscopy [73–75], atomic force microscopy [76], and X-ray tomography [64,77]. Depending on the
imaging technique, DIC calculations can be performed to characterize two-dimensional and threedimensional surface deformations or volumetric internal microstructural deformation [70]. DIC within this
dissertation is limited to two-dimensional and three-dimensional surface characterization, performed with
one to two cameras, respectively. All image correlation was performed using commercial DIC software
(Correlated Solutions Vic-2D and Vic-3D).
In any iteration of DIC, deformation measurements are made by quantifying the displacement of pixels
within each collected image from some reference image, usually but not always the first image collected.
This calculation is performed by tracking distinguishable groups of speckles within a subset. These subsets
must contain enough speckles to be distinct, so they can be tracked from image to image and can be
discernable from potentially dozens to hundreds of subsets within an image. The DIC algorithms quantify
the pixel displacement vector of each subset to generate a full-field displacement map with a theoretical
accuracy better than 0.01 pixels (Figure 1.3). These algorithms can isolate contributions to deformation
from translation, rotation, shear, and rigid body motion. The subsets are spaced across the field of view and
spaced from subset center to subset center by some step distance, typically a third of the subset size [70]. It
is up to the operator to specify the subset size and step size and to find a balance between a tool large subset
with less spatial resolution yet speedy computation time and a subset too small, which may fail to correlate
from image to image.
The basis for much of this dissertation is three-dimensional DIC (3D-DIC), in which a pair of cameras
are positioned around the object of interest with overlapping fields of view. The two cameras are calibrated
using a grid with a known speckle pattern to establish the angle and distance of the cameras relative to each
other. Thus, the in-plane and out-of-plane coordinates of the object surface can be triangulated between
12

images captured from both cameras, providing stereoscopic image correlation for three-dimensional
measurements.

Figure 1.3. A graphical representation of the displacement from reference to deformed
speckle pattern. A red box denotes an individual subset of a few speckles. Adapted from
[70].

Regardless of the specific configuration, DIC typically requires uniform illumination and good contrast;
insufficient lighting, oversaturation, lack of focus, and lack of contrast can all contribute to measurement
error. A study conducted by Sandia National Laboratory explored in detail the different sources of DIC
variation, noise, and error, categorizing error as either random (noise) or systematic (bias). A graphical
representation of their analysis is presented in Figure 1.4 [78]. Subtle variations in these factors between
every test necessitate quantifying the measurement error before each test; this error is reported in the
following chapters. However, a standard procedure for measuring the error was used, where the surface of
interest was imaged while unloaded and/or at a stable temperature. Artificial spatial and temporal
deformation in those images would constitute error, and a singular value of this error was typically
determined by averaging this variation. This approach captures systematic error and random error.
Systematic bias in DIC profiles can be corrected and subtracted from the analyses, but random error is
quantified and listed alongside the analyses. Specific contributing factors and accommodations for DIC
error are discussed in the context of each test in the following chapters.
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Figure 1.4. A graphical representation of the sources of DIC error associated with the
specimen, cameras, correlation calculations, and analysis and quantification of strain.
Adapted from [78].
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CHAPTER 2: HIGH TEMPERATURE WEAR
THERMAL BARRIER COATINGS

AND

INDENTATION DAMAGE MECHANISMS

OF

1. Introduction
Thermal barrier coatings (TBCs) are multilayered ceramic coating systems frequently used, especially
in the aviation industry, for thermal protection of metal alloy components [1], but they can also provide
some wear protection of aerospace and automotive engine components [2,3]. In particular, jet engine turbine
blades can be exposed to temperatures as high as 1300 °C, and the force of superheated air passing out of
the turbine compressor into the combustion chamber can generate pressures up to 3.5 MPa [4,5]. For many
metal alloys, the operating temperature is near or even beyond their melting points, requiring the coating to
serve as a thermal barrier between the extreme heat and the substrate alloy. If the coating is unable to sustain
the pressure, it may fail, break off, and expose the metal [5]. For this reason, turbine blade failure in a jet
airliner, especially a passenger airliner, can have disastrous effects.
In response, a high temperature wear and mechanical damage study was conducted to probe the damage
mechanisms of TBCs in a relevant operating environment. Previous studies have examined the effect of
sliding contact, coating thickness, and friction coefficient on the stresses within TBCs [6,7]. Others have
focused on particle impingement on TBCs to observe the impact on internal stresses and cracking [3].
Further research has targeted the residual stresses of yttria stabilized zirconia using Raman spectroscopy
after heat treatments to 1150 °C [8]. However, TBC failure can be attributed to many factors (like residual
stress, wear, and other thermomechanical mechanisms) acting in concert. Thus, an in-depth understanding
of the coupled mechanisms leading to coating failure is required. From this understanding, it may be
possible to identify material properties of coating layers that require improvements to prevent or delay
failure.
This study built upon substantial prior work in the literature by incorporating analysis of coating
properties and failure behavior at temperatures of 1000 °C within an experimental framework to replicate
the operating temperature for many applications of ceramic coatings. In keeping with prior examinations
of TBC wear mechanisms, this study used tribological testing to wear a sample of thermal barrier coating
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to simulate conditions within a jet engine and to determine when failure will occur [9,10]. Furthermore, a
control test was performed at room temperature, 23 °C, for a comparison analysis to evaluate the impact of
thermal expansion on the failure mechanisms. Microscopy imaging and energy dispersive X-ray
spectroscopy also provided detailed images of wear damage and layer delamination as successfully
demonstrated by previous research [11,12]. Thus, a holistic inspection of TBC failure is presented in
relevant turbine environments to elucidate the primary contributing factors to failure.

2. Experimental Methods
All wear and indentation tests were conducted on a specimen of a nickel-based superalloy, Haynes HR224, composed of Ni-27.5Fe-20Cr-3.8Al [13]. This nickel alloy substrate was chosen as the substrate
material due to its high temperature strength and oxidation resistance, factors determined by previous
studies to be critical for operation within a turbine engine [14,15]. A ~250 µm thick top coat of yttriastabilized zirconia (8YSZ) and a ~150 µm thick bond coat of NiCoCrAlY were applied to the specimen
using an air plasma spray deposition process, layered as shown in Figure 2.1. Both coating materials were
selected due to their wide use in industry and in research analysis [8,9,12].

Top Coat:
8YSZ

Bond Coat:
NiCoCrAlY

Substrate:
HR-224

200 μm
Figure 2.1. A micrograph of a TBC specimen used in this study, showing the thickness of
the layers: TC, BC, and substrate.
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Wear and indentation analyses of the sample were conducted using a Bruker UMT-3 tribometer (Bruker
Nano Inc. Campbell, CA, USA), which was capable of measuring normal and lateral forces as well as the
displacement of the indenter. Wear testing was performed in a pin-on-disk configuration as specified by
ASTM G99-17. All wear tests were conducted within a furnace chamber in air, either heated to a high
temperature (1000 °C) to experimentally approach the inlet temperature of a turbine or to room temperature
(23 °C) as a baseline. Actual turbine temperatures will be much higher, but this experiment at 1000 °C may
demonstrate the significant role of temperature in the degradation mechanisms of TBCs. Under applied
loads ranging incrementally from 3 to 5 N (corresponding to 3.8 to 6.4 MPa), the oscillation tests were run
for one hour each at both room and high temperatures, which corresponded to 19,098 cycles where each
cycle was a 2 mm oscillation. During the tests, the tribometer collected measurements of normal (N) and
lateral forces, frictional force (Ff), and used these measurements to calculate the coefficient of friction (!),
using the following equation: "! = ! ∗ % [16]. A 6.3mm diameter alumina ball was used as the indenter
for wear tests, where the ball was oscillated with a frequency of 33.3 Hz.
Indentation hardness tests were conducted with a sapphire Vickers indenter at both room and high
temperatures using the Oliver-Pharr methodology [17]. Indentations were made into a TBC cross section
sufficiently thick to prevent any influence from the mounting device and with indentations spaced 5 mm
apart. The cross-section was mechanically polished and at least ten indentations were made per layer to
reduce any adverse effect of surface roughness on the hardness measurement [18].

3. Results and Discussion
3.1. Results of Experimental Wear Testing
Figure 2.2 presents the coefficient of friction over the hour-long tests for each applied load at 23 and
1000 oC. At first glance, the friction exhibited a typical response: an initial period of increasing wear and
unstable coefficient of friction followed by a prolonged period of stable wear and kinetic coefficient of
friction. However, the initial friction response between the testing at 23 and 1000 °C was very distinct
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within the first 2,500 cycles. At room temperature, the initial or static coefficient of friction was low and
increased to a stable kinetic coefficient of friction. In contrast, at 1000 °C, the initial static coefficient of
friction started high and decreased to a stable kinetic coefficient of friction. Furthermore, there was a
significant 24.7 % decrease between the kinetic coefficients of friction at 23 and 1000 °C, which averaged
to 0.37 and 0.28, respectively.

Figure 2.2. The in-situ coefficient of friction of the 8YSZ top coat is presented for each
test at (a) 23 and (b) 1000 °C. The derivative of the coefficient of friction (&!⁄&') is also
presented at (c) 23 and (d) 1000 °C over the initial 10,000 cycles.

Table 2.1 lists the recorded values of friction force and coefficient of friction taken at the start and end
of testing. The initial values represent both the friction of the 8YSZ top coat and the impact of stiction, the
necessary force required to overcome static friction and allow motion [13]; the reported values correspond
to the first 50 cycles. This initial disparity between the frictional response at the two test temperatures was
best represented by Figures 2.2c,d, in which the slope, or derivative of the coefficient of friction &!⁄&',
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was plotted. These figures clearly show the change from an initial static friction state occurs much more
dramatically over a few hundred cycles at 1000 °C, where the magnitude of the slopes was much greater.
In both sets of tests at 23 and 1000 °C, the stable regions of kinetic coefficient of friction do not suggest
any sudden delamination event; such an event would register a step change in friction. Instead, the friction
plots would present two possibilities: (i) either delamination occurred rapidly within the first 1000 cycles
or (ii) delamination did not occur and coating wear was a gradual process.

Table 2.1. Initial and final friction, coefficient of friction, wear depth (calculated based on
the change in the measured height of the indenter), and wear rate (calculated by wear depth,
dimension of the indenter, and time) for the 8YSZ top coat.
Room Temperature (23 oC) Wear Testing
Normal
Force (N)

Initial Ff (N)

Initial COF

Final Ff (N)

Final COF

Depth (µm)

3
4
5

0.42 ± 0.06
0.62 ± 0.11
0.83 ± 0.13

0.17 ± 0.03
0.18 ± 0.02
0.21 ± 0.03

1.14 ± 0.13
1.66 ± 0.23
1.81 ± 0.13

0.36 ± 0.05
0.39 ± 0.05
0.37 ± 0.03

8.10 ± 0.41
9.30 ± 0.66
6.87 ± 0.40

Wear Rate
(10-7
mm3/min)
4.88 ± 0.17
8.49 ± 0.22
4.39 ± 0.06

High Temperature (1000 oC) Wear Testing
Normal
Force (N)

Initial Ff (N)

Initial COF

Final Ff (N)

Final COF

Depth (µm)

3
4
5

1.11 ± 0.16
1.18 ± 0.35
2.36 ± 0.27

0.39 ± 0.03
0.30 ± 0.02
0.48 ± 0.06

0.91 ± 0.11
1.01 ± 0.18
1.53 ± 0.15

0.31 ± 0.03
0.23 ± 0.03
0.29 ± 0.03

224 ± 4
213 ± 6
226 ± 10

Wear Rate
(10-5
mm3/min)
3.99 ± 0.32
5.55 ± 0.46
10.31 ± 0.64

Furthermore, it is reasonable to assume the kinetic coefficient of friction will be consistent for each
TBC layer, so if the final coefficients of friction were fairly comparable across individual tests at the same
temperature, the wear likely progressed through the same coating layer. Variation of the coefficient of
friction values would be indicative of penetration of the indenter tip into different coating layers or
significant alteration of the contact surface, such as the generation of significant wear debris. Indeed, at 23
°C, the kinetic friction coefficient values featured a standard deviation of 2 % and a percent difference
between the largest and smallest values of over 6 %. Coupled with the lack of a step change within the plots
25

in Figure 2.2a, it was clear that frictional properties measured at room temperature may be considered
representative of this particular 8YSZ system. However, at 1000 °C, while the standard deviation of kinetic
friction coefficients was only 3%, the percent difference between the largest and smallest values were over
25 %, significant enough to possibly indicate breakthrough into another coating layer or significant
alteration of the contact surface.
To elucidate these trends further, Figure 2.3 displays the wear depth and wear rates at high and room
temperature. The wear depth, d, was measured as the displacement of the indenter tip. The wear rate (Figure
2.3c) was calculated as the slope of the volume of material removed per min. The volume of material
removed was quantified as follows:
"

) = # *# (, − sin (,))3 +

$% !
&

(3* − &)

(2.1)

Here, in Equation 2.1, R is the radius of the indenter tip (6.3 mm), l is the length of the wear track (2 mm),
and , is the angle between the sides of the wear path and centroid of the indenter tip (Figure 2.3d). The
angle , is itself a function of wear depth d as described by:
, = 2 cos '" (1 − &⁄*)

(2.2)

First, the wear depth plots (Figures 2.3a,b) demonstrate significant material removal at 1000 °C, with
the indenter tip penetrated to depths of over 210 µm, almost as deep as the top coat layer. In contrast, the
wear at 23 °C never penetrated beyond 10 µm into the top coat, confirming that delamination did not occur
at room temperature. Second, the wear rates (Figure 2.3c) at 23 °C were very low and stable, regardless of
increasing normal load. In contrast, the wear rates at 1000 °C were two orders of magnitude greater and
increased with normal load. These results further indicated the importance of temperature on the wear
response of the coating.
Importantly, the wear depth plot at 1000 °C (Figure 2.3b) also reveals that the indenter quickly
penetrated over 100 µm into the coating within the first 1000 cycles. Through about 10,000 cycles, the
indenter continued to wear deeper into the coating but at a decreasing rate, finally stabilizing in the latter
half of the test. This observation has two important implications: (i) the top coat did delaminate almost
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immediately, which would explain the high initial coefficient of friction, and (ii) there was some mechanism
introduced later in the test, which slowed the wear rate.

Figure 2.3. The in-situ wear depth plots from testing at (a) 23 and (b) 1000 °C. (c) The
corresponding wear rates demonstrate significantly higher wear at 1000 °C and higher
loads. (d) Graphical representation of the material volume removed during wear.

3.2. Scanning Electron Microscopy of Wear Damage
To qualitatively characterize the wear damage of the TBCs, scanning electron microscopy (SEM)
images were obtained of cross-sectional cuts across the wear paths on the specimens. Each cross-section
was mounted in epoxy and mechanically polished. Figure 2.4 presents images of the wear damage when
the indenter oscillated in a direction corresponding to perpendicular to the page. It must be noted that air
plasma sprayed TBCs are frequently characterized by pores and inter-splat cracks [9], and such features
were observed in the specimens tested here. Attention was paid to cracks or microstructural features in close
proximity to the wear zone. As expected, there were no signs of additional cracking or delamination in
unworn areas nor in areas worn at room temperature (Figures 2.4a,c,e).
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Figure 2.4. Graphical representations of the cross-sectional wear patterns after testing at
(a) 23 and (b) 1000 °C. Cross-section micrographs show (c,e) little damage after testing at
23 °C but (d,f) significant wear after testing at 1000 °C. (e,f) Higher magnification images
of the 8YSZ top coat / NiCoCrAlY bond coat interface.

In contrast, there was significant cracking and damage during the wear testing at high temperature
(Figures 2.4b,d,f). Figure 2.4d clearly shows the deep wear depression left by the indenter as well as two
lateral cracks running through the top coat layer. Figure 2.4f also shows cracking extending from the bottom
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of the wear track to the bond coat. All cracking appears to arrest at the interface, indicating degradation of
the top coat only.
Figure 2.5 depicts another cross-section cut in a specimen tested at 1000 °C made such that the direction
of the indenter was from side to side. Large cracks and buckling were observed at the ends of the wear track
and were attributed to the indenter, pushing and pulling on the top coat as it moved back and forth, causing
it to tear apart and buckle. As previously noted, these buckling cracks were observed to traverse the top
coat to the bond coat interface. The micrographs provided further support of a thermal effect on the wear
pattern of the TBC, clearly showing different levels of degradation between tests at 23 and 1000 °C. The
fracture patterns indicated substantial shear stresses within the top coat, which generated cracks directly
under and within the vicinity of the contact wear.

Figure 2.5. (a) Graphical representations of the cross-sectional wear pattern in the direction
of wear at 1000 °C. (b) Micrograph in that same orientation captured buckling of the TBC
at the ends of the wear track.

3.3. Characterizing the Extent of Wear with Digital Image Correlation
Using optical images of the coating before and after wear, digital image correlation (DIC) was
performed to identify the extent of wear damage on the surface of the coating and complement the crosssectional micrographs, using methods as described by Xu, et al. [19]. With the commercially available
Correlated Solutions VIC-2D software, reference, undeformed features on the initial surface and deformed
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features on the final worn surface were correlated to quantify the deformation. Figure 2.6b displays a
representative map overlay on the worn surface of strain in the direction of the oscillating indenter. Certain
regions were so deformed as to fail to render a correlation, thus outlining the extent of wear. All other
regions of the coating are shaded to indicate little to no strain, which would indicate the TBC does not
deform due to the wear. Rather, as expected of a ceramic material, it fractures in the region of localized
stress. The coating was pulverized during wear, and debris was ejected out onto the surrounding surface,
which accounted for the small, scattered areas where the correlation failed. These tests demonstrated that
DIC can be used to map regions of severe wear; indeed, in all cases, the DIC-identified extent of wear
degradation was limited to the region of contact with the indenter tip. Adjacent through-thickness cracking,
as indicated by electron microscopy, was not detected.

Figure 2.6. DIC between images of the (a) worn coating surface (5 N load at 23 °C)
identified (b) the extent of coating wear degradation.

3.4. Energy Dispersive X-ray Mapping
In addition to the electron micrographs, energy dispersive X-Ray spectroscopy (EDS) mapping was
conducted to determine the chemical makeup of the wear paths and to determine if any of the tests had
managed to wear through the 8YSZ top coat to the NiCoCrAlY bond coat. Reference EDS maps were
collected from a TBC cross-section prior to any testing to demonstrate the composition of the different
layers of the unworn coating system (Figure 2.7). The top coat was clearly distinct, prominently shown by
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the presence of zirconium in Figure 2.7f and the relatively low presence of oxygen, aluminum, iron, and
nickel compared to the following layers. The bond coat could be distinguished by the greater density of
aluminum (Figure 2.7c). The substrate (Ni-27.5Fe-20Cr-3.8Al [13]) is indicated by a high presence of
aluminum, iron, and nickel, fitting with its element composition (Figures 2.7c,d,e).

Figure 2.7. (a) A cross-sectional micrograph of the TBC system prior to any testing with
the 8YSZ top coat (TC), NiCoCrAlY bond coat (BC), and HR-224 substrate noted.
Corresponding EDS maps of (b) oxygen, (c) aluminum, (d) iron, (e) nickel, and (f)
zirconium.

After the wear testing at both high and room temperatures, the TBC was again imaged by SEM, and
new EDS maps were obtained of the most prominent materials detected (zirconium and oxygen) on the
surface of the wear path. Representative element maps are presented in Figure 2.8 for wear at 23 and 1000
°C under an applied normal load of 3N. First, no changes were detectable between the regions of worn and
unworn TBC surface at 23 °C. The map indicated a consistent level of zirconium to show no indenter
penetration into the top coat, continuing to support the observation of very minor wear at room temperature.
In contrast, EDS mapping of zirconium in Figure 2.8e showed the wear path clearly visible after testing at
1000 °C, indicating that the indenter had almost worn entirely through the top coat as supported by the wear
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depth plots (Figure 2.3b). Similarly, Figure 2.8f shows the wear path characterized by a higher
concentration of oxygen suggesting the growth of an additional oxide layer; it is commonly observed that
8YSZ/NiCoCrAlY coating systems will develop an alumina oxide layer, referred to as a thermally grown
oxide layer, between the top coat and bond coat [20–22].

Figure 2.8. EDS mapping of the 3 N wear track after (left) 23 and (right) 1000 °C testing.
(a) Wear at 23 °C did not reveal any distinguishing features in the coating as indicated by
EDS maps of (b) zirconium and (c) oxygen. (d) The wear track at 1000 °C was
characterized by (e) a lack of zirconium and (f) a concentration of oxygen.
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3.5. Vickers Indentation Testing
Indentation tests were also conducted on the sample at both room temperature and 1000 oC to compare
the hardness of the coating layers. A sapphire Vickers indenter with an included angle of 136° was used for
all hardness testing. Figures 2.9a,b,c show the indentations made at room temperature under an applied load
of 30N. Figures 2.9d,e,f show the indentations made at 1000 oC under an applied load of 15 N. At least five
indentations were performed per region at each temperature. The diagonals of the indentions were measured
and used to calculate the hardness. The Vickers hardness values, HV, is found using the equation:
:) =

(
)

=

(

(2.3)

(%" %! )⁄(# ,-.(/))

where θ of 68 degrees is half the indentation angle, F is the applied load, and d1 and d2 are the diagonals of
the indentation [17,23]. The measured Vickers hardness values are listed in Table 2.2.

Table 2.2. The hardness values of the coating layers from Vickers indentation testing at
23 and 1000 oC.
Hardness Value (HV)
Top Coat (8YSZ)
Bond Coat (NiCoCrAlY)
Substrate (HR-224)

23 °C
593 ± 14
397 ± 11
249 ± 8

1000 °C
352 ± 16
251 ± 13
220 ± 9

Percent Diff.
- 41%
-37%
-12%

From Table 2.2, it is clear that the top coat was the hardest layer followed by the bond coat at both
temperature conditions. However, temperature had a significant impact on the coating hardness; the top
coat hardness value decreased by 41%, even though it remained the hardest layer at 1000 oC. The softening
of the TBC at elevated temperatures may be a contributing factor to the delamination that occurs. In support
of these measurements, the hardness values obtained at room temperature agree with data in literature. The
hardness of 8YSZ is difficult to narrow down and may vary with air plasma spray parameters, but the value
of 593 HV, which is equivalent to a 5.6 GPa hardness value, fit neatly within the range of 3.5 to 5.8 GPa
specifically reported by Jang, et al. and Kwon, et al. [23–25].
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Figure 2.9. Optical images of Vickers indentations performed at 23 °C under a load of 30
N within the (a) 8YSZ top coat, (b) NiCoCrAlY bond coat, and (c) HR-224 substrate. SEM
micrographs of Vickers indentations performed at 1000 °C under a load of 15 N within the
(d) top coat, (e) bond coat, and (f) substrate.

3.6. Unveiling Coating Stress State with Hertz Contact Modeling
The friction, wear rate, and Vickers hardness data indicated a significant role of temperature on the
wear degradation of the TBC. Furthermore, the wear damage observed under the electron microscope
indicated significant stresses within and around the area of contact between the indenter and the TBC. To
elucidate this stress field, a Hertz contact model was applied to describe the experimental wear test. A
Hertzian contact model provides a fundamental understanding of the contact between two elastic bodies.
The theory assumes the interaction is frictionless; hence, the only applied force is the applied normal load.
In this case, one body was a sphere, the alumina indenter with a radius of 3.15 mm as shown in Figure 2.10.
The other body was the thermal barrier coating, which when modeled as a flat plane, had a radius of
curvature going to infinity [16].
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Table 2.3. The Young’s modulus and Poisson’s Ratio data as reported in literature [13,26–
30].
Temperature
23 oC
1000 oC

Property
Young’s Modulus (GPa)
Poisson's Ratio
Young’s Modulus (GPa)
Poisson's Ratio

Alumina
Indenter
375
0.24
331
0.21

8YSZ Top
Coat
53
0.31
46
0.27

NiCoCrAlY
Bond Coat
225
0.3
199
0.25

HR-224
Substrate
137
0.3
121
0.25

Table 2.4. The calculated maximum shear stress and its depth beyond the contact point
with the indenter.
Room Temperature Contact Model Analysis
Normal
Load (N)
3
4
5

Indenter
Depth (μm)
8.10 ± 0.41
9.30 ± 0.66
6.87 ± 0.40

Max Shear
Relative Depth to
Depth of Max
(MPa)
Max Shear (μm)
Shear (μm)
32.9 ± 0.4
165.7
24.84
36.6 ± 0.7
182.4
27.34
36.3 ± 0.4
196.4
29.45
High Temperature Contact Model Analysis

Region of Max
Shear

Normal
Load (N)
3
4
5

Indenter
Depth (μm)
224 ± 4
213 ± 6
226 ± 10

Max Shear
(MPa)
148.8
163.8
176.4

Region of Max
Shear

Relative Depth to
Max Shear (μm)
26.21
28.85
31.08

Total Depth of
Max Shear (μm)
250 ± 4
242 ± 6
257 ± 10

Top Coat

Top Coat/Bond Coat
Interface

Using a Hertz contact model for elastic material deformation, the maximum shear and its depth z below
the contact area were calculated. Characterizing the elastic response would provide a reasonable estimate
of the stress state of this ceramic coating. The primary contribution to plastic deformation of this ceramic
coating would be fracture itself; creep deformation was assumed to be negligible. First, the maximum
pressure, Pmax, was determined using the equation:
;123 =

&(
#$2 !

(2.4)

where a is the contact radius and F is the applied force. The contact radius is found as follows:
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(2.5)

where v is the Poisson’s ratio, E is the Young’s modulus, and R is the surface radius of each body in contact.
The maximum shear stress, τmax, is determined with the simple equation:
>123 =

9% '9&

(2.6)

#

where σx and σz represent the principal stresses. The x direction was prescribed to run parallel with the
oscillating indenter. The principal stresses were determined as follows [16]:
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The layer properties of the indenter and thermal barrier coating are presented in Table 2.3. The
calculated shear and depth are listed in Table 2.4. The depth to max shear column was tabulated by
combining the indenter depth from Table 2.1 with the relative depth of max shear from the point of contact.
Using this total depth to the maximum shear, it was possible to identify the corresponding region or layer.
As shown in Table 2.4, the maximum shear stress during wear occurred deeper in the coating as the applied
normal load increased for both temperature conditions. However, at room temperature, the maximum shear
occurred only within the top coat. In contrast, at 1000 °C, the shear stress occurred deeper within the coating
than it did at room temperature, moving into the interface region between the top coat and bond coat. The
magnitude of the shear stress at 1000 °C was also slightly lower than that at 23 °C, which can be attributed
to material softening at temperature. These calculations revealed how significant the temperature effects on
material properties impacted the stress distribution within the coating, pushing the depth of max shear much
deeper into the coating, which would create a driving force for deeper wear.
However, the Hertz contact model had its limitations in this specific application; friction was not
negligible as demonstrated by the wear tests themselves. Thus, a finite element (FE) model of the
experimental wear test was assembled in LS-DYNA. FE models are frequently used to better understand
the stresses present under different loading conditions, coating materials, and temperatures. Previously,
Diao, et al. developed a FE model to evaluate sliding contact on a hard coating in order to evaluate the
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maximum shearing stresses and the effect of coating thickness and friction, determining that a hard
interlayer reduced the internal stresses during contact [6]. Similarly, Ahmadian, et al. used FE analysis to
determine that parallel cracking within the top coat prompted coating failure [31]. Building from the success
of prior FE analysis and the friction conditions specified in Table 2.1, a similar FE approach was applied
using the material properties of the specific coating at both room and high temperatures. Using LS-DYNA,
the TBC layers (Figure 2.10a) were modeled and subjected to a vertical indentation and lateral oscillations
matching the behavior in the physical system during the 1000 °C wear tests. This simulation was conducted
over five cycles, in which each cycle accounted for one full oscillation of the indenter back and forth. Each
layer of the coating was modeled with 8-noded hexahedral elements in a 20x20 mesh, such that there were
8000, 4000, and 4000 elements in the top coat, bond coat, and substrate, respectively. Interfacial layers
were connected with a tiebreak surface-to-surface method. A normal load was applied through the spherical
indenter of 5 N, representing the largest test load from the wear experiments.
Figures 2.10b,c show the shear stress distribution of the TBC and the isolated top coat layer and clearly
reveal that the maximum shear stress at 1000 °C occurred close to the interface with the bond coat. The
model identified a max shear stress of the same magnitude, 176 MPa, as calculated via the Hertz contact
model. Furthermore, the finite element model revealed a concentric ring of higher stress in the z (normal)
direction outside the contact area as shown in Figure 2.10d, which aligned well with the adjacent cracks
seen under SEM (Figure 2.4d). Thus, the model confirmed that the distribution of stresses extended beyond
the immediate contact between the coating and indenter.
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Figure 2.10. (a) Graphical representation of the TBC layers modeled in LS-DYNA. A
perspective view of the shear stress of (b) the full TBC and (c) the isolated top coat layer
under 5 N load. (d) The stress in the z-direction within the isolated top coat layer.

This max shear stress of 176 MPa was lower than the typical range (230 to 500 MPa) of fracture strength
published in literature for as-deposited TBC systems [24,32]. However, the fracture strength of freestanding 8YSZ coatings has been demonstrated to be as low as 25 to 77 MPa [33]. It was important to
recognized that the max shear stress from the model occurred after only five cycles and did not reflect the
stress state after the over 19,000 cycles actually conducted in the experiments. However, this large shear
stress early in the test could contribute to fracture and delamination of the coating over the first 1000 cycles
as observed. The SEM images of the wear degradation and the Hertz contact model analysis all indicated
that fracture, damage, and delamination occurred within the 8YSZ top coating. With this knowledge, the
fracture energy (H?? ) was calculated from the maximum shear stress (>123 ) using the equation:
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H?? =

@('% 3

(2.10)

#

where the value x is the crack opening displacement. The stress intensity factor (I?? ) was also calculated
[34,35]:
7B

"/#

I?? = J"'C))! K

(2.11)

The crack opening displacement was measured from SEM images (Figure 2.4) to be an average of 3.48 µm.
The fracture energy and stress intensity factors of the loading scenarios during the testing at 23 and at 1000
o

C are listed in Table 2.5.

Table 2.5. Fracture energy and stress intensity factor calculated with the corresponding
maximum shear stress during the room temperature and high temperature (1000 oC) testing.
Temperature (°C)

Applied Load (N)

LDEF (MPa)

MGG (J/m2)

NGG (MPa/m2)

23
23
23
1000
1000
1000

3
4
5
3
4
5

165.7
182.4
196.4
148.8
163.8
176.4

288.6
317.7
342.1
259.2
285.3
307.2

4.03
4.23
4.39
3.53
3.71
3.85

In a previous study, Xu, et al. were able to correlate the nominal shear stress to interfacial properties,
fracture energy, and critical stress intensity factor during finite element simulated island shear testing. Xu,
et al. noted the fracture energy and critical stress intensity factor ranged from 260 to 290 J/m2 and from 5.2
to 5.5 MPa/m2, respectively, for a similar, flame-sprayed 8YSZ TBC. In this work, Xu, et al. also
thoroughly characterized other flexural, tensile, and pushout studies in literature, which importantly
demonstrated variation in these values based on the specific bond coat and substrate materials used and on
various annealing treatments [35]. The fracture energy and the estimated stress intensity factors after a few
cycles (Table 2.5) were almost equivalent to the critical values identified by Xu, et al. In fact, the estimated
stress intensity factors from both room temperature and high temperature fit with the range of the reported
variation of critical stress intensity factors with different TBCs documented in literature (0.67 to 7.21
MPa/m2) [36,37]. These stress intensity factors would suggest the rapid, almost immediate delamination of
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the 8YSZ top coat in the wear testing, but the occurrence of such severe degradation at 1000 °C only
strongly implied another active temperature-dependent stress mechanism; i.e., the coating residual stress
state.
Residual stress can be accumulated due to thermal expansion and thermal stress mismatch between the
coating layers and can encourage early fracture. Other studies have documented both compressive residual
stresses up to 250 MPa in magnitude and tensile residual stresses up to 100 MPa within TBCs [32,38,39].
Thus, it is necessary to revisit these TBC specimens to quantify the specific residual stress state in future
work to fully understand the potential impact on the wear response; however, calculations of coating layer
thermal stress hinted at a significant mismatch between the 8YSZ top coat and NiCoCrAlY bond coat,
which would contribute to the residual stress state. Recent studies of the thermal properties of thermal
barrier coatings identified the thermal expansion coefficient (O) of the each of the different coating layers
used this particular specimen, as listed in Table 2.6 [40,41]. From these coefficient values, the thermal stress
experienced by each layer was calculated as well using the equation:
?H =

I 7 JH
"'5

(2.9)

where ?H is the thermal stress and ΔT is the thermal gradient [41]. The difference between the expansion
coefficient and thermal stress of the top coat and the remaining two coatings was readily apparent. The
bond coat and the substrate had coefficient values that were nearly the same, meaning that as the specimen
heated up, they would expand similarly. However, the top coat had a lower coefficient and a lower thermal
stress and could not expand to match the bond coat beneath it. This top coat / bond coat interface must
rectify a nearly 4 GPa thermal stress mismatch between the layers, setting up a significant residual stress
state. It was commonly discussed in literature how the stress condition along this interface contributes to
delamination [12,22,42], such as work by Zhao, et al., which demonstrated how varying rates of thermal
expansion among coating layers led to spallation [43].
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Table 2.6. The thermal expansion coefficients of each layer within the specimen as
identified in previous studies [40,41] and the corresponding free material thermal stress
state at 1000 °C.
Material
8YSZ Top Coat
NiCoCrAlY Bond Coat
HR-224 Substrate

TEC
(10-6 / oC)
12
17.9
18

Thermal Stress
(GPa)
0.74
4.64
2.84

This collection of experimentation, finite element simulation, and supporting literature thus unveiled
the coupled thermomechanical mechanisms underpinning the wear of 8YSZ TBCs. The critical components
of the wear degradation are temperature, which established a thermal stress disparity between coating
layers, and applied load, which correlated with greater wear rates and larger localized shear stresses. Further
enabled by moderate softening of the materials at ultra-high temperatures and a larger depth of max shear,
the local shear stresses grew in magnitude to meet the critical stress intensity factor. At which point, fracture
within the TBC initiated and grew. In contrast, at room temperature, the localized shear stresses remained
low, without a contribution of thermal mismatch stresses and were insufficient to meet the critical crack
initiation conditions.

4. Conclusions
Here, the coupled thermomechanical mechanisms of wear of 8YSZ thermal barrier coatings were
investigated through wear testing of coatings under load at 23 and 1000 °C. Severe wear was observed at
1000 °C, indicating the degradation was primarily governed by a temperature-dependent mechanism.
Optical and SEM imaging and EDS mapping were able to identify the extent and characterize the severity
of wear damage. To elucidate the localized stresses induced by the mechanical wear, Hertz contact and
finite element models were used to readily analyze the data gathered in tribological testing to locate the
depth of maximum shear stress within the coating layers. However, the crucial factors in TBC wear and
delamination were the presence of a significant thermal stress mismatch between the coating layers and
large mechanical loads. The estimated stress intensity factors for wear experiments and simulations with a
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load range from 3 to 5 N varied from 3.53 to 3.85 MPa/m2 after only a few cycles, which were found to be
only just below commonly reported critical stress intensity factors for crack initiation. Thus, the
experiments and simulations indicate severe wear and delamination of YSZ TBCs under a sustained,
oscillating mechanical load will occur rapidly.
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CHAPTER 3: PREDICTING RESIDUAL STRESSES
IMAGE CORRELATION

IN

THERMAL SPRAY COATINGS

BY

DIGITAL

1. Introduction
Thermal spray coatings are used in a wide variety of applications to improve surface thermal,
mechanical, and chemical properties [1,2]. While the function and durability of coatings depend on many
parameters including coating thickness, roughness, and residual stress [3,4], these properties, and stress in
particular, are difficult to ascertain in real time during coating preparation and application. Indeed, the
most widely accepted residual stress evaluation techniques are ex-situ and frequently destructive, such as
Raman spectroscopy [5] or X-ray diffraction (XRD) [6] of cross sectioned samples. A robust monitoring
technique that could evaluate some these properties in real time would have positive implications for
coating durability and consistency and eliminate the need of destructive testing. In this work, we
demonstrate digital image correlation (DIC) enabled methods for in-process monitoring of thermal spray
systems that are able to probe coating surface profile and residual stresses.
Residual stress, caused by nonuniform heating and thermal expansion and lattice mismatch between
substrate and coating, is often measured in laboratory settings by Raman spectroscopy [5] or XRD [7,8]
techniques, although neither technique is suitable for in-process applications in harsh manufacturing
environments. An alternative method of measuring residual stresses by specimen curvature during
processing was first introduced by Matejicek [9] and used by many others [10,11], although this required
prior knowledge of mechanical properties for the substrate and coating. In this method, a beam is
supported on one or both ends, and curvature is measured with displacement sensors affixed to the back
of the specimen as the front is coated [9] or with various non-contact optical or laser techniques [12,13].
In particular, the non-contact methods have demonstrated surface-profile measurements to accuracies on
the order of 10-100 µm, although they may struggle to provide full-field surface measurements [12,13].
The tediousness and difficulty of mounting wired sensors to coating samples limit widespread use.
Measured curvature may be coupled with deformation models to provide residual stress contours
throughout the sample thickness. In this work, this model is extended from bi-layer coating systems to
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arbitrarily multilayered coating systems as described in Section 2.1. Implementation of the curvature
method with non-contact, full-field surface profile measurements would enable simultaneous, real-time
measurement of coating curvature and thus residual stress and also eliminate the requirement for wired
sensors, improving upon existing methods or destructive techniques.
Curvature methods have proven effective in holistically measuring residual stress gradients but fail to
capture microscopic mechanisms that alter residual stresses. For instance, the tetragonal to monoclinic
(! → #) phase transformation within yttria-stabilized zirconia (YSZ) thermal barrier coatings (TBC)
results in volume expansions and may significantly alter residual stress [14]; this transformation has been
observed after aging at temperatures above 1300 °C for several hundred hours [6,15]. Low temperature
! → # transformation below 425 °C has been observed in 5 mol %YSZ (5YSZ) [16], although not for the
higher concentration 8 mol% YSZ (8YSZ) commonly used in TBC systems and tested in this study.
However, after annealing at high temperatures, the metastable 8YSZ !′ phase segregates into yttria-lean
and yttria-rich ! phases [17], of which the lean phase may undergo the ! → # transformation at lower
temperature. Complementary XRD [6] or Raman spectroscopy [15,16] studies are therefore essential to
identify the ! → # transformation within the TBC systems.
Initially developed in the field of experimental mechanics, the three-dimensional DIC (3D-DIC)
technique is an optical non-contact measurement procedure that processes stereoscopic images of
specimens to extract surface profile and deformation information [18]; full-field measurements are
obtained by dividing a larger area of interest in the images into small subsets and matching surface
features of each subset in images acquired throughout the experiment through numerical optimization
algorithms [19]. For any given pair of images in which the surface coating is perturbed (such as during
coating deposition), surface contour, curvature and position can be extracted. On the other hand, if the
surface pattern remains unperturbed, deformation measurements may also be obtained. Under ideal
conditions with appropriate lighting and high contrast surface patterns, 3D-DIC methods measure surface
profiles to an accuracy of 1/20,000th of camera-object distance [20,21], which for a reasonable camera-
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object distance of about 500 mm, corresponds to an accuracy of approximately 25 µm. Thus, 3D-DIC
presents a novel route for residual stress measurement; the DIC-obtained curvature may be converted to
residual stresses. Due to the versatility of the 3D-DIC method, residual stress measurements are
demonstrated at temperatures up to 800 °C.

2. Research Methods
2.1. Curvature-Based Residual Stress Measurements for Multi-Layered Coatings
The theoretical and experimental basis for studying residual stresses of bilayered plasma-sprayed
coatings is well established (e.g., [9,22,23]); however, these models are deficient for complex multilayered coating systems that are widely employed in industry, such as thermal barrier coating systems
with top coat, bond coat, and substrate layers, or other functionally graded coating systems. Here, a
curvature-based residual stress model for arbitrarily multi-layered coating systems is derived from EulerBernoulli beam theory. For this work, the multi-layered model is reduced to & = 3 layers to extract
residual stress data for a thermal barrier coating system with top coat, bond coat, and substrate layers.
Although elementary, this derivation is presented in brief due to the importance of residual stresses in the
performance of multi-layer coating systems and the absence of such models in the literature.
First, the geometry of an arbitrarily-layered beam (Figure 3.1) is assumed. Using the Euler-Bernoulli
beam theory conventions, a linear and continuous strain distribution is assumed in the form [9,10]:
*!! (,) = -" , + -# .

(3.1)

Given this deformation gradient, force and moment equilibria conditions are satisfied with the
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where 0$ and 8$ are the elastic modulus and coefficient of thermal expansion for the ? *+ layer, and Δ: is
the deviation from equilibrium temperature. The strain gradient parameters -" and -# are easily
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determined with this relationship given the mechanical properties of each layer. Using linear-elastic and
isotropic relationships within each layer, the residual stress at a given point in the ? *+ layer is found in
terms of mechanical properties:
,-.$/012 (,)
@!!
= 0$ × (*!! (,) − 8$ Δ:).

(3.3)

By geometric inspection, it can be shown that the unknown parameter -" is equivalent to the specimen
curvature
"

-" = 3 = B!! ,

(3.4)

where D is the surface’s radius of curvature.
This set of equations may be used to extract residual stresses by three different means. First, the
stresses may be solved theoretically only in terms of mechanical properties and specimen dimensions.
Second, experimental curvature measurements may provide -" , enabling the solution of -# using one of
the equilibrium conditions in Eq. 3.2. Finally, if DIC strain measurements are obtained at the equilibrium
temperature, surface strain measurements may be converted directly to residual stresses after subtracting
thermal expansion strains.

Figure 3.1. n-layered composite beam model for residual stress calculations.
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2.2. Accuracy of 3D-DIC Curvature Measurements for APS Coatings
The accuracy of 3D-DIC techniques for curvature measurements on a sample of APS coating was
first verified. Experiments involved a thermal barrier coating (TBC) specimen of 8YSZ with a bond coat
of NiCoCrAlY on a HR 224 nickel alloy substrate. For validation, sample curvature was measured using
a tribometer as a surface profiler by scanning a sharp indenter tip over the surface profile (UMT 3, Bruker
Nano). The profiler applied a constant contact force of 1 N, sufficient force to maintain probe contact
without deforming the sample. Height and spatial accuracy on the profiler were found to be better than 1
µm.
As intrinsic DIC surface patterns generally possess inferior contrast to artificially generated patterns
(e.g., spray paint application), the influence of various experimental imaging parameters was assessed to
optimize the use of 3D-DIC for surface profile measurement. First, optimal camera-object distance was
determined experimentally by adjusting camera-sample distance and comparing extracted surface profiles
to reference profile measurements. The TBC sample was imaged at distances between 300 and 900 mm
and analyzed with 3D-DIC to compute the apparent surface profile. Multiple images were captured at
each camera distance without moving the sample, and artificial displacements between images at each
distance were used to quantify the in-plane and out-of-plane accuracies of each measurement.
Comparison in measured sample height between the DIC and reference profiles was used to holistically
prove convergence of the 3D-DIC measurements. Average curvatures were computed and compared from
the 3D-DIC and reference data by fitting circular profiles to the data using a least-squares method.
As summarized in Table 3.1, all DIC experiments used dual 5 megapixel CCD cameras (PointGrey
Research) with 50 mm compact lenses (Schneider Kreuznach). The 3D-DIC setup was configured to
increase depth of field as well as minimize noise and distortion from convective currents by using small
apertures, relatively long exposure times and low-heat LED lighting. It was determined qualitatively that
oblique flood lighting at angles of approximately 30° improved correlation results by exaggerating
shadows caused by coating surface roughness.
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Table 3.1. 3D-DIC parameters.

Cameras
Lenses
Exposure
Aperture
Stereo angle
Subset Size
Step Size
Software

Imaging Parameters
5 megapixel CCD (PointGrey)
50 mm compact lens (Schneider)
5 ms
f/8
~25°
3D-DIC Analysis
41 px
7 px
VIC-3D

2.3. Influence of Phase Transformation and Temperature on Residual Stress
Residual stress of the TBC sample was obtained by the non-contact 3D-DIC curvature method at
temperatures between 22 °C and 900 °C after repeated annealing cycles to induce a phase transformation
within the YSZ top coat. Curvature was first obtained after two three-hour annealing treatments at 1200
°C (totaling 6 hours) in ambient conditions, which established an equilibrium temperature for thermal
expansion and relieved quenching-based residual stresses in the NiCoCrAlY bond coat [8]; the sample
was exposed to 900 °C for approximately 20 minutes in subsequent annealing treatments. In-situ
curvature measurements were obtained during subsequent heatings up to 800 °C and 900 °C as outlined in
Table 3.2. Notation in Table 3.2 concisely describes the annealing state. A description of “2x 1200 °C”
indicates two, 3-hour annealings at 1200°C while a description of “2x 1200 °C (6 hrs) + 1x 900 °C (20
min)” indicates an additional 20-minute annealing to 900 °C. The 3D-DIC curvature measurement
method is depicted in Figure 3.2. The TBC specimen was mounted at one end to an alumina plate with
high temperature cement (Omega Engineering) to minimize artificial curvature constraints. After heating
to a designated temperature in a box furnace (MTI Corporation), the sample was allowed to equilibrate
for 15 minutes, and the furnace door was gently opened to acquire images. Approximately 30 images
were captured at each temperature over a period of 10 seconds, and the furnace was subsequently closed
and heated to the next temperature. Heating and cooling rates were less than 5 °B/#?&.
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Image distortion due to mixing of air at the furnace threshold was controlled in two ways. First, the
specimen was positioned at the front and bottom of the furnace to minimize the amount of air mixing
between the samples and camera, and a fan forced air upwards across the furnace opening to promote
even and faster mixing [24]. Second, all images at each temperature were averaged on a pixel basis to
eliminate distortion caused by random convective currents. Y-direction curvature was extracted by fitting
circular profiles to the surface profiles obtained at each temperature using a least-squares scheme. Xdirection curvature was ignored due to relatively small dimension and complex boundary conditions
imposed by the cement base (Figure 3.2).

Table 3.2. Curvature test matrix. DIC measurements acquired throughout entire
temperature range unless otherwise noted.
Starting Anneal state

Temperature Range

2x 1200 °C (6 hrs)
2x 1200 °C (6 hrs)
2x 1200 °C (6 hrs), 1x 900 °C (20 min)
2x 1200 °C (6 hrs), 1x 900 °C (20 min)
2x 1200 °C (6 hrs), 2x 900 °C (40 min)

22-800 °C
22-900 °C
22-800 °C
22-900 °C
22-900 °C

Curvature measurements during:
Heating?
Cooling?
✔
✔
✔
✔
✔ (at 25 °C)
✔ (at 25 °C)
✔ (22-800 °C)
✔ (22-800 °C)

Figure 3.2. Experimental setup to measure curvature of the 8YSZ / NiCoCrAlY / HR224 sample. Sample is 12 x 25 mm in size and positioned with the as-deposited top coat
facing the cameras.
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XRD patterns of the top coat were obtained at various stages of annealing using a powder
diffractometer (X’Pert Panalytical Pro MPD, Philips) with monochromatic copper radiation at 45 kV and
40 mA. Diffraction measurements were obtained at 2I = 5 − 80° in 0.05° steps, which enabled
identification of phase content within both the 28° < 2I < 32° and 72 < 2I < 76° regions. Results from
3 scans at each annealing state were averaged to reduce noise. A Reitveld refinement scheme was
performed with monoclinic, tetragonal, and cubic phases using the Profex-BGMN software package to
determine composition and lattice parameters.
Residual stress was computed from the curvature measurements using Equations 3.1-3.3. The TBC
sample had nominal 8YSZ top coat thickness of 250 µm, NiCoCrAlY bond coat thickness of 200 µm, and
HR-224 substrate thickness of 1000 µm. While thin (<5 µm) oxide layers were observed on the exposed
back surface of the superalloy substrate as well as at the interface between the top coat and bond coat, the
contribution of these layers to bending stiffness was considered negligible compared to the much thicker
primary constituent layers.
Computations used experimental values for elastic moduli and literature values for thermal expansion
coefficients. High-temperature nanoindentation (NanoTest Vantage, Micro Materials) with a cubic boron
nitride (cBN) Berkovich indenter and microindentation (UMT 3 tribometer, Bruker Nano) with a
Sapphire Vickers indenter were used to probe the temperature dependence of elastic moduli of the top
coat, bond coat, and substrate in the TBC sample at temperatures between 22 °C and 900 °C. Stiffness
information of each layer was extracted from the nanoindentation force-displacement curves with the
Oliver-Pharr method [25]. Calculations assumed temperature-insensitive elastic modulus and Poisson’s
ratio of 800 GPa and 0.12 for the cBN indenter and 375 GPa and 0.24 for the sapphire indenter [26] and
Poisson’s ratios of 0.31, 0.31, and 0.3 for the top coat, bond coat, and substrate of the TBC sample [8,27].
Nanoindentation load was 50 mN to produce deep indents that sampled material across many grains, and
microindentation load was 3 N. Coefficients of the thermal expansion of 12.0, 17.9 and 18.0 × 1045 /°B
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were obtained from the literature for the top coat, bond coat, and HR-224 substrate [28,29].

2.4. Accuracy of 3D-DIC for APS Coatings
The surface profile of the TBC sample was obtained by 3D-DIC at different camera distances, as
plotted in Figure 3.3a. It was found that for camera-sample distances below 600 mm, the observed surface
profiles converged toward an identical, approximately parabolic profile. For unknown reasons, the
profiles obtained at higher camera-sample distances possessed exaggerated curvature. Profiles obtained
from larger camera-sample distances displayed pronounced local and systematic deviations from this
profile. These profiles were compared to tribometer measurements (solid line in Figure 3.3a) and showed
that the 3D-DIC measurements at camera distances less than 600 mm indeed converged toward the actual
surface profile.

Figure 3.3. Assessment of 3D-DIC surface profile measurement accuracy as a function
of camera distance. (a) Comparison of measured surface profiles as a function of camera
distance (colored circles). The surface profile obtained by profilometer is displayed as a
solid black line. (b) Standard deviation in in-plane position (blue circles) and out-of-plane
position (red squares) measurements.
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The accuracy of 3D-DIC profile measurements was further quantified by computing phantom
displacements between images captured without moving the sample or camera. Errors associated with inplane and out-of-plane position were separately computed and are plotted in Figure 3.3b. Positional error
demonstrated similar trends as a function of camera-sample distance with best performance at distances
less than 600 mm; although, error associated with out-of-plane measurements was consistently higher.
The standard deviation associated with in-plane position was less than 2.4 µm for all camera-sample
distances less than 600 mm and thereafter increased to 5.6 µm at a distance of 910 mm. Standard
deviation of the out-of-plane position was less than 6.8 µm for distances less than 600 mm and increased
to 39 µm at distance of 910 mm.
Of particular relevance to the computation of residual stress, average curvatures were extracted from
the profilometer and 3D-DIC (distance = 600 mm) surface profiles. These two methods produced radii of
curvature equal to 347.3 ± 8.6 and 361.9 ± 1.4 mm, respectively; the difference between these
measurements was 4.2 %. Since residual stress in plasma sprayed coatings was a linear function of
curvature, this measurement suggested that 3D-DIC measurements may be used to compute residual
stresses to similar accuracy.
Several important trends emerged from these results. Most obviously, there existed a limit to the
accuracy of 3D-DIC profile measurements such that further improvements could not be achieved with
reductions in camera-sample distance. Accuracy plateaued at values of 8.8 µm (based on vector addition
of in-plane and out-of-plane accuracies) for camera distances below 600 mm. Since the DIC method
computed surface profiles by averaging the location of micro-scale textural features (i.e., surface
roughness) within a subset, it was concluded that surface roughness physically governed the accuracy of
3D-DIC measurements on the plasma sprayed coatings. This finding contrasted with conventional DIC
experiments that use artificially generated surface patterns, in which both camera-sample distance and
feature size may be reduced to improve accuracy.
Second, the accuracy of the 3D-DIC APS measurements compared favorably with other

55

measurements in the literature. Using a 99 % confidence level on total positional error, these results
suggested a maximum error of 22.6 µm, or 1/26,500th of camera-sample distance. This value was slightly
better than found in the literature [20] and emphasized that the surface profile of APS coatings may be
accurately measured with 3D-DIC without artificial surface patterns. Based on the limitations imposed by
surface roughness, it was anticipated that rougher coatings would demonstrate slightly worse
performance.

3. Residual Stress Measurements of TBC sample
Non-contact residual stress values on the TBC sample were obtained via 3D-DIC and compared to the
Euler-Bernoulli model for residual stress. The TBC sample was heat treated at 1200 °C for 6 hours to
establish an equilibrium temperature, at which temperature creep eliminated residual stresses and
curvature [8]. Upon cooling the specimen demonstrated pronounced convex curvature on the top coat
surface due to thermal expansion misfit.

3.1. Curvature Measurement by 3D-DIC
TBC curvatures at elevated temperatures after different annealing treatments are reported in Figure
3.4, which showcases a complex relationship between temperature and curvature. Most obviously, the
curvatures exhibited primarily linear decreases with temperature from 22-800 °C regardless of heat
treatment; slope of this relationship remained unchanged for all heat treatments at −2.43 ± .141 ×
∘

1045 ##4" B 4" . Extrapolation of the linear curvature trends suggested an equilibrium temperature of
above 1500 °C that was well above the initial annealing temperatures, which hinted at either nonlinearity
in material properties above 900 °C or permanent deformation.
However, treatment above 800 °C enhanced room-temperature curvature. This repeatable effect was
demonstrated by three annealings at 900 °C, which resulted in increases in room temperature curvature of
4.2, 1.1 and 1.0 × 1047 ##4" , and measurable increases in curvature did not occur when heated to only
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800 °C. We note that although the last two increases were less than the 4.2 % measurement error
determined in Section 2.4, the increases in curvature were persistent at all temperatures and verified by
profilometer at room temperature. More precise identification of the critical temperature associated with
this increase in curvature was somewhat hindered by measurement error; although, examination of the
green 2x 1200 °C trial in Figure 3.4 suggested this increase occurred above 850 °C as curvature jumped to
be in line with the 2x 1200 °C + 1x 900 °C treatment curve. In contrast, after heating to only 800 °C
(Table 3.2), no measurable increase in curvature at any temperature between heating and cooling curves
was observed for the blue 2x 1200 °C + 1x 900 °C trial.

Figure 3.4. 3D-DIC enabled curvature measurements of the TBC sample at various
stages of annealing. Solid circles indicate measurements obtained during heating, and
open circles indicate measurements obtained during cooling.

3.2. High Temperature Mechanical Characterization of TBC Sample
The calculated elastic moduli were determined based on the unloading curves obtained from
indentation according to the Oliver-Pharr method [25], as shown in Figure 3.5 and are presented in Figure
3.5c as a function of temperature up to 900 °C. The three constituent materials demonstrated
approximately linear softening trends up to 900 °C, which was consistent with findings for 8YSZ in the
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literature [27]; the average moduli decreased from 54.9 to 43.5 GPa in the 8YSZ top coat, from 222.1 to
181.3 GPa in the NiCoCrAlY bond coat, and from 111.2 to 86.2 GPa in the HR-224 substrate. Error in
these measurements was about 9 % for each measurement as indicated by error bars in the figure. The
jump of the substrate average modulus at 400 °C remained within the deviation of the observed trend. The
impact on the moduli due to phase transformation and yielding was considered. Although the T to U phase
transformation has been observed in NiCoCrAlY bond coats between 600 and 800 °C [8], no effect on
material stiffness was observed. This softening trend has important implications in explaining residual
stress relaxation at elevated temperatures, which is discussed further in Section 3.4.

Figure 3.5. Determination of high-temperature TBC mechanical properties via
indentation. Selected indentation loading curves from (a) the 8YSZ top coat (TC) and (b)
the NiCoCrAlY bond coat (BC) at temperatures that demonstrate reductions in stiffness
and yield stress with temperature. (c) Elastic moduli of the three constituent layers up to
900 °C.

3.3. Phase Composition Evolution of TBC
Phase content within the top coat was determined using XRD over diffraction angles 2I = 5° to 80°,
and a narrow region of these patterns is shown in Figure 3.6a to highlight the growth of monoclinic
phases during heat treatment. Phase composition for corresponding heat treatments determined using
Reitveld refinement methods are presented in Table 3.3. The deposited coating was somewhat impure,
containing measureable amounts of both cubic - and monoclinic # phases in addition to tetragonal
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phases. Monoclinic content within the top coat increased from 1.6 % in an untreated state up to 2.8 %
after 2x 1200 °C and 2x 900 °C annealing treatments, indicating a ! → # transformation; at the same
time, - content diminished with increasing heating to trivial amounts. Trends in ! were unclear, possibly
due to strong overlap between these peaks. Monoclinic content decreased after mechanical removal and
pulverization of the top coat.

Table 3.3. XRD computed phase composition.
Annealing State
Untreated
1x 1200 °C
2x 1200 °C, 2x 900 °C
1x 1200 °C, Pulverized

!
93.2 ± 0.6 %
97.9 ± 0.3 %
94.6 ± 0.4 %
84.6 ± 0.6 %

"
5.2 ± 0.5 %
0.3 ± 0.2 %
2.6 ± 0.4 %
14.6 ± 0.6 %

#
1.6 ± 0.2 %
1.7 ± 0.2 %
2.8 ± 0.2 %
0.8 ± 0.5 %

Figure 3.6. Phase composition analysis by XRD. XRD patterns between 20° and 40° at
V ) and # (1 1 1) peaks marked at 2I =
various stages of heat treatment, with # (1 1 1
28.2° and 31.5° by vertical lines.

The peak locations shifted subtly to smaller 2I with increasing heat treatment. Since XRD
measurements were obtained on the planar top surface of the TBC sample, the decrease in 2I indicated
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tensile lattice strains in the coating thickness direction; these effects could be construed as Poisson’s ratio
effects due to in-plane compression with increasing heat treatment. By tracking the combined
!(1 0 1), and -(1 1 1) peaks at ≈ 30.2°, out-of-plane strains of X%% = 0.16% and 0.25% were obtained
for the 1x 1200 °C and 2x 1200 °C + 2x 900 °C treatments. Assuming a Poisson’s ratio of 0.31 for the top
coat (Section 0 [8,27]) and linear elasticity, these peaks would correspond to in-plane surface compressive
strains of X!! = 0.51% and 0.80%. Using the beam curvature model outlined in Section 2.1 and room
temperature mechanical properties outlined in Section 3.2, these surface strains would correspond to
changes in curvature of 0. 0074 and 0. 012; these curvatures were larger than those measured in Section
3.1 by a factor of 2.6. Moreover, the XRD-measured surface compression strains were larger than could
simply be explained by the small volume fraction of # phase. Thus, it was concluded that in addition to
the ! → # transformation, other mechanisms contributed to changes in curvature.

3.4. Residual Stress Calculations
Residual stress was determined by two different methods. First, the Euler-Bernoulli model derived in
Section 2.1 was solved using a system of linear equations to identify the unknown coefficients C1 and C2
in Equations 3.1-3.3. Second, 3D-DIC-derived curvature data were used to directly calculate the unknown
coefficient C1 within the model and then the residual stress. “Theoretical” residual stresses from the beam
model were compared to the curvature-based experimental results (Figure 3.7). The compressive residual
stress determined by the Euler-Bernoulli model was linear with temperature and indicated that all residual
stress would be relieved by 1200 °C. Residual stresses computed by 3D-DIC curvature followed a similar
linear trend and showed slight increases in residual stress with increasing heat treatment that closely
matched changes in curvature (Figure 3.4). By this calculation, the residual stresses within the coating
would be fully relieved at 1200°C, which was caused by the assumption of equilibrium temperature; in
contrast, curvature measurements demonstrated no such trend.
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Figure 3.7. The compressive residual stress determined based on a Euler-Bernoulli
model and with 3D-DIC curvature data of a TBC specimen over repeated heating and
cooling treatments. The solid black line is the trendline associated with the Euler
Bernoulli theoretical data.

4. Discussion
We have demonstrated the unique capability of 3D-DIC as a system for obtaining curvature
measurements and conducting residual stress calculations in harsh plasma spray coating environments.
These achievements have many implications for spraying applications and understanding of TBC
mechanical behavior at high temperatures.

4.1. Accuracy of Measurements
The 3D-DIC system demonstrated repeatable and facile surface profile measurements with curvature
measured within 4 % of tribometer profile measurement. While the profile measurements obtained by 3DDIC were comparable to those of the profilometer methods, the 3D-DIC method demonstrated a key
advantage in speed of acquisition. After camera setup, only a single pair of images was required for
profile extraction. In contrast, measurement with alternative profilometer or confocal microscope
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techniques would demand multiple line scans to inspect similarly sized regions of interest. For specific
applications that demand only ~10 µm precision, such as determination of macroscopic surface contours
of thermally sprayed systems, 3D-DIC inspection would serve as a high-throughput, high-accuracy
alternative. On the other hand, 3D-DIC measurements were limited by camera resolution and intrinsic
spatial averaging of surface profiles over subset domains and would therefore be infeasible for
measurements of microscopic roughness. These encouraging results complement studies by McNeill, et
al. [20] and others [18,19,20] who have demonstrated the potential of DIC for reliable surface profile
measurements. Based on these promising findings, 3D-DIC techniques could be reliably applied to a wide
variety of APS coatings.

4.2. Temperature- and Phase-Transformation Induced Curvature
As discussed in Section 3.1, anomalous increases in TBC curvature occurred upon heating above 800
°C. XRD measurements provide evidence of the expansive ! → # transformation within the top coat that
partially explained curvature evolution. However, complementary mechanisms are required to fully
explain these changes.
One possible but unlikely cause for increases in curvature was growth of oxide layers at elevated
temperatures; if these oxide layers formed on a curved sample, they could contribute to progressive
increases in curvature. However, the constituent materials, being designed for operation at 1200 °C, were
mostly stable at the experimental temperatures. Weight measurement before and after heating to 900 °C
(after the initial 2x 1200 °C annealing) revealed weight loss of 0.05 %, indicating that the initial annealing
treatments had formed stable and fully-developed oxide scales and that only insignificant loss of material
was observed. Moreover, the oxide layers would be too small to contribute significantly to curvature;
thickness of the TGO layer on the bond coat / top coat interface as well as the oxide scale on the uncoated
face of the substrate were less than 5 µm.
As observed by Chen, et al., there exists a well-defined T to U transformation in NiCoCrAlY between
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600-800°C that results in expansion of the bond coat upon cooling, and therefore, may increase curvature.
However, these strains were found to result only after quenching from high temperatures [8]; slow
cooling throughout the experiment mitigated this effect by allowing stress release through creep. It is
unlikely that this phase transformation had any significant effect on curvature during heating to 900 °C.
The key limitation of the theoretical model calculations was the assumption of linear elasticity and
absence of stress relaxation at all temperatures. According to more complex material models, regions of
the coating under tensile stress could elongate and enhance curvature. Residual stresses using the linear
elastic model with experimental mechanical properties at 900 °C and actual sample geometry are
calculated and shown in Figure 3.8, which revealed average compressive stress of 58 MPa in the top coat
and average tensile stress of 57 MPa in the bond coat. In light of the experimental results, stresses in the
tension-loaded bond coat are of particular relevance.

Figure 3.8. Estimated residual stress at 900 °C using trilayer beam model in Equations
3.1-3.3.

Prior work in the literature has shown creep initiation in NiCoCrAlY bond coats at 850 °C at stresses
below 15 MPa [30]; presumably, the critical creep stress would continue to decrease at higher
temperatures. Within the context of this work, tensile residual stresses in the bond coat must exceed the
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temperature-dependent critical creep stress to initiate this curvature-enhancing mechanism. Presumably
this criterion was not satisfied at temperatures below 800 °C but was satisfied at higher temperatures.
Importantly, this mechanism would also explain the diminishing increases in curvature in successive
heating to 900 °C; creep in the bond coat would reduce residual stresses in the coatings below the critical
value, at which point the curvature would no longer increase.

4.3. Coupled Stress- and Temperature-Induced Phase Changes
Experimental results in this work demonstrated that the ! → # transformation within the 8YSZ
coating occurred with increasing heat treatment above 800 °C and that this transformation was somewhat
reversible upon the release of residual stresses. The monoclinic phase content increased to 2.6 ± 0.4 %
after 2x 1200 °C (6 hrs) + 2x 900 °C (20 min) heat treatment, which was much higher than the 0.50 −
1 #Z[% equilibrium # content reported in other works [31,32]; although, this current study involved
annealing at higher temperatures for shorter duration than in [31] (up to 1200 °C for ~6 hours compared
to 155 °C for 48 hours). A key difference, however, was the much higher residual stresses in the YSZ
coating in this current study of ≈ −300 \]^. What was the source of ! → # transformation?
Since deposition and annealing temperatures remained well below 1300 °C with short annealing
times, the mechanism of the observed ! → # transformation was certainly different than equilibration
during long (upwards of 1000 hours) annealing times at higher temperatures [6]. In fact, even if the YSZ
coating were briefly heated above 1300 °C, the ! → # transformation would occur much more slowly
than observed in this work [15].
In other works, the ! → # transformation has occurred in yttria-lean ! phases (4-6 mol% YSZ). Using
empirical relationships developed by Ilavsky and Stalik [32], the yttria content within the tetragonal phase
may be determined using the lattice parameters:
#Z[% _`".9 = (1.0225 − -/^)/0.001311.

(3.5)

The composition of the YSZ coating was determined to be 7.44 #Z[% and 7.06 #Z[% in the
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untreated and 2x 1200 °C + 2x 900 °C annealed states, respectively; no ! → # transformation has been
previously reported for this yttria concentration. Additionally, the tetragonal composition in yttria-lean
YSZ would be regenerated upon heating above T0 temperature, and # generation depends on cooling rate.
Since identical cooling rates were achieved and yttria concentration remained high, this mechanism
inadequately explains the growth of monoclinic phase.
In summary, these findings suggest an alternative transformation mechanism that may be related to
the high residual stresses within the YSZ coating. The complexities of this experiment due to multiple
coating layers made it difficult to fully isolate mechanisms of the phase transformation; future studies are
required to fully explain this mechanism.

4.4. Residual Stress
High fidelity, facile curvature measurements enabled accurate measurement of residual strains as a
function of temperature. Coupled with independent property measurement at high temperatures, the
residual stresses within a TBC sample were determined to 5 % accuracy (±9.3 MPa, based on curvature
accuracy at room temperature). In agreement with other studies [31,33], it was observed that the TBC was
under a compressive stress in as-deposited condition due to thermal misfit with the HR-224 substrate.
Yang, et al. observed a compressive stress of the TBC layer of about 130 MPa, less than the
approximately 300 MPa compressive stress observed in this study [33]; however, this difference may be
attributed to different sample thicknesses and to the reverse phase transformation, # → !, which was
accompanied by a volume shrinkage and reduction of curvature. In contrast, Scardi, et al. observed a ! →
# transformation and progressive increase of compressive stress with temperature, but the magnitude of
the stress was much lower, about 30 MPa [31]. As previously discussed, this difference in residual stress
may be explained by the different monoclinic phase content; however, further scrutiny of the cause of the
transformation is needed to identify the source and understand the impact of annealing temperature and
duration.
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In this study, the linear trend displayed in Figure 3.7 suggests that the compressive residual stress was
relieved by 1200 °C as predicted by the Euler-Bernoulli model. While the theoretical model did agree
with the initial experimental test using 3D-DIC (within 5 % difference), progressive heating, which was
observed to lead to coupled phase-temperature induced phase changes, increased the residual stress
gradually to values approximately 16 % different from the theoretical data. With future studies to enhance
understanding of the mechanisms of the observed ! → # transformation, these mechanisms can be
addressed within the model to introduce a corresponding corrective term. Although certain assumptions in
the model such as linear elasticity were insufficient, the residual stress computations proved instructive
and could readily be corrected for more complex material models.

4.5. Implications
Several key implications of this study deserve further investigation. The source of the observed ! →
# transformation, which initiated the increased curvature with heating, may be investigated in order to
derive an appropriate residual stress model, building off the Euler-Bernoulli model presented in this
study. Furthermore, this understanding of the phase transformation would enable greater understanding of
the residual stress evolution above 800 °C.
It must be stated that any inherent limitations with the Euler-Bernoulli beam theory must be
accounted for in examination of the applicability of this residual stress model. Unlike the Timoshenko
beam theory, the Euler-Bernoulli beam theory does not account for shear deformation, limiting its
application to long, thin beam structures [34–36]; for reference, the thickness to length ratio of the TBC
specimens examined in this study was 3:50. However, a Timoshenko beam theory may be considered in
future characterization, particularly of a multilayered beam. Thermal expansion mismatch between
coating layers, such as that noted here between 8YSZ top coat and NiCoCrAlY bond coat, may contribute
to local shear between coating layers, thus highlighting a need for the Timoshenko beam theory.
Curvature and residual stress within the top coat were measured to 800 °C, and linear extrapolation of
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these trends predicted full curvature release above 1500 °C, which was well above the maximum
annealing temperature. The DIC-curvature method could be extended to much higher temperatures with
appropriate UV illumination and narrow-bandpass filters, as per [37], enabling direct measurement of
nonlinear curvature behavior. Indeed, time-dependent curvature and strain related phenomena such as
creep and diffusion-based kinetics could be observed in real time.
Importantly, the capability of 3D-DIC to provide a holistic understanding of APS residual stresses in
real time has important implications for coatings manufacturing and operation. Real time stress
measurements may empower customized manufacturing and operation adjustments to minimize stress
within the coating layers. Such capability may provide more reliable APS coatings while reducing
manufacturing costs and waste. The impact of 3D-DIC residual stress monitoring on manufacturing and
the spraying process will be explored in future studies.

5. Conclusions
3D-DIC was studied in detail as a method for in-situ, real-time evaluation of APS coating curvature
and residual stress. The inherent texture of APS coatings enabled the direct measurement surface profile
during exposure to high-temperature environments. It was found that accuracy of the 3D-DIC
measurements was limited by surface roughness, which governed the minimum feature size available for
surface profile measurement. With appropriate lighting and camera-sample distances, the 3D-DIC
measurements demonstrated positional accuracy of 22.6 µm, or 1/26,500th of camera-sample distance,
which compared favorably to available values in the literature. A residual stress model for multilayered
coatings was derived using Euler-Bernoulli beam theory and linear-elastic material models to predict
residual stress within HR-224 substrate, NiCoCrAlY bond coat, and YSZ top coat TBC system up to 800
°C, and results were compared to experimental curvature measurements obtained by 3D-DIC. The model
compressive stresses matched within 5 % of experimental results after initial heat treatment at 1200 °C
but could not capture increases in curvature after subsequent annealing treatments above 800 °C. The
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increases in curvature were attributed to both creep in the bond coat as well as ! → # phase
transformation within the top coat. The ! → # transformation were unexpected and were suspected to be
induced by both stress and temperature.
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CHAPTER 4: IN-SITU CHARACTERIZATION
MECHANISMS OF THERMAL BARRIER COATINGS

OF

HIGH-TEMPERATURE DELAMINATION

1. Introduction
Thermal barrier coatings (TBCs) are commonly used to increase the durability and operating
temperatures of gas turbines, with the goal of improving engine efficiency and reducing operating cost
[1,2]. Typically, these coatings are multilayered, such as the commonly used yttria-stabilized zirconia
(YSZ) top coat (TC) / NiCoCrAlY intermetallic bond coat (BC) / superalloy substrate TBC system. Each
of the constituent layers has different thermal and mechanical properties, resulting in a complex
strain/stress state during thermal cycling. Moreover, the coating interfaces are generally rough, and the
coatings themselves contain defects and are highly porous [3]. This nonlinearity makes robust numerical
simulation difficult and fully-detailed analytical solutions all but impossible. To date, there has been no
in-situ study to quantitatively relate crack initiation or propagation with respect to the microstructure,
which is essential to validating the boundary conditions and results of finite-element (FE) TBC failure
simulations. Recent synchrotron X-ray approaches have only partially solved this problem; they simply
capture lattice strains without regard to microstructure using high-temperature synchrotron X-ray
diffraction (XRD) [4,5] or alternately capture deformation as a function of microstructure with roomtemperature ex-situ synchrotron X-ray computed tomography (XCT) [6]. These measurements reveal a
nonlinear stress pattern through the coating thickness, but it is not clear how strain relates to
microstructure during thermal cycling.
The failure mechanisms of TBC systems have been widely studied with both FE and post-failure
microscopy techniques. Remarkable scientific progress has been achieved by these methods with regards
to interfacial delamination of TBCs, which generally occurs between the top coat and bond coat or bond
coat and substrate [7–10]. However, these models and experiments assume a homogeneous ceramic top
coat without surface cracks. It has recently been established through FE simulations that small vertical or
horizontal cracks near the TC / BC layer interface can reduce tensile stresses in the thermally grown oxide
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(TGO) layer and inhibit delamination [11]. Periodically spaced surface cracks, which penetrate the top
coat from the free surface to the TGO interface, increase coating compliance, and enhance interfacial
durability [12,13], which is the motivating factor for so-called “Dense Vertically Cracked” (DVC) TBCs.
It can be expected that surface cracks may significantly alter the failure mechanisms of TBCs in ways that
have not been studied.
Second, the role of microstructural variation on TBC failure is not well understood. Coatings
deposited by air plasma spray (APS) contain a microstructure with many pores, cracks, and inter-splat
voids [3], which are potential failure initiation sites. Some of these features, in particular the inter-splat
voids, are oriented parallel to the TC/BC interface, and large defects may redistribute stress away from
the TGO and inhibit delamination near the TC/BC interface [11]. This stress redistribution may contribute
to an alternative delamination mechanism.
In the current work, a DVC TBC system is shown to exhibit vertical cracks from the TC surface to
the TGO interface, and horizontal cracks that branch off of the vertical crack (Figure 4.1). The two types
of cracks are shown to interact and prevent delamination along the TC / BC interface. Instead, the
horizontal crack is shown to grow with repeated thermal cycling at temperatures up to 1200°C and
eventually lead to coating failure. Through this comprehensive study, a new TBC failure mechanism of
delamination is established in the middle of the TC thickness. First, polished cross-sections of asdeposited TBC samples were thermally cycled from 25 °C to a maximum temperature between 1000 °C
and 1200 °C under an optical microscope and analyzed with high-temperature digital image correlation
(DIC) techniques [14]. Full-field thermomechanical deformation results are then related to (a) crack
growth measurements and (b) salient microstructural features. Experimental results are reported in
Section 3. Second, a high-throughput FE-based fracture analysis scheme elucidates the cracking
mechanisms observed in the DIC experiments. This approach incorporates the effects of TC / BC
interfacial roughness, uses experimentally measured high-temperature mechanical properties and
systematically varies the horizontal crack position and crack length to understand the crack driving forces.
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This modeling approach is somewhat similar to recent work by Richards [15], with the important
distinction of incorporating experimentally measured interface geometries and nonlinear material models,
which are shown to strongly influence the failure behavior of TBCs [8,16,17]. Fracture analysis results
are reported in Section 4.

Figure 4.1. Schematic of new coating failure mechanism. (a) After coating deposition,
the coating is crack-free. (b) During the first heating cycle, vertical cracks form near
“valleys” in the TC / BC interface geometry, and (c) horizontal cracks are found to
branch off of the vertical crack. (d) During subsequent heating, the horizontal cracks
propagate and lead to coating delamination.

2. Experimental Methods
Thermal cycling experiments were performed on TBC samples with representative coating materials
and thicknesses (Table 4.1). The coating system consisted of an 8 wt% YSZ (8YSZ) top coat, a
NiCoCrAlY bond coat and a Haynes HR-224 substrate. The as-deposited coatings were sectioned into ~2
mm x 10 mm sections and then polished with standard metallographic techniques. During thermal
cycling, a thin TGO layer grew on the BC layer.
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2.1. Thermal Cycling Experimental Methodology
To study the crack initiation and propagation mechanisms, polished TBC cross-sections were
thermally cycled in an optical microscope heating stage (Linkham Scientific, TS1500) and simultaneously
imaged at 20x magnification. Five samples were heated (30 °C / minute), one each to a maximum
temperature of 1000, 1050, 1100, 1150, and 1200 °C, held at this temperature for 60 minutes, and then
cooled to a minimum temperature of 100 °C (also at 30 °C / minute); this heating cycle was repeated for a
total of 4 cycles per sample. An additional sample was thermally cycled to a maximum temperature of
1200 °C for 80 cycles to study crack propagation and failure.

Figure 4.2. Optical micrographs of the TC (a) without and (b) with a UV bandpass filter.
(c) Unprocessed DIC measured strains, showing thermal expansion of the coating layers
at 1200 °C.

Digital images (5 Megapixel, PointGrey Research) of each sample were acquired before cycling, as
well as at 100 °C, 600 °C, and at the maximum temperature during both the heating and cooling portions
of the loading cycle. Ultraviolet lighting and narrow UV bandpass filters (450 ± 20 nm wavelength)
enabled high-contrast imaging of the TBC sample at elevated temperatures (Figure 4.2), which was
necessary for successful image correlation [14]. After using commercial focus-stacking software to create
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a fully-focused image, the stitched images were correlated with commercial DIC software (VIC-2D,
Correlated Solutions) to extract full-field local strain measurements throughout the TC cross-section.
The TC’s intrinsic porosity provided a suitable high-contrast surface pattern for accurate correlation
[18]. The porosity of the 8YSZ TC varied across the five samples from 5.2 % to 10.1 % as determined via
quantitative image analysis of the collected optical micrographs as described by Du, et al. [19] and
Laksmana, et al. [20]. The area of interest was carefully defined to exclude the TGO and BC layers,
which would otherwise introduce bias to the strain measurements. The resulting DIC dataset was used to
identify cracking and other failure events, as the crack opening displacements produced large pseudostrains. To isolate mechanical deformation and crack-opening strains, thermal expansion relative to the
reference state was subtracted from the measured DIC strain fields using literature thermal expansion
coefficients (12.0 × 10! ℃"# for TC) [21,22]. Finally, it is emphasized that DIC’s subpixel resolution
enables highly-sensitive detection of deformation and cracking, even if microscopic crack opening is not
visible in the image.
DIC error associated with thermal convective currents and focus stacking was evaluated by
correlating several images acquired at 1200 °C. As a measure of error, the standard deviation of the
computed artificial strains was found to be Δ)$$ = 0.021 % and Δ)%% = 0.041 %. Error in )%% was
random, while error in )$$ show undulatory behavior with the largest error associated with image
stitching boundaries; this error was attributed to overlapping regions with poor focus [23]. In all cases,
this error was found to be an order of magnitude below crack-opening pseudo-strains and did not have a
significant effect on strain calculations.

2.2. High-Temperature Mechanical Properties Through Nanoindentation
To assist with FE analysis, the high-temperature mechanical properties of the coating system were
obtained by nanoindentation. The elastic modulus from 25-1000 °C was obtained from indentation
loading/unloading curves using the Oliver-Pharr method [24]. Indentations were performed on a
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nanoindenter (MicroMaterials Vantage) and a tribometer (Bruker Nano UMT 3) using a cubic boron
nitride (cBN) Berkovich indenter and a sapphire Vickers indenter respectively. Individual grains in the
TC and BC were targeted for nanoindentation with loads of 50 and 100 mN, which was found to reduce
measurement variation. Calculations assumed -&'( = 0.12 , .&'( = 800 012 , -)*++,-./ = 0.24 ,
.)*++,-./ = 375 012 at room temperature [25] and indenter mechanical properties were corrected for
elevated temperature dependence to conform with reported temperature dependence in literature [26,27].
To compute TC fracture toughness, an array of 15 indentations at a peak indentation load of 500 mN was
performed at 25 °C on both untreated and 1200 °C-treated (40 cycles) specimens. SEM measurement of
the resulting radial cracks was used to compute fracture toughness (KIC) using the relationship,
2! 4

601 = 78

3 & "/$

(5.1)

where B is an indenter geometry constant, EY is the Young’s modulus, H is the hardness, F is the applied
load, and c is the crack length [28,29].
Indentation results are briefly summarized in Figure 4.3, which maps the Young’s modulus as a
function of temperature and position in each TBC material. The stiffness of each layer decayed linearly
up to 1000 °C (Figure 4.3a); for example, the modulus of the TC was 58.6 GPa at 25 °C and 41.9 GPa at
1000°C, which agreed closely with literature values [30]. The elastic moduli obtained by nanoindentation
varied significantly from layer to layer (Figure 4.3b), resulting in severe gradients at layer interfaces. The
material adjacent to the TGO/BC and BC/Substrate interfaces exhibited low stiffness for unexplored
reasons, possibly due to compositional gradients or interfacial defects. Moderate modulus variation was
also observed within individual layers due to stochastic microstructural effects (voids, cracks and other
defects) [31,32]. Elastic moduli for each layer were linearly extrapolated to 1200 °C to provide
mechanical properties for FE simulations. The average calculated TC fracture toughness of the untreated
TBC was 601 = 1.77 912 :#/6 while the average toughness of the 1200°C-treated TBC specimen was
601 = 1.46 912 :#/6 ; converted to the energy release rate (ERR), the two fracture toughnesses were
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001 = 53.5 and 36.4 < :"6 , respectively. These values were on the lower end of ranges presented in
other literature [33–35]. The 17.4% decrease in 601 after thermal cycling suggested that continued
exposure to ultra-high temperatures and material oxidation significantly reduces the fracture resistance
and facilitates crack propagation. We emphasize that the indentations targeted dense material in the TC,
meaning that these experiments provided upper bounds for 01 and that crack growth along weak
interfaces could be substantially easier.

Figure 4.3. Nanoindentation results. (a) Stiffness of TBC materials was probed at
temperatures up to 1000 °C (based partially on [18]). (b) The modulus distribution across
the TBC cross-section at 25 °C and 1000 °C.

2.3. FE Model Development
Several FE simulations were performed to understand the fracture mechanisms of the TBC sample.
Separate models with flat and experimentally-measured interface geometries were developed, with the
coating thickness and interface geometry (Figure 4.4) established from optical micrographs and X-ray
computed tomography (Xradia microXCT 200). The rough interface was irregular with roughness =* =
16.2 µ:, a maximum peak-to-valley distance of 69.7 µ:, and a characteristic wavelength of ≈ 200 µ:.
The interfaces between coating layers were modeled with shared nodes, since interfacial delamination
was not of interest to these simulations.
The central objective of the simulations was to characterize the initiation and propagation of
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horizontal cracks from the vertical crack. To achieve this, a vertical crack was positioned at an
experimentally accurate location near a “valley” in the TC/TGO interface, and a horizontal crack of
length A branched off of the vertical crack at a depth B from the top surface. Both B and A were
manipulated over the range B ∈ (25, … , 230 µ:) and A ∈ (10, … , 250 µ:) to fully map the crack growth
characteristics as a function of microstructure. Material models were developed for each of the coating
layers with both experimental (Section 2.2) and literature values for material properties, as summarized in
Table 4.2. The bond coat material used a linear elastic / perfectly plastic material model based on prior
literature values [36]. The nominal element size away from the crack tip was 3.75 µm, and the mesh was
refined to a size of 0.08 µm near the crack tip (Figure 4.4b). Each model consisted of approximately
13500 nodes and 13250 elements, of which 1700 nodes and 1700 elements were located in the refined
crack tip mesh. Mesh generation was automated with a Python script, facilitating high-throughput fracture
analysis of the TBC failure mechanism.

Figure 4.4. Overview of FE mesh geometry of the 8YSZ top coat (TC), NiCoCrAlY
bond coat (BC), and HR-224 substrate. (a) Overview of FE mesh with detail of interface
geometry. (b) Detail of FE mesh with vertical and horizontal cracks. Note the local mesh
refinement around the crack tip. (c) Detail of FE mesh with a longer crack, and flat
interface geometry. (d) Summary of fracture analysis parameters in this analysis.

The FE models were subjected to ramped temperature profile between 25 °C and 1200 °C with a
reference temperature of 25 °C, as well as from 1200 °C to 25 °C with a reference temperature of 1200
°C. These two conditions approximated the sample’s first annealing after coating deposition in which the
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sample is approximated as initially free of residual stress and cool down after stress relaxation at
maximum operating temperature. Since the material models were independent of time, these simulations
neglected creep and stress relaxation effects; the temperature profiles should be interpreted to have rapid
heating and cooling rates to prevent viscoplastic effects. The crack driving force in each model was
evaluated with the virtual crack closure technique, which enabled the computation of energy release rate
at the crack tip [37]. Energy release rate was computed at every 25 °C temperature increment in the
loading profile, providing a deep understanding of the crack growth mechanism during thermal cycling.

3. Thermal Cycling Results
3.1. Crack Initiation
Temperature-corrected DIC strain maps acquired during the initial heating of the TBC samples
revealed a heterogeneous strain distribution, indicative of localized cracking and microstructuredependent deformation. Maps of εxx and εyy for the 1100 °C sample are presented in Figures 4.5 and 4.6
respectively, which are representative of strain fields for all 5 samples. The εxx strain field was periodic
with an apparent wavelength of ~200 µm, and the strain peaks spanned most of the TC thickness.
Inspection of the underlying micrograph revealed the presence of dense vertical cracks at each local
maximum, implying that these strain fields were caused by crack opening pseudo-strains; growth of these
cracks was driven by bulk tensile stresses in the TC when heating from a stress-free state (Figure 4.5c)
[18]. At 600 °C, the magnitude of each local maximum was )$$ ≈ 0.025; at 1100 °C, the pseudostrain at
the primary crack increased to )$$ = 0.05, while the magnitude of strain at the minor crack remained
constant. Therefore, the growth of the primary vertical crack relieved the stress on adjacent vertical cracks
and prevented further crack opening.
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Figure 4.5. Vertical crack formation in the 8YSZ TBC 1100 °C sample. (a) Micrograph
of TBC sample before heating, showing two vertical proto-cracks (marked by arrows).
(b) Plot of temperature-corrected εxx at 600 °C, showing early formation of DVCs. (c)
Plot of temperature-corrected εxx at 1100 °C. (d) Nominal σxx distribution in TBC due to
thermal expansion mismatch during heating [18]. All strains are “temperature corrected”
by subtracting thermal expansion.

During the initial heating, horizontal cracks formed off of the vertical crack (Figure 4.6) as marked by
a pattern of εyy pseudostrains. Their initiation appeared as regions of elevated εyy strain below 600 °C, and
crack opening displacement (COD) grew upon heating at 1100 °C (Figures 4.6b-c). This indicated crack
formation at lower temperature and continued growth at elevated temperatures. High-magnification SEM
analysis (Figure 4.6d) confirmed the presence of lateral cracks and also showed that lateral cracks
initiated at corners in the vertical crack, revealing that their formation was closely coupled with vertical
crack deflection; these mechanisms are analyzed in more detail in Section 3.3. The initiation of cracks at
lower temperatures was unexpected, given that thermomechanical stresses due to mismatched thermal
expansion were low for small ΔT. This early crack initiation highlighted the importance of residual stress,
pre-existing flaws, and the elevated stresses around the crack tip during vertical crack formation in
initiating the horizontal cracks.
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Figure 4.6. Horizontal crack formation in 8YSZ TBC 1100 °C sample. (a) Optical
micrograph of TC before heating. (b) Plot of temperature-corrected εyy at 600 °C,
showing early formation of horizontal cracks. (c) Plot of temperature-corrected εyy at
1100 °C (d) SEM image of highlighted region in (c), showing horizontal crack.

3.2. Crack Propagation
While the samples were assumed to be stress-free before thermal cycling (reference temperature of 25
°C), stress relaxation occurred at elevated temperatures to modify the reference temperature for residual
stress models based on mismatched thermal expansion. This transition changed the thermomechanical
stress field which drives crack growth and marked a change between “crack initiation” and “crack
propagation” phases. This creep-driven transition was studied by tracking the median DIC strain (which is
insensitive to crack opening) during 4 thermal cycles at temperatures between 1000 °C and 1200 °C, with
results summarized in Figure 4.7. Using the image acquired immediately upon reaching the maximum
cycling temperature as the reference image, these plots indicated that a steady-state stress distribution in
each sample was not achieved until after the fourth cycle (Figure 4.7). Evidence of a strain-ratcheting
effect was present in all five samples, with median εxx decreasing linearly to values between )$$ = −.015
and −.025 after four cycles, but thereafter achieved a steady-state strain distribution (Figure 4.7b). The
median εxx in the 1200 °C sample quickly reached a steady-state values of )$$ = −0.02 after the second
cycle, while the median strain in the remaining samples continued to decrease for 4 cycles. Minimal
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deformation occurred during the first hour-long exposure at the maximum temperature (i.e., I = 1 ℎKLM)
in Figure 4.6a, indicating most strain accumulation occurred during the cooling portion of each cycle.
While the median strain was larger for the 1100, 1150, and 1200 °C samples compared to the 1000 and
1050 °C samples, indicating that the ratcheting effect generally scaled with temperature, variation in
sample roughness prevented robust conclusions about this trend. Indeed, the median strain of the 80-cycle
1200 °C sample achieved a peak median )$$ = −0.032 after two hours but returned to an equilibrium
strain of )$$ = −0.02; the difference in behavior compared to the other samples was attributed to higher
interface roughness (compare Figure 4.6 vs. Figure 4.8).

Figure 4.7. Evidence for temperature-dependent transition between crack initiation and
propagation phases wihtin the 8YSZ top coat. (a) Median εxx strain as function of
annealing time. (b) Median εxx and εyy measured over 80 cycles to temperature of 1200
°C.

Temperature-corrected εyy maps are presented in Figure 4.7 for the 80-cycle test, which reveal the
basic crack propagation mechanisms associated with DVC TBCs. Prior to 10 cycles (Figure 4.8a-b), the
εyy pseudostrains associated with crack propagation were concentrated about 50 µm below the surface
(crack marked by * in Figure 4.8b). In subsequent cycling, another region of crack growth (marked by †
in Figure 4.8d) about 50 µm above the TGO interface developed significant COD and became the most
prominent region of crack growth by the 20th cycle (Figure 4.8c-d). This location continued to experience
the most growth through 80 cycles. These results suggested that the near-surface crack initially possessed
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critical ERR for crack growth, but both the natural stress field for long near-surface cracks as well as
crack shielding effects from the near-interface cracks reduced ERR to subcritical values. The mechanism
of this transition from one prominent crack formation to a second is analyzed further with FE simulations
(Section 4.2). In both positions, the cracks angled gently toward the BC interface at an angle of ~15°,
suggesting that growth toward the interface resulted in most favorable ERR for long cracks. Close
inspection of the crack path (Figure 4.8e) revealed that crack growth occurred through preferential
linkage of pores and voids along this critical angle. Growth did not occur in other directions, even along
paths with seemingly favorable microstructures for fracture, such as the chain of large pores along the top
of Figure 4.8e. The highlighted path exhibited widespread bridging, indicating that the complex APS
microstructure possessed irregular fracture toughness and that voids adjacent to the crack path altered
crack-tip stresses. Depending on these local stress states, the crack may propagate around or through the
defect.

Figure 4.8. Thermal cycling to an annealing temperature of 1200 °C prompted the
growth of lateral cracking within the 8YSZ top coat, indicated by tensile strain ()%% >
0.0, in yellow) within the top coat. (a) Early crack growth was located just below the
surface of the top coat (indicated by ⋆); however, (b) by 10 cycles, prominent crack
growth was observed in the middle of the top coat, progressing through (c) 20 and (d) 60
cycles (indicated by †). (e) Horizontal cracks highlighted in green after 80 cycles.
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3.3. Cracking Mechanisms
SEM imaging of the TBC samples after 4 thermal cycles (Figure 4.9) was used to analyze the crack
initiation and propagation mechanisms. Regardless of cycling temperature, all lateral cracks branched off
of vertical cracks (marked by red arrows in Figure 4.9a-g) and appeared to originate at deflections in the
vertical crack path, confirming that the initiation of vertical and horizontal cracks was strongly coupled.
The location of horizontal cracks suggested that as vertical cracks were arrested at microstructural
barriers, lateral microcracks branched off of the obstacle; this branching is depicted schematically in
Figure 4.9h. The insensitivity of crack formation mechanism to temperature indicated that the lateral
cracks formed at temperatures below the smallest cycling temperature (<1000 °C), which was consistent
with the formation of vertical cracks and DIC results.
The longest horizontal cracks and most sample damage occurred in the 1000 °C sample compared to
samples cycled at higher temperatures. After 4 cycles, the 1000 °C specimen exhibited surface and near
surface damage (Figure 4.9a) that was not observed in specimens cycled to higher temperatures. In
conjunction with median-strain results presented in Figure 4.7, this damage pattern suggested that stress
relaxation occurred slowly at 1000 °C compared to higher temperatures, and that rapid stress relaxation
inhibited the critical growth of lateral cracks. The severity of damage in the 1000 °C sample during the
early stages of thermal cycling indicated that per-cycle damage in the “crack initiation” regime was more
severe than in “crack propagation”.
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Figure 4.9. SEM backscatter images showing the formation of vertical and horizontal
8YSZ TC cracks after four thermal cycles. Horizontal cracks are highlighted in green,
and their initiation sites on a vertical crack are marked by red arrows. Selected crackpropagation features are labeled. (a) 1000 °C specimen, showing distribution of vertical
cracks and large spallation associated with horizontal crack formation (red arrow). (b-g)
Detail of horizontal cracking in various specimens: (b-c) 1000 °C, (d) 1050 °C, (e) 1100
°C, (f) 1150 °C, (g) 1200 °C. (h) Proposed TC cracking mechanism.
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Finally, the SEM images revealed specific mechanisms of crack propagation, showing that crack
growth was highly irregular and regulated by microstructure. These images provided several examples of
bridging, shielding, branching, and deflection of cracks, which suggested that microstructural features
both arrested primary crack growth and promoted secondary cracking adjacent or ahead of the crack tip at
weak interfaces. These cracking mechanisms were essential to the formation a network of cracks as the
arrest of a particular lateral crack enabled the growth of adjacent cracks. At the same time, the interrupted
cracking pattern also meant that the 8YSZ TC material retained strength and toughness; however, the
increased coating compliance could substantially alter interfacial stresses and vulnerability to other
damage mechanisms.

4. Finite Element Analysis
4.1. Crack Initiation and the Role of Interface Geometry
Results of simulations to probe the crack driving force during the sample’s first heating are
summarized in Figure 4.10. Simulation results are presented for both experimental and flat interface
geometries, which emphasize that ERR was a nonlinear function of crack position and temperature. At
moderate temperatures below 850 °C, cracks positioned near the TC / BC interface (B > 170 µ:) as well
as near the TC surface (B < 100 µ:) experienced an elevated ERR compared to cracks at intermediate
depths, and ERR increased monotonically with temperature. At temperatures above 900 °C, the ERR
became insensitive to increasing temperature; this transition was attributed to the reduced yield strength
of the BC layer, suggesting that plastic flow strongly limited the crack driving force at elevated
temperatures.
Second, TC / BC interface roughness strongly influenced ERR and created very different crack
growth behaviors near the interface. This was evident both quantitatively in the maximum calculated ERR
as well as qualitatively in the ERR contour shape as a function of temperature and crack position. With
the experimental geometry, the maximum ERR occurred at 1200 °C at a position 50 µm above the TC /
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BC interface with 07*$ = 43.0 </:6 . With the flat geometry simulation, the maximum energy release
rate occurred at 825 °C on the TC / BC interface with 07*$ = 54.5 </:6 . Thus, it could be expected that
the interface geometry governs the maximum energy release rate as well as the location and temperature
at which it occurs. Compared to the experimental (rough) interface geometry, the flat interface at
moderate temperatures (S between 500 and 900 °C) increased the amount of material with enhanced ERR
in interior of the TC and reduced the amount of material with elevated ERR near the interface. In
addition, above 900 °C and with the flat interface geometry, the ERR was nearly uniformly distributed for
all crack positions; crack growth on the interior of the TC therefore became competitive with crack
growth along the TC / BC interface.

Figure 4.10. (a-b) Contour plots of total Energy Release Rate (08 , </:6 ) as function of
interface geometry. (a) Experimental interface geometry. (b) Flat interface geometry. (c)
GT at 800 °C as function of crack position, and (d) GT at 1200 °C as function of crack
position. All analyses performed with a 10 µm crack.

With respect to the experimentally-observed crack growth mechanisms, the flat interface geometry
facilitated the initiation of cracks on the interior of the top coat layer. Since the distribution of large flaws
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was statistical, and ERR was shown to increase with crack length, the larger interior region of material
with elevated ERR increased the likelihood that a critical ERR was achieved. Although the ERRs for A =
10 µ: were below 01 , equivalent analyses with A = 20 µ: showed larger ERR at all temperatures in the
sample interior. SEM analysis of unheated TBC samples revealed crack-like flaws longer than 50 µm,
which could increase ERR in the sample interior to levels approaching 01 .

4.2. Crack Propagation
As the majority of experimental crack propagation occurred after annealing at high temperatures, the
crack driving force was also simulated during cool down from a hot reference temperature of 1200 °C. In
Figure 4.11, ERR is presented at S = 25 °U as a function of crack position B and crack length A. Results
are shown only for the flat interface, as it was impossible to simulate a purely horizontal crack near a
rough TC / BC interface; the horizontal crack would have penetrated into the BC and would have
simulated interfacial delamination. In general, ERR increased with crack length and as the crack depth
approaches the TC / BC interface. A maximum ERR of 07*$ = 185 </:6 was achieved for a crack
length of 160 µm at the TC / BC interface. The ERR along the TC / BC interface decayed slightly for
longer lengths yet remained large. In agreement with DIC results, this large ERR suggested that sustained
crack growth was energetically favorable and that long cracks would drive gradually toward the TC / BC
interface. The notable exception to this trend occurred for short cracks near the TC surface (B < 150 µ:,
A < 50 µ:); in this region, the ERR decayed until a critical crack length before ERR monotonically
increased. This phenomenon was explained by shear lag as material immediately adjacent to the vertical
crack flanks would experience low stress. The primary implication of this “ERR valley” was that growth
of short, near-surface delamination cracks would be arrested, even if they initially possessed the most
favorable ERR. Beyond this point, growth of cracks closer to the TC / BC interface would dominate
(Figure 4.11b).
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Figure 4.11. ERR at 25 °C during crack propagation regime with Tref = 1200 °C. (a) ERR
is presented as a function of crack length and crack position. (b) Schematic illustration of
crack arresting mechanism for short near-surface cracks (TC in yellow, BC in green).

5. Discussion
5.1. Crack Formation Mechanisms
In-situ observation of the crack formation with DIC revealed the vertical cracks in the TC formed
near the top surface and grew toward the BC interface, driven by tensile stress during the initial heating.
Vertical crack initiation and growth in subsequent thermal cycles was minimal due to stress relaxation
effects. Some vertical cracks did not reach either the top surface or BC interface, suggesting that the
vertical cracks initiated on the interior of the surface. This observation was critical to understanding the
formation mechanism of vertical cracks, which has not previously been reported. For instance, vertical
cracks were previously modeled as initiating on the surface [38]; with these results in mind, the term
“surface cracks” may misrepresent the actual formation mechanism.
The vertical crack path was jagged, indicating that the crack deflected around many obstacles within
the TC. Crack branching at these locations gave rise to horizontal cracks, as most of the horizontal cracks
initiated at sharp deflections in the vertical crack. It should be noted that many microstructural features,
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such as inter-splat boundaries, had a distinct horizontal orientation, which would facilitate both vertical
crack deflection and branching along the horizontal interface, and FE simulations revealed that small
flaws adjacent to the vertical crack could produce favorable ERR for crack growth through almost the
entire TC thickness. This mechanism explained the simultaneous formation of vertical and horizontal
crack in DIC images during the first heating cycle as well as in SEM images after only four cycles. This
formation mechanism is especially relevant for DVC TBCs, which are typically deposited with large APS
passage thicknesses to increase vertical crack density [39], resulting in a microstructure that contains
several prominent horizontal interfaces. These interfaces still exist in conventional APS coatings, but the
sparsity of vertical cracks may inhibit lateral crack formation at these locations.

5.2. Crack Propagation Mechanisms
SEM inspection of the lateral cracks showed a complex crack growth pattern characterized by
extensive deflection, crack bridging, and crack shielding, which can be explained by the TC
microstructure and abundance of pre-existing flaws. When the lateral crack encountered an obstacle,
elevated crack-tip stresses enabled crack deflection, as well as growth along weak interfaces adjacent to
or in front of the crack tip. This mechanism resulted in a network of many horizontal cracks along weak
interfaces, as well as the segmented crack growth observed in Figures 4.8e and 4.9. This mechanism is
also key to interpreting the FE crack growth results. While the FE-computed ERR for short cracks was
generally below 01 obtained by nanoindentation, the pervasive lateral crack propagation indicated that the
fracture toughness along weak interfaces was substantially lower. We note that the nanoindentation
experiments targeted dense TC grains, such that fracture toughness along porous interfaces could be
substantially lower.
Importantly, the FE simulations predicted a region associated with short lateral cracks near the top
surface (small B and A) where crack growth would become arrested. The primary implication of this
result was that propagation was not favorable for all lateral cracks. This observation was supported by
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DIC strain maps in Figure 4.8, which revealed that crack growth was most prominent near the TC / BC
interface, even though several short cracks near the top surface were apparent in earlier DIC strain maps
and SEM images. Second, the simulation results supported the direction of crack growth, which was
observed to angle in the direction of highest ERR toward the TC / BC interface. Upon reaching the
interface, failure by conventional delamination mechanisms may be expected.
A key uncertainty in this study is the role of a free-surface effect on the crack propagation
mechanisms. The experimental and FE simulations examined the in-plane degradation of the 8YSZ top
coat, but the free-surface effect would relax local stresses. I hypothesize that this free-surface effect on the
in-plane DVC and lateral cracks observed in these experiments would be minor; however, this effect
would have a significant impact on the out-of-plane crack growth mechanisms through the coating due to
free-surface relaxation of the stress mismatch between top coat and bond coat. To validate this
hypothesis, X-ray tomography may be performed in future work to characterize volumetric crack growth
within the 8YSZ top coat, using the inherent porosity as a correlation pattern as performed here with twodimensional optical imaging. Such volumetric analysis would clearly distinguish any free-surface effect
on the fracture mechanisms.

6. Conclusions
New fundamental failure mechanisms of DVC TBCs at temperatures up to 1200 °C were captured insitu using high-temperature DIC and FE fracture mechanics analyses, which revealed the coupled
formation of vertical and horizontal cracks based on microstructural crack-deflecting features. Crack
initiation was observed at low temperatures during heating from a stress-free state, while crack
propagation occurred after cooling from a stress-free state achieved via stress relaxation. Horizontal
cracks originated at locations of vertical crack deflection throughout the TC layer, indicating that crack
branching at these features contributed to horizontal crack formation. In contrast, lateral crack
propagation strongly favored the lower TC region near the BC interface and was found to occur through
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crack deflection, crack bridging and crack shielding mechanisms. High-throughput FE fracture
simulations revealed favorable energy release rates for lateral crack initiation near the TC surface as well
as near the BC interface, and stable crack propagation toward the BC interface, which agreed with
experimental results. Upon reaching the BC, crack propagation along the interface ultimately leads to
coating delamination. This mechanism is unique from conventional delamination failures, in which
damage occurs primarily along the interface.
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CHAPTER 5: CHARACTERIZING HERMETIC FAILURE OF CERAMIC TUBES BY DIGITAL IMAGE
CORRELATION AND ACOUSTIC EMISSION
1. Introduction
In recent years, significant effort has been placed on developing next-generation accident tolerant
nuclear fuel systems and robust materials to extend reactor design safety to include non-ideal, extreme
reactor conditions, addressing the critical safety concerns following the Fukushima incident [1–4]. While
there are several leading, material-based solutions addressing concerns with current fuel claddings, one of
the more auspicious and heavily investigated is silicon carbide (SiC) continuous fiber-reinforced SiC matrix
(SiC/SiC) composites. SiC ceramic matrix composites (CMC) are favored due to their high temperature
strength, chemical inertness, irradiation tolerance, and improved damage tolerance, all of which indicate a
general compatibility with the harsh environment within a nuclear reactor [2–5]. Furthermore, SiC CMCs
have been rigorously tested within the aerospace community, where high temperature properties and
corrosion resistance are critical requirements of many materials [6–8]. In a reactor environment, the onset
of matrix microcracking coupled with the loss of cladding hermeticity can allow the escape of radiative fuel
and gases with potentially disastrous consequences, even though the cladding may still possess full load
bearing capabilities [9,10]. In order for these CMCs to be accepted by the stringent nuclear community,
they must be exhaustively evaluated and examined through a suite of investigations to elucidate their full
failure behavior.
Mechanical testing of SiC nuclear fuel cladding CMCs is greatly complicated by several factors: (i)
anisotropy of both mechanical and thermomechanical properties; (ii) complex, multiscale failure
mechanisms induced from the fiber-matrix structure; (iii) a laminated, thin-walled cylindrical geometry;
and (iv) the relatively small failure strains of monolithic SiC [11,12]. Furthermore, these factors contribute
to a convoluted definition of failure, where matrix cracking, fiber cracking, loss of hermeticity, and loss of
load-bearing function may occur at distinctly different strains. Currently, this relationship between
microcracking and gas tightness remains unresolved as available ex-situ hermetic evaluations are unable to
account for likely microcrack closing upon mechanical unloading [13]. Therefore, the in-situ hermetic
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failure behavior under loading must be thoroughly addressed to progress the implementation of advanced
CMC materials for use in extreme applications [5,13,14]; this unknown hermeticity behavior is the subject
addressed in this work.
Here, a novel, in-situ hermeticity monitoring setup is developed and validated, utilizing threedimensional digital image correlation (3D-DIC) and acoustic emission (AE) detection to investigate the
relationship between microcracking and spatial damage with the hermetic seal of SiC CMC fuel claddings.
This experimental setup was evaluated on brittle ceramics and glasses, and a preliminary characterization
of in-situ SiC/SiC CMC hermeticity was conducted. This methodology represents the world’s first
conglomeration of comprehensive sensors (helium leak detection, AE detection, and 3D-DIC) designed for
sequentially determining the onset of cracking, loss of hermeticity, and ultimate failure while
accommodating SiC/SiC fuel claddings without the need for special modification or specimen dependent
gripping section.
There are few suitable test designs already documented in the literature; one possible design was the
U-frame cladding bend rig [15–17]. Four-point bending, however, is the most logical choice for
investigating hermetic failure as it concentrates compressive and tensile strains at known orientations,
providing simple He sensor positioning and a route to internal pressurization through non-obstructed
specimen ends [18,19], unlike conventional tension or compression testing. Extending the design template
described in ASTM C1684 – 18 for bending of brittle rods, custom-designed, load-distributing cradles were
fabricated and utilized to reduce contact point stresses [20]. Composites have historically presented a
challenge for experimentalists due to the highly non-uniform stress state, which produces spatial strain
gradients that cannot be accurately determined using conventional strain gauges [12,18,19,21,22].
Addressing this challenge, 3D-DIC was leveraged to measure spatial strain fields over a targeted area of
interest with sufficient resolution to track local strain concentrations associated with composite architectural
features [23–26]. AE monitoring was used to identify the strains at the onset and progression of cracking,
leading up to loss of He gas tightness [27–29]. This work is intended to advance the scientific evaluation
of brittle constituent tubes and progress the optimization of SiC/SiC CMCs for extreme conditions.
97

2. Experimental Methods
2.1. Materials
Table 5.1 lists the specifications of the four different materials tested, including outer diameter (OD)
and inner diameter (ID). Alumina (96-99.8 % purity), borosilicate glass, and 4130 steel tubes were
purchased from McMaster-Carr. Diameter sizes were limited to commercial availability and were selected
to be similar to the diameter of the CMCs. Single layer, chemical vapor infiltrated (CVI) SiC/SiC tubular
CMCs (consisting of Hi-Nicalon Type S fibers and pyrolytic carbon (pyrocarbon) fiber/matrix interphase)
with a nominal, tri-axial braid orientation of ± 55֯ from the tube axis were purchased from General Atomics;
notably, the CMC tubes were coated with a CVD SiC layer with the outer diameter ground smooth. These
SiC/SiC samples are prototypes of SiC-based nuclear fuel cladding currently under development and are
not necessarily representative of a fully optimized SiC cladding. Specimens were cut to a 152 mm (6 in)
length using a water-cooled, circular-bladed diamond saw. To establish an internal helium pressure with
potential to exceed 2 atm, both specimen ends were sealed with a urethane adhesive (3M Scotch-Weld 620
epoxy adhesive) with one end containing a high-pressure plastic tube in which helium could be infused.
Prior to testing, all specimens were coated with a thin, speckle pattern layer of matte white and black paint
(Rustoleum) to provide a trackable surface pattern for DIC.

Table 5.1. Tubular specimen properties.
Material
Alumina
Borosilicate Glass
4130 Steel
SiC/SiC CMC

Specimen Identifier
A
B
S
CMC

OD (mm/in)
9.53 / 0.375
9.53 / 0.375
9.53 / 0.375
9.53 / 0.375

ID (mm/in)
6.35 / 0.250
5.59 / 0.220
8.00 / 0.315
7.15 / 0.281

Vendor
McMaster-Carr
McMaster-Carr
McMaster-Carr
General Atomics

2.2. Experimental Setup
All tests were conducted at room temperature using an Admet eXpert 2611 table-top, universal testing
machine with an Admet 1210AJ-2K-B, 8.9 kN load cell using a loading rate of 0.5 mm/min. Inspiration for
the design of the loading fixtures originated from a design used by the Idaho National Laboratory [18].
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Specimens were supported using four cylindrical cradles as shown in Figure 5.1, which were sized such
that the cradle width matched the roller diameter as specified in ASTM C1684-18. Support span distances
of !! /!" = 42/84, 50/100, and 33/100 mm/mm were used; selection of these spans was guided by the
recommendation of !! /!" = 40/80 in ASTM C1684-18 for ceramic rods with a diameter in the range of 4
to 12 mm. The cradles were machined to a diameter of 10.4 mm to accommodate the diameter of the tubes
and were allowed to rotate at the support to maintain contact throughout specimen bending (Figure 5.1). It
should be noted that a nominally smooth tube surface with less than 0.2 mm deviations is ideal to prevent
point concentrations at the cradles. It was discovered in early testing that free cradles would move and alter
the load distribution; the pivot points were secured with pins to prevent the cradles from sliding during
loading. Support pivot points were lubricated to minimize any frictional effects.

Figure 5.1. (a) Schematic of the novel, four-point bend setup for investigating in-situ
hermetic failure of tubular composites and (b) camera-to-sample definition, representing
how the cameras were positioned to view the underside of specimens, where maximum
tensile strain occurs.

The loading fixtures and each test specimen, pressurized with 2 atm (30 psi) of internal pressure, were
contained in a sealed, plastic chamber with a transparent, polycarbonate front window through which
optical images for DIC analysis could be acquired. A flexible chamber ceiling was constructed from a thin,
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plastic veil that sealed at the base of the load cell and on the chamber walls, enabling the upper loading
fixture to move within the sealed environment. Air inlet and outlet ports were included to vent and purge
helium from the chamber after specimen failure. A combination of clay and masking tape were utilized to
provide a temporary seal at the chamber window edges, which could be quickly removed to provide access
to the specimen and loading fixtures. This sealed chamber presented two key advantages: (i) it isolated the
test environment from ambient helium, and (ii) it could be purged to enable quick successive testing.
Acoustic emissions were acquired by a Mistras 1283 USB AE Node at a rate of 1MHz with a threshold
of 10 dB throughout the duration of testing. The AE sensor was secured directly to the specimen by an
adjustable hose clamp. Helium leak rate was recorded by an Inficon Protec P3000 Helium Sniffer Leak
Detector at a rate of 10 Hz with a minimum leak rate of 1 *10-7 mbar l/s and a reaction time of ~400 ms
with the probe directly above the bending center. In order to account for the sensor reaction time and to
ensure that the leak rate and acoustic activity could be directly correlated with mechanical strain with
minimal error, a stepped displacement profile was used, which would displace the crosshead at a rate of 0.5
mm/min in 0.01 mm increments with a 2 second hold period. This intermittent displacement profile is
considered equivalent to a typical quasi-static rate.
Digital images were acquired through the chamber window with two FLIR Grasshopper 3 GS3-U350S5M-C digital CMOS cameras equipped with Schneider 21-100197 50 mm compact lenses at a capture
rate of 5 Hz. 3D-DIC analysis was performed using a commercial correlation software, Correlated Solutions
VIC-3D 8. For each analysis, an ideal subset size and step size were chosen based on the applied speckle
pattern size. Typical subset sizes ranged from 19 to 35 pixels, and step sizes ranged from 6 to 9 pixels. All
VIC-3D datasets were processed with a calibration of at least 30 images and rigid body motion removal via
built-in functions. DIC strain error was quantified by imaging each specimen prior to loading and averaging
the measured strain variation; the max DIC strain error was found to be 0.006 % strain, which is an order
of magnitude below the strains associated with fracture of the CMCs. Data graphing and calculations were
done in Python 3.6. Scanning electron microscope (SEM) images were taken by a FEI Quanta 650 Scanning
Electron Microscope equipped with a Circular Backscatter Detector (CBS).
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2.3. Data Processing
As previously described, multiple data streams were acquired from the universal test frame, the DIC
cameras, the AE sensor, and the leak detector within a single test. All sensor data was temporally aligned
via an average of several comparison points, enabling alignment and correlation of events detected with
individual data streams.
The normalized cumulative acoustic energy (NC-AE) is a metric frequently used to evaluate the
initiation, progression, and frequency of cracking events in ceramic composites [30,31]. Acoustic data was
normalized by the total cumulative acoustic energy within each individual test; normalizing the acoustic
energy minimizes variation in sensor sensitivity between consecutive tests, which stems from varying
sensor contact pressure [32].
Strain data was exported from VIC-3D for every pair of images acquired. The DIC out-of-plane
measurements were found to have an accuracy of ~0.002 mm as determined from variation between DIC
strain profiles acquired at zero load. Each strain profile provided full-field measurements within a global
coordinate system in millimeters, including x, y, and z position; u, v, and w displacements; and strains %## ,
%$$ , and %#$ at every pixel location. These profiles were cropped to only include data within the inner load
points associated with pure bending and subsequently analyzed to extract the camera-to-sample angle; to
view the location of maximum bending tensile strains, the camera was located below horizontal (Figure
5.1b). Relative to the camera, vertical test frame displacements have y and z dimensions. The angle of the
cameras was derived by the following equation:
(

&% = tan&' ( ) ! )
!

(5.1)

where &% is the camera angle at every time step, and vi and wi are the specimen displacements in y and z,
respectively. The camera angle converged to a value over time, which is the true camera-to-sample angle.
Each cropped profile was rotated about the camera-to-sample angle such that all v displacements of the
specimen occurred in the loading direction, thus reducing w displacements to zero.
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The strain data was analyzed to determine surface bending strain. Extracting such parameters was
necessary to convert from the spatial strains collected from DIC to singular points to use for conventional
stress-strain curves and modulus calculations. For every y position down the cross-section of the specimen,
all the strains were averaged down the length of the bending zone [33,34]. For the purpose of generating
the stress-strain curve, averaging minimizes variation in local DIC strain profiles caused by variation of the
underlying microstructure. For CMC results only, the effect of a pseudo-strain measurement, which was
caused by crack opening displacement, was determined via a histogram analysis of the bending section
strains. Typically, strain data fell along a normal distribution until onset of cracking, at which point outlying
pseudo-strains would skew this distribution. Pseudo-strains were removed by filtering out the individual
measurements above a 90-percentile threshold to ensure the measured strains reflected bending alone.
Through averaging the filtered strains, we can identify the strain gradient across the specimen cross section
(Figure 5.2). The standard deviation of the strains averaged down the length of this inner section was
nominally 0.04 % strain. Strain at the lowest cross-sectional position, referred to as the peak strain, was
extracted and used for stress-strain curves and modulus calculations as the maximum tensile strain due to
bending.

Figure 5.2. At every vertical (y-axis) pixel position down the cross section of the specimen,
strains were averaged in the horizontal (x-axis) to reveal a Euler-Bernoulli beam-inbending strain profile.
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3. Theory
3.1. Stress Calculations
The maximum bending stress experienced by each specimen was calculated as follows:
,=

*(,-)
/0

(5.2)

where M is the bending moment and I is the moment of inertia. M and I are given by:
'

- = 1 .(!" − !! )
0=

2(,- " &0- " )
31

(5.3)
(5.4)

In Equations 5.2 to 5.4, !" and !! are the spans between the outer load points and inner load points,
respectively; F is the applied load, and OD and ID represent the outer and inner diameters, respectively.
The Young’s modulus was calculated as the slope of a linear fit to the initial region of the stress-strain
curves prior to the point of deviation from linearity. Where applicable, the proportional limit or the deviation
from linearity strain (DFLS) values were calculated by shifting the linear fit over by 0.005% strain and
finding the intersection point with the stress-strain curves.

3.2. Numerical Model
The four-point bending fixture presented here represents a slight modification to the accepted standard
(ASTM C1684-18 / Figure 5.3a) and to the design presented by van Rooyen, et al. [18] (Figure 5.3b)
concerning four-point bending of brittle rods at ambient temperatures. This alteration allows the fixture to
consist only of rigid, metal components (316 stainless steel), which potentially qualifies the fixture for
future higher temperature conditions. The alteration entails a different yet functionally equivalent method
of cradle attachment (see standard for more details). Past designs have relied on rubber bands or springs to
secure the cradles, which are balanced against / upon pins and are guided by slots in the fixture such that
they are free to rotate only about an axis perpendicular to the specimen length with minimal opportunity to
translate (Figure 5.3c). Using pins to secure the cradle pivot points, this new design enables the cradle to
constrain itself to allow only the same rotation as the specimen while also providing a loose means of
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attachment to the main fixture (Figure 5.3d), which was necessary to prevent cradle translation during
bending. Additionally, the new custom cradles have an internal radius customized for nuclear fuel cladding
sized diameters; this radius provides a more uniform specimen contact area and is an accepted option in
ASTM C1684-18 for contact sensitive specimens. Given the changes to the four-point bending fixture, it
must be demonstrated that these modifications do not promote significant strain concentrations or constraint
under the expected bending conditions for SiC CMCs and other high stiffness materials. Therefore, a threedimensional numerical model was developed by Heim [35] to replicate the experimental four-point bending
fixture. This numerical model is presented here for continuity in Figure 5.3e, which indicated there was not
a significant strain or stress concentration due to the grip. This fixture model was implemented for alumina,
borosilicate, and 4130 steel tubes with correct geometry, including results for three different span
measurements (!! /!" = 42/84, 50/100, and 33/100 mm/mm).
An extensive study to verify minimal strain concentration formation in regions underneath the grips
and outside of the view of the 3D-DIC analysis was done for the three materials at strains seen via DIC.
The steel tube is more ductile than the CMCs seen in this study and presents a case of extreme deflection
or rotation of the cradles to ensure that no strain concentrations associated with wedging stresses form
before 0.5% strain, which is greater than the anticipated strains incurred by the CMCs. Thus, it can be
demonstrated that the modified fixture and attachment pins will not induce any undesirable constraint on
the free rotation of the cradles during this range of bending deformation. There may still exist the possibility
of a bending constraint past what deformation is experienced by CMCs, but the deformation when this
would occur is dependent on the diameter of the pins that loosely attach the cradle to the support fixture
and therefore, is capable of being changed if needed. Hence, this fixture should be used carefully when
testing ductile materials to extended strains, as is the same case of the ASTM standard fixture, which is
noted only for ceramics and glasses.
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Figure 5.3. Iterations of four-point bend test rigs as presented by (a) ASTM C1684 and by
(b) van Rooyen, et al. [18]. Computer-aided design model of (c) the ASTM standard and
(d) custom bend cradles. (e) Numerical model, courtesy of Heim, et al. [35], of the custom
bend setup with a steel tube confirms lack of strain concentrations with an even bending
profile. Here !! = 42 mm and !" = 84 mm.

4. Results
4.1. Steel
SiC CMCs are expected to exhibit pseudo-plasticity and survive to several percent strain. Therefore,
steel tubes were tested on the custom four-point bend fixture to investigate the effects of high bending
deformation on the reliability of the cradles to evenly distribute the loading force and prevent localized
damage, which can be compared to the above numerical model. Individual properties derived from 3D-DIC
and the universal testing machine is presented in Table 5.2, while individual stress-strain curves and a
representative DIC strain profile at 0.5 % bending strain is presented in Figure 5.4.
Measured Young’s modulus and yield strength data all agreed well with the expected properties. Most
encouragingly, the DIC profile maintained a uniform, Euler-Bernoulli strain profile across the bending zone
for each specimen for a range of strains through 0.5 % (slightly greater than the largest strain achieved by
a CMC specimen). There were no indicators of strain concentrations, which might hint to any imposed
constraint by the setup. These physical observations combined with the numerical model validate the test
methodology for the range of motion necessary for accurate testing of CMC tubes.
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Figure 5.4. Plot of (a) stress-strain responses and a typical DIC profile (b) for steel tube,
S_04.

Table 5.2. Summary of 4130 steel experimental properties. Expected values were provided
from the retailer McMaster-Carr.
Specimen
ID
S_01
S_02
S_03
S_04

Material

!!
(mm)

!"
(mm)

Steel
Steel
Steel
Steel

42
42
42
42

84
84
84
84

Expected
Young's
Modulus
(GPa)
190-205
190-205
190-205
190-205
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Young's
Modulus
(GPa)

Expected Yield
Strength (MPa)

Yield
Strength
(MPa)

195
202
195
204

435-485
435-485
435-485
435-485

525
444
473
445

4.2. Alumina and Borosilicate Glass
Six alumina and six borosilicate glass specimens were tested as previously described using two different
support span ratios (!! /!" = 34/100 and 50/100 mm/mm). Representative DIC strain profiles immediately
prior to fracture are presented in Figure 5.5, and a summary of measured moduli, fracture strength, and
strain is provided in Table 5.3. Despite the brittle fracture exhibited by both alumina and borosilicate
specimens, DIC processing could distinguish a conventional Euler-Bernoulli bending profile with
compressive strains along the upper region of the specimen and tension underneath. Borosilicate glass
specimens failed at a higher bending strain than alumina, 0.19 % compared to 0.09 % strain on average.
The borosilicate specimens exhibited a profile more clearly reflective of the expected Euler-Bernoulli trend,
yet the strain profiles of alumina specimens showed relatively substantial variation. However, the individual
properties derived from the DIC and mechanical tester fell within expected ranges, demonstrating the
fundamental accuracy of this methodology.

Figure 5.5. Spatial bending %## strain (%) profile of (a) a representative alumina and (b)
borosilicate tube immediately prior to fracture with the overlaid corresponding fracture
patterns in black.
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Table 5.3. Summary of alumina and borosilicate glass experimental properties. Expected
values derive from the retailer McMaster-Carr and literature [36–38].
Specimen
ID
A_01
A_02
A_03
A_04
A_05
A_06
B_01
B_02
B_03
B_04
B_05
B_06

Material

!!
(mm)

!"
(mm)

Alumina
Alumina
Alumina
Alumina
Alumina
Alumina
Borosilicate
Borosilicate
Borosilicate
Borosilicate
Borosilicate
Borosilicate

34
34
34
50
50
50
34
34
34
50
50
50

100
100
100
100
100
100
100
100
100
100
100
100

Expected
Young's
Modulus
(GPa)
340-370
340-370
340-370
340-370
340-370
340-370
60-65
60-65
60-65
60-65
60-65
60-65

Young's
Modulus
(GPa)
358
382
389
366
372
363
62
61
56
61
62
61

Expected
Fracture
Strength
(MPa)
210-350
210-350
210-350
210-350
210-350
210-350
69-340
69-340
69-340
69-340
69-340
69-340

Fracture
Strength
(MPa)

Failure
Strain
(%)

252
279
281
351
353
353
116
145
121
129
117
136

0.062
0.065
0.067
0.095
0.086
0.093
0.155
0.198
0.187
0.181
0.165
0.188

The brittle fracture nature of both alumina and borosilicate specimens is best illustrated in the stressstrain, normalized cumulative acoustic energy (NC-AE), and helium leak rate plots (Figure 5.6). The stressstrain plots indicate only a linear, elastic regime before an abrupt fracture, supported by the occurrence of
a single acoustic event at fracture. Despite some noise, generally <10-6 mbar l/s, leak rate data also indicated
a single event. It comes as no surprise that the alumina and borosilicate specimens failed by fast fracture
where onset of cracking immediately propagated to relieve all stress and release all pressurized gas at once.
While the sharp acoustic profile would seemingly indicate a concentrated crack network as observed on
alumina (Figure 5.5a), borosilicate specimens tended to shatter (Figure 5.5b) with a network of cracks
spanning out along the length of the specimens. We note the fracture patterns of the borosilicate specimens
closely resembled those depicted in ASTM C1684-18, where initial fracture occurs at the bottom of the “Vlike” intersection of the fracture line with the region of maximum tensile strain seen in Figure 5.5b.

108

Figure 5.6. (a,b) Stress-strain curves, (c,d) NC-AE, and (e,f) leak rate over increasing
strain of all alumina (left) and borosilicate glass tubes (right), covering two span
distances/ratios.

The critical finding of the testing on alumina and borosilicate specimens is that the sensors and the
analysis procedures developed were capable of capturing the fast fracture event of brittle ceramics.
Furthermore, the initial fracture locations of all 12 brittle specimens occurred well within the inner bending
zone, indicating a high repeatability of successful tests. Therefore, this methodology is more than adequate
to reliably capture the prolonged fracture events of CMC failure.
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4.3. SiC/SiC CMC
Three CMC specimens were tested; CMC_01 and CMC_03 were tested until complete loss of load
bearing capability, and CMC_02 was tested until significant leaking was detected. Future testing is being
conducted to characterize the damage mechanisms of these specimens, but here, we can assess the capability
of the test methodology to capture certain mechanisms and stages in the progression of CMC failure. As
previously described, stress-strain curves were generated for each specimen to derive the modulus, fracture
strength, and DFLS values reported in Table 5.4. All specimens were found to have a modulus and fracture
strength within establish literature trends, but a direct comparison is impossible without an identical
architecture. DFLS values occurred for all three specimens around the same point, 0.04 to 0.05 % strain.

Table 5.4. Summary of CMC experimental properties and literature properties
[5,14,39,40].
Specimen
ID

Materi
al

!!
(mm)

!"
(mm)

CMC_01
CMC_02
CMC_03

SiC/SiC
SiC/SiC
SiC/SiC

42
42
42

84
84
84

Expected
Young's
Modulus
(GPa)
230-250
230-250
230-250

Young's
Modulus
(GPa)
238
265
260

Expected
Fracture
Strength
(MPa)
220-300
220-300
220-300

Fracture
Strength
(MPa)

DFL
Stress
(MPa)

DFL
Strain
(%)

178
N/A
265

139
162
132

0.043
0.055
0.043

Figure 5.7 presents the DIC strain profiles immediately prior to the test end; these show the full range
of recorded strains without the 90th percentile filter. Within these profiles, multiple, large strain
concentrations immediately stand out, reaching upwards from the underside of the specimens. These large
strain concentrations along the tube surface correspond to crack opening and are not respective of the true
bending of the tube; such strain due to crack opening will be referred to as pseudo-strains. Since they are
more a measure of crack opening and not material strain, the pseudo-strains were removed from the stressstrain data analysis via a threshold filter as described in Section 2.3.
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Figure 5.7. Strain bending profiles for all three CMC specimens, showing immediately
prior to (a) loss of load-bearing capability for CMC_01, (b) initial helium leakage of
CMC_02, and (c) loss of load-bearing capability for CMC_03. Location of final fracture
marked in black. Note varied color scales.
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Figure 5.8. Strain bending profile of CMC_03 (a) at the onset of increased NC-AE, (b) at
the onset of increased helium leak rate, (c) at the first large increase of helium leak rate,
(d) at the second large increase of helium leak rate, (e) at the third large increase of helium
leak rate up to sensor saturation. Note varied color scales and strain ranges are without the
90th percentile filter.
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All specimens cracked within the bending zone, but specimens CMC_01 and CMC_02 exhibited one
or two prominent cracks while CMC_03 showcased a distribution of cracks down the bending zone.
Looking closely at the buildup of strain within CMC_03 (Figure 5.8), it is possible to see the EulerBernoulli profile early in the test before acoustic activity; corresponding stress-strain locations of the
images seen in Figure 5.8 are labeled in Figure 5.9a. As acoustic events were detected, pseudo-strain
concentrations grew along the bending zone, indicating that cracking had initiated (Figure 5.8a). Eventually,
the cracks penetrated the matrix, forming a narrow channel for gas to begin to slowly escape (Figure 5.8b).
The progressive increase in deformation opened up more cracks and widened any penetrating cracks,
initiating the first, large jump in helium leak rate around 0.09% bending strain (Figure 5.8c). Two more
sequential jumps in helium leak rate (Figure 5.8d,e) were caused by additional crack opening before final
loss of load-bearing capacity of CMC_03.
The elastic response of each CMC specimen aligned well (Figure 5.9a), but the continued response
beyond the DFLS highlighted the differences between the specimens. CMC_02, which was removed at the
onset of leaking, only achieved a strain just past the DFLS. CMC_01 obtained a slightly higher strain, but
CMC_03 achieved the highest strength and strain before fracture. From AE (Figure 5.9b), it is clear that
the DFLS point occurs nearly concurrent with the onset of acoustic activity (0.042 %), signaling that these
acoustic events correspond to matrix microcracking and the transfer of load to the fiber tows. Leaking from
CMC_01 began shortly after the DFLS point as well, corresponding to 0.043 % strain but was delayed for
CMC_02 and CMC_03 at 0.069 % and 0.090 % strains, respectively. The delayed leaking of CMC_03 is
an interesting behavior that likely stems from the more distributed cracking behavior seen for this CMC
and warrants more investigation.
Of the two specimens taken to load bearing capability, the acoustic and leak data trends are quite
distinct. For CMC_01, the buildup of acoustic and leak rate data followed the same trend, occurring in
stages and associated with onset of matrix microcracking and initial leaking, the onset of fiber cracking and
opening of matrix channels, and the final fracture of the tows. In contrast, the leak rate of CMC_03 followed
a similar three-stage trend, but the buildup of acoustic activity was much more linear without any distinct
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stages. This linear increase of acoustic activity reflects the greater occurrence of cracks down the length of
the bending. From the higher fracture strain of CMC_03, it is apparent that the uniform distribution of
cracks effectively distributes stresses. Furthermore, the early leaking of CMC_01 indicates the possibility
of a flaw, which may have propagated fracture near the inside of an upper loading support; the mechanistic
cause of the difference between specimens is being investigated as part of an ongoing study.

Figure 5.9. (a) Four-point bending stress-strain curves, (b) AE, and (c) helium leak rate
response over bending strain of CMC tubes. The circled lettering corresponds directly to
the labeled strain profiles seen in Figure 5.8.
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5. Discussion
The CMC results highlight the strength of this methodology to correlate load, strain, acoustic emissions,
and leak rate together. Thus, it is possible to readily determine how key sequential events occur. It must be
noted that this study neglects the effects of fuel pellets on the failure mechanisms of the cladding; pellet
expansion and mechanical contact with the cladding will certainly affect local stress states within the
cladding and thus impact the failure mechanisms [41,42]. This effect should be addressed in future testing,
but in this study, the focus remained the failure mechanisms of the CMC cladding alone. Here, this test
methodology tracked the onset of matrix microcracking, the initiation of through-matrix cracks causing
leaking, the transfer of stress from the matrix to the fibers as matrix cracking progresses, and finally, fracture
of the fiber tows themselves leading to loss of all load bearing capability. Importantly, the test setup
minimized any contact induced damage to the tubes, which might have an effect on the recorded mechanical
performance. The CMCs were visually inspected before and after testing. SEM inspection (Figure 5.10) of
the fracture regions and cradle contact points confirmed that the custom-fitted cradles performed as
designed and did not crush or damage the specimen at the contact points during loading.
These experiments and simple finite element simulations demonstrate that this DIC/AE four-point
bend, hermeticity test methodology is effective for both ductile and brittle materials. All nonmetal materials
failed with a strain of less than 0.5 % (Figure 5.11a). Of these materials, the CMC achieved the largest
bending strain at failure, demonstrating the role of CMC architecture on improved toughness compared to
conventional ceramics and glasses. Together, alumina and borosilicate glass specimens demonstrated the
rapid response and accuracy of DIC, AE, and leak rate measurements. Steel specimens revealed the
capability of the custom bending fixture to reliably handle larger strains without inducing unwanted
constrains or contact damage. Properties from McMaster-Carr and literature [43] were used to compare the
failure strain of the steel specimens to the ceramic specimens, but we note again that accommodations to
the setup and possibly specimen dimensions would be necessary to extend the range of pure bending.
Furthermore, ductile materials like steel are unlikely to fracture under bending.
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Figure 5.10. SEM micrographs of CMC_01, showing the specimen outer surface at (a) the
crack running through the compressive region and (b) the crack widening through the
tensile region. (c) No damage was observed under the cradles. (d) Schematic of the
locations of each image on the specimen relative to loading points.

While the CMCs exhibited a larger fracture strain than the other ceramics, the CMCs experienced loss
of hermeticity earlier than either alumina or borosilicate glass (Figure 5.11b). This disparity between strain
at loss of hermeticity and final fracture represents a key advantage of CMCs over monolithic ceramics and
highlights the complicated failure mechanisms governing CMC degradation. Alumina and borosilicate
specimens lost hermeticity and load-bearing capability in a sudden fracture event; the CMCs retained some
load-bearing capability after loss of hermeticity until larger strains. In fact, it was observed in the case of
CMC_02 that the leak rate dropped upon unloading, suggesting that the cracks and channels created at the
point of loss of hermeticity may close, allowing the tube to re-seal when load is relieved. Thus, it was
postulated that the cracks and channels within the CMC allowing gas to escape were contained within the
matrix as the fibers bore the load. As the load increased and the fibers began to break, the CMC passed a
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point where cracks did not fully close to re-obtain a hermetic seal even when load was removed; this
response was noted with CMC_01 and CMC_03.

Figure 5.11. (a) The fracture strain and (b) loss of hermeticity strain of alumina,
borosilicate, and SiC/SiC CMC as measured in this study compared with that of commonly
observed in 4130 steel [43], showing the significant disparity in mechanical response
between ceramic and ductile materials.

Together, the hermeticity and fracture response of the CMCs illuminated in these bending experiments
(Figure 5.12) fits well within previously described failure behavior as governed by CMC architecture
[5,30,39]. This behavior appears to fit into four stages. Initially, the CMC cladding bears the strain without
damage until a point between 0.04 to 0.06 % strain when the matrix begins to crack and transfer load to the
fiber tows; this point marks the first stage of failure. It also corresponds to the DFLS location, indicating
the onset of matrix cracking (Figure 5.12b). By a maximum of 0.09% strain, cracking is extensive enough
to penetrate through the cladding, leading into the second stage, loss of gas tightness under load (Figure
5.12c). The range of strain values at key events between different specimens may be attributed to geometric
differences and merits future scrutiny. It may be possible to retain hermeticity after this point if fiber tows
have not yet begun to fracture, and load is relieved. If the load is not relieved and continues to increase, the
fiber tows will begin to break, marking the third stage at which point it becomes impossible to fully close
cracks even when load is reduced (Figure 5.12d). The fourth and final stage of failure is the point when the
last fibers fail and lose all load bearing capability (Figure 5.12e). This behavior, however, suggests that
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there may be two key metrics for future nuclear cladding application: (i) the strain at initial loss of gas
tightness and (ii) the strain at which point the cladding can no longer recover hermeticity even when load
is reduced.

Figure 5.12. A schematic of the observable failure mechanisms of the CMC cladding. (a)
The CMC structure undergoes stages of failure: (b) onset of matrix cracking, (c) loss of
hermeticity, (d) fiber fracture, and (e) final fracture.

6. Conclusions
A DIC/AE enabled, in-situ hermeticity, four-point bend setup and methodology was presented to unveil
critical fracture events for a variety of ceramic tubes, including prototypic nuclear-grade SiC/SiC fuel
cladding CMC tubes currently under development. These samples were used for initial verification of this
test setup, which integrated a triad of complementary sensors, including 3D-DIC, AE, and helium leak rate.
The reliability and accuracy of this sensor suite, in combination with our unique four-point bend setup, was
demonstrated on both ductile and brittle tubes with established mechanical properties. Conventional stressstrain curves and properties were calculated from an Euler-Bernoulli beam-in-bending formulation and
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presented for alumina, borosilicate glass, 4130 steel, and SiC-SiC CMCs tubes, including results for
multiple four-point support spans (!! /!" = 42/84, 50/100 and 34/100 mm/mm), which all agreed well with
expected values. The fast, singular fracture events of alumina and borosilicate glass demonstrated the
accuracy and quick response time of our setup and correlation technique. The ductility of 4130 steel tubes
and a replicating numerical finite element model were used to confirm the validity and minimization of
contact strain concentrations of our setup past strains typically exhibited by CMCs. Of urgent concern to
the nuclear industry, the spatial strains at critical fracture events could be investigated for CMC fuel
cladding tubes, including the onset of matrix cracking, loss of hermitic seal, and loss of load-bearing
capability. Matrix cracking was well defined by the DFLS at strains ranging from 0.04 - 0.06 % and was
shortly followed by initial loss of hermetic seal by 0.09 % bending strain. Leaking increased in distinct
steps over a span of 0.1- 0.2 % bending strain and intermediate results indicate that prior to fiber fracture,
it might be possible to regain hermeticity upon unloading. The slower, stepped progression of NC-AE
events and He leak rate demonstrate the gentler, delayed failure behavior characteristic of CMCs over four
distinct steps. This technique was developed to progress the standardization of a test methodology for such
critical nuclear reactor components and to resolve the mechanisms that control these distinct steps of CMC
failure.
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CHAPTER 6: CHARACTERIZING ENVIRONMENT-DEPENDENT FRACTURE MECHANISMS
CERAMIC MATRIX COMPOSITES VIA DIGITAL IMAGE CORRELATION

OF

1. Introduction
For multiple energy applications, most prominently high temperature aerospace and harsh environment
nuclear fuel applications, silicon carbon fiber / silicon carbide ceramic matrix composites (SiC/SiC CMCs)
are highly attractive materials due to their thermal stability, corrosion resistance, and irradiation stability
[1–6]. Monolith SiC is very brittle, which would seemingly restrict its engineering applications [7].
However, SiC/SiC CMCs possess an engineered architecture of woven or braided ceramic fiber tows
infiltrated with a ceramic matrix to achieve a “pseudo-plastic” deformation response, enabling greater
mechanical resilience than a monolith ceramic. As the ceramic matrix begins to fail, it cracks to relieve
stress, but rather than fail rapidly like a monolith ceramic, the load is instead redistributed to the fiber tows.
Thus, the CMC can sustain continued loading and deformation. This behavior is enabled by the tailoring of
the fiber/matrix interface, either with a pyrolytic carbon or boron nitride coating, which helps to deflect or
arrest crack growth within the matrix from directly propagating to the fibers [8–11].
With these properties, CMCs would serve in mission-critical roles, such as gas turbine shroud and
combustor components [12] and as nuclear fuel claddings [13]. As a result, CMCs have been rigorously
tested and evaluated to elucidate pertinent degradation and failure mechanisms for these applications.
Numerous studies have examined the mechanical performance of CMCs via tensile [11,14–16] and flexural
testing [17,18]. Conventional mechanical test methodologies, such as those described by ASTM C1275 and
C1684, rely on displacement-based measurements to calculate specimen strain, such as extensometers and
strain gauges [10,11,19,20]; however, these techniques do not distinguish non-uniform or local strain
concentrations. Thus, these techniques fail to address the effect of strains concentrated within the matrix or
fiber tows [21] and overrepresent material deformation by incorporating pseudo-strains due to crack
opening displacement (COD).
Fracture within a CMC is associated with critical stages of material failure, and thus, it is important to
derive precise measurements and distinctions between actual deformation and strain of the material against
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pseudo-strains. For example, it has been noted that the onset of matrix microcracking and load transfer to
the fiber tows is associated with the proportional limit point (PLS) or deviation from linearity (DFL)
[14,16]. Fracture within the matrix can also jeopardize the hermeticity or gas-tightness of the CMC; in
nuclear fuel applications, loss of hermeticity would represent a dangerous threshold at which point
radioactive gases could escape the fuel cladding [17,22,23]. Furthermore, microcracks through the matrix
create channels for oxygen or other environmental gas ingression, which can lead to oxidation of CMC
constituents, particularly the fiber interfacial coating. Environmentally-assisted crack growth can lead to
composite embrittlement and microcracking at low stress levels as has been demonstrated in standard air
and even inert environments [19,20,24]. Thus, it is critical to capture microcracking events during
mechanical testing to detect anomalies like subcritical crack growth or loss of hermeticity.
Unlike conventional extensometers and strain gauges, digital image correlation (DIC) provides fullfield, spatial displacement and strain fields during mechanical testing by tracking optical images of the
specimen and quantifying deformation relative to a reference image [25,26]. Full field DIC techniques are
thus well suited to resolve local discontinuities, such as local pseudostrain concentrations due to COD
[27,28]. In preparation for DIC, the specimen is treated with a high contrast speckle pattern. However, the
capability of DIC to detect microcracks is dependent on several factors: camera resolution, field-of-view,
subset size, and speckle size. Ideally, the camera should be positioned as close to the sample as possible to
enhance the resolution of the test gage section. Speckles should then be sized to be approximately two to
four pixels in diameter. The subset then must be sized to contain a distinct field of speckles, three to five,
for accurate tracking and correlation [25,26,29,30]. These parameters impose practical limitations on the
accuracy of DIC measurements and the detectable crack size.
In-situ DIC techniques have been used to study the deformation and fracture of CMCs. Work by
Bernachy-Barbe, et al. demonstrated local deformation and cracks across individual fiber tows in an
investigation of the role of tow interfaces, spacing, and configuration effects on that deformation fracture
[28]. Whitlow, et al. examined a larger strain field across the full test gage section of CMC specimens under
a tensile load, showing concentrations due to local porosity and eventually due to fracture [31].
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Furthermore, high resolution DIC has been extended to CMCs via scanning electron microscopy (SEM)
[14] and X-ray tomography (XCT) [32,33], which has unveiled microcracks within the tows and around
individual fibers.
Here, we apply in-situ three-dimensional (3D-DIC) to characterize the degradation of SiC/SiC CMC
tubes during bending and demonstrate a method to quantify fracture properties, such as COD and crack
spacing, during deformation. We will also examine the environmental impact on CMC fracture via
characterization of CMC specimens after exposure in various high temperature (1200°C) environments.

2. Experimental Methods
2.1. Materials
SiC/SiC CMC tubular specimens (Figure 6.1) were purchased from General Atomics, reproducing the
dimensions of prototype nuclear fuel claddings, with an inner and outer diameter of 8.4 mm and 10.1 mm,
respectively. The CMCs contained three plies of Hi-Nicalon type-S fibers in a diamond pattern biaxial braid
(± 50° orientation); individual fibers were coated with a pyrolytic carbon interphase (approximately 100 to
150 nm thick). The fiber tows were completed with a chemical vapor infiltrated SiC matrix. An outer SiC
layer was applied via chemical vapor deposition (CVD) [34].

Figure 6.1. A schematic of the CMC tubular specimens used in this study. Not shown is
the outer CVD SiC layer, which covers the braided architecture.
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Specimens were subjected to one of four environments prior to mechanical testing: (A) no treatment,
(B) 48 hours at 1200 °C in open air, (C) 48 hours at 1200 °C in vacuum, and (D) 48 hours at 1200 °C in
helium. These environments are briefly summarized in Table 6.1. Specimen ends were left as cut and were
not coated with CVD SiC. The mechanical performance of the specimens (A01 and A02) tested without a
heat treatment were previewed in [35] along with tension testing of SiC/SiC CMC specimens. All
temperature treatments were performed in a tube furnace (MTI Corporation GSL-1800X). Oxygen content
within the tube furnace during conditions B and D was measured with an MTI Corporation Oxygen
Analyzer. For condition D, the tube was first evacuated then a flow of helium (99.995% pure He) was
introduced for the duration of the treatment; a low purity helium with relatively high oxygen content (~ 5
ppm) was selected to evaluate any oxidation effect. Two specimens were prepared per treatment and were
designated, for condition A for example, as A01 and A02.

Table 6.1. The CMC specimen pre-experiment treatment environments.
Condition
Temperature
Duration
Atmosphere
Oxygen Content

A
Open air
18.1 ± 2.2 % O2

B
1200 °C
48 hours
Open air
18.2 ± 2.2 % O2

C
1200 °C
48 hours
Vacuum
-

D
1200 °C
48 hours
Helium
0.13 ± 0.02 % O2

2.2. Mechanical Testing Methods
The flexural tests were all conducted at room temperature using the four-point bend apparatus
developed by Bumgardner, Heim, et al. for investigating the hermetic failure of CMC tubes [17] and
modeled after ASTM C1684-17. The test frame (Figure 6.2a) was configured using an Admet eXpert 2611
table top universal testing machine and Admet 1210AJ-2K-B, 8.9 kN load cell. Each CMC specimen was
painted (Rustoleum matte spray paint) with a fine black-and-white speckle pattern for image correlation
(Figure 6.2b). A gas inlet tube was inserted into one end of each specimen, and both ends of the tubular
specimen were sealed with 3M Scotch-Weld 620 epoxy adhesive, creating a hermetic seal.
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Figure 6.2. (a) A schematic of the four-point bend test frame as adapted from [17]. (b) An
optical image of the sample loaded in the test frame, showing a representative field of view
between the two lower pivoting cradles and of the applied speckle pattern.

Each specimen was loaded in the test frame. Load points were spaced such that !! /!" = 34/100
mm/mm (Figure 6.2a). Custom, pivoting cradles were machined to fit the outer diameter of the CMC tubes
to prevent a local concentration of stress [17], which could otherwise promote subcritical cracking. Each
specimen was loaded at a rate of 0.5 mm/min until complete failure of the tube, where failure was
categorized as the point at which the specimen lost all load-bearing capability. Optical images were
acquired during each test at a rate of 5 Hz using two FLIR Grasshopper 3 GS3-U3-50S5M-C digital CMOS
cameras and Schneider 21-100197 35 mm compact lenses (Table 6.2). Acoustic emissions were recorded
by a Mistras 1283 USB AE Node at a rate of 1 MHz with a threshold of 10 dB. This sensor was affixed to
one end of the CMC specimen by an adjustable hose clamp.
In-situ leak detection was provided by an Inficon Protec P3000 Helium Sniffer Leak Detector,
measuring leak rate at a rate of 10 Hz. A minimum leak rate of 10-7 mbar l/s, the lowest detector reading,
was confirmed before each test to ensure ambient levels of helium would not adversely affect the test results.
The leak detector had a response time of about 400 ms, so to ensure leak rate could be correlated with the
mechanical strain due to loading, a stepped displacement profile was programmed in the universal testing
machine. This displacement profile specified the crosshead would displace at a rate of 0.5 mm/min in 0.01
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mm increments with a 2 second hold period, more than enough time for the leak detector to respond.
Select specimens were also imaged under SEM (FEI Quanta 650) with a circular backscatter detector
(CBS) after testing with energy dispersive X-ray spectroscopy (EDS), probed with indentation (Micro
Materials Ltd. Nanotest Vantage) to measure fracture toughness, and scanned with atomic force microscopy
(Bruker Nano Inc. Dimension Icon).
2.3. DIC Data Processing and Crack Detection Methods
Table 6.2. Typical parameters for DIC analysis of strain data and crack detection used in
this study.
DIC Configuration
Technique Used
Camera
Lens
Pixel Resolution
Image Acquisition Rate
DIC Software
Subset Size
Step Size
Image Pre-smoothing
Displacement Noise Floor
Strain Calculation
Strain Noise Floor

Strain Computation
Crack Detection
2x Stereoscopic 3D Image Correlation
2x FLIR Grasshopper 3 CMOS
2x Schneider Kreuznach 35 mm
2448 x 2048 px
5 Hz
Correlated Solutions VIC-3D 8
21 to 29 px
15 to 19 px
7 px
15 px
<1× 10!" mm
Engineering
~2 × 10!# mm/mm (or ~0.002 %)

3D-DIC analysis was performed using the commercially available software, Correlated Solutions VIC3D 8 (Table 6.2). Specific subset size and step size depended on the field-of-view of the camera and relative
speckle size in each test; individual tests occurred days to weeks apart, so the cameras were continuously
set up and broken down. A representative study of the effect of subset size is presented in Section 4.3. For
strain computation, all images were processed with a DIC subset size of 21 to 29 px, depending on the field
of view across all specimens. The subset size to !! was about 0.025 px/px. All datasets were processed with
calibration images to calculate the orientation of the two cameras to derive out-of-plane measurements; at
least 30 calibration images were acquired prior to each test of calibration grids with known speckle
geometries. The data was also run through VIC-3D’s built-in rigid body removal function. The measured
strain floor in the x-direction for all DIC analysis was observed to be less than 2 × 10#$ mm/mm.
Subsequent post-processing and analysis was performed in Python 3.6.
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Figure 6.3. (a) A schematic of the strain profile across a beam-in-bending, where (b) the
strain varies from compression at the top of the specimen to tension at the bottom. (c) DIC
strain fit this expected profile.

Stress calculations and correlation of DIC data with acoustic and leak rate data was summarized in prior
work [17]. However, the derivation of strain from DIC was re-examined here. Output data files from DIC
included position (x, y, z), displacement (u, v, w) and strain ()%% , )&& , )%& ) data at pixel locations per pair
of digital images acquired during mechanical testing. Converting a two-dimensional data set to a onedimension strain data set for plotting a stress-strain curve was complicated and dependent on the loading
mode. For example, in a tension test, the entire specimen would be pulled in tension; of course, local strain
distribution within a CMC can be highly variable [11,14–16]. In a flexural test, like these four-point bend
experiments, the CMC is subjected to both compression and tension, which varies in magnitude through
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the cross section (Figure 6.3).
To convert the full-field DIC strain data into a one-dimensional measurement for stress-strain analysis,
the full-field dataset was first cropped to only include the region within the two inner loading points, !! ,
corresponding to the region of pure bending. At every y-pixel position down the cross-section of the
specimen, the strains in the x-direction (tube axial direction) )%% were isolated. Pseudo-strains due to COD
were removed by filtering out strains above a 90 % threshold, and the remaining strains were averaged
(Figure 6.3c). The standard deviation of the strains at every y-pixel was about 0.04 % across all tests. The
resulting cross-section strain profile confirmed the expected beam-in-bending profile and re-enforced that
the maximum strains occurred at the upper and lower surfaces of the specimen. Prior work has demonstrated
that fracture and failure initiate in the tensile underside of the specimen, so the maximum tensile strain from
this cross-section profile was extracted at each time step, providing a one-dimensional strain dataset to plot
in the stress-strain and subsequent analyses.
To isolate individual cracks, all images were re-processed in VIC-3D with a finer subset size of 15 to
19 px, depending on the field of view across all specimens. The subset size to !! was < 0.02 px/px in order
to provide finer resolution. Crack detection was performed using the two-dimensional dataset based on the
discontinuities within the displacement field u. A spatial derivative approach has been documented in the
literature to isolate individual cracks [36–39]. The spatial derivative

'(
'%

was calculated from the

displacement field u in the direction of loading x. To bring out and isolate the discontinuities, a scalar,
intensity threshold I was calculated as follows:
.
.
'(
'(
* = 3,) − '% + '%
)

*

(6.1)

where si is the standard deviation on the initial spatial derivatives dataset and subscripts i and f denote the
.
'(
initial (reference dataset prior to loading) and final (dataset of interest) median spatial derivative '% [35].
Filtering the two-dimensional DIC data by this intensity threshold isolates the spatial derivative peaks,
corresponding to cracks and provides x and y position data for those cracks. Here, we assumed all COD
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occurred in the x-direction along the axis of the tubular specimens. COD values were computed by
subtracting the displacement on the left (0+ ) and right (0, ) side of each discontinuity at the half maximum
positions associated with every spatial derivative peak:
123 = 0, − 0+ .

(6.2)

3. Results
SiC/SiC CMC tubular specimens were loaded under four-point bending until failure, and optical images
were processed initially with a DIC subset size of 21 to 29 px to quantify flexural strains. The subset size
to !! was about 0.025 px/px. The resulting DIC strain profiles (Figure 6.4) followed expected trends: (i)
there was a clear beam-in-bending strain profile from compressive strains above the neutral axis to tensile
along the underside of the sample, (ii) matrix microcracking, as indicated by strain concentrations,
originated along the tensile underside of the specimens and grew up toward the neutral axis, and (iii)
eventually, fracture (traced in black) occurred across the tows, resulting in failure of each specimen.

Table 6.3. Measured properties of the CMC specimens.
Specimen
A01
A02
B01
B02
C01
C02
D01
D02

Young’s
Modulus
(GPa)
268
292
232
184
293
224
268
285

DFL
Stress
(MPa)
120
109
81
116
107
86

DFL
Strain
(%)
0.044
0.042
0.032
0.036
0.038
0.029

Strain at
Onset of AE
Activity (%)
0.038
0.047
0.032
0.035
0.034
0.041
0.037
0.038

Strain at
Onset of
Leaking (%)
0.045
0.061
0.032
0.042
0.051
0.051
0.041
0.044

Failure
Stress
(MPa)
233
199
92
101
153
116
221
228

Failure
Strain
(%)
0.473
0.358
0.037
0.045
0.236
0.054
0.513
0.901

A summary of the mechanical properties of each specimen is presented in Table 6.3. DFL stress and
strain were determined from a 0.005 % strain offset applied to the measured flexural stress and strain (Figure
6.5a). The DFL strain correlated with the onset of acoustic activity and leaking, which confirmed the
conventional understanding of the DFL point; this point marks the onset of matrix microcracking and
transfer of loading from the matrix to the fiber tows. Leaking occurred very soon after, if not concurrently
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with, onset of acoustic activity, indicating these microcracks instantly penetrated the full thickness of the
SiC cladding. The modulus values were fairly consistent, which reflected the properties of the SiC matrix.
The onset of microcracking also began consistently within a range of about 0.032 to 0.051 % strain as

Figure 6.4. Representative DIC strain profiles of select specimens at the point right
before final fracture corresponding to each type of treatment: (a) no heat treatment, (b)
treatment at 1200 °C in open air, (c) at 1200 °C in vacuum, and (d) at 1200 °C in helium.
The location of final fracture is marked in black.
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indicated by the DFL point, acoustic activity, and leak rate. Specimens A01, A02, D01, and D02 performed
the best, achieving high fracture strains >0.4 %. Specimens B01 and B02, both of which were treated in
open air at 1200 °C, performed the worst with early fracture < 0.045 % strain and no clear DFL point,
indicating that matrix microcracking progressed rapidly and continued through the fiber tows, resulting in
fast brittle fracture.

Figure 6.5. Four-point bending data for all CMC specimens. (a) Stress-strain curves
through 0.5 % flexural strain. (b) Leak rate response over bending strain. (c) Normalized
cumulative acoustic energy activity over the measured bending strains.
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4. Discussion
4.1. Environmental Impact and Characterization
The properties of A01, A02, D01, and D02 (Table 6.3) fell within expected ranges for SiC/SiC CMCs
documented in literature [17,35,40–42]. Specimens B01 and B02 performed the worst and exhibited instant
brittle failure, and specimens C01 and C02 fell in the middle in terms of their failure strain. Of course, these
specimens were subjected to different heat treatments, which could explain the variation in performance.
However, CMC performance is highly variable, and microstructural variation, porosity, and pre-existing
cracking can also account for this variation.
SiC/SiC CMCs are generally thermally stable [6,43], but studies in literature do document some
degradation due to heat treatments and environmental exposure, which may explain the mechanical
performance observed here. Wing and Halloran [44] performed Raman spectroscopy of reaction-bonded
silicon carbide after thermal annealing and found significant reduction in the residual stress state of the Si
and SiC phases of the material, 78 % and 35 % stress relaxation, respectively. This stress relaxation occurred
only after 30 minutes of annealing at 1200 °C; annealing for extended durations only resulted in minimal
further stress relaxation. Even greater stress relaxation of silicon phases, up to 90 %, have been documented
[45,46]. Knauf, et al. conducted Raman spectroscopy stress measurements of the SiC matrix within SiC/SiC
CMCs (with boron nitride fiber coating) and reported no significant change in the stress state after heat
treatments up to 1300 °C [47]. Potential changes in the residual stress state are significant; these changes
could either raise or lower the energy barrier to fracture initiation and propagation.
Chai, et al. reported a reduction of as much as 49.6 % in the fracture toughness of the SiC fibers after
heat treatments of 1 hour at 1100 °C [48]. This finding was further supported by earlier work by Araki, et
al., who reported a reduction of fracture strength of Hi-Nicalon Type-S SiC fibers subjected to heat
treatments of 1000 °C in vacuum for 1 hour. Notably, the Hi-Nicalon Type-S SiC fibers still outperformed
Nicalon and Hi-Nicalon fibers and displayed comparably minimal microstructural degradation or weight
loss [49]. These observations in literature suggest that the specimens treated in open air at 1200 °C
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(Specimens B01 and B02) may be subject to structural degradation, leading to a reduced fracture toughness.
Indentations were performed to probe the fracture toughness of the CMC after each treatment. Young’s
modulus (4) and hardness (5) were extracted from nanoindentations (depths < 1 µm) as described by the
Oliver-Pharr methodology [50,51]. Microindentations (depths > 1 µm) were performed to induce fracture
at some prescribed load (6); these indentations cracks (c) were subsequently measured under SEM (Figure
6.6) to quantify the fracture toughness as described by:
/ 1/3

7-. = 8 90:

4

95 !/# :.

(6.3)

The value 8 is a geometric factor dependent on the geometry of the indenter tip; here, 0.016 was used as
the value of 8 for a Berkovich tip [52–54]. At least eight indentations were performed per load per
specimen.

Figure 6.6. (a) A representative micrograph of an indentation on the CVD matrix with
crack length c. (b) Select indentation curves showing steps associated with cracking.

Table 6.4. Modulus, hardness, and fracture toughness measurements on the CVD SiC via
nanoindentation.
Treatment
A
B
C
D

Young’s Modulus
(GPa)
414 ± 24
408 ± 18
410 ± 15
415 ± 22

Hardness
(GPa)
30.5 ± 5.5
32.7 ± 4.9
33.1 ± 3.9
32.8 ± 4.3
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Fracture Toughness
(MPa m1/2)
4.14 ± 0.55
2.77 ± 0.25
3.68 ± 0.16
3.70 ± 1.16

These modulus and hardness values (Table 6.4) were notable larger than the bulk properties (Table 6.3)
and reflected the properties of the individual CMC constituents. Specifically, these properties were those
of the CVD SiC; the microindentations necessary to generate cracks were too large (20 to 30 µm in
diameter) to isolate the properties and fracture toughness of individual fibers or the CVI matrix.
Nonetheless, the measured fracture toughness of the CVD SiC agreed with the findings reported in literature
[55]. There was significant degradation of the fracture toughness of the CVD SiC after the heat treatment
in open air; the fracture toughness decreased by 33 % compared to the specimens without heat treatment
and by 25 % compared to the other specimens treated in vacuum or in helium. In contrast, the specimens
treated in vacuum and in helium experienced degradation of fracture toughness of about 10 %. This outcome
would heavily imply that even if there was some contribution from typical CMC microstructural variation
to the reduced mechanical performance of the treatment B samples, the environmental effects of the open
air treatment on fracture toughness were significant and detrimental.
To further investigate the impact of the heat treatments, SEM with EDS mapping was performed on the
outer surface of select specimens (Figure 6.7). Treatment A, no heat treatment, was associated with no
oxidation of the outer surface. Treatments C and D, where treatments at 1200 °C were performed in vacuum
and helium respectively, exhibited equivalent degrees of surface oxidation, about 39 % oxygen content on
the surface. Treatment B, in contrast, exhibited the largest degree of oxidation with a surface oxygen content
of 48 %.
SEM and EDS maps of the cross-section of these specimens (Figure 6.8) showed most of the oxidation
was located along the exposed surfaces of the CMCs, and they continued to show greater oxidation of the
specimens treated in open air. Oxidation of SiC CMCs has been, and continues to be, researched within the
context of semiconductor, aerospace, and nuclear energy applications, where specific environments [56]
and fiber and matrix materials composition [57,58] can dictate the rates of silica formation and SiC
recession. An investigation of oxidation of Hi-Nicalon Type S SiC fibers has demonstrated rapid growth of
silica over a span of minutes after exposure to high temperatures (>800 °C), and significant oxide
crystallization was reported at temperatures greater than 1000 °C [59]. Oxidation of these tubular CMC
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specimens was expected, and the fracture toughness measurements would suggest the level of oxidation
due to the open air treatment induced sufficient degradation to result in brittle CMC failure.

Figure 6.7. SEM and EDS maps of the outer CVD SiC surface of select specimens from
each pre-experiment heat treatment: A, B, C, and D. The relative percentage of silicon
(green), carbon (red), and oxygen (blue) is presented for each map.
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Figure 6.8. SEM and EDS maps of cross-sections of select SiC/SiC CMC specimens from
each pre-experiment heat treatment: A, B, C, and D. The relative percentage of silicon
(green), carbon (red), and oxygen (blue) is presented for each map.

4.2. Crack Opening and Fracture Energy
Characterization of the fracture pattern of each specimen may be important to unveil further insight
into the failure mechanisms of SiC/SiC CMCs. SEM of the specimens after fracture revealed a consistent
crack pattern (Figure 6.9). Multiple cracks were present along the flexural region of the specimens (within
the !! distance). These cracks were typically only a few microns (< 5 µm) wide and uniformly spaced
(Figure 6.9a). Cracks were found to cross across the individual CVD deposits as previously noted [35]
(Figure 6.9b). The location of final fracture marked the widest instance of cracking, exceeding a few
hundred microns wide and wide enough to see locations of fiber pullout from the matrix (Figure 6.9c). The
B01 and B02 specimens were outliers in that the only located instance of cracking was the location of the
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final fracture. The edges of fracture were also imaged (Figure 6.9d) and probed with AFM (Figure 6.9e),
which indicated these cracks, while trans-deposit (i.e., through the chemical vapor deposits), were
intergranular; the fracture surface has a pebbled texture as the crack passed around SiC grains.

Figure 6.9. (a) A micrograph of the outer surface of the CMC specimens after testing,
showing uniformly spaced cracks. (b) These cracks traversed the CVD deposits. (c) The
site of final failure featured a wide crack, revealing fiber pull-out from the matrix. (d) SEM
and (e) AFM scans of the fracture suggest the cracks are intergranular. These micrographs
and scans show (a,b,c,e) A01 and (d) A02 but are representative of fracture observed in the
other specimens.
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However, post-experiment SEM did not elucidate the in-process fracture growth characteristics. To do
so, DIC-enabled crack detection was applied to the in-situ optical images (Section 2.3). These images were
all re-processed in VIC-3D with a finer subset size of 15 to 19 px, depending on the field of view across all
specimens. The subset size to !! was < 0.02 px/px in order to provide finer resolution to bring out individual
cracks. The effect of subset size on the DIC-based mechanical properties is discussed in Section 4.3. With

Figure 6.10. Spatial derivatives maps (left) and calculated COD (right) based on in-situ
DIC displacement data corresponding to the last image right before final failure. Maps
are presented for a specimen from each heat treatment: (a,b) A01, (c,d) B01, (e,f) C01,
and (g,h) D01.
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this crack detection analysis, the crack location was isolated, and the COD was calculated. COD
calculations were compared to SEM images, which confirmed the calculations correctly indicated the
approximate range of crack opening. COD measurement resolution was ~100 nm.
Selected fracture maps, indicated by the spatial derivative data, and COD calculations are presented in
Figure 6.10 for each heat treatment; these maps correspond to the image collected of each specimen at the
maximum strain before fracture. With the exception of B01 and B02, the maps confirmed observations
from SEM; transverse cracking travelled from the tensile underside of the specimens up nearly around the
full circumference of the specimen. COD values were small, less than 5 µm in most locations, indicating
most cracks were hairline fracture within the matrix. Isolated instances of large COD values corresponded
to locations where final fracture initiated.
Importantly, this COD data was available throughout the duration of each test via analysis of all DIC
optical images. For example, Figure 6.11a-d presents the spatial derivative maps for specimen A01 at
different stages of flexural strain, showing the rapid initiation of numerous cracks at the onset of acoustic
activity and leaking. Thus, key fracture characteristics, like average COD and crack spacing, can be
quantified and tracked throughout each experiment. COD was found to increase linearly during bending for
all tests (Figure 6.11e). Crack spacing; i.e., the separation between individual cracks, was measured and
averaged for every image (Figure 6.11f). Initially, cracks were widely spaced; however, this spacing rapidly
decreased as many cracks initiated. Importantly, these maps reveal that multiple crack initiation sites were
present along the bending zone. By about 0.2 % strain, the number of cracks and the crack spacing
stabilized. Specimen C01 was a bit of an outlier with larger crack spacing while specimen D02 had the
smallest crack spacing (i.e., greatest crack density), as also visualized in Figure 6.10e. Cracking is
commonly observed down the bending zone of CMCs during flexural testing, where they relieve stresses
[17,35]. As the samples with more cracks achieved greater ultimate failure strains, it may be interpreted
that more cracking helps relieve stress to enable greater mechanical performance at the cost of hermeticity.
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Figure 6.11. Spatial derivatives maps of specimen A01 at (a) the onset of AE activity, (b)
onset of leaking, (c) at 0.1 % flexural strain, and (d) right before final failure. (e) COD and
(f) crack spacing could be tracked with flexural strain for the duration of each test; shown,
here representative trends for each heat treatment.

Consistent with prior observations of CMC fracture, the uniform crack spacing indicated a strong
correlation with the CMC architecture. It was hypothesized that crack spacing aligned with tow cross-over
positions, which were found to be 0.81 ± 0.03 mm [35]. The indicated crack spacing is generally larger than
the cross-over spacing, but we further hypothesize that local stress relaxation due to cracking may reduce
the local stress for crack initiation at the next nearest tow cross-over. Work by Croom, et al. and Van
Rooyen, et al. provided further support of this hypothesis. Croom performed in-situ X-ray tomography
while loading a SiC/SiC CMC tubular specimen in an expanding plug test configuration. X-ray tomographs
and volumetric-DIC identified the origins of fracture as tow cross-over locations and further identified that
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variations in tow cross-over spacing to be an important criterial in the onset location of fracture [33]. Similar
flexural testing of CMC tubes by Van Rooyen, et al. unveiled fracture originating from tow cross-over
locations, where Van Rooyen observed greater porosity [18]. Their work and the work by others in the
literature [60–62] suggested that stresses between contacting, non-parallel tows can promote debonding of
the tows and matrix, thereby initiating cracks (Figure 6.12a,b).

Figure 6.12. A schematic of the crack growth profile due to (a) bending of the CMC tubular
specimens. (b) Crack spacing indicates fracture originated at tow cross-over points.
Schematics of (c) diamond and (d) regular biaxial braids (adapted from [35]). Notations of
“1” and “2” indicate uniform or non-uniform tow cross-over orientation.

A possible remedy to this fracture mechanism may be to manufacture the CMC claddings with a regular
braid rather than the diamond braid tested here. While it is possible the diamond biaxial braid (Figure 6.12c)
works to widely distribute cracks and consume energy, the many discontinuous crossover regions would
seem to provide a more concentrated fracture zone than for a regular biaxial braid (Figure 6.12d). A
circumferential crack path would transcend a multitude of uniform tow crossings within a diamond braid,
like those tested in this dissertation, but these crossover points are not uniform in a regular braid. It is
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expected that this non-uniform tow pattern would convolute the crack path, possibly delaying the onset or
slowing the propagation of fracture. Alternately, it may be preferential to avoid tow contact altogether with
the use of filament winding techniques and multiple plies with variable orientations, where delamination is
not a critical concern, such as in bending or internal expansion.
It was also previously mentioned that onset of fracture was closely associated with onset of leaking as
demonstrated by the acoustic and leak rate data (Figure 6.5). To help understand the driving force for the
through-thickness matrix cracking, the normalized fracture energy release was quantified based on the
flexural stress and strain of specimen B01. From the experiment, there are two basic modes of fracture
growth: (i) along either side of the circumference of the CMC tube or (ii) through the 0.85 mm thick CMC
wall. Quantifying the fracture energy in either mode is not easy. The CMC microstructure is highly complex
with fiber, pores, and other constituents imposing local redistribution of stresses, which would impose a
mixed fracture mode. Axial cross-sections (Figure 6.13a) of the cladding showed that through-thickness
cracks did not penetrate straight across the cladding; instead, they appeared to branch through the fiber tows
and shift at pores (Figure 6.13b).

Figure 6.13. (a) A micrograph of an axial cross-section of specimen A01, showing
through-thickness cracking. (b) A schematic of the through-thickness fracture pattern,
presenting the branching and shifts in the cracks (red lines) due to interactions with the
fiber tows and CMC porosity.
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For a rudimentary understanding of the fracture energy, the material was assumed to be uniform matrix,
uninterrupted by pores and fibers; thus, both fracture modes were assumed to be mode I. This assumption
was based on the observation that matrix microcracking occurred early, before fiber fracture (excluding
B01 and B02). This matrix microcracking also penetrated the full thickness of the specimens, leading to
loss of hermeticity and travel, in some instances, around the full circumference of the tube. Thus, matrix
microcracking exhibited both modes of fracture growth.
The stresses across the sample were also not constant and extended from the max tensile stress from
one orientation to the max compressive stress at the other (Figure 6.14a). Here again, another a
simplification is made. In the case of circumferential cracking, the material was assumed to be a flat plate
subjected to a bending moment (Figure 6.14b,c). Here, the fracture energy release can be described by:
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where a is the crack length, P is the applied load, M is the bending moment, and I is the moment of inertia
[63,64].
In the other case of through-thickness cracking, the strain/stress field was assumed to be relatively
uniform through the thickness (Figure 6.14d). Here, the fracture energy release can be described by:
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where < is the local tensile stress [64].
In both cases, the model examined one crack contained with a unit of the tubular specimen (Figure
14c,d). These simplifications, of course, fail to account for the local redistribution of stresses and strain due
to the CMC architecture and for the impact of CMC constituents and porosity on crack growth (Figure
6.13). Thus, a quantitative value of fracture energy release would be subject to high error; instead, the
fracture energy was normalized to emphasize the trend with crack length. In both cases, representing
circumferential crack growth (Figure 6.14e) and through-thickness crack growth (Figure 6.14f), the fracture
energy release followed an exponential trend, indicative of runaway fracture. This trend is consistent with
the experimental behavior, where the correlation of acoustic and leak rate data indicated cracks penetrated

145

the full thickness of the tubular specimens almost instantly. In the circumferential direction, DIC strain and
crack maps also revealed rapid crack growth, but crack growth in this orientation would be affected by the
fiber tows.

Figure 6.14. (a) A graphical cross-section of the CMC tubular specimens, representing the
microstructural complexity and strain field. Fracture energy was modeled via two
simplifications of the (b) bending profile: (c) as a flat plate subjected to a bending moment
to represent circumferential crack growth and (d) as a flat plate subjected to uniform tension
to represent through-thickness crack growth. The normalized fracture energy release for a
single crack within (e) the full circumferential unit in bending and (f) the through-thickness
region at the point of max tension are presented.

In sum, this analysis builds a greater understanding of the fracture mechanisms of SiC/SiC CMCs and
unveils key insights for the future manufacture of CMC fuel claddings. Crack propagation through the thin
CMC wall is nearly instantaneous, leading to rapid loss of hermeticity. However, crack growth in the
circumferential orientation is somewhat delayed by the obstruction of many more fiber tows. The initiation
of multiple fracture sites and uniform spacing of cracks further indicates that CMC fracture is dependent
on the braid structure. A possible remedy to this fracture mechanism may be to manufacture the CMC
claddings with a regular braid rather than the diamond braid to introduce non-uniform tow cross-over
orientation as a means of achieving greater fracture resistance. Furthermore, short periods of high

146

temperature exposure can have significant detrimental effects on the fracture toughness, particularly if
exposed to an oxidizing atmosphere. The impact of the environmental heat treatment or other exposure on
the CMCs may be addressed with the use of an environmental barrier coating, which are in use in aerospace
applications [65,66] and under consideration for nuclear cladding applications.

4.3. DIC Subset Fitting
DIC crack detection was enabled by minimizing the subset size to isolate individual cracks. Reducing
the subset size increased the computational time for the image correlation, but it also becomes important to
consider the impact of reducing the subset size on the flexural strain measurements. To quantify this effect,
specimen A01 was re-analyzed for a range of subset sizes (9 to 75 px), which corresponded to a range of
subset-to-!! ratios of 0.011 to 0.090 px/px. To simulate the strain quantification via conventional
extensometer measurements, a virtual extensometer analysis was applied to the DIC data over the range !!
using the built-in extensometer tool within VIC-3D. The resulting stress-strain behavior is presented in
Figure 6.15a, which shows the strain measurements increase in magnitude with increasing subset size, and
modulus values are reported in Table 6.5.

Table 6.5. Young’s modulus variation of A01 with DIC subset size and strain measurement
via a virtual extensometer.
Subset-to-&$ Ratio
0.011
0.018
0.037
0.054
0.073
0.090
Virtual Extensometer

Young’s Modulus (GPa)
273
270
265
263
252
239
239
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Figure 6.15. (a) The stress-strain curve of A01 was re-analyzed with increasing subset-to!! ratios to evaluate the effect of DIC subset size. Select spatial derivative maps show the
loss of resolution and missed detection of cracks with increasing subset-to-!! ratios of (b)
0.018, (c) 0.037, and (d) 0.073. The maps correspond to the image right before final failure.
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Other researchers have investigated how to select the optimal subset size. Various experiments and
computational simulations have unveiled the need to strike a balance between uncorrelated subsets,
resolution, and noise reduction, typically quantified by the root mean square error [29,67,68]. Such
investigations have identified the basic rules: a subset should be large enough to contain three to five
speckles, where each speckles should be two to four pixels in diameter [25,26,29,30]. Larger subsets, in
essence, average out fine displacement gradients, such as those due to cracking. In the case of these CMC
specimens, the deformation and strain will include a significant contribution due to COD, exaggerating the
actual strain of the material itself. The loss of resolution inherent with larger subsets obscures these pseudostrain peaks, gradually averaging them into bulk flexural deformation of the tubular specimens while
increasing the magnitude of that bulk deformation.
Strain measurements with an extensometer, or virtual extensometer, reflect the total displacement of
the sample; thus, local variation in the displacement fields remains unresolved. We note that the data for
the largest tested subset size (subset-to-!! = 0.090 px/px) was roughly equivalent to that of the
extensometer, reflecting the degree to which the local deformation data associated with cracking was
obscured. This effect is visualized in the corresponding spatial derivative maps (right before final failure)
across a range of subset sizes (Figure 6.15b-d). Fine detail of the fracture pattern was quickly obscured at
larger subsets, hindering accurate measurement of COD and crack spacing. This subset size analysis
emphasized the importance of balancing the DIC parameters based on the test objectives. Strain
measurement, especially if performed for comparison with conventional strain gauge or extensometer
measurements, may lean towards larger subsets while crack detection necessitates smaller subsets.

5. Conclusions
Coupled four-point bend / hermeticity testing unveiled the fracture mechanisms of SiC/SiC CMC
tubular specimens and indicated near instantaneous loss of hermeticity with the onset of matrix
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microcracking. In-situ DIC strain measurements provided high fidelity visualization of displacement and
strain concentrations due to cracking and COD. Spatial derivatives of the DIC displacement fields were
analyzed to isolate discontinuities due to cracking, providing in-process maps of crack growth. Subsequent
analysis of COD and crack spacing revealed the initiation and growth of tightly spaced circumferential
cracks long the length of the bending zone of the specimen.
Furthermore, CMC specimens were tested after four different heat treatments: no treatment, 48 hours
at 1200 °C in open air, 48 hours at 1200 °C in vacuum, and 48 hours at 1200 °C in helium. Specimens
treated in open air at 1200 °C were observed to fail via a brittle fracture mode while the other specimens
exhibited typical CMC failure in stages of matrix microcracking, load transfer to fibers, and final fiber
fracture. Fracture toughness of the specimens measured via indentation revealed a 30 % decrease in the
fracture toughness of the specimens treated in open air, indicative of significant material degradation due
to the environmental exposure. Protective coatings may be necessary in applications where CMCs, whether
by design or accident, may be exposed to high temperatures in open air.
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CHAPTER 7: PROBING THE LOCAL CREEP MECHANISMS OF SIC/SIC CERAMIC MATRIX
COMPOSITES WITH HIGH TEMPERATURE NANOINDENTATION
1. Introduction
Silicon carbide fiber, silicon carbide matrix composites (SiC/SiC CMCs) are extensively studied
materials for aerospace and nuclear energy applications and highly valued for their excellent
thermomechanical properties. Their mechanical performance is the subject of many past and ongoing
studies, which aim to elucidate critical relationships between bulk composite mechanical properties and
individual constituent properties [1–4], CMC weave architecture [5,6], load rate and orientation [7,8],
porosity, and temperature [9,10]. It is also well documented that the tensile stress-strain behavior of CMCs
varies with the composite architecture and microstructure. Work performed by Morscher et al. [6,8] closely
examined the mechanical performance during tension testing of multiple CMCs, distinguished by
architecture, fiber fraction, and off-axis loading angle. Such prior work has demonstrated the importance
of the local microstructure to CMC mechanical performance. Thus, it is important to consider the properties
of individual constituents during the manufacture of CMCs in order to optimize the bulk composite
performance and properties.
In this study, the time-dependent mechanical performance and creep response of SiC/SiC CMCs were
considered, which have not been as thoroughly investigated. Particularly for aerospace applications, where
turbine operating temperatures can exceed 1300°C [11,12], it is critically important to probe the creep
response of these materials. Creep is a recognized cause of failure of turbine blades at high temperature,
but it is not limited to high temperatures. It is commonly misinterpreted that ceramics do not creep at low
temperatures (less than a third of the melting temperature); however, this assumption is not always valid.
Both metals and ceramics can undergo diffusion-controlled creep though the activation energies required
for creep in metals are much lower than in ceramics. If the activation energy is reached in a ceramic, either
due to high temperature, large stress (such as the large local stress due to indentation [13]), or a combination
of both, the material will creep [14]. For this reason, creep rate was expected to increase with the test
temperature. Furthermore, it was hypothesized that increasing microstructural complexity, such as that
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experienced when testing single crystals through ceramic composites, would significantly impact the creep
response. Single crystal creep is likely limited to vacancy diffusion through the lattice, but with greater
material heterogeneity, vacancies may travel along grain and material constituent boundaries [14]. Under
certain situations, it could be appropriate to model this creep response with Nabarro-Herring or Coble creep
equations; however, in recognition of the large degree of structural variation in CMC components, a more
rudimentary equation was proposed to describe the creep response presented in Sections 3.2 and 3.3.
Thus, the objective of this work was to begin to fill the gaps in literature and to elucidate the connection
between the creep response of individual constituents and of the bulk SiC/SiC composite. Prior studies have
examined the bulk tensile creep of CMCs [15,16] and creep of individual SiC fibers [17]. However, bulk
tensile testing cannot isolate the contributions of individual constituents nor can testing of individual
components alone fully illustrate how composites integrate mechanical properties. It is important the creep
response of CMCs is well understood to correlate the effects of elevated temperature with the fast fracture
mechanisms of CMCs and to ascertain the role of individual constituents toward the bulk composite creep
response to inform CMC manufacturing.
A challenge in isolating the contributions of individual constituents was the limited availability of
suitable experimental methodologies; most creep studies relied on tension or flexural experiments, which
prohibit identifying the role of local features within the CMC structure. Here, instrumented nanoindentation
was applied at temperatures up to 800 °C to probe the creep response of constituents within the CMC as
well as the response of single and poly crystalline Si and SiC and reaction bonded SiC. This approach
gradually introduced greater material heterogeneity to resolve the role of CMC heterogeneity on bulk
composite creep. Finally, a rule of mixtures analytical model was proposed to describe the contribute of
individual constituent creep response to the overall response of the CMC.
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2. Experimental Procedure
2.1. Materials
Indentations were performed on specimens of single (sc) and poly crystalline (pc) silicon and silicon
carbide (University Wafer) and reaction bonded (rb-SiC) silicon carbide (CoorsTek). Si and SiC materials
were cut as wafers and mechanically polished to a mirror-like finish. The sc-Si wafer had a <100>
orientation; the sc-SiC wafer was a 6-hexagonal polymorph. All wafers were at least 250 µm thick, ensuring
adequate material for indentations as deep as 7.5 µm without experiencing edge effects (most indentations
were performed to depths <1 µm).
Panels of multilayer SiC/SiC CMCs with a two-dimensional, woven tow architecture (0°/90° tow
orientation) were provided by Rolls-Royce Corporation for testing. The CMC tows consisted of Hi-Nicalon
Type S fibers, chemical vapor infiltrated (CVI) SiC matrix, and boron nitride fiber/matrix interphase. The
tow preform was infiltrated via silicon melt infiltration (SMI), resulting in a SiC matrix with silicon alloy
particulates. Specimens were cut with a thickness of about 1 mm using a circular-bladed diamond saw and
mechanically polished using mineral oil and 0.5 µm grit diamond paste.

2.2. Experimental Setup
All tests were conducted on a Micro Materials Ltd. Nanotest Vantage [18,19] indenter with high
temperature stage, which enabled fine displacement control with a resolution of <0.01 nm. All indentations
were performed with an alumina spherical indenter. An integrated optical microscope stage was used to
precisely position indentations on the specimen to target specific constituents. Importantly, it must be
acknowledged early that the use of the alumina indenter tip raised a challenge. SiC and the alumina indenter
tip have comparable material hardness, so the tip could not be assumed to be rigid relative to the substrate
material. Thus, system compliance was measured before and after testing at each temperature and corrected
for prior to analyzing indentation results. Compliance tests were conducted with a single crystal sapphire
wafer of similar stiffness to the indenter to account for compliance of the indenter tip itself.
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Nanoindentation was performed according to the Oliver-Pharr methodology [20,21], where the
Young’s modulus may be derived using the equation:
!
"!
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(7.1)

Here, i and s refered to the indenter and substrate properties of Young’s Modulus, EY, and Poisson’s ratio,

n. The reduced modulus ER was calculated from properties extracted directly from the indentation curve as
shown here:
(

*
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The term $ is a geometric factor based on the indenter geometry. The initial slope of the unloading curve
is equivalent to the material stiffness S. The indentation contact area A is calculated as follows:
& = '(,) = '(2+, ( − +,) )

(7.3)

Here, ( was the indenter radius (250 µm), (, was the contact radius with the surface, and +, was the contact
depth (Figure 7.1a).
Material creep, or the indenter displacement at the max load, was recorded for each individual
indentation. A max load hold time of 60 s was used to ensure sufficient time to obtain a clear primary and
secondary (pseudo-steady-state) creep region.
Indentations were performed across each specimen at a load of 300 mN to minimize the variation in
local indentation contact stress. The high temperature configuration (Figure 7.1b) featured two heating
elements, within the indenter and sample stage, and three thermocouples, mounted to the indenter, the
sample stage heater (located about 1 cm behind the actual sample), and on the surface of the sample stage
just to the side of the specimen. The power to the indenter and stage heating elements was adjusted to
minimize thermal drift and to achieve the desired test temperature as measured by the thermocouple
mounted on the stage surface. A heating rate of 1.6 °C/min was used for all temperature testing with a
stabilization period of at least 30 min to allow the system to reach a stable temperature. All tests at elevated
temperature were performed in an inert Argon gas environment.
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Figure 7.1. (a) Diagram of the indentation displacement d and contact depth dc. (b)
Schematic of the Micro Materials high temperature indentation setup, featuring heating
elements within the loading head and sample stage and three thermocouples.

3. Theory
3.1. Spherical Indentation Material Deformation
Indentation is advantageous over tensile testing in its inherent capability to target local mechanical
properties; thus, it is possible to isolate individual constituents within a composite. Furthermore, it is not
feasible or meaningful to draw a direct comparison between tensile and indentation creep results despite
the temptation. Much like tensile creep testing, indentation creep testing, conducted in a manner consistent
as described in Section 2.2 will produce a creep strain curve reminiscent of one obtained from a tensile
creep testing with distinguishable primary and secondary creep regions. However, it is a technical challenge
to measure material plasticity via indentation; the plastic response will depend on the yield and work
hardening response of the material, on indentation depth, and on the indenter shape. There is no uniformly
loaded sample, and the load and distribution of stresses within the material will change with indentation
depth and shape and by surrounding material constituents. It is technically improper to denote the observed
secondary region of indentation creep as steady-state because as the material creeps, the stress is itself time
dependent. However, the effective indentation stress was quantified in this study as a function of load .
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and contact radius (, (itself a function of time /), as shown by Herbert, et al. [22] and others [23]:
0=

*('' (.))#

(7.4)

This effective stress established a point around which to compare the secondary creep rate of the various
materials tested in this study.
Accounting for the deformation of the surrounding material constituents was even more challenging,
and the task of describing this material deformation has been the subject of many studies over decades.
These works have theorized there are zones of material deformation beneath the indenter contact point;
these zones are summarized by Nix and Gao [24]. Beginning at the point of contact, there is a hydrostatic
core, then moving outward, there are plastic and elastic deformation zones [24–26]. These material models
have been studied and supported by experimental indentation on single and poly crystalline materials
[27,28], but these works also acknowledge the size and shape of these zones will vary by indentation
geometry and substrate material. For conical or spherical indenters, it was assumed the zones were
hemispherical.
This zone of deformation may be characterized by elastic and plastic deformation. In the case of
ceramics, the contributors to the plastic deformation would be the crushing of the material from the indenter
contact and from diffusion-controlled creep within individual grain lattice structures and/or along
grain/constituent boundaries [14]. Thus, it was also assumed that interactions with multiple constituents for
heterogeneous materials like CMC would impact these zones, distorting their shape and impact on the
material deformation, creating an indentation creep location dependence. It then became necessary to
estimate a zone of deformation influence, i.e., a volume of material around the indentation which influences
the deformation and creep, and to determine which constituents are contained within that zone.

3.2. Numerical Simulation
To quantify the limits of these deformation zones, an axisymmetric finite element model (Figure 7.2)
was assembled in ANSYS Mechanical APDL (version 19.2). For initial modeling of the indentation of
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single crystal materials, the simulation applied a linear-elastic, isotropic material model, which was
modified to capture the inelastic creep response according to the equation [29]:
1,/ =

0( 1 '# . ') *( 2 +', ⁄0) 3!

+ 24 0 0/ /3 $00 ⁄5

(7.5)

Here, the coefficients Ci were found by fitting Equation 7.5 to experimental data using a least squares
methodology coded in Python. Coefficients C1 and C5 were scaling factors, coefficients C4 and C7 regulated
the temperature dependence, and coefficients C2 and C6 controlled the stress dependence. Generally
speaking, the 3 $0"⁄5 terms would decay with time, representing the transition from primary to secondary
creep. From Equation 7.4, we had also shown that 0 was itself a function of time /.

Figure 7.2. (a) Schematic of the ANSYS indentation model with boundary conditions and
applied loading. (b) The meshed finite element model, showing the ratio of element sizing
toward the contact point between the indenter and the substrate.

The finite element model was sized to capture the accurate proportions of the alumina spherical indenter
used in experimental work with a radius of 250 µm. The substrate was sized to a height and width of 100
µm to allow for full indentations matching the largest in experiments and large enough to minimize edge
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effects; this size was selected based on the work of Xu and Li [30], in which the authors identified ratios of
indentation-to-substrate dimensions to minimize edge effects. The model indenter and substrate were
positioned with a single point of contact, representing the point just before the indenter displaces the
substrate surface. The model was meshed to concentrate elements near the site of indentation using a 1:10
inside-to-outside element ratio. A prescribed pressure was applied to the top elements of the indenter based
on the desired indentation load. Finally, boundary conditions were placed along the inside axis of both the
indenter and substrate, restricting lateral movement in the x-direction while a boundary condition was
placed along the bottom surface of the substrate to restrict motion in the y-direction (Figure 7.2). Equivalent
boundary conditions were commonly reported in similar, axisymmetric indentation simulations found in
literature [31,32].

3.3. Development of an Analytical Creep Model
An analytical creep model was assembled to integrate the effects of material heterogeneity rather than
directly modeling individual constituents. The foundation of this model was the analytical description of
creep described by Equation 7.5; as noted, that equation was applicable to homogeneous, isotropic
materials, which the CMC was not. Thus, a new model was necessary to describe the response of the CMC.
If Equation 7.5 could be shown to reflect the creep response of individual, homogeneous constituents via
indentation of single and polycrystalline silicon and silicon carbide, then it was hypothesized the aggregate
response of those constituents may be effectively captured by a rule of mixtures approach.
From a rule of mixtures approach, two types of materials systems were considered: (i) materials in
series and (ii) materials in parallel (Figure 7.3). A model based on materials in series assumed the creep
response of the aggregate system 1,/ was simply the sum of the creep response of individual constituents
1,/,8 as described by:
1,/ = ∑8:! 58 1,/,8 where ∑8:! 58 = 1.

(7.6)

Here, coefficients of 58 represented the fraction of the material composed of each constituent i. The
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creep response of an individual constituent 1,/,8 may be described by Equation 7.5. Such a model may be
appropriate for indentation creep purely within the SMI matrix regions, where SiC matrix and Si particulate
were mixed randomly, but it was not applicable to any indentation region extended into the fiber tows.
Any creep indentation reflecting the influence of the fiber tows was better described by a parallel rule
of mixtures model as follows:
;"

1,/ = 7∑8:! <

12,"

8

$!

where ∑8:! 58 = 1.

(7.7)

Within the tows, the material was not randomly structured. Instead, fibers ran parallel with each other,
forming a highly ordered structure.
To solve the analytical model, the coefficients Ci from Equation 7.5 were identified through a leastsquares methodology to fit a curve to the experimental creep data. The material fractions coefficients 58
were determined via an image analysis technique discussed in Section 5.2.

Figure 7.3. Schematic representation of the two primary microstructures considered. The
SMI matrix (left) is modeled as a mixture in series while the fiber tow (right) is modeled
as a mixture in parallel.

4. Results
Young’s modulus was determined via spherical indentation as described by Equation 7.1 and presented
in Table 7.1. As expected, modulus values generally indicated excellent thermal stability for each material
through 800 °C. However, these modulus values provided experimental validation of the indentation
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methodology to identify the material stiffness and deformation; resulting modulus values agreed well with
those presented in literature. Expected literature values for the modulus of Si ranged from 124 to 160 GPa
depending on crystal orientation [33–36] and for SiC from 390 to 450 GPa depending on SiC grade [37,38].
Indentations on the CMC were targeted to two regions: the fiber/CVI matrix region and the SMI matrix
region. Within the fiber/CVI matrix regions, indentations would interact with fibers and the CVI matrix
within a single tow. To reduce some of the experimental variation, indentations were only performed where
the fiber were oriented perpendicular to the top surface, and the effect of the orientation of the fiber tows
was not examined here. It is hypothesized that the orientation effect could still be adequately described by
a rule-of-mixtures model; the orientation may however add another parameter to consider beyond the
constituent fraction. Within the SMI matrix regions, the indentations would reflect properties of the Si
particulate and SiC matrix. The modulus of the CMC varied significantly depending on the specific
constituents used, the architecture of tows, and the fiber-matrix interface coating, but typically, the modulus
ranged from 240 to 380 GPa [6,39–41].

Table 7.1. Measured Young’s modulus via spherical indentation of single crystal (sc) Si
and polycrystalline (pc) Si, of sc-SiC and pc-SiC, and of reaction bonded (rb) SiC.
Material
sc-Si
pc-Si
sc-SiC
pc-SiC
rb-SiC
CMC SiC Fiber / CVI Matrix
CMC SMI Matrix

Young’s Modulus (GPa)
23 °C
300 °C
800 °C
126 ± 2
126 ± 8
121 ± 9
162 ± 5
157 ± 6
152 ± 10
410 ± 6
395 ± 22
387 ± 31
399 ± 20
388 ± 21
380 ± 15
380 ± 12
334 ± 23
347 ± 16
345 ± 14
342 ± 19
327 ± 20
299 ± 16
271 ± 37
267 ± 32

The spherical indentation creep response was also measured over a 60 second period at the max load
of 300 mN. Representative creep curves at 800 °C are presented in Figure 7.4 for sc-Si, pc-Si, sc-SiC, pcSiC, and rb-SiC. Figure 7.5 presents representative creep curves for CMC indentations at 23, 300, and 800
°C. The curves presented in both Figure 7.4 and Figure 7.5 correspond to indentations with an applied load
of 300 mN. Several immediate observations were made: (i) The single and polycrystalline materials
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exhibited typical creep curves with a clear primary and secondary region. (ii) The rb-SiC and CMC
materials exhibited typical creep curves at 23 and 300 °C, but at 800 °C, their creep response was
characterized by oscillations.

Figure 7.4. Representative indentation creep curves at 800 °C for (a) sc-Si and (b) pc-Si,
for (c) sc-SiC and (d) pc-SiC, and (e) rb-SiC. The different colors within each plot represent
individual indentations.
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Figure 7.5. Representative indentation creep curves conducted on (left) fiber/CVI matrix
and (right) SMI matrix regions of CMC at (a,b) 23°C, (c,d) 300°C, and (e,f) 800 °C. The
different colors within each plot represent individual indentations.
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5. Discussion
5.1. Characterization of Material Indentation Creep Response
To my knowledge, the oscillations observed in the 800 °C rb-SiC and CMC creep curves have not been
documented elsewhere. It was hypothesized these oscillations could be an artifact of physical interactions
between material constituents at higher temperatures. These oscillations were observed over multiple sets
of indentations; they could not be attributed to a one-time phenomenon. A possible source for the
oscillations could be thermal drift between the indenter and specimen; thermal drift would also become
more and more pronounced at higher temperatures, which could explain the temperature-dependence of
this oscillation phenomenon. Thermal drift was measured for each indentation by tracking how much the
probe moved or ‘drifted’ at a low load, and the average drift for 800 °C indentations are reported in Table
7.2. These drift measurements showed the rb-SiC and CMC indentations experienced no abnormal thermal
drift behavior relative to the indentations on single and polycrystalline materials. The oscillations appeared
to be superimposed over a typical primary and secondary creep response, so it may be reasonable to still
estimate the strain rate by the overall trend during the secondary creep region.

Table 7.2. Measured indenter thermal drift (10-3 nm/s) at 800 °C.
Material
sc-Si
pc-Si
sc-SiC
pc-SiC
rb-SiC
CMC SiC Fiber / CVI Matrix
CMC SMI Matrix

Experimental Thermal Drift (10-3 nm/s)
251 ± 31
239 ± 31
161 ± 38
178 ± 46
176 ± 41
223 ± 37
187 ± 45

The strain rate was determined via a linear fit of the secondary creep regime. For all tested materials,
the secondary creep strain rate increased with temperature (Figure 7.6a). The strain rate of sc-SiC was also
larger at all temperatures than sc-Si. Similarly, the strain rate of pc-SiC also generally exceeded that of pcSi at each temperature. The strain rate of polycrystalline materials was also notably larger than that of the

168

single crystal, which reflects the influence of vacancy diffusion along grain boundaries [14]. The rb-SiC
and CMC materials exhibited generally lower creep rates than the other materials, which was seemingly at
odds with the expectation of higher creep rates with greater material complexity.

Figure 7.6. The results of spherical indentation are presented for each material. (a) Strain
rate during secondary creep. (b) Indentation contact radius (, at the end of each test (/ =
60 <). Strain rate normalized by indentation contact stress plotted against (c) temperature
and (d) contact radius.

Many literature sources cite strain rates of 10$= through 10$> mm/mm for Si [42,43] and SiC [44,45];
however, as previously discussed, direct comparisons between indentation creep measurements and bulk
creep measurements should not be drawn. Stresses are highly concentrated in indentation testing in contrast
to the broad distribution of stress in bulk testing. In order to elucidate the cause of the lower strain rates in
the CMC materials, local indentation contact stress was quantified at each indentation as described by
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Equation 7.4 from the contact radius (0 (Figure 7.6b), and the measured strain rates were normalized by
this contact stress (Figure 7.6c,d). These normalized strain rates indicated the creep of the single and
polycrystalline materials was somewhat stable with temperature in contrast with the rb-SiC and CMC
materials, which exhibited higher rates of creep with temperature. However, this observation must be paired
with an understanding of the local contact area and stress implications. From Figure 7.6b, it was noted that
the contact radius moderately increased for the single and polycrystalline materials and rb-SiC with
temperature; however, the contact radius significantly decreased for the CMC materials with increasing
temperature. The decreasing radius and thus decreasing contact area would result in a higher concentration
of contact stress, which would drive a larger strain rate (Figure 7.6d). When normalized by contact stress,
the strain rates of rb-SiC were more comparable to pc-SiC strain rates. These plots in Figure 7.6 illustrated
the importance of local contact area and stress, as discussed in Section 3.1, when considering the creep
response of indentation. In particular, the strain rates of the CMC materials indicated the creep response
was highly dependent on the contact conditions. In contrast, the Si and SiC materials showed greater
dependence on temperature than contact conditions, which was unsurprising given their lack of structural
heterogeneity apart from grain boundaries and grain orientation.

5.2. Predicting the Indentation Zone of Deformation of SiC/SiC CMCs
The indentation experiments provided experimental references for the creep response of various
materials, but the extent of the zone of deformation influence, that was the extent of pseudo-plastic and
elastic deformation caused by the indentation, was unknown. The ANSYS simulation described in Section
3.2 was used to elucidate the dimensions of this zone. Rather than develop an ANSYS model incorporating
the different constituents of the CMC, which would vary with every indentation location and with every
CMC sample, the ANSY model only represented a uniform material substrate. It was assumed the zone of
CMC deformation would be no larger than that for the SiC materials, given their comparable stiffness.
Thus, the CMC material constituents interacting within this zone could be identified. The 28 coefficients
from Equation 7.5 were determined via a curve fit of the experimental creep curves for each material (Figure
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7.7). The ANSYS finite element model was then run for each material (sc-Si, pc-Si, sc-SiC, pc-SiC, rbSiC), incorporating the linear elastic deformation and the creep response of each material, as described by
Equation 7.5. The resulting displacement of the material surface (Figure 7.8a,b) and the extent of the
distribution of stress (Figure 7.8c,d) were exported. These predictions were supported by Hertz contact
calculations commonly found in literature [46]. The model-predicted zone of influence extended about 34.2
and 36.5 µm radially from the center point of the indentation at 23 °C and 800 °C, respectively; this radius
was determined as the average point when the local stress fell below 5 % of the max substrate indentation
stress during an indentation with an applied load of 300 mN.

Figure 7.7. A representation of the application of the analytical creep model to single and
polycrystalline materials. Shown here, (a) experimental creep curves for pc-Si at 23 °C
with a 300 mN applied load were (b) averaged for curve fitting. The averaged curve was
fit to solve for the (c) creep coefficients Ci described in Equation 7.5.

Having quantified an upper limit to the zone of deformation, a rule of mixtures model, as represented
by Equations 7.6 and 7.7, was applied to incorporate the effects of different CMC material constituents
within this zone. Optical micrographs were acquired of the region around every CMC indentation, and the
material fraction coefficients 58 were assigned to represent the area proportion corresponding to each CMC
constituent within the relevant area of influence around the known indentation location. For each
indentation optical micrograph, the different constituents were identified by visual inspection and shaded
to provide distinct contrast between constituents. The shaded images could be quickly processed in Python
to quantify the number of pixels per constituent and thus approximate the fractional coefficients (Figure
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7.9). X-ray tomography was attempted to characterize subsurface material fraction coefficients but lacked
sufficient contrast to distinguish the individual constituents. Instead, it was assumed the sub-surface
proportions of constituents to be roughly equivalent to the surface fractional coefficients. This assumption
was valid for the materials in series model, where the constituents were somewhat randomly distributed,
but for more accurate determination of the fractional coefficients, the coefficients should account for the
radius of the zone of deformation influence relative to the organization of constituents in the materials in
parallel model. The limitations of this assumption would be very small in comparison to the effect of the
significant variation of fractional coefficients with indentation location, and the effects on the predictive
analytical model would be minor.

Figure 7.8. Representative finite element model predictions of (a) the substrate ydisplacement field and (b) the substrate surface y-displacement. The stress field along the
y-axis, directly below the indenter, in the (c) y-direction and (d) x-direction.
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The SMI matrix constituents were randomly distributed, so the deformation zones generally
encompassed consistent mixes of the SiC matrix and Si particulates. Within the perpendicular fiber/tow
regions, the deformation zones were large enough to potentially encompass half a dozen or so fibers (which
ranged from 10 to 30 µm in diameter) and surrounding CVI matrix. While these substrate regions could be
modeled as materials in series or in parallel, it was often necessary to employ a hybridization as indentations
frequently involved large portions of both fiber/tow regions and SMI matrix regions (Figure 7.9), where
indentation cross-over between regions would encompass a few fibers, CVI matrix, and SMI matrix. In
such instances, the SMI matrix was modeled in series then included as a third region, denoted as 5(;? , in
parallel with the fiber and CVI matrix.

Figure 7.9. CMC image analysis was performed for each individual indentation from an
(a) optical micrograph by (b) shading the different CMC constituents. The quantity of
pixels of each shade were used to approximate the fraction coefficients.

Furthermore, the analytical model did not directly account for porosity within the CMC. Porosity was
only observed within the fiber tows and was quantified as a fractional coefficient of the total zone of
influence. However, that portion due to porosity was not fed into the analytical model; instead, the analytical
model fit the creep curves based on the remaining Mi fraction coefficients attributed to CMC constituents.
173

It was important, however, to vary the content of the deformation zones from within the SMI matrix,
fiber/tow region, and mixes of both to build a sense of the variation of local creep response of this complex
composite.

5.3. Application of the Model to Creep of SiC/SiC CMCs
With the extent of the zone of deformation now approximated and the material constituent fractions
known, Equations 7.6 and 7.7 could be applied to predict the creep response of every indentation on the
CMC materials. The coefficients of Equation 7.5 were again determined via a curve fit with experimental
data. Representative fits are presented in Figure 7.10. This analytical model accurately captured the primary
and secondary creep response of the CMC materials at 23 and 315 °C; however, the model did not account
for the oscillations present at 800 °C, only the broad trend. From Figure 7.10c,f, the fitted coefficients 28
were observed to vary significantly, indicative of a strong location dependence and any impact of the
material fraction coefficient on the final strain performance.
Next, the model was run for a range of temperatures and contact stresses (up to 800 °C and 1500 MPa)
to simulate the experimental range as presented in Figure 7.6. The model was run iteratively through
multiple combinations of material coefficient parameters 58 . The curve fit parameters 28 would depend on
the location and the local material constituents, so the values 28 were prescribed based on the specific 58
values. The resulting trend and standard deviation of resulting strain rates is presented in Figure 7.11, which
showed good agreement between the predicted secondary creep strain rate and experimental results. The
large standard deviation on the predicted strain rates and the spread of the experimental data, reflected the
significant impact of indentation location and resulting proportions of contact between CMC constituents.
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Figure 7. 10. Representative examples of the application of the analytical creep model to
CMC indentations performed at (a-c) 300 °C and (d-f) 800 °C. (a,d) Indentation image
analysis was used to derive the fractional coefficients Mi such that (b,e) a least-squares
curve fit could be used to fit the experimental data and (c,f) determine the Ci creep equation
coefficients.
Importantly, this agreement between the predictive analytical creep model and the experiment results
demonstrated that despite oscillations in the creep curves and significant location dependence, the local
strain rate of CMCs could be predicted and tracked with temperature. Such local predictions of creep are
anticipated to be highly important in turbine blade operation where tight tolerances at ultra-high
temperatures are critical.
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Figure 7.11. The model was run iteratively over multiple combinations of material
constituents, temperatures, and contact stresses, which indicated good agreement with
experimental results.

6. Conclusions
High temperature spherical indentation was performed to probe the creep response of SiC/SiC ceramic
matrix composites to evaluate how the creep mechanisms are governed by the CMC microstructure. The
indentation results demonstrated that polycrystalline materials will exhibit slight faster rates of creep than
single crystal materials. Comparisons with reaction-bonded SiC and SiC/SiC CMCs were less conclusive;
indentation contact stress was the key contributor to creep strain rate and varied significantly across the
tests. In general, CMC strain rates were lower than other test Si and SiC materials, but this trend may be
attributed to lower contact stresses. Oscillations along the reaction bonded SiC and CMC creep curves at
800 °C were observed for the first time; these oscillations were not observed in either single or
polycrystalline Si or SiC, suggesting this effect was unique to the heterogeneous microstructure. It was
hypothesized that these oscillations may be attributed to a material thermomechanical interaction effect
with the CMC constituents. Future work should probe this effect further and investigate whether this effect
is stronger in the fiber tows or matrix regions and evaluate the impact of fiber orientation. Finally, an
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analytical creep model was presented based on a rule of mixtures derived by the contact proportions of
individual CMC constituents. The model demonstrated good agreement with CMC strain rates up to 800
°C, indicating the rule of mixtures approach can sufficiently account for the heterogeneous CMC
microstructure.
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CHAPTER 8: SUMMARY & RECOMMENDATIONS
This dissertation has examined the degradation and failure mechanisms of two subcategories of
materials for extreme environment energy applications: thermal barrier coatings (TBCs) and silicon carbide
fiber / silicon carbide matrix composites (SiC/SiC CMCs). Both materials are of immediate interest for
aerospace and nuclear energy applications, where thermal stability, structural performance, and oxidation
resistance are mission critical [1–4]. Furthermore, both materials are characterized by complex
microstructures, which were shown in this dissertation to correlate with the observed failure mechanisms.
These microstructural features, such as pores and interfacial roughness in TBCs and tow cross-over braid
structure and spacing in CMCs, may contribute to local stress concentrations and crack initiation. TBC and
CMC manufacturers may seek to control and minimize these features to delay crack initiation to achieve
enhanced mechanical performance. Specific contributions and recommendations for future research are
presented here.

1. Key Contributions
In Chapter 1, the underlying motivation of this dissertation was provided in context with a brief review
of the known behavior and properties of TBCs and CMCs. Both materials are characterized by
heterogeneous microstructures: in TBCs, a multilayered coating system with pre-existing cracks, pores, and
unmolten particles [5,6]; and in CMCs, a braided or woven system of ceramic fibers infiltrated with a
ceramic matrix and coated with another ceramic layer [2,7]. The chapters of this dissertation address these
materials separately, recognizing the distinct structures and failure mechanisms of these material systems.
A brief review of digital image correlation (DIC) techniques was also provided, which the basis for most
of the data measurement and analysis in this dissertation. DIC techniques are highly beneficial for their
inherent capability to provide full-field displacement and strain measurements in contrast to conventional
strain gauge or extensometer measurements [8,9], which provided direct correlation between local
microstructural features (pores, interfacial roughness, tow cross-over) and local strain concentrations
associated with fracture.
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In Chapter 2, experimental wear testing probed the degradation mechanisms of TBCs, which
demonstrated a disparity in coating degradation between wear at 23 °C and at 1000 °C. The severity of
wear at 1000 °C suggested a temperature-dependent mechanism. Hertz contact and finite element models
unveiled a significant thermal stress mismatch between coating layers and sufficient softening of the coating
to progress the maximum shear stress deep into the coating. This high temperature stress state quickly met
the critical stress intensity factor for fracture initiation, thus initiating severe wear damage. This work
illustrated the critical importance of the temperature-dependent stress state to the degradation of these
ceramic coatings. This observation was complemented by the thermal cycling experiments in Chapter 4.
However, the stresses within the coating layers were determined based on models in the literature for
thermal mismatch [10] and for Hertz contact [11]. These calculations did not account for the pre-existing
residual stress state of each layer nor the effects of interface geometry, porosity, and other defects on local
stresses. Thus, one outcome of the work in Chapter 2 was motivation to implement a methodology to
directly quantify the stress state.
In Chapter 3, a methodology to quantify the residual stress state of a multilayer coating system was
presented, leveraging in-situ 3D-DIC curvature measurements. This methodology relied on the inherent
surface texture of the TBC to provide a high contrast speckle pattern instead of applying a paint speckle
pattern, which can obscure local structural variations. The accuracy of 3D-DIC measurements was limited
by surface roughness and coloration (sufficient contrast), which governed the minimum feature size
available for surface profile measurement. With appropriate lighting and camera-sample distances, the 3DDIC measurements demonstrated spatial accuracy of 22.6 µm or 1/26,500th of camera-sample distance.
Residual stress was calculated from the measured curvature via Euler-Bernoulli beam theory and linearelastic material models. Experimental curvature measurements up to 900 °C thus yielded residual stress
predictions within the top coat, bond coat, and substrate layers. Furthermore, curvature and residual stress
were observed to increase at a decreasing rate with successive heat treatments, which was attributed to a
phase transformation within the TBC zirconia top coat from tetragonal to monoclinic phases. A key
implication of this work was the demonstration of the application of stereoscopic DIC techniques to
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correlate the inherent surface texture of these coating system without an applied speckle pattern and with
high accuracy.
In Chapter 4, the demonstrated capability to perform DIC on the TBC surface texture was extended to
quantify strains and isolate cracking during thermal cycling, where pores, pre-existing cracks, and other
microstructural features provided a sufficient, high contrast speckle pattern. Full-field DIC strain maps of
cross-sectioned TBCs during thermal cycling up to 1200 °C revealed formation of vertical and horizontal
cracks. In-process DIC monitoring tracked the formation of dense vertical cracks and the initiation and
propagation of horizontal cracks branching off of vertical cracks. Finite element simulations unveiled that
interactions between vertical and horizontal cracks and interfacial geometry produced favorable strain
energy release rates for crack propagation along the top coat / bond coat interface. This work thus
demonstrated the capability of DIC-enabled, in-situ deformation measurements and investigation of
microstructure-deformation-failure material relationships. Vertical cracks were observed to originate in
regions with a rough, local top coat / bond coat interface and travel from pre-existing voids within the top
coat. Coupled with the residual stress model developed in Chapter 3, vertical cracks grew quickly over a
few cycles due to tensile stresses in the top coat. Small defects along the vertical crack, including preexisting lateral cracks between molten particles, unmolten particles, and pores, served as initiation sites for
horizontal cracks. These horizontal cracks were observed to propagation along the top coat / bond coat
interface, leading to delamination and coating failure.
In Chapter 5, an in-situ hermeticity testing apparatus was developed to correlate the mechanical
performance and gas tightness of SiC/PyC/SiC CMC tubular components using stereoscopic DIC. This test
apparatus was evaluated with characterization of steel, alumina, and borosilicate tubes to establish the
limitations on measurements of ductile and brittle materials and correlate in-situ DIC deformation data with
in-process acoustic emission and leak rate data. The apparatus was then applied to the characterization of
the deformation-hermeticity relationship of SiC/SiC CMCs. Analysis of acoustic emissions indicated an
onset of matrix microcracking at flexural strains as low as 0.04 %, which coincided with the deviation from
linearity, or proportional limit. Loss of gas tightness followed rapidly thereafter as matrix microcracking
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created channels through the CMC tube wall. CMC failure was characterized in stages from initial matrix
crack initiation, through-thickness matrix crack growth and loss of hermeticity, onset of fiber fracture, and
fracture of fiber tows and loss of load-bearing capability. The correlation of DIC deformation data, acoustic
emissions, and leak rate began to resolve mechanisms controlling distinct steps in CMC failure, and this
methodology and hermetic behavior of these CMC tubes are anticipated to advance the standardization of
material evaluation for next generation accident tolerant fuels in nuclear energy applications.
In Chapter 6, the in-situ, DIC-enabled mechanical test / hermeticity apparatus was applied to track the
progression of fracture of SiC/PyC/SiC CMC tubes. Individual cracks in the composite were isolated as
discontinuities in the DIC-measured spatial displacement field and key fracture characteristics (crack
opening displacement and spacing) with the CMC flexural strain and leak rate. Multiple specimens were
tested after heat treatments to 1200 °C in open air, in vacuum, and in helium to evaluate the environmental
effects on the fracture mechanisms of SiC/SiC composites, which indicated CMCs treated in open air
underwent a brittle, fast fracture failure mode rather than the multi-stage failure of CMCs without treatment.
Energy dispersive X-ray spectroscopy indicated significant oxidation after the open air treatment, and
indentation-based fracture toughness measurements decreased by 33 % after the open air treatment
compared to a 10 % decrease exhibited by the other treatments. In-process crack opening displacement and
spacing measurements, with a resolution of ~ 100 nm, were tracked during flexural testing; crack opening
increased linearly through the test while crack spacing stabilized by about 0.2 % flexural strain, indicating
a stable number of cracks. Furthermore, it was observed that the cracks occurred at tow cross-over positions,
and it was proposed that the diamond braided tows may contribute to the crack propagation by presenting
uniform tow cross-over orientations. Instead, CMC manufacturers may consider a regular braided with nonuniform tow cross-over orientations or filament wound tow pattern to delay crack propagation.
In Chapter 7, the local creep response of SiC/BN/SiC ceramic matrix composites was probed via high
temperature spherical indentation to examine the contributions of heterogeneous microstructure to creep.
Indentations were conducted up to 800 °C in an argon environment on single and polycrystalline Si and
SiC, reaction bonded SiC, and the SiC/SiC composite, which indicated that higher creep strain rates of
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polycrystalline materials yet comparably lower strain rates of the SiC/SiC composite. Indentation creep rate
was instead observed to be highly dependent on contact stresses, and lower contact stresses were related to
the low SiC/SiC strain rates. An analytical creep model was presented based on a rule of mixtures approach
to incorporate material heterogeneity of the SiC/SiC composite. A finite element model was applied to
predict the indentation deformation zone, in which the composite constituents would jointly influence the
composite creep response. The heterogeneous microstructure was characterized with optical microscopy to
identify the present mixture of constituents. The analytical model was then solved for temperatures up to
800 °C and exhibited good agreement with experimental measurements, demonstrating that a rule-ofmixtures approach can be applied to describe the thermomechanical response of CMC materials. It is
anticipated that this model may help to describe and predict the local creep response of CMC materials for
aerospace and other high temperature applications.

2. Recommendation for Future Work
This dissertation has developed novel application of DIC techniques to TBCs and CMCs to utilize the
inherent surface texture and microstructure for correlation, to unveil degradation and fracture, and to
investigate the deformation, strain, and stress states of these materials leading to failure. These techniques
have been extended to a diversity of applications from CMC structural variability measurements [12] to
residual stress measurements of additively manufactured components [13] to characterization of biomedical
implants [14]. In particular, it is envisioned that the in-situ residual stress, strain, and crack detection
techniques presented here could be readily adapted for smart inline quality control monitoring of many
manufacturing processes. As such, there are many avenues of research to develop these techniques for a
manufacturing environment or to cater the analysis for specific materials and environments. However,
within the context of the research presented in this dissertation, there are several key limitations, which are
recommended for future scrutiny.
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2.1. Characterization of Sub-Surface Deformation and Fracture
First, the stereoscopic DIC used in this dissertation was limited to surface deformation measurements.
In the case of the TBC system, sub-surface deformation was assumed to be uniform, so surface curvature,
deformation, and cracking was assumed to represent through-thickness response. It was found that local
defects and microstructural features identified on the visible surface of the TBC, like pores, unmolten
particles, and interfacial geometry, heavily affected local strain concentrations and crack growth
mechanisms. The resulting conclusion that local microstructural features dictate crack growth mechanism,
ironically, also raises the specter that some unseen defect just below the surface may yet wield an even
greater impact on the surface deformation.
This concern is even more heightened in the CMCs, where braided fiber tows with a chemical vapor
infiltrated (CVI) SiC matrix, a chemical vapor deposited (CVD) SiC outer coating, and pores and voids
create a constantly varying microstructure. Surface cracks in the CVD SiC were detectable with DIC, but
these measurements provided no indication of how those cracks progressed through fiber tows. Leak rate
data provided the only confirmation that surface cracks had progressed to through-thickness cracks, and the
deviation from linearity in the stress-strain data indicated the point of load transfer from matrix to fibers.
In fact, the fracture energy release model presented in Chapter 6 assumed a single crack traveled exclusively
through the CVD matrix, but in actuality, this travel path would be interrupted by three plys of tows and
pores. The work in Chapters 5 and 6 also focused on braided CMC architectures, but other architectures,
such as filament winding, should be considered to continue to investigate the role of microstructure on
fracture mechanisms.
In both cases, TBCs and CMCs, it is necessary to collect volumetric deformation data to advance this
research further. X-ray computed tomography (XCT) has been demonstrated on many materials [15–17],
including CMCs [18], to provide high resolution imaging of the inner constituents and of crack propagation.
Immediate next steps could be imaging the CMCs after different stages of flexural loading to visualize
crack growth through the matrix and fibers. This high-fidelity characterization of CMC fracture would
elucidate the differences in the propagation mechanisms in the heat-treated CMCs as observed in Chapter
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6. This inspection should be supplemented with a more detailed look at the extent of oxidation after heat
treatment, such as characterization of the fracture surface itself to ascertain channels of oxidation ingression
into the CMC.
Similarly, XCT of the TBC systems may unveil how crack growth varies in three dimensions around a
defect, like a pore or unmolten particle; how interfacial geometries vary through the thickness of the coated
sample; and how fracture growth mechanisms may vary near and away from a free surface. Within Chapter
3, the development of the residual stress state model, the effect of microstructural features, like porosity or
dense vertical cracks, was not accounted for in the stress calculations. XCT may help to reveal both the
density and distribution of such microstructural features, and with application of volumetric DIC strain
measurements, local stress relaxation can be quantified after annealing treatments. Furthermore, it was
demonstrated in Chapter 4 that fracture within a TBC system is heavily influenced by the presence of dense
vertical cracks and porosity; fracture was observed to account for local stress relaxation. This insight
implies there will be a significant effect on the coating stress state, and the effect of the density and
distribution of pores, pre-existing cracks, and other defects should be accounted for in future iterations of
the residual stress model.
Importantly, for either application, the DIC techniques pioneered in this dissertation are capable of
being readily adapted from 2D optical images to 3D X-ray tomographs, where large pseudostrains can be
used to track fracture and spatial derivative displacement analysis can quantify crack opening. XCT is also
capable of capturing the full field of degradation to TBCs and CMCs after wear or mechanical testing, not
just surface degradation, which could reveal sub-surface only cracking or delamination. This insight would
be particularly crucial to the CMC studies described here, where it was hypothesized that stress
concentrations at tow cross-over locations initiated cracking.

2.2. Characterization of Test Specimen Stress History
To understand the barrier to fracture of TBC and CMC specimens, it is necessary to have an
understanding of the residual stress state and stress history. Typically, the residual stress state is built up
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during manufacturing from thermal stress mismatch between constituents [19,20], and the orientation of
the residual stress can either raise or lower the energy barrier to crack initiation. The residual stress model
developed in Chapter 3 was predicated on knowing the thermal gradient, so in order to solve for the residual
stress of the coating after thermal spraying, it would be necessary to know the temperature of the molten
deposits. This information is obtainable via infrared cameras and thermocouples, but it was not available
from the manufacturer in this dissertation research.
An immediate remedy, and the approach taken here, was to anneal the coating samples at high
temperature to relieve the pre-existing stress state and establish a new equilibrium. However, a more
applicable approach would be to implement the in-situ DIC curvature tool in-process during the thermal
spray deposition of the TBC, thus providing direct measurement of the change of curvature and residual
stress state due to the deposition itself. In such an application, the use of DIC can be directed to
simultaneously provide in-process coating thickness measurements to strengthen the operator’s
understanding of the deposition efficiency. Post deposition characterization as described in Chapters 2-4
may then be repeated to correlate wear and fracture degradation mechanisms with the known residual stress
state. Thermal spray deposition parameters, such as flow rates and pressures, may also be varied to
investigate coupled processing / residual stress / failure relationships.
Within Chapter 3, it was discussed briefly that the application of a Euler-Bernoulli beam-in-bending
model has its limitations. The Euler-Bernoulli beam theory does not account for shear deformation, which
limits its application to long, thin beam structures. However, the Timoshenko beam theory does incorporate
shear deformation [21–23], which may be better suited to accommodate local shear stresses between
individual coating layers due to thermal expansion mismatch. As previously mentioned, this stress model
does not account for the effect of microstructural variation, such as that imposed by the presence of dense
vertical cracks and inherent porosity; these features were noted in Chapter 4 to impact local stress state and
the crack growth mechanisms within the top coat. Such factors, as the shear deformation of individual layers
and the effect of porosity, should be revisited to improve the accuracy of the stress predictions from this
curvature model.
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2.3. In-situ Characterization of CMC Mechanical Performance at Elevated Temperatures
In Chapters 5 and 6, mechanical testing of SiC/SiC CMC tubular specimens revealed coupled fracture
/ hermeticity loss mechanisms, and in Chapter 6, these materials were subjected to pre-experiment heat
treatments, which contributed to degradation and loss of fracture toughness. All mechanical testing was still
conducted under ambient conditions at 23 °C. However, SiC/SiC CMC fuel claddings would be exposed to
temperatures around 300 to 320 °C in a typical light water reactor [24] and to even higher temperatures (up
to 1200 °C) in the event of an accident [25]. Thus, it is critical to investigate the fracture / hermeticity loss
mechanisms within the reactor operating temperature range and at higher, accident temperatures. While
SiC/SiC CMCs are well known for their thermal stability [20,26], there are significant environmentdependent failure mechanisms introduced at temperatures above 500 °C. The pyrolytic carbon interphase
layer becomes consumed due to oxidation in an air environment at temperatures around 600 °C, which
promotes strong fiber/matrix bonding due to the formation of a silica layer at this interface [27]. This change
in the fiber/matrix bonding negates the fracture arresting or deflecting features of the pyrolytic carbon and
can enable brittle failure of the CMC.
To investigate these high temperature mechanisms, the same four-point bending / hermeticity tests
should be conducted at temperatures stepping through this range of onset of interface oxidation through the
formation of the silica-strengthened bonding. Characterization of the TBC specimens (Chapters 3 and 4)
has shown that these DIC techniques are just as applicable at high temperatures, so the crack opening
analysis can continue to discern changes in the surface fracture patterns with temperature. Post-experiment
characterization (X-ray diffraction, energy dispersive X-ray spectroscopy) should also aim to investigate
the ingression channels for oxidation to see if certain interfaces, such as the fiber/matrix and CVI SiC /
CVD SiC interfaces, are particularly prone to oxidation. Fracture surfaces should also be analyzed to
quantify the extent of oxidation and growth of a silica layer. The degree of oxidation and distribution of
oxidation among the CMC constituents can then be related to the mechanical performance.
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Similarly, the nanoindentation creep experiments (Chapter 7) should also be extended to high
temperatures. At present, these experiments only measured the creep response up to 800 °C, which is about
the point when oxidation and formation of silica becomes a key factor in the performance of these SiC/SiC
materials [28]. However, in aerospace applications, these CMCs will be exposed to temperatures in excess
of 1200 °C, so the effects of ultra-high temperatures and oxidation should be investigated. The indentation
creep response (Figure 7.11) hinted to a rapidly accelerating creep rate at higher temperatures, so it is also
worth investigating at what point this local creep response scales to the bulk material creep response.
In addition to extending the results to higher temperatures, a key question of the creep experiments in
Chapter 7 was the role of CMC microstructure; however, these experiments only probed the creep response
of CMC fiber tows oriented perpendicular to the surface and did not account for variation of this
architecture. Having demonstrated the applicability of a rule-of-mixtures approach, future work should
systematically identify the sources of microstructural variation (such as fiber tow orientation, density of
fibers, density of matrix particulate, density of pores) and target each source of variation with multiscale
indentation. This proposed approach will better elucidate the contributions of individual sources of CMC
microstructural variation to the overall indentation creep response. Furthermore, continued creep
experiments to higher temperature must also factor the effect of oxidation and growth of a silica layer. As
previously mentioned, X-ray diffraction and energy dispersive X-ray spectroscopy techniques should be
utilized to characterize the extent of oxidation and identify if oxidation varies across individual constituents
or constituent interfaces.
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