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ABSTRACT 

 1012  twinning is an important deformation mechanism of Mg alloys and, in fact, the 

most common twinning mode in all hexagonal metals. Under appropriate loading, these twins 

grow pervasively, consuming large volume fractions of the material while the migrating twin 

boundaries (TBs) undergo extensive interactions with dislocations. As such, the deformation 

behavior of the twins can dominate the subsequent stress-strain response of the polycrystalline 

aggregate. The present work focuses on investigating the interactions between basal dislocations 

within the surrounding matrix and 1012  TBs, with the ultimate aim of understanding the 

influences these interactions have on defects within the twin and on TB migration. The 

crystallography-based notion that 2 matrix dislocations with $% & or $' & Burgers vector can 

react to form a single dislocation with ( − $* +	 or ( + $* +	Burgers vector within a 1012  

twin and a residual twinning dislocation at the TB was confirmed, by post-mortem transmission 

electron microscopy (TEM) analyses. The twins are shown to contain abundant non-basal (  

and ⟨( + $⟩ dislocations and basal 0% stacking faults (SF) in the vicinity of the TB.  

To further elucidate the dislocations transformation process, in situ tension experiments 

were performed in a TEM. The impingement of gliding dislocations on a static, unloaded TB 

was observed to induce local twin growth, with profuse basal 0% SF in the wake of the advancing 

interface. In combination with molecular dynamics simulations, this evidence permitted the 

following unit process to be formulated. Each ⟨$⟩ dislocation in the matrix transforms to a sessile 

partial dislocation, which is trailed by an 0% SF in the twin, with a residual dislocation left behind 

at the interface. As such, this individual reaction is a generalization of the classic Basinski 

mechanism, which was originally formulated for face centered cubic metals. The subsequent 
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transformation of a second ⟨$⟩ dislocation can lead to termination of the SF. The net Burgers 

vector of the two sessile partial dislocations is ⟨( + $⟩, and the residual interfacial defects add to 

a unit twinning dislocation (disconnection). The observed twin growth was quantitatively 

evaluated and could be attributed completely to the dislocations transformation.  

Finally, a formation mechanism for perfect ⟨( + $⟩ dislocations was further proposed, 

with supporting evidence provided by additional in situ TEM results. TB migration is identified 

as a necessity and creates a thermodynamically favorable condition for the constriction of partial 

dislocations to form a single, perfect dislocation with large Burgers vector. The characteristic 

defects in the 1012  twins and the formation mechanisms reported in this study will contribute 

to the development of physically-based crystal plasticity models and the full field modeling of 

the twinning dominated mechanical response of hexagonal metals. 
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illustrate the jog of the matrix dislocation. Dislocations with different Burgers vectors are 

represented by different colors as indicated in the insets.     145 
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Figure 6.2. Extension of the fault with further TB advancement based on the scenario of Figure 

6.1(g). (b) and (d) are two alternatives after (a). (c) and (e) are alternatives after (b). (b1) and (d1) 

depict the local dislocation configurations around the junction at TB in (b) and (d) respectively. 
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are rotated from Figure 6.5 such that the basal plane in twin is horizontal and that in matrix is 

almost vertical. (a-d) are taken at increasing times. (e) is the difference image of (c) and (b), with 

the white features represent those in (b) and dark features those in (c). The dislocation lines are 

extracted in (f) showing the original dislocations (dashed lines) and new dislocations (solid lines). 
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CHAPTER 1 INTRODUCTION 

1.1 Background and motivation 

 Magnesium based light alloys have long been attractive as potential structural materials 

for the interest of weight reduction in components, especially in automotive industry where 

energy efficiency and decrease of greenhouse gas emission are desired [1, 2]. However, the 

application of wrought magnesium alloys remains minor compared to metallic counterparts such 

as steel and aluminum, largely due to the poor formability at ambient temperatures, strong 

texture developed during processing and hence poor mechanical behavior of the product. 

Magnesium has a hexagonal close-packed (HCP) crystal structure. The available 

deformation modes include 〈$〉 dislocation slip on basal plane, prismatic plane and pyramidal 

plane, 〈( + $〉  dislocation slip on pyramidal plane, 1012 〈1011〉  tension twinning and 

1011 〈1012〉  compression twinning (Figure 1.1). Deformation at room temperature is 

dominated by basal 〈$〉 slip and 1012 〈1011〉 tension twinning due to their much lower critical 

resolved shear stress (CRSS) values (e.g. [3]). The former provides only two independent slip 

systems, accommodating strain along 〈$〉 directions of crystal. The latter provides extension 

strain in the (  direction of the matrix crystal and in the meantime abruptly reorients the lattice, 
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that the (-axis of the twin is at an angle of 86° to that of the matrix. As a result, strong basal 

texture is developed in rolled sheet products or extruded bars [4, 5], where the basal plane is 

parallel to the rolling plane or the extrusion direction (ED). 

 

 

Figure 1.1. Deformation modes in HCP crystals. The first row includes dislocation slip modes, 

and the second row twinning modes. Note that twinning is a polar mechanism, it is activated only 

in the positive direction of the twinning shear vector. 

 

The textured materials generally exhibit strength anisotropy, e.g. the stress-strain curve of 

compression along the normal direction (ND) as compared to that of compression along the 

rolling direction (RD) in Figure 1.2, and tension-compression asymmetry, e.g. the stress-strain 

curves of tension and compression respectively along the same direction RD. Due to the polar 

nature of deformation twinning, namely twinning can only be generated by stress in the twinning 

shear direction, the activity of twinning can be maximized or minimized by just inverting the 
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sign of the stress or by changing the strain direction. In a rolled material, for instance, in-plane 

tension (IPT) RD-T and through-thickness compression (TTC) ND-C minimize twinning activity, 

in-plane compression (IPC) RD-C or TD-C tends to maximize twinning activity. The stress-

strain curves obtained from IPT or TTC exhibit the dislocation slip dominated flow behavior 

(Figure 1.2). Plasticity commences at a high initial hardening rate and decreases monotonically. 

The high yield stress and initial slope associated with IPT and TTC are attributed to the hard 

primary slip mode prismatic 〈$〉 and pyramidal 〈( + $〉 respectively (see e.g. [3, 6-9]). 

 

 

Figure 1.2. (a) Measured true stress - true strain curves typical of a rolled plate tested along 

normal direction (ND), transverse direction (TD) and rolling direction (RD) under tension (T) 

and compression (C) [8]. (b) Representative orientation image maps obtained by EBSD show the 

growing of twins (red) in the parent grains (blue), when an extruded Mg alloy AM30 is 
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compressed into regimes I, II, and III [10]. Eventually the majority of the microstructure 

transformed to twins. 

 

In-plane compression (IPC) along RD/TD of rolled material or ED of extruded material 

induces a drastically different flow curve with sigmoidal shape. The straining is essentially 

compression perpendicular to the c-axis of most crystals. The easy slip mode basal 〈$〉 has very 

low Schmid factor, and the CRSS of non-basal 〈$〉 and pyramidal 〈( + $〉 slip modes are not 

reached yet although they have higher Schmid factor, so 1012  tension twinning is activated as 

early as ~0.3% plastic strain [11, 12], providing tension strain along the c-axis of matrix crystal 

and in the meantime rotating the twinned crystal such that its c-axis is close to the compression 

axis. The initial massive activation of twinning, i.e. the twin dominated compression, is 

characterized by a plateau of low hardening rate and termed regime I (Figure 1.2). Tension twins 

often grow very quickly and consume a large fraction of the matrix grains. For example, in a 

rolled Mg alloy AZ31 [11], up to ~6% strain, twins occupy 80% volume fraction of polycrystals 

(e.g. the microstructure evolution in Figure 1.2(b) of an extruded Mg alloy AM30 when 

compressed along ED). When twinning starts to cease activity gradually in the polycrystals, the 

stress increases sharply [13], defined as regime II in the flow curve. Strain hardening slows as 

slip-based deformation commences inside twins (regime III). Note that the c-axes of twins are 

closely aligned with the compression axis, it is a similar loading orientation as in ND 

compression. Although of decreasing volume fraction, the untwinned matrix crystals are always 

subject to compression parallel to the basal plane, necessitating non-basal 〈$〉 and pyramidal 

〈( + $〉 slip modes. While the majority of the crystals are subject to c-axis compression, as seen 

in the flow curves, the flow stress at large strains of RD-C is consistently higher than that of ND-

C. Apparently, additional hardening arising from twinning is responsible for the elevated stress. 
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The contribution of generic deformation twinning to strain hardening has been attributed 

to three main mechanisms:  

• A Hall-Petch effect due to the division of the grains by twin boundaries [14-18]. 

In Mg alloys undergoing profuse 1012  twinning, hardening through a Hall-Petch effect 

has been proven to be insignificant [9, 17, 19, 20]. As mentioned earlier, tension twins 

may eventually occupy ~80% volume fraction of polycrystals (see also the microstructure 

representative of regime III in Figure 1.2(b)), and some grains appear to be reoriented in 

their entirety they are hence not considered very effective in refining the grain size.  

• Change of crystal to a hard or soft orientation.  

In Mg and its alloys, the rapid strain hardening can be largely explained by the hard 

orientation of twins with respect to the loading axis. The sharp rise in stress in regime II 

of the flow curve coincides with the exhaustion of twinning. The twin crystals are subject 

to compression strain almost along c-axis, necessitating the operation of pyramidal 〈( +

$〉 slip systems whose CRSS has not been achieved. Lacking active deformation modes 

to accommodate the imposed strain, the twin crystals deform almost elastically, leading 

to a high strain hardening rate of the polycrystals, e.g. see the comprehensive study in 

[21]. In fact, pyramidal 〈( + $〉  slip within the twins is predicted once twinning is 

activated according to plasticity modeling, e.g. [22], which may therefore mitigate the 

rigid response of the twins. 

• The so-called Basinski mechanism originally developed in FCC metals that pre-existing 

glissile dislocations are transformed to sessile ones when the region is twinned [16, 18, 23]. 

It was argued [19] that since tension twins appear early in the deformation process before 

accumulation of significant dislocation densities in the matrix, the Basinski mechanism 
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may not contribute significantly to strain hardening as it does in FCC metals where 

twinning is activated late in deformation. El Kadiri and Oppedal [9] introduced the 

hardening effect of dislocation “transmutation” upon their incorporation in the twinned 

regions, and demonstrated the efficacy in crystal plasticity models by artificially 

changing the dislocation densities inside twin.  

Upon the previous research endeavors, there is an urgent demand for the knowledge of the 

lower length scale defects structure in the 1012  twin crystals. The most pertinent question is: 

what types of dislocations do the 1012  twins possess? Considering the pervasive migration of 

the twin boundaries (TB), the dislocation-TB interaction is identified as an essential and 

fundamental interaction of crystal defects occurring during deformation. Such interactions would 

occur when a twin is nucleated in a grain and enlarges its volume by TB propagation into a 

region containing pre-existing dislocation, as well as when dislocations in the matrix glide 

toward and eventually be incorporated by a TB. Additionally, two seminal studies have proposed 

the twin growth mechanisms as a result of the incorporation of slip dislocations: the first by Yoo 

and Wei in 1966 [24] via crystallography based vector transformations, and the second by Serra 

and Bacon in 1996 [25] via molecular dynamics simulations. There has been progress in the 

understanding of deformation twinning, albeit being a fundamental mechanism, that the lateral 

thickening of twins (twin growth) is carried out by the gliding of twinning dislocations [26, 27] 

or twinning disconnections [28] on the twinning plane. In this context, the contribution of the 

gliding dislocations in the matrix to the generation of the twinning dislocations remains to be 

examined experimentally.  
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1.2 The 1213  deformation twinning  

Deformation twinning is an important mechanism in hexagonal structured metals, 

because of its ability to accommodate the strain along the	 (  axis of the crystal. Among all the 

twinning systems, the relatively low shear of the 1012  mode and high mobility of the twin 

boundary make it the most frequently observed (e.g. [29]). For metals whose c/a ratio is smaller 

than 3, such as Mg, Ti, Zr and Be, 1012  twinning results in extension along the ( axis, it is 

therefore commonly termed as extension, tension or tensile twinning [30]. 

 The operation of twinning includes twin nucleation, driven by the local stress at grain 

boundaries, as well as forward twin propagation and lateral twin thickening, via the gliding of 

twinning dislocations on the twinning plane driven by long range stress across grains [31, 32]. 

Twinning dislocation (TD) is an interfacial line defect with both dislocation and step character 

(g, ℎ). It is also termed as twinning disconnection since it connects two incompatible step vectors 

in either lattice across the interface (Figure 1.3 (a, b)). In Mg, the Burgers vector of a TD is 

0.0643 1011  [27], parallel to the twinning shear direction, and the step height is 2h %`%* , 

perpendicular to the twinning plane. The gliding of a TD therefore produces a characteristic 

shear strain of i = g /ℎ = 0.049	nm/0.380	nm = 0.13. Because of the step nature of a TD, 

the TB migrates along the TB normal direction by a height of ℎ = 2h %`%*  via the gliding of 

each TD. The successive gliding of TDs on the twinning plane shears the matrix lattice points by 

vectors parallel to TD and magnitudes proportional to the distance from the interface. The 

sheared lattice points undergo further structure shuffles to reach the corresponding twin lattice 

points (Figure 1.3 (c)). Eventually, the shear strain accommodated by twinning is directly 

proportional to the volume fraction (f) of the crystal that has twinned e = k ⋅ i. 

 



 8 

 

Figure 1.3. (a) Schematic illustration of a twinning dislocation (disconnection) that has a step ℎ< 

on the interface and a Burgers vector =< connecting the vectors in the twin, > > , and matrix, 

> ?  [33]. (b) High resolution transmission electron microscope (TEM) observation of a 

twinning dislocation on the TB with a step [34]. (c) Lattice shearing (black open-headed arrow) 

and structure shuffling (blue full-headed arrow) in a 1012  twin, transforming the matrix lattice 

points (solid shapes) to twin lattice points (open shapes) [33]. 

 

 The generation and gliding of twinning dislocations, and hence the twin growth process, 

have be shown to be a process independent of dislocation slip occurring in the surrounding 

crystal [22, 35]. On the other hand, it was proposed based on crystallographic transformation [24] 

and molecular dynamics (MD) simulations [25] that the incorporation of ⟨$⟩ slip dislocations at 

the 1012  TB can generate TDs and cause TB migration. The former predicted that two ⟨$⟩ 

dislocations would transform to a corresponding vector in the twin lattice while leaving behind 

one residual TD on the interface. The latter reported complete absorption of one ⟨$⟩ dislocation 

of the formation of a twinning disconnection showing the vectors, tðmÞ; tðtÞ; n; bp, and
the scalar, hp. The defect is imagined to be created by bringing together free K1 sur-
faces of the twin and matrix. However, these surfaces exhibit incompatible steps with
risers tðtÞ and tðmÞ. The two surfaces to the left of the risers are bonded together to
form the twin. However, before the two surfaces to the right of the risers can be bonded
to form the same interfacial structure, it is necessary to carry out the Volterra operation,
i.e. a displacement of the lower crystal’s surface by bp to accommodate the incompati-
bility.

The expressions above for b and h are independent of the particular choice for lat-
tice sites, and also of any atomic relaxation occurring at the twin boundary on bonding
[22]. The ðbp; hpÞ defect depicted in Figure 4 has a step with positive sense, i.e. hp par-
allel to n: for each such disconnection there is a complementary one, ðb# p; h# pÞ, with
opposite sign Burgers vector and negative step sense.

Physically viable disconnections are expected to exhibit small values of jbpj and
jhpj. Examples of interest in the present work are $ðb2; h2Þ in the ð10!12Þ case and
$ðb1; h1Þ in (11!21) twins. As described in Section 6, ðb1; h1Þ disconnections in ð11!21Þ
twins are unstable, and decompose into two ðb1

2
; h1

2
Þ disconnections. These have step

heights equal to the atomic plane spacing, dð22!42Þ, and jb1
2j
¼ jb1j=2. In this case, the

twin boundary structures on either side of the disconnection are interrelated by a
ð1!100Þ mirror operation, and are hence energetically degenerate. Clearly, the shear pro-
duced by passage of a sequence of ðb1

2
; h1

2
Þ disconnections is the same as that for

ðb1; h1Þ defects. This type of defect is predicted by the topological theory of interfacial
defects, and the interested reader is referred to the original work for details [22]. The
relevant vectors and scalars defining the disconnections studied in Zr and discussed in
detail in Sections 5 and 6 are listed in Table 1.

t(t) 

t(m) 

hp

bp

t(t) t(m) 

bp

n 

Figure 4. Schematic formation of a twinning disconnection.

Table 1. Twinning disconnection parameters.

K1 t(m) t(t) bp jbpj hp s

ðb# 2; h# 2Þ (10!12) [000!1] [10!10] 0.082[!1011] 0.062 # 2 0.165
ðb1; h1Þ (11!21) 1

3½1!210'
1
3½!12!10' 0:030½!1!126' 0.096 1 0.627

jbpj is in units of nm and step heights, hp, are in units of dð10!12Þ and dð11!21Þ.

6 H.A. Khater et al.
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Shear and shuffle components of the displacements produced by passage of a
ðb2; h2Þ disconnection along the ð10!12Þ mirror-twin are illustrated in Figure 5(a): here,
p= 2 and q = 4. Matrix atoms are depicted as filled symbols, and atoms in the twin as
open symbols. The dashed line represents the vector r, as in Figure 1(b) and (c), and is
parallel to the plane of shear, P. Arrows with filled heads (blue online) indicate the
structure-shuffle components, and those with open heads (black online) indicate the lat-
tice-shear components. For clarity, the homogeneous lattice-shear components are also
depicted on the right of the diagram. Using B&C’s terminology, the lattice shear is zero
on the composition plane, (designated plane 0), b2=2 on the next lattice plane (plane 1),
and b2 on plane 2 (the pth plane), and no additional lattice shuffling is necessary in this
case. By contrast, structure shuffles are necessary on all planes: for the even planes,
including the composition plane, the structure shuffles are parallel to ±z. On odd planes,
structure shuffles are parallel to ±y.

The B&C cell for a ð11!21Þ twin is shown in Figure 5(b), where the vector r is now
inclined to P, and p= 1 and q = 2. In this case, it is more convenient to choose A-type
atomic sites as lattice points because these sites form the composition plane in the equi-
librium twin boundary (see Section 6), and to consider homogeneous shearing of atomic
planes, rather than lattice planes. Then, Figure 5(b), the lattice shear is zero on the com-
position plane, b1=2 on the next atomic plane (plane ½), and b1 on the pth plane, and
no additional lattice shuffling is necessary. Furthermore, no structure shuffles are needed
on integral planes, and none would be necessary on half-integral planes for a ð11!21Þ
mirror-twin. However, as described in Section 6, the equilibrium ð11!21Þ twin boundary
exhibits diadic form, i.e. the twinning relation is a twofold axis along g1. Here, atoms

Figure 5. Lattice shearing (open-headed arrows) and structure-shuffling in (a) a (10!12) twin, and
(b) a (11!21) twin. (After Bilby and Crocker [7].) Structure-shuffling is indicated by full-headed
arrows in (a) and by crosses in (b).
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at the interface, which then decompose into interfacial steps and several TDs. Many studies have 

been conducted since then using MD simulations to study the incorporation of matrix 

dislocations at TB, with a focus on the resulting interfacial defects and aiming at understanding 

their effect on TB migration [29, 33, 36, 37]. However, the experimental evidence is lacking to 

quantitatively correlate the generation of TDs to boundary migration and support the mechanism 

of slip assisted twin growth.  

Whereas the planar glide of TDs on coherent twin boundary (CTB) results in TB 

migration, TDs have to pass various interfacial facets on a serrated TB. It is well-accepted that 

the 1012  TBs migrate briskly and invasively into the matrix crystal, despite the fact that the 

boundaries deviate from the CTB, as evidenced by the commonly observed curved TBs on 

microscale in Figure 1.2 (b). High resolution TEM characterizations performed in Mg, Ti and Co 

[38-40] have resolved the interface structure at lower length scale and revealed that the interface 

consists (1) terraces of CTB, (2) facets close to the basal plane in the matrix or the prismatic 

plane in the twin (BP) and (3) those close to the prismatic plane in the matrix or the basal plane 

in the twin (PB) (Figure 1.4 (a)). MD simulations informed that the nanoscale BP/PB facets are 

formed by the relaxation of a pile-up of TDs that accumulate locally [29]. When a gliding TD on 

the CTB merges onto a BP/PB facet at one end, the facet tends to maintain a stable length by 

emitting a TD at the other end, whose continuous glide further induces boundary migration 

(Figure 1.4 (b)). This mechanism was believed to be responsible for the high growth rate of the 

1012  twinning mode. When the BP/PB facets are extended beyond the stable length, however, 

misfit dislocations need to be formed at both ends of the facet to compensate the lattice 

misregistry [41], which may impede the passage of the twinning dislocations. Due to the small 

scale of the pertinent defects, this topic has been investigated primarily by MD simulations aided 
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by structural evidence obtained from HRTEM. In the current dissertation, the formation of TDs 

as a result of dislocation interactions with TB and its effect on TB morphology and migration are 

studied based on diffraction contrast TEM observations. Detailed investigations and discussions 

are included in Chapter 3 and Chapter 5. 

 

 

Figure 1.4. (a) High resolution TEM image showing a serrated 1012  TB in Co comprising 

segments of coherent twin boundary (CTB) and BP/PB facets [42]. (b) Schematics suggested by 

MD simulations demonstrating the ability of twinning dislocations (=*/*) to pass through the BP 

facets [29]. 

 

1.3 Dislocation transformation at the 1213  twin boundary 

The transformation of dislocations at twin boundary is often termed as the Basinski 

mechanism [23], which originally revealed a glissile to sessile transformation of dislocations 

upon incorporation by twins in face-centered cubic metals. In Mg, the primary slip dislocations 

are the basal ⟨$⟩ dislocations. The crystallographic transformations of 〈$〉 dislocations at the 

1012  twin interface was firstly derived by Yoo and Wei for the hexagonal metal zinc in 1966 

(a) (b)
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[24]. With respect to a 1012  twinning plane, the 〈$〉 dislocations fall into two categories: (1) 

the 1/3 1210   Burgers vector, $* , is the co-zone axis of the matrix and the twin and is hence 

parallel to the interface, and (2) the 1/3 2110  and 1/3 1120  Burgers vectors, $%  and $' , 

are at 60° to the intersection line of the basal slip plane and twinning plane. When transformed 

from the matrix to the twin, the $*  Burgers vector is unchanged, leaving no residual defect at 

the interface and therefore not causing the twin boundary motion, whereas the $%  or $'  

Burgers vector corresponds to a 1/2 ( ± $*  vector in the twin with a difference vector in the 

twinning shear direction. The latter transformation further poses the possibility that a unit 

( + $  dislocation can be produced in the twin by incorporating two $%  or $'  basal 

dislocations. In 2010, Niewczas [43] revisited the reaction suggested by Yoo and Wei [24] using 

the concept of the lattice correspondence matrix. This dissertation adopts the same 

crystallographic framework, and the vector transformations are presented in detail in Chapter 3. 

The crystallography based dislocation transformation concept from ⟨$⟩ dislocations in the 

matrix to ⟨( + $⟩ dislocations in the 1012  twin is of great interest, because the former are the 

most readily activated glide dislocations in matrix and the latter represent the only slip mode in 

the twin crystals that is capable of accommodating strain along the [(]-axis. In fact, several 

crystal plasticity modeling studies [44-46] predicted that, in order to plastically accommodate the 

imposed strain, extensive pyramidal 〈( + $〉 slip activity is necessitated in the twins. However, 

the investigations of the dislocations inside the 1012  twins in Mg alloys and in generic 

hexagonal metals are limited since the proposal by Yoo and Wei in 1966. The first experimental 

examination of the dislocation transformation concept was conducted in pure Zn single- and 

polycrystals [47, 48] in 1969. There were then scattered studies conducted in pure Mg [49] and 

in pure Zr polycrystals [50]. It is therefore the goal of the current dissertation study to thoroughly 



 12 

examine the types and formation of various kinds of dislocations inside the 1012  twins in 

deformed microstructures, in order to understand the behavior of the defects and therefore their 

effects on the plastic response of the twin crystals. 

 

1.4 Specific research objectives 

The primary objective of the current research is to investigate the interaction of basal ⟨$⟩ 

dislocations in the matrix with 1012  twin boundaries. To achieve the overall goal, specific 

research objectives are set. The first objective is to assess the possibility that dislocations from 

the matrix would transform at the 1012  twin boundary into dislocations with a distinct Burgers 

vector consistent with the crystal geometry of the twin boundary. The dislocations are 

characterized using transmission electron microscope (TEM) and determined by diffraction 

contrast imaging at various two-beam conditions. 

The second objective is to understand the condition of dislocation transformation at the 

twin interface, and the unit process of the interfacial reaction. The oriented single crystal samples 

are employed that allows the selection of defined loading conditions in order to activate specific 

deformation modes. In situ straining experiments in TEM are performed to identify the evolution 

of defects structures.  

The third major objective is to investigate the interaction and relationship of various 

crystal defects involved in the vicinity of the twin boundary, including perfect dislocations, 

partial dislocations that bound stacking faults and interfacial defects with both dislocation and 

step characters (disconnections). This part of the study would contribute to the fundamental 

understanding of the effects of dislocation-TB interaction on the strain accommodation in the 

vicinity of the interface and on the boundary migration. The objective is achieved via both in situ 
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observations of defect evolutions in TEM and theoretical analyses, including (1) molecular 

dynamics (MD) simulation and the topological analyses of the vector transformations in the 

simulated results, (2) proposed formation mechanism of perfect 〈𝑐 + 𝑎〉 dislocation from the 

interface and (3) evaluation of the proposed configurations using discrete dislocation calculations. 

The comprehensive understanding of the scientific topics in this work and the 

investigation of the specific phenomena listed above necessitate appropriate tools at different 

length scales. The work would not be realized without the contributions of collaborators, which 

are included as coauthors in respective publications. The pure Mg single crystal samples were 

provided by Konstantin Molodov at RWTH Aachen University at Germany. The single crystal 

samples were deformed by Kavan Hazeli at University of Alabama, Huntsville. The in situ 

straining experiments in TEM were carried out at the Electron Microscopy Lab (EML) at Los 

Alamos National Laboratory (LANL) under the supervision of Rodney McCabe. The MD 

simulations were performed by Christopher Barrett at Mississippi State University. Preliminary 

calculations using a discrete dislocation code were performed by Yejun Gu at Johns Hopkins 

University. 

 

1.5 Layout of the dissertation 

The research of the dissertation is described in five chapters followed by a summary. 

Chapter 2 includes the preliminary characterization of the dislocations in the matrix and 

the 1012  twin in a deformed polycrystalline Mg alloy AZ31, providing a basic and collective 

understanding of the deformation defect structure. This chapter is published as a conference 

proceeding in Magnesium Technology 2015 [51]. 
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Encouraged by the observations, Chapter 3 firstly establishes the crystallographic frame 

of the Burgers vectors transformations across a 1012  twin boundary, and then presents local 

evidences of the corresponding dislocation Burgers vectors on both sides of a TB via diffraction 

contrast analyses at various two-beam conditions in TEM. The crystallography based vector 

transformation is therefore confirmed and is referred to as dislocation transmutation reaction to 

distinct it from general transformations. The reaction processes at the interface and the stress 

conditions inside the twin are discussed based on the calculations of elastic stresses and energies. 

This chapter is published in the journal International Journal of Plasticity [52]. 

Chapter 4 aims to generalize the study in Chapter 3 to larger length scale than that of 

several dislocation segments, and to pure Mg and even other hexagonal metals. Furthermore, the 

use of single crystal pure Mg in this study create a controlled deformation condition of 

stimulating TB migration but not dislocations slip, providing a way to separate the motions of 

dislocation and interface which are convoluted in a polycrystalline environment. It therefore 

contributes as the first step to the understanding of the effect of boundary condition on the 

dislocations transmutation at TB. This chapter is published in the journal Scripta Materialia [53]. 

Chapter 5 and 6 are dedicated to probing the mechanism of the dislocation transmutation 

at the twin interface by performing in situ straining experiments in TEM and MD simulations to 

reveal details at lower length scale and time scale. The experimental observations and 

simulations motivate the proposal of a formation mechanism of perfect dislocations from the 

interface and the sequential evolutions of the defect configurations in the vicinity of the interface. 

The proposed mechanism is supported by dislocation theory and in situ TEM observations of 

certain steps of the defect evolutions. Preliminary quantitative evaluations of the energetics are 

conducted for the discretized dislocations using simplified dislocation geometries. 
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Finally, the last chapter summarizes the major conclusions of the dissertation and 

discusses the impact of the work on pertaining topics. Potential directions for future work, which 

would advance the study and broaden its implications, are put forward. 
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CHAPTER 2 DISLOCATION-TWIN INTERACTIONS IN 

MAGNESIUM ALLOY AZ31 

2.1 Introduction 

The 1012  extension twinning is an important mechanism of plastic deformation in 

magnesium alloys. It is able to produce extension along the c-axis during e.g. in-plane 

compression of the textured material. When twinning occurs, the material exhibits a 

characteristic plateau and subsequent rapid strain hardening as observed in the S-shaped uniaxial 

compression flow curve presented in Figure 2.1. Because of the basal texture in the rolled plate, 

compression along the RD promotes compression nearly perpendicular to the c-axis in a large 

volume fraction of the grains. Such a straining direction promotes the activation of extension 

twinning. The deformation mechanisms prior to and at the plateau regime have been studied 

extensively. Basal slip and extension twinning have been confirmed as the dominant deformation 

modes at room temperature in polycrystalline AZ31, and non-basal slip modes was reported to 

occur at boundaries where the stress state is perturbed [1]. 

Many in-situ neutron diffraction studies have shown that highly textured Mg alloys begin 

1012  extension twinning by 0.5% strain (e.g. [2]), as indicated by a strong texture evolution 
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corresponding to the near 90° reorientation of c-axes. Through the use of in-situ neutron 

diffraction experiments and elasto-plastic [3] and elasto-viscoplastic [4] crystal plasticity 

modeling, it has also become clear that slip of 〈$〉 type dislocations on basal planes precedes the 

onset of twinning. In fact, recent molecular dynamics simulations of a pile-up of basal 

dislocations on a low angle boundary was shown to result in the nucleation of a {10.2} extension 

twin [5]. The end of the plateau corresponds to the completion of Lüder’s band propagation 

through the gage of the sample according to the picture proposed by Barnett et al. [6]. In short, a 

specified volume fraction of twinning has been produced within the entire gage region at this 

point. If further deformation (by twinning or otherwise) is to occur, higher stress levels are 

required. According to the twinning-detwinning (TDT) model of Wang et al. [7], this effect can 

be incorporated into the crystal plasticity models as the point at which further twinning becomes 

difficult. 

Apparently, the distinct orientation of the twin relative to the loading direction, and the 

twin boundary have an influence on the deformation process. However, the interactions between 

slip and twinning which affect the strain hardening behavior are less understood. In addition to 

obstructing the dislocation slip, the coherent nature of the twin boundary allows the 

transmutation of dislocations [8-9], which has been invoked as an explanation for the high 

hardening rate within the twin interior [10], and hence, the surrounding polycrystal. According to 

this argument, in addition to the fact that extension twins do not generate any orientation 

favorable for subsequent slip of the soft, basal mechanism inside the twin, twins are additionally 

hardened by high density of dislocations [11-12]. The goal of the present study is to determine 

the dislocation character and arrangements in the twin and the adjacent matrix. 
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Figure 2.1. Flow curves obtained for loading along the rolling direction under tension (RD-T) 

and compression (RD-C). Figure reproduced from [13]. 

 

2.2 Experimental methods 

The material used in this work is from a commercially rolled plate of magnesium alloy 

AZ31B with H24 temper (strain hardened and partially annealed). The nominal composition of 

the alloy is 3 wt% Al, 1 wt% Zn, and balance Mg). The rolled plate was subsequently 

compressed along the rolling direction (RD) at room temperature (RT). Compression samples 

with 0.5% and 2% strains were used to represent the start and end of the twinning-dominated 

strain hardening plateau. 

For TEM analysis, thin sections parallel to the transverse plane were cut from the 

cuboidal compression sample using diamond saw (Figure 2.2). This orientation was selected to 

permit the twins to be observed primarily along the {1120}  direction. The sections were 

mechanically ground to the thickness of ~200 µm and then punched into 3 mm disks. The disks 
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were further thinned by 1200 grit SiC paper to ~80 µm, prior to electropolish in a solution of 500 

ml ethanol, 100 ml butyl cellosolve, 5.6 g magnesium perchlorate and 2.3 g lithium chloride, at 

95 V and -50°C maintained by a solution of liquid nitrogen and methanol within a Fischione 

double-jet polisher. After perforation, the disks were rinsed by ethanol. 

 

 

Figure 2.2. Orientation of the TEM disk in the compressed sample, the normal of the disk is 

parallel to the transvers direction (TD) of the rolled plate. 

 

TEM observations were performed on a JEOL 2000FX TEM with a LaB6 cathode 

operating at 200 kV. Images of the dislocation and fault structure in and around extension twins 

were obtained using bright field (BF) and weak beam dark field (WBDF) imaging with the 

diffraction conditions listed in Table 2.1. When all such diffraction conditions were employed, a 

complete determination of the Burgers vector was possible. In many cases only selected 

reflections were employed to distinguish whether the Burgers vector of the dislocation is 〈$〉 

type or [c]-containing. 
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Table 2.1. Diffraction conditions for TEM analysis. The three zone axes (ZA) are 30° apart along 

the (0002) Kikuchi band. The diffraction vectors are grouped by their respective ZAs, and (0002) 

is available at all ZAs. 

 ZA  1210  1100  2110  

Mode b/ E 0002  1010  1011  1011 	 1120  0110  0111  0111  

<a> 

1/3 1120  0	 1	 1	 -1	 2 -1 -1 1	

1/3 1210  0	 0	 0	 0	 -1 1 1 -1	

1/3 2110  0	 -1	 -1	 1	 -1 0 0 0	

<c+a> 

1/3 1123  2	 1	 0	 2	 2	 1	 0	 2	

1/3 1213  2	 0	 1	 1	 -1	 -1	 2	 0	

1/3 2113  2	 -1	 2	 0	 -1	 0	 1	 1	

1/3 1123  -2	 1	 -2	 0	 2	 1	 -2	 0	

1/3 1213  -2	 0	 -1	 -1	 -1	 -1	 0	 -2	

1/3 2113  -2	 -1	 0	 -2	 -1	 0	 -1	 -1	

[c] [0001] 2 0	 1	 1	 0	 0	 1	 0	

 

 

2.3 Results and discussion 

2.3.1 TEM observations of dislocations 

Regarding dislocations in the matrix at the onset of twinning (considered as 0.5% strain 

in this work), it is found that they are exclusively of 〈$〉 type, as indicated by their visibility in 

the [1101] and [1100] diffraction conditions and absence in the [0002] diffraction condition, 

Figure 2.3(d). Furthermore, stereological considerations indicated that the majority of these 

dislocations are lying within the basal plane (i.e., they are not prismatic or pyramidal 
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dislocations). More specifically, it is noted that they are long and relatively straight when looking 

down the (0001) basal planes (near edge-on perspective in Figure 2.3). This is not surprising, 

given the low stress level that is required to produce a strain of 0.5% in compression along the 

rolling direction, and the high stress level that is required to activate prismatic slip (e.g., see high 

flow stress in RD-tension Figure 2.1). However, it is yet an important observation since the 

immediate vicinity of the twin is likely under stress concentration associated with the demands of 

twin accommodation. Some authors (e.g. Jonas et al. [14]) have emphasized the role of prismatic 

〈$〉 dislocations in accommodating the twin strain within surrounding matrix grains. The present 

results suggest that this may not be necessary in the immediate matrix grain at low strain levels.  

 

 

Figure 2.3. Straight 〈$〉  type dislocations in the 0.5% sample. Dislocation bow-out around 

precipitates is indicated by short arrows in (c). The imaged area is close to a twin in the upper-

right corner in (a, b and d). 
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Also note-worthy is the occurrence of dislocation bow-out at precipitates in Figure 2.3(c). 

As reported in [15], the manganese rich particles in AZ31 are suggested to contribute to 

precipitation hardening and hence an increase in tensile yield strength of this alloy. The alloy is 

not considered age hardenable, since there is no practical heat treatment schedule that leads to 

appreciable hardening. Presumably, the precipitates are either too easily bypassed or too sparse 

in the matrix. 

 

 

Figure 2.4. 〈$〉 type dislocations in the 0.5% sample. Plane traces are shown in (b). 

 

The 〈$〉 type dislocations were occasionally observed to be operating on non-basal planes 

in the 0.5% sample. In Figure 2.4, dislocations are mainly on the basal plane while short 

segments are aligned with non-basal planes. It is observed, at least in this region, that the 〈$〉 

dislocations appear to be more readily operating on the first order pyramidal plane {1011} than 

on the prismatic plane {1010}. This has to be confirmed by examining the possibility of cross-
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slip of the 〈$〉 type dislocations. The presence of non-basal dislocations in both [0111] and 

[0111] reflections indicates that the 〈$〉 dislocations have the Burgers vector of either [$*] or 

[$']. In order for a screw dislocation to cross slip from the basal plane onto the pyramidal planes, 

the intercept of the basal and pyramidal planes has to be parallel to the Burgers vector. So 

1011 , 1101 , 1101  and 1101  are the possible gliding planes for the [$* ] or [$'] 

dislocations in the figure. In fact, close inspection shows that the traces of these four planes align 

closely with most out of basal dislocation segments. 

 

 

Figure 2.5. Selected area diffraction pattern showing the matrix-twin orientation relationship 

(86°). The extension twinning plane is determined as 0112 . The close alignment of some 

diffraction vectors from twin and matrix is illustrated on the right. 

 

Extension twins assume a larger fraction of the microstructure at 2.0% strain. Dislocation 

analysis was focused in the vicinity of twins. The nearly 90° orientation relationship of directions 

from the matrix and the twin was utilized to compare the dislocation structure on both sides of a 

twin boundary, since it is possible to obtain a near two-beam diffraction condition on both the 

matrix and twinned regions. When the [0002] vector in the matrix is used as the two-beam 
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condition for imaging, the condition in the twin occurs naturally as close to 0110 , and vice 

versa. This relationship is schematically illustrated in Figure 2.5.  The [0002] reflection will only 

give contrast to the [c] dislocations, and the 0110  reflection will give contrast to the 〈$〉 

containing dislocations. If a dislocation in either matrix or twin is visible in both diffraction 

conditions, it has both 〈$〉 and [c] components. 

At 2.0% strain, the most dislocations in the matrix are 〈$〉 type, with the exception of a 

few in the vicinity of the twin boundary. Figure 2.6(c) shows segments of dislocation with [c] 

component in the matrix connected to the twin boundary. While they are present also in the 

condition of E = 0110  (Figure 2.6(b)), it is suggested that these are ( + $*  or ( + $'  

dislocations, whose presence might be ascribed to the perturbed local stress state near the twin 

boundary or hint the emission from the twin boundary. Similar dislocations are also visible in 

Figure 2.7(b) on the right side and highlighted by the dashed line box. As is discussed in the 

previous paragraph, the 0110  vector in the twin naturally leads to the [0002] reflection in the 

adjacent matrix, which gives contrast to the dislocation having the [c] component.  

The primary 〈$〉  type dislocations in the matrix are accompanied by abundant [c] 

containing dislocations in the twin, as indicated by the dislocation contrast in both Figure 2.6(b) 

and (c). Furthermore, the coexistence of reflections 0110  in the matrix and [0002] in the twin 

reveals in the same figure the $* , [$'] dislocations on the basal plane in the matrix and [c] 

containing dislocations in the twin. The dislocation transmutation has been suggested involving 

two <a> type dislocations penetrating the 1012  twin boundary and producing a <c+a> 

dislocation leaving a residual dislocation on the boundary [16, 17]. According to the 

correspondence matrix developed by M. Niewczas [9], a possible reaction is $'  dislocations on 
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the basal plane in the matrix produces a ( + $*  dislocation on the prismatic plane in the 

extension twin. 

 

 

Figure 2.6. Dislocation structure in the twin and the matrix in the 2.0% sample. The diffraction 

vectors are those from the matrix. The trace of the twinning plane is indicated in (a) by the 

dashed line. The dashed line box in (c) highlights the dislocations with [c] component in the 

matrix connected with the twin boundary. 

 

The dislocations inside the extension twin are displayed in Figure 2.7. The high density 

of dislocations and their large Burgers vectors ([c] containing) yield strong and overlapped strain 

field and therefore weak image contrast. Therefore, weak beam dark field (WBDF) technique is 
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helpful, to reveal the contrast of individual dislocations. In terms of the morphology, most 

dislocations have shorter segment on the basal plane and longer segment on the non-basal planes, 

which is in contrast to the dislocations in the matrix of the 0.5% sample having longer segments 

on the basal plane (Figure 2.4).  

 

 

Figure 2.7. WBDF images of dislocations in the twin by using two diffraction vectors. The 

dashed line box in (b) highlights the [c] containing dislocation in the matrix. 
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According to the invisibility criterion for reflections [0002] and 0110 , in Figure 2.8, 

dislocations in (a) are either pure [c] or 〈( + $〉, and those in (b) are either $*, $' or [c+$*], 

[c+$']. Therefore, those dislocations present in both reflections as indicated by the short arrows 

have the Burgers vector of [c+$*] or [c+$'], and they are parallel to the basal plane; the non-

rectilinear dislocations visible in Figure8(a) but not in (b) have the Burgers vector of [c] or [c+$%] 

and are operating on the non-basal planes. It should be noted that the 〈( + $〉 dislocation could 

assume a dissociated configuration on the basal plane according to [18], therefore different 

contrast pattern follows than considering only the perfect dislocations. Analysis was focused 

here on the out of basal plane dislocations. 

The existence of the possible Burgers vectors [c] or [( + $%] for non-basal dislocations 

was further examined by Schmid factor analysis. The external loading direction is closely 

aligned with the basal plane of the matrix due to the pronounced texture, and is approximately 

aligned with the c-axis in the extension twin by the characteristic 86° rotation. The Schmid 

factors of the possible slip systems in the twin are hence calculated assuming the loading 

direction along the [0001] direction and are listed in Table 2.2. For 〈( + $〉 dislocation, both the 

first and second order pyramidal planes are possible glide planes, and the Schmid factors for 

glide on the two planes are similar. The point of this section of the paper is to highlight the low 

probability that the contrast is due to c-type dislocations, rather than 〈( + $〉, so only the Schmid 

factors for 〈( + $〉  on {2112}  are listed for comparison. The absolute values of the Schmid 

factors are taken since negative value merely means dislocation gliding on the opposite direction. 

It is readily revealed that the activation of pure [c] dislocation in the analyzed twin is unfavorable, 

whereas the 〈( + $〉 dislocations are necessary in terms of accommodating the imposed 
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deformation judging from the near maximum Schmid factor. By this analysis, the Burgers 

vectors of the out of basal, non-rectilinear dislocations are [( + $%] and [( − $%]. 

 

 

Figure 2.8. One area from Figure 2.7 to compare the visibility of dislocations in two diffraction 

conditions. The short arrows indicate the contrast from the same dislocation segment in both 

images. 

 

 Table 2.2. Schmid factors (m) for possible dislocation types. The loading direction is taken as 

[0001]. And the absolute values of m are taken. 
Type b Slip plane m 

[c-$%] 1/3 2113  2112  0.45 

[c+$%] 1/3 2113  2112  0.45 

[c] 0001   0 
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2.3.2 TEM observation of stacking faults associated with twins 

 

  

Figure 2.9. Stacking faults emanating from twin boundary in an extension twin in the 0.5% 

sample. 

 

At 0.5% strain, there are very few dislocations of any type within the twins (Figure 2.9). 

On the other hand, there are wide stacking faults lying in the basal plane, being either 0% or 0* 

type. Although in the figure SFs seem to terminate in the interior of the twin, this is ascribed to 

the loss of contrast outside the bend contour, which is the dark horizontal band in the middle of 

Figure 2.9(a). At the bottom of this figure where a dark band exists, the SF is again visible. 

Considering the extended width of a few SFs at the center of Figure 2.9 (a), it is valid to 

conclude the SFs may span the entire twin. SFs traversing the twin were also reported by other 

authors, e.g. [19]. This is consistent with the twin growth (boundary migration) mechanism that 

has been proposed by J. Tu et al. [20]. Via molecular dynamic modeling, they suggest that the 

twin growth (migration of extension twin boundary) is accomplished by the migration of either 
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the coherent twin boundary (CTB) or the prismatic/ basal interface (PB/ BP), both of which 

result in the emission of a leading Shockley partial dislocation on the basal plane from the twin 

boundary, leaving a SF in the swept region, which is 0* type. 

Figure 2.10 displays the SFs emitted from a twin boundary. Noteworthy is the lines with 

faint contrast parallel to the basal plane in the matrix, and these lines are connected with the SFs 

in the twin at the twin boundary. In the meantime, the contrast on the twin boundary 

superimposing on the boundary fringes is indicative of interface or twin dislocations. Further 

examination of these associated defects is required to reveal or prove the mechanism of SFs 

emission from twin boundary. 

 

 

Figure 2.10. Stacking faults at a twin boundary and twin boundary dislocations in the 0.5% 

sample. The dashed lines indicate the trace of basal plane. 

 

Finally, it is noted that no stacking faults are apparent within the matrix at the 

magnification employed in this study up to the strain of 2.0%. This is not surprising, even though 

 

Twin          Matrix 
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the I2 stacking fault energy is relatively low, because the equilibrium spacing of Shockley 

partials is only about 3 to 5 Burgers vectors or 6 to 16 Angstroms, as predicted by ab initio 

calculations [21].  

 

2.4 Conclusions 

By TEM analysis of the defect structure in the AZ31 RD-compression samples, 

specifically in the extension twin and the proximate matrix, the following conclusions can be 

drawn: 

1. It is confirmed that in the matrix basal slip occurs firstly, as reported by the in-situ 

neutron diffraction and crystal plasticity modeling [3, 4]. 

2. At 0.5% strain where extension twinning begins to occur, the matrix is dominated by 〈$〉 

dislocation on the basal plane, and dislocation density is low in the twin interior. 

However, SFs on the basal plane are present. And the morphology is consistent with the 

SFs emission mechanism from twin boundaries proposed by MD modeling [20].  

3. At 2.0% strain, there is a higher density of 〈$〉 dislocations in the matrix. Dislocations 

with [c] component are observed emanating from the twin boundary into the matrix. 

4. An abundant 〈( + $〉 dislocations were identified in the extension twin at 2.0% strain. 

These 〈( + $〉 dislocations have shorter length aligned with the basal plane and longer 

non-rectilinear segments on the non-basal planes. Their presence can be related to the 

higher hardening rate of the twin. 

In addition to the above conclusions, several issues remain to be investigated in the future:  
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1. The 〈$〉 dislocation transmutation across an extension twin boundary might result in 〈( +

$〉  dislocation in the twin. This provides a mechanism and explanation of higher 

dislocation density in the twin and the consequently high hardening rate. 

2. Alternatively, the twin boundary may serve as a source mechanism for 〈( + $〉 

dislocations apart from transmutation. Perhaps it is aided by the stress concentration 

provided by 〈$〉 dislocation pile-ups. 

3. The twin boundary defect structure, specifically the interface dislocations can provide 

insights on the emission mechanism of stacking faults into the twin and the matrix. 
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CHAPTER 3 DISLOCATION TRANSMUTATION BY TENSION 

TWINNING IN MAGNESIUM ALLOY AZ31 

3.1 Introduction 

Deformation twinning is an important mechanism in hexagonal structured metals, 

because of its ability to accommodate the strain along the	( axis of the crystal. Among all the 

twinning systems, the relatively low shear of the 1012  mode and high mobility of the twin 

boundary make it the most frequently observed (e.g., El Kadiri, Barrett, Wang and Tome, 2015). 

For metals whose c/a ratio is smaller than 3, such as Mg, Ti, Zr and Be, 1012  twinning 

results in extension along the (  axis, it is therefore commonly termed extension, tension or 

tensile twinning (Yoo, 1981). 

When profuse tension twins are activated, some materials exhibit tension-compression 

asymmetry, including a change of concavity in the flow curve and a rapid hardening regime 

(Reed-Hill, 1973; Kelley and Hosford Jr., 1968). In addition to normal dislocation-dislocation 

interaction (Taylor hardening a la Kocks and Mecking (Kocks and Mecking, 2003)), the 

hardening due to deformation twinning was classically attributed to two effects (Kalidindi, 2001; 

Proust, 2009): the composite strengthening effect associated with reorienting the twinned crystal 
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from a soft to a hard orientation, and twin-dislocation interaction by considering twin boundary 

as obstacles to subsequent slip and twinning deformation (Serra et al., 2002). Recently, a theory 

for latent hardening through dislocation transmutation by twinning was developed (El Kadiri and 

Oppedal, 2010), which hypothesizes that a rapid increase in the dislocation density or type inside 

twins is responsible for the larger hardening rate of the twin than that observed in the matrix. 

According to the dislocation transmutation theory, Oppedal et al. (2012) introduced in their 

model a fitting parameter called the “twin storage factor” that allows the twins harden more than 

the parent and showed its dominant effect on the increased hardening rate. Ma et al. (2012) 

showed that the incorporation of dislocation transmutation theory into latent hardening of twin-

dislocation will more accurately simulate the texture and stress-strain data of magnesium alloy 

AM30, and suggested that at least the upper-half of the rapid hardening regime in the flow curve 

should be characterized by slip dominance within the twins. 

Dislocation transmutation refers to the change of slip plane and Burgers vector of a 

dislocation when incorporated into the twin. Dislocation reactions at the 1012  twin boundary 

have been anticipated by Price (1961) and Yoo and Wei (1966) based primarily on geometric 

analysis. Tomsett and Bevis (1969a) were the first to study the transmutation of dislocations 

using the transmission electron microscope (TEM), and they showed the consistent appearance 

of $  dislocations in the matrix and 〈( + $〉 dislocations in the 1012  twin, as suggested by the 

previous geometric analysis; thus, the transmutation concept was confirmed. Morozumi et al. 

(1976) observed 〈( + $〉 dislocations near and within the 1012  twins in Mg. Lay and Nouet 

(1994) studied the interaction of slip dislocations with a 0112  twin in Zn, but did not observe 

the 〈$〉 → 〈( + $〉 transmutation reaction. However, they only examined dislocation movement 

and penetration of the twin boundary in situ, under the influence of electron beam heating in the 
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TEM. Due to the weak stress field resulting from differential heating of the beam, their 

observations of dislocation interactions were limited to direct transfer of 〈$〉 type dislocations 

whose Burgers vectors were parallel to the common axis of matrix and twin. Bhattacharyya et al. 

(2009) explored the origin of the dislocations within both tensile and compressive twins in 

textured Zr. Rather than invoking the transmutation argument, the c-type dislocations inside the 

tensile twin were hypothesized to be the remnants of dislocation interactions related to the 

formation of the twin itself. So far, the experimental evidence of dislocation transmutation has 

not been explored thoroughly, and no systematic explanation of the dislocation structure 

observed within twins has been advanced. 

 The current work explores the dislocation transmutation reaction at the boundaries of 

1012  twins in a conventional Mg alloy using a TEM. The origin of the dislocations inside twin 

will be studied by focusing on the defect structure in the vicinity of twin boundary. We seek to 

understand the configuration and process of transmutation reactions. Finally, the potential 

operation of the dislocations inside the twin will be discussed in terms of the stress state. 

 

3.2 Experimental procedures 

3.2.1 Sample preparation 

The studied material is a commercially rolled plate of magnesium alloy AZ31B in the 

H24 temper (strain hardened and partially annealed), with an average grain size of ~15 µm (Wu 

et al., 2010). The nominal composition of the alloy is 3 wt% Al, 1 wt% Zn, and balance Mg. The 

rolled plate possesses a preferred crystallographic orientation with the (  axis of the crystals 

roughly parallel to the normal direction (ND) of the plate. The plate was subsequently 

compressed along the rolling direction (RD) at room temperature and individual samples were 
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strained to various levels (0.5, 1, 2, 4 and 8%). For TEM characterization, the samples from the 

plateau region in the flow curve (Figure 3.1a), up to 2.0% strain, were examined. Thin sections 

with the foil normal parallel to the transverse direction (TD) and ND respectively were cut from 

the cuboidal compression samples using a diamond saw (Figure 3.1c). 

 

 

Figure 3.1. (a) The flow curves of the rolled plate of AZ31, whose initial texture is shown in (b). 

RD-C denotes compression along the rolling direction, and RD-T denotes tension along the 

rolling direction. The flow curves and pole figures are reproduced from (Wu et al., 2010). (c) 

The disks for TEM characterization were machined from the TD and ND planes of the RD-C 

sample. 

 

The two foil orientations provide two perspectives for the characterization of the 1012  

twin: in the TD sample, the basal planes in the matrix and the twin, as well as the twinning plane 
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itself are all close to edge-on (the crystallographic plane is perpendicular to the plane of the foil); 

in the ND sample, the basal plane in most matrix grains is close to face-on (the crystallographic 

plane is parallel to the plane of the foil). The thin sections were mechanically ground to a 

thickness of ~250 µm and then punched into 3 mm disks. The disks were further thinned by 1200 

grit SiC paper to ~150 µm. Thinning to electron transparency was achieved by electropolishing 

in a solution of 500 ml methanol, 100 ml butyl cellosolve, 11.16 g magnesium perchlorate and 

5.3 g lithium chloride, at c.a. 100 V, 20 mA and -50°C maintained by a solution of liquid 

nitrogen and methanol within a Fischione double-jet polisher. After perforation, the disks were 

rinsed in ethanol. 

 

3.2.2 Characterization 

TEM observations were performed on a JEOL 2000FX TEM with a LaB6 cathode 

operating at 200 kV. A double tilt sample stage was used to achieve various sample orientations. 

The Burgers vectors of dislocations were determined based on diffraction contrast analysis 

criteria (Fultz and Howe, 2001; Williams and Carter, 2009) by judging their visibility or 

invisibility in bright-field (BF) images and axial dark-field (DF) images under different two 

beam diffraction conditions. Weak-beam dark-field (WBDF) imaging was employed in areas of 

relatively large distortion due to, e.g. dense defect content. Simulated selected area electron 

diffraction (SAED) patterns and the stereographic projections used to navigate orientation space 

were generated by the software, Desktop Microscopist. 

In specific cases, the TEM thin foil was characterized by an electron backscattered 

diffraction (EBSD) type technique known as transmission Kikuchi diffraction (TKD) (Keller and 

Geiss, 2012; Trimby, 2012) to quantitatively obtain the orientation of individual crystals with 
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respect to the sample coordinate system. For this purpose, the rolling direction was marked on 

the edge of TEM foil with a notch. EBSD was performed on a FEI Quanta 650 scanning electron 

microscope (SEM) equipped with AZtecHKL software.  

 

3.3 Twinning relationship and dislocation transmutation reactions 

The crystallographic frames of the two lattices (twin and matrix) were established based 

on the orientation relation investigated comprehensively by many authors (e.g. (Bevis and 

Crocker, 1969; Partridge, 1967)), and more recently reviewed by Christian and Mahajan (1995).  

With the twinning plane r% = 1012  and the shear direction A% = 〈1011〉, it is a compound 

twin according to the categorization in Christian and Mahajan (1995). Throughout this work, the 

observed extension twins are arbitrarily indexed as 1012  with the direction $* = 1210  being 

the common axis of matrix and twin. The crystallographic relationship is depicted in Figure 3.2 

in both real space (a) and reciprocal space (b). The mirror symmetry of the matrix and twin and 

the characteristic ~86° rotation of the c axis of 1012  twinning is revealed in the diffraction 

pattern from the common zone axis $* . This diffraction pattern is accessible in the TD samples 

in this work and was used to confirm that the twins were of the 1012  extension type. It should 

be noted that in the thin TEM foil, double diffraction commonly occurs, i.e. the (0001) 

diffraction spots are excited, and this effect is present in the simulated pattern (Figure 3.2b). 
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Figure 3.2. The 180°/ A%  rotation relationship connecting the matrix and the twin is shown 

schematically in (a). (b) is a simulated diffraction pattern of the two lattices with $* &,+ being 

the zone axis. The black dots represent the matrix spots, the red squares the twin spots. The 

reciprocal vectors 0002  and 1010  are drawn in the pattern for the matrix and the twin 

respectively. The real space twinning plane Κ% is determined from the common diffraction spot. 

 

Based on the crystallographic frames of the matrix and the twin lattices and using the 

correspondence matrix developed by Niewczas (2010), a vector in either lattice can be 

transformed into the other, and the dislocation transmutation reactions were formulated as in 

Table 3.1. Presently, focus was laid on the reactions involving the transmutation of 〈$〉 

dislocations from the matrix, and the reactions fall into two types: I. the transmutation of the 

common $*  dislocations from the plane of 0001 & to 1010 +, and II. the transmutation of 

$%  or $'  on the 0001 & plane into ( ± $* + on the 1010 + plane. The basal planes in the 

matrix and the indicated 1010 + prismatic planes in the twin are closely aligned (Yoo and Wei, 

1966). For type II reactions, a residual dislocation is left on the twin boundary with the 

magnitude of 0.0643 1011 , which is the twinning dislocation =+, also known as the twinning 

disconnection =s*/s* (Serra, Bacon and Pond, 1988). It should be emphasized that the ( + $ + 
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dislocation which results from this mechanism contains the particular 〈$〉  direction that is 

common to the matrix and twin, i.e. $* . 

 

Table 3.1. Dislocation reactions across a 1012  twin boundary, the twinning relation is 

described by 180° rotation about the twinning direction, A%. =+ = abcK

adcK
1011 = 0.0643 1011  

(Serra, Bacon and Pond, 1988), with e = 1.624 for Mg. The subscripts m and t denote the matrix 

and the twin respectively. 

I.             2× %

'
1210 & → 2×

%

'
1210 +               2	$*& → −2	$*+ 

II. 
2×%

'
1120 & → 0.0643 1011 + %

'
1213 +           2×$'& → =+ + ( + $* + 

2×%
'
2110 & → 0.0643 1011 + %

'
1213 +   					2×	−$%& → =+ + ( − $* + 

 

3.4 Experimental results 

In the rolled material where the c-axes of the crystals are roughly parallel to the ND of 

the plate, deformation along RD reveals a pronounced tension-compression asymmetry, which is 

related to tension twinning (Figure 3.1a). Whereas basal slip is active in grains with orientations 

which deviate from the prominent texture component, compression along RD will activate 

tension twinning, though it is unable to accommodate tensile strain along RD, which will 

generally require prismatic slip. During compression, tension twinning is preferentially activated 

as early as ~0.3% plastic strain, preceded by 〈$〉 dislocation slip on the basal plane in matrix 

(Brown et al., 2005; Agnew, Brown and Tome, 2006; Wang, Wu, Tome and Wang, 2012). After 

tension twinning is activated, basal and prismatic 〈$〉 slip systems remain the dominant slip 

systems in matrix (e.g., Clausen et al., 2008). The twinning-dominated compression is often 

characterized by a plateau in the flow curve, followed by a rapid strain hardening effect which 
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coincides with the exhaustion of twinning, and ultimately, strain hardening slows as slip-based 

deformation occurs inside twins (e.g., Muransky et al., 2010). Basal slip activity is dominant 

when twin volume fraction is low, and it drops in favor of pyramidal slip as twin grows. 

Viscoplastic self-consistent (VPSC) (Proust et al., 2009) and elastoplastic self-consistent (EPSC) 

(Juan et al., 2014) polycrystal models predicted that pyramidal slip activity inside twin 

commences near the end of the plateau regime (~4% strain), and increases rapidly before 

reaching steady state at higher strains. In a previous study, we examined some of the dislocation 

structures near the 1012  twin boundary in both matrix and twin at 2% RD compressed material 

(Wang and Agnew, 2015). While the matrix contains mostly 〈$〉 dislocations and rarely ( -

containing dislocations, abundant ( -containing dislocations were surprisingly common in the 

twin, even at such low stress level, and it was thus suggested that they are the product of 

dislocation transmutation reactions. 

In this study, samples compressed along RD up to 2% true strain were selected, in order 

to pursue the origin of the ( -containing dislocations and the activity of pyramidal slip systems 

inside tension twins. 

 

3.4.1 Dislocations near the 1012  twin boundary from the perspective of ND 

Characterization was performed firstly from the ND perspective, where the basal plane in 

the matrix and the prismatic plane in the twin are close to face-on orientation, and the twinning 

plane is inclined (Figure 3.3b). This orientation allows the “plan-view” examination of the planes 

on which the dislocation transmutation occurs. Dictated by the twinning relationship, the 

0001 &  and 1010 +  zone axes are only ~4° away from each other. Since the characteristic 

1210  diffraction pattern (Figure 3.2b) is not available in the ND sample, the 1012  twin was 
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identified by comparing the 0002 &  and 1010 +  diffraction patterns of the two crystals and 

their common 1210  diffraction spots.  

In all the dark field (DF) images in Figure 3.3, the matrix is on the right side and the twin 

on the left side. Since the 1012  twinning plane is 43.2° inclined to the basal plane, twin 

boundary appears as a wide band as delineated in Figure 3.3(a) below the DF image. With a 

common diffraction vector E = 1210  operating simultaneously in both matrix and twin, the 

〈$〉 and 〈( + $〉 dislocations are visible, but pure (  dislocations are invisible according to the 

invisibility criterion. Thus, Figure 3.3(a) presents the scenario of 〈$〉 dislocations in the matrix 

and 〈( + $〉 dislocations in the twin, corresponding to the type II reaction in Table 3.1. The 

straight lines of bright contrast in the range of the twin boundary have line directions parallel to 

the line of intersection of twinning plane and basal plane. They represent the defects on the twin 

boundary, such as twinning disconnections with edge character. 

In Figure 3.3(a), within the range of the inclined twin interface, the contrasts of the 

dislocations from both crystals are projected into the image. Thus, the sample was oriented such 

that two-beam diffraction operated in one crystal but no diffracted beam was strongly excited in 

the other crystal. In this way, the dislocations can be isolated to either the matrix or the twin. As 

shown in Figure 3.3(c) and (e), the diffraction vector of the twin E+ = 1212  and that of the 

matrix E& = 1100  respectively reveal the contrast of dislocations in each crystal. The selected 

dislocation segments, for consideration, are sketched schematically in Figure 3.3(d), and a 

critical junction is indicated by an arrow in Figure 3.3(d), which connects one dislocation 

segment in the twin and two segments in the matrix.  
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Figure 3.3. Dislocations in the matrix and the twin adjacent to a 1012  twin boundary (TB) 

presented in DF images. Image (a) was obtained with the common diffraction vector for the 

matrix and the twin, the area highlighted by the dashed box outline is magnified for close 

inspection. The orientations of the two lattices are shown schematically in (b). Images (c) and (e) 

were obtained with two beam conditions for only the twin or the matrix, respectively. The 

selected dislocations are sketched schematically in (d). The dislocation segment AA’ in (a), (c) 

and (d) is highlighted to guide the eye. 

 

The orientation of the matrix allows using the diffraction vectors 0110 , 1010  and 

1100  to identify the three types of 〈$〉 Burgers vectors according to the invisibility criterion 

(Table 3.2). The corresponding images are shown in Figure 3.4. At the lower left part of all three 

images, the twin crystal appears dark and void of dislocation contrast because these sample 
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orientations do not result in any strongly excited diffraction beam in the twin. Inside the matrix, 

dislocations of all three types of Burgers vector are present, and because the basal plane on 

which the dislocations lie on is roughly parallel to the foil surface, dislocations appear long 

before they terminate at a dislocation junction, an internal boundary, or the foil surface. The 

dislocation segments indicated by the red arrows have the Burgers vector of $% . Some are 

connected with the twin boundary, and include the segments identified as being connected with 

the 〈( + $〉 dislocation segment AA’ in the twin (Figure 3.3d and e). 

 

Table 3.2. The E ⋅ = values of 〈$〉 dislocations with selected diffraction vectors from the zone 

axis of 0001 . The corresponding figures (a), (b) and (c) in Figure 3.4 for each g vector are 

indicated. 
 ZA 0001  

Mode b \ g 0110 , (a) 1010 , (b) 1100 , (c) 

〈$〉 

1/3 1120  -1	 -1	 0	

1/3 1210  1	 0	 1	

1/3 2110  0	 1	 -1	

 

For the dislocations in the twin, it is determined with the diffraction vector 1210  that 

their Burgers vector is of 〈( + $〉 type, because the c-type dislocations would be invisible (Figure 

3.3a). The exact determination of the Burgers vectors necessitates the diffraction vectors from 

the zone axes 1010  and 1120  (Table 3.3), and the corresponding two-beam BF and DF 

images are shown in Figure 3.5. The images are from the same area as Figure 3.3(c), and the 

dislocation segment AA’ is indicated in Figure 3.5(f). Between the images obtained with the first 

three diffraction vectors, the 〈( + $〉 dislocations are visible with sharp contrast in Figure 3.5(a, f) 

and (b, g), they are of diffuse contrast in Figure 3.5(c, h). Between the images obtained with the 
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last two diffraction vectors, dislocations are defined by clearer and sharper contrast in Figure 

3.5(d, i) than in Figure 3.5(e, j). They are completely invisible in Figure 3.5(j). Since images (e) 

and (j) were obtained at the same two-beam condition with +E (BF) and −E (DF) respectively, 

dislocations are expected to display the same visibility in both images. This distinction is 

attributed to residual contrast, which is more apparent in BF mode than in DF mode. The 

visibility of the dislocations inside twin at the selected diffraction conditions suggests that their 

Burgers vector is J
a
1213 , or ( − $*  (Table 3.3). 

 

 

Figure 3.4. Two-beam DF images of dislocations in the matrix from the area shown in Figure 3.3. 

The corresponding diffraction vectors are under the images with arrows indicating the directions. 

Some dislocation segments are annotated by their Burgers vectors ($%, $* or $'). The red arrows 

in (b) and (c) indicate the same dislocation segments which are invisible in (a). 
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Table 3.3. The E ⋅ =  values of 〈( + $〉 dislocations with selected diffraction vectors from the 

zone axes of 1010  and 1120 . The visibility of the dislocations in Figure 3.5 at each g vector 

is indicated in the last row.  
 ZA 1010  1120  

Mode b \ g 1210  1212  1212  1101  1101  

〈( + $〉	

1/3 1123  -1 1 -3 1 -1 

1/3 1213  2 4 0 2 0 

1/3 2113  -1 1 -3 0 -2 

1/3 1123  -1 -3 1 -1 1 

1/3 1213  2 0 4 0 2 

1/3 2113  -1 -3 1 -2 0 

Visibility*  v v d v i 

* v: visible, d: diffuse, i: invisible. 

 

Additionally, the straight and parallel extinction fringes are observed in the interior of the 

twin in Figure 3.5, they are characteristic of stacking faults (SFs). These SFs are parallel to the 

trace of the basal planes, they are visible in Figure 3.5 because the high tilt employed to achieve 

the two-beam conditions has oriented the basal plane at a large deviation from the initial edge-on 

orientation (e.g. as in Figure 3.3). Tomsett and Bevis (1969b) suggested that the basal SF inside 

the 1012  twin can be formed as a result of dislocation transmutation. 

 



Dislocation transmutation by tension twinning in magnesium alloy AZ31 51 

 

Figure 3.5. Two-beam BF and DF images of the dislocations in the same region of the twin 

shown in Figure 3.3. The five diffraction vectors employed are shown below each column of BF 

and DF images. As explained in the text, the contrast reveals the AA’ dislocation to be 1/

3 1213 , or ( − $* . The faint parallel fringes aligned diagonally from the upper left to lower 

right of the images in (d, e, i, j) are examples of the numerous basal faults within the twins. 

 

Different from the curved morphology of the dislocations in the matrix, the dislocations 

in the twin are mostly rectilinear. As shown in Figure 3.6, the ( − $*  dislocations in the twin 

were observed using two-beam conditions from two zone axes, the dislocation segments i, ii and 

iii are straight for most of their length. (The dislocation segment iii (AA’) is the same one as in 

Figure 3.3(c).) Segments i and ii clearly belong to one dislocation line, and the connection 

between them is blunt in Figure 3.6(a) and sharp in (b), indicating that the line direction of the 

connection is parallel to the beam direction 1120 . Segments i and iii are approximately parallel 

in both Figure 3.6(a) and (b), thus they have the same line direction. The line directions of 

segments i and ii were determined by trace analysis (Edington, 1976), and the analysis for 
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segment i is shown in Figure 3.6(c) as an example. Procedurally, it is preferential to use images 

obtained at three non-coplanar zone axes, in order to gain three projections of the dislocation line 

and a quantitative sense of uncertainty. But mathematically, images taken from two zone axes 

suffice for the determination. Using the conventional stereological techniques, the line direction 

of dislocation segments i and iii is determined to be 4739 . 

 

The procedure involving the use of the stereographic projection in Figure 3.6 (c), which 

yields this result 4739 , is demonstrated here for segment i. To determine the crystallographic 

direction of an observed dislocation line from 2-dimensional images, the object needs to be 

observed from at least two distinct perspectives, e.g. two zone axes. In each image, the most 

convenient reference direction within the plane of the image is the diffraction vector used to 

record the image. The angle between the projected dislocation line in the image with the 

diffraction vector can be used to define one crystallographic plane the dislocation lies on. Since 

the projection of any dislocation on that plane will have the same angle between the diffraction 

vector, a different plane where the dislocation also lies on needs to be found by observation from 

a different perspective, and the common direction of both planes is the dislocation line direction.  

Firstly, the angle between the diffraction vector g and the normal to the dislocation line is 

measured in Figure 3.6 (a) and (b) respectively. The former represents the pole of a chosen plane, 

and the latter represents the plane the dislocation lies on. The positive direction of the normal to 

segment i is arbitrarily taken as pointing to the upper left in the images. The angles are 174° and 

7° for E%  and E*  respectively. With these angles, the 2425  pole is obtained 174° counter-

clockwise from the 1212  pole around the 1010  zone axis, and the 19	19	0	25  pole is 

obtained 7° clockwise from the 1101  pole around the 1120  zone axis (Figure 3.6c) (it is 

equivalent to 19	19	0	25	  pole from the 1101  pole, although both are in the negative 

hemisphere of the stereograph). This means that the dislocation lies on both 2425  and 

19	19	0	25  planes. The arcs corresponding to the two planes intersect approximately at the 

pole 4739 , which is the line direction of dislocation segments i and iii.  
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Figure 3.6. Stereological analysis for dislocation line direction determination. (a) and (b) are 

images of the 〈( + $〉 dislocations in the twin obtained at two-beam conditions from two zone 

axes. (c) presents the results from a trace analysis for dislocation segment i, conducted in the 
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1010  stereographic projection. The determined line directions for segment i, ii and iii are 

shown in the twin crystal lattice (d). The orientation of the lattice is consistent with Figure 3.3(b). 

 

As shown in Figure 3.6(c), the line direction 4739  of segments i and iii is very close to 

the periphery of the stereographic projection, and is 113° from the Burgers vector 1213 . It 

suggests that segments i and iii are primarily of edge character and remain on the 1010  plane 

after transmutation. Following the same procedures, dislocation segment ii was determined to 

have the line direction w = 0113 , which is distant from the periphery of the stereographic 

projection and is 163° from the Burgers vector 1213 . Thus, this dislocation segment is of 

primarily screw character and has probably undergone cross-slip after transmutation. The cross 

product of the line direction w = 0113  and Burgers vector = = 1213  were used to determine 

a possible glide plane normal. And this analysis suggests 1121  as a potential glide plane. The 

preferred glide planes of ( + $  dislocations reported in literature include the first-order 

pyramidal planes 1101  and second-order pyramidal planes 1212  (Sandloebes et al., 2013; 

Obara, Yoshinga and Morozumi, 1973; Li and Ma, 2009). It is possible that the observed 

dislocation has undergone wavy slip involving a combination of these planes (Geng et al., 2015). 

With this complete crystallographic knowledge of the ( − $*  dislocations in the twin, 

the connection of the segment AA’ on the twin boundary was confirmed. It was presented in 

Figure 3.3 that the segment AA’ is connected with two dislocation segments in the matrix on the 

twin boundary. The segments ii and iii (AA’) terminate within the range of the twin boundary in 

the image, thus they intersect the boundary within the foil thickness (Figure 3.6a, b, d). Segment 

i, on the other hand, terminates within the interior of the twin, away from the twin boundary 

fringes. Thus, it terminates at the foil surface before reaching the twinning plane. 
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In conclusion, a dislocation transmutation reaction comprised of two $%  dislocation 

segments in the matrix and one ( − $*  dislocation in the twin was observed. The reaction is 

consistent with the type II reaction in Table 3.1.  The junction of the associated dislocations on 

the twin boundary was confirmed by stereological analysis. 

 

3.4.2 Dislocations near the 1012  twin boundary from the perspective of TD 

In the ND sample, since the basal plane in the matrix and prismatic plane in the twin on 

which the reaction occurs, are roughly parallel to the foil surface, only a limited number of 〈( +

$〉 dislocations were observed through the thin foil thickness. In contrast, characterization of the 

transmutation reaction on multiple layers was realized in the TD sample, where the basal, 

prismatic and twinning planes are all nearly edge-on. Figure 3.7 presents a grain scale picture of 

a 1012  twin and the associated dislocation structure. When the matrix diffraction vector E& =

1010  is used for imaging, the close alignment with E+ = 0002  of the twin enables the 

observation of only 〈$〉 containing dislocations in the matrix and (  containing dislocations in 

the twin. In the matrix, dislocations are well aligned with the basal plane trace, so they are most 

likely lying on the basal plane. Inside the 1012  twin, the dislocations are either 〈( + $〉 or ( . 

It is readily revealed that there are abundant dislocations near the left twin boundary, and the 

boundary deviates from the 1012 	plane trace indicated by the red dashed line, whereas in other 

areas of the twin, dislocations appear only occasionally. It is also note-worthy that at the two-

beam condition of E+ = 0002 , there is contrast on the basal plane inside the twin (Figure 3.7b), 

suggesting that the defects on the basal plane have a 〈(〉 component. They are possibly 〈( + $〉 

dislocations or dissociation products lying on the basal plane, e.g. the 0% fault, which has been 
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suggested to be intimately connected with 〈( + $〉  dislocations (Sandloebes et al., 2012; 

Sandloebes et al., 2013; Agnew, Capolungo and Calhoun, 2015; Wu and Curtin, 2015).  

 

 

Figure 3.7. (a) A 1012  twin in a grain, whose grain boundary (GB) is delineated by black lines. 

The BF images were obtained with the same diffraction condition E& = 1010  of the matrix 

from consecutive areas and were montaged. The dashed red line indicates the plane trace of the 

1012  twinning plane. The area (b) was imaged with E+ = 0002 , in WBDF mode. The twin 

boundary is not only curved, it also has a serrated appearance. 
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Figure 3.8. Dislocations in the matrix (a), (b) and (c), and in the twin (e)-(g), (i)-(l) imaged with 

various diffraction vectors. All micrographs show the same area, and the red arrows in the 

images point at the same location to guide the eye. The orientations of the matrix and twin are 

shown schematically in (d), with only the basal and prismatic planes plotted for clarity. Selected 

features of the area are sketched in (h), where the curved lines represent dislocations and the 

double dashed lines represent SFs. 

 

Closer examination of the left twin boundary in Figure 3.7(b) is presented in Figure 3.8. 

In the matrix (Figure 3.8a-c), a train of dislocations is lying on the basal plane, potentially in a 

pile-up configuration directed to a point on the twin boundary, as indicated by the red arrow. At 

the orientation where E = 1010  is excited (Figure 3.8a), the basal plane is close to edge-on, 

and the dislocations appear short and sharply curved; when E = 0111  is excited (Figure 3.8c), 
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large deviation from the edge-on orientation of the basal plane reveals long and only slightly 

bowed appearance of the same set of dislocations. The Burgers vector of these dislocations was 

determined to be $'  due to their visibility in Figure 3.8(a) and (c) and invisibility in (b) (Table 

3.4, the rows for Mode 〈$〉). 

 

Table 3.4. The E ⋅ = values of 〈$〉 dislocations in the matrix and 〈(〉 containing dislocations in the 

twin with selected diffraction vectors. The corresponding image numbers in Figure 3.8 for each g 

vector are indicated. 
 ZA 1210  1100  2110  

Mode b \ g 0002  1010  1011  1120  0111  

Dislocation in the matrix (b) (a)   (c) 

〈$〉 

1/3 1120  0	 1	 1	 2 -1 

1/3 1210  0	 0	 0	 -1 1 

1/3 2110  0	 -1	 -1	 -1 0 

Dislocation in the twin (e,	i)	 (f,	j)	 (g,	k)	 (l)  

〈( + $〉 

1/3 1123  2	 1	 0	 2	 0	

1/3 1213  2 0 1 -1 2 

1/3 2113  2	 -1	 2	 -1	 1	

1/3 1123  -2	 1	 -2	 2	 -2	

1/3 1213  -2	 0	 -1	 -1	 0	

1/3 2113  -2	 -1	 0	 -1	 -1	

〈(〉 0001  2 0	 1	 0	 1	

  

For the dislocations inside the twin, they are visible with E = 0002  and invisible with 

E = 1010  (Figure 3.8e,i and f,j respectively), confining the possible Burgers vectors to 〈( +

$〉 and (  (Table 3.4).  They are of weaker contrast with E = 1011  and invisible with E =
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1120  (Figure 3.8g,k and l respectively). Therefore, their Burgers vector is determined as ( . 

The stronger diffraction contrast in BF images with 0002  than with 1011  is consistent with 

the larger E ⋅ = value of the former than the latter. 

Besides the (  dislocations in the twin, fringes parallel to the basal plane are visible in 

Figure 3.8(f), (g) and (l), characteristic of SFs. At the diffraction condition of E = 0002 , 

which reveals defects with a (  component, there is also contrast on the basal plane (Figure 3.8e 

and i). However, the contrast is discontinuous and diffuse if one compares the fringes which 

appear at the same locations imaged with other diffraction vectors. Although the identity of these 

defects was not determined definitively, it is reasonably suggested that some are of 0* (Shockley) 

type and those visible with E = 0002  are most likely 0% type.  

In terms of the distribution of these (  dislocations and basal SFs in the twin, the faults 

appear in stacks, with each group of SFs separated by about 200 nm (e.g. Figure 3.8j and k, 

Figure 3.9), and the mostly straight (  dislocations connect these groups of SFs. This 

combination of a (  and a dissociated $  dislocation is one of the ( + $  decomposition 

configurations originally proposed by Bevis and Tomsett (1969b) and recently revealed by 

molecular dynamics simulation (Wu and Curtin, 2015). Figure 3.9 presents the dislocations in 

the twin from a nearby area imaged at two-beam conditions from two zone axes 1210  and 

2110 . Most dislocations in this field of view have a (  Burgers vector, but the segment in the 

middle of the images is identified as having a ( + $*  Burgers vector, whose diffuse contrast 

with E = 0111  (Figure 3.9c) is ascribed to residual contrast. The observations of (  

dislocations from these two perspectives reveal that most dislocations remain rectilinear and 

perpendicular to the basal plane, which is conveniently delineated by the SFs in Figure 3.9(b). 
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This morphology means that the line direction of the (  dislocations in the twin is close to the 

0001  direction, i.e., they are mostly of screw type. 

To summarize this section, a train of $'  dislocations in the matrix with (  dislocations 

and basal SFs in the twin were observed in the close vicinity of each other. According to the 

dislocation transmutation reactions listed in Table 3.1, the $'  dislocation in the matrix can 

transmute into ( + $* . The resultant dislocation may further dissociate into ( + 0*	xy or into a 

basal 0%	xy bounded by two c-containing partial dislocations. These reactions are consistent with 

the observation, although the precise identity of the SFs in the images remains to be confirmed. 

 

 

Figure 3.9. Defect structure inside the 1012  twin imaged with different diffraction vectors 

from two zone axes (indicated as beam direction G). 

 

3.4.3 Defect structure inside the 1012  twin 

 In order to develop a collective understanding of the defect structure inside the twin as a 

result of dislocation transmutation, the 1012  twins in differently oriented grains were 

characterized. Figure 3.10 shows two grains near the hole of a TEM sample sectioned from the 

TD plane. The external directions RD and ND were marked during the sample preparation to 
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relate the crystal orientation to the loading direction. TEM analyses of dislocations were 

subsequently performed within the twins T1 in Grain 1 and T2 & T3 in Grain 2. 

 

 

Figure 3.10. (a) Two grains near the hole of the electropolished TEM foil, both including tension 

twins. The large image was obtained by secondary electron signals, and the images for the two 

grains were band contrast maps obtained by EBSD scan. (b) The IPF map of Grain 1, the lattice 

orientations of the matrix (G1) and the twin (T1) are shown below the map. (c) the IPF map of 
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Grain 2, the lattice orientations of the matrix (G2) and the two twins (T2, T3) of the same variant 

are shown to the right of the map. The IPF map is color coded by the RD of the sample. 

 

Figure 3.11 presents the defects inside the 1012  twin T2 in Grain 2. The images at 

three different two-beam conditions suggest that the defect structure in this twin is qualitatively 

consistent with the local observations in the previous sections: the twin contains basal stacking 

faults and (  containing dislocations, and the dislocations preferentially populate the vicinity of 

the twin boundary. The diffraction vector 1010  yields $* , 〈( ± $*〉  and (  dislocations 

invisible, and the vectors 0002  and 1120  give contrast to ( -containing dislocations and 〈$〉 

containing dislocations respectively (Table 3.4). A collective comparison between the visibility 

of the dislocations at three conditions determines that most inclined non-basal dislocations are 

〈( ± $*〉, while some are pure ( . For the 〈$〉 containing dislocations on the basal plane, as 

shown at the 1120  condition (Figure 3.11c), it is noticed that some are visible at the 0002  

condition, indicating they are ( -containing as well. As revealed by the local observations in the 

TD sample in the previous section (Figure 3.8), the ( -containing dislocation segments on the 

basal plane may be related to faults, namely the bounding partials of the 0% SF. On the other hand, 

it is also possible that these segments are edge-type perfect 〈( + $〉 dislocation lying on the basal 

plane. An example is shown in the magnified view Figure 3.11 (c.1), where a dislocation semi-

loop has its both ends connected to the dislocation segments on the basal plane. 

 Whereas most non-basal dislocations in the twin T2 within Grain 2 are 〈( ± $*〉, those in 

T3 in Grain 2 and T1 in Grain 1 are mainly (  dislocations. Figure 3.12 includes the images of 

T3 in Grain 2 obtained at two conditions. At the 0002  diffraction condition, many visible ( -

containing dislocations are straight and perpendicular to the basal plane, and they are invisible at 

the condition of 1120 . It is therefore determined that they are pure (  dislocations. In the 
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meantime, this twin contains some 〈( ± $*〉 dislocations, based on their visibility in both the 

0002  and 1120  diffraction conditions. An example is shown in Figure 3.12(a.1). The 〈( ±

$*〉 dislocation is not perpendicular to the basal plane, and has its both ends connected to the 

twin boundary, which is a strong indication that it originates from the dislocation transmutation 

reaction. Additionally, it should be noted that this morphology is very similar to the local 

observation obtained on ND plane as in Figure 3.6, if it is inspected with the electron beam in the 

horizontal direction of the image. 

Finally, in much narrower twins, only basal stacking faults were observed (Figure 3.13). 

In (Tomsett and Bevis, 1969b), such basal SFs inside a tension twin were identified as 0* and 

were attributed to the decomposition of the transmuted 〈( + $〉 dislocation and the subsequent 

dissociation of 〈$〉 dislocation into Shockley partial dislocations. While it is possible that some 

are 0* faults formed by this reaction, or other reactions, such as dissociation of $*  dislocations. 

However, some of the faults give contrast for the E	 = 0002  diffraction condition, suggesting 

that they are of 0% type. Definitive conclusion with respect to the type of basal stacking faults 

necessitates the Burgers vector determination of the bounding partial dislocations on twin 

interface with the assistance of image simulation, which is beyond the scope of the present work. 

Regardless of being 0* or 0% type, the basal stacking fault is confirmed to be a typical kind of 

defect structure inside the tension twin, their possible origins will be discussed subsequently. 
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Figure 3.11. Defects inside T2 in Grain 2 from Figure 3.10(c). The twin was characterized with 

diffraction vectors (a) 1010 , (b) 0002  and (c) 1120  respectively. (c.1) highlights a 

dislocation feature from (c). In all the images, the basal plane is roughly horizontal. The red 

arrows point at the same locations in the twin at different imaging conditions to guide the eye. 
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Figure 3.12. Defects inside T3 in Grain 2 from Figure 3.10(c). The twin was characterized with 

diffraction vectors (a) 0002  and (b) 1120  respectively. (a.1) highlights a dislocation feature 

from (a). In all the images, the basal plane is roughly horizontal. The red arrows point at the 

same locations in the twin at different imaging conditions to guide the eye. 
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Figure 3.13. DF image obtained with E = 0004 & showing basal stacking faults in a narrow 

1012  twin.  

	

3.5 Discussion 

The current work aims to clarify dislocation transmutation across the 1012  tension 

twin boundary by TEM characterization. The incorporation and transmutation of basal $%  and 

$'  dislocations from the matrix has been observed. From the perspective of the sheet ND, two 

$%  dislocations from the matrix formed a junction on the twin boundary with a ( − $*  

dislocation in the twin, the junction was confirmed by stereological analysis of the dislocation 

segments. From the perspective of TD, a train of $'  dislocations in the matrix were observed to 

impinge upon the boundary where primarily (  dislocations and basal stacking faults (as well as 

an occasional 〈( + $〉) were observed in the adjacent twin. Both observations accord with the 

type II reactions in Table 3.1.  

The ( + $  dislocations inside the 1012  twins preferentially populate the vicinity of 

twin boundary. At the low global stress level of about 100 MPa, they are generally not expected 

to be activated in this alloy with this grain size (e.g., Agnew, Brown and Tome, 2006). Therefore, 

the generation of 〈( + $〉 dislocations is attributed to dislocation transmutation. According to the 
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crystallographic derivation and experimental observation (especially the collective invisibility at 

the two-beam condition of 1010 ), these ( + $  dislocations in the 1012  twin are 

exclusively ( ± $* , not any other variant. Therefore, the 1012  twin provides a suitable 

location to study the behavior of a specific set of ( ± $*  dislocations. In the following, the 

process of dislocation transmutation across twin boundary, the origin of (  dislocations and the 

operation of the 〈( + $〉 dislocations inside twin are discussed. 

 

3.5.1 The process of dislocation transmutation 

In the type II dislocation transmutation formulae in Table 3.1, two 〈$〉 dislocations are 

required in order to produce a unit 〈( + $〉 dislocation. According to Frank’s rule (which is 

reasonably applied for Mg, given the near elastic isotropy) there is a penalty of Δ=* = 1.66$*, 

with $ being the lattice parameter of Mg. Obviously, this reaction is energetically unfavorable. If 

the reaction is carried out in two steps successively, each time one unit 〈$〉  dislocation is 

incorporated and transmutes into one half 〈( + $〉 dislocation, 

$ → %

*
( + $ + %

*
=+ 

Frank’s rule yields	Δ=* = −0.0848$*, revealing a slight energetic incentive for this reaction. 

When the transmutation of a second 〈$〉 dislocation of the same Burgers vector occurs, another 

J
K
( + $  is generated, which may associate with the first J

K
( + $  to form a perfect ( + $  

dislocation in the twin.  

Regarding the incorporation and transmutation of one unit 〈$〉 dislocation, two possible 

scenarios and procedures are proposed. The first scenario, illustrated in Figure 3.14 (a-d), shows 

a mobile dislocation in the matrix moving towards the twin boundary. When the 〈$〉 dislocation 

reaches the twin boundary (TB), transmutation reaction occurs (Figure 3.14 c and d), resulting in 
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J
K
( + $ + and J

K
=+ on the TB. While the exact interface structure is better addressed by atomistic 

simulation (e.g., Serra and Bacon (1996) and El Kadiri, Barrett, Wang and Tome (2015)), what is 

of interest at present is the behavior of the J
K
( + $ +  dislocation. When the second basal 

dislocation approaches, it is subject to a repulsive force from the J
K
( + $ + dislocation due to 

their very similar Burgers vector. Consequently, a pile-up configuration would be required to 

force the combination of the two repulsive dislocations. On the other hand, if the J
K
( + $  

dislocation is repelled and able to glide into the twin with a fault trailing on its glide plane (Yoo 

and Wei, 1966), the stress required of the pile-up is somewhat dissipated. 

 

	

Figure 3.14. The incorporation of one 〈a〉 dislocation in the matrix and its transmutation to 
J
K
c + a M at twin boundary. (a-d) depict the scenario of mobile dislocation in the matrix moving 

towards the stationary twin boundary. The dashed line indicates the basal plane trace in the 
matrix, which is approximately the prismatic plane trace in the twin. (e-h) depict the scenario of 
mobile twin boundary moving towards the stationary dislocation, realized by the glide of a 
twinning dislocation =+ on twinning plane. 

 

The second scenario, illustrated in Figure 3.14(e-h), describes a mobile twin boundary 

moving towards the stationary 〈$〉 dislocation. It is conventionally held that the twin boundary 
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moves by the glide of twinning dislocations on the twinning plane (Serra and Bacon, 1996). 

When the TB finally meets the 〈$〉 dislocation in the matrix after successive glide of twinning 

dislocations, the 〈$〉 dislocation is incorporated and transmutes to J
K
( + $ +  and J

K
=+  on the TB 

(Figure 3.14 g and h). During further advancement of the TB, the transmuted J
K
( + $ + 

dislocation may either move along with the TB or detach, leaving a fault in its wake. In either 

case, again a pile-up structure would be necessary to force the second matrix dislocation to be 

incorporated by the TB rather than being repelled, due to the same reason as discussed in the first 

scenario. In fact, the relative movement of the matrix dislocations and TB remain virtually the 

same between the two scenarios in Figure 3.14.  

In both scenarios, successive transmutation reactions generate a large number of twinning 

dislocations. On one hand, their glide along the twinning plane as well as the basal/ prismatic 

facets on the twin interface results in TB movement (El Kadiri, Barrett, Wang and Tome, 2015). 

On the other hand, abundant defects that populate the twin boundary vicinity, including the 

dislocation pile-ups in the matrix, the trailing faults, and perfect 〈( + $〉 and 〈(〉 dislocations 

inside twin, could impede the glide of twinning dislocations on twin boundary and therefore 

contribute to twin hardening. It is suggested that, if the twinning dislocations accumulate locally, 

they may contribute to the formation of steps on the TB with large height. This is consistent with 

the observation in Figure 3.7(b), where the twin boundary that is accompanied by abundant [(]-

containing dislocation not only is curved but also exhibits serrated appearance. 

Regarding the necessity of a pile-up of matrix dislocations to force the combination of 

two repulsive dislocations, the present TEM observations show that basal dislocations appear to 

have formed a pile-up structure in front of the twin boundary in the TD sample (Figure 3.8a and 

c). No obvious evidence of pile-ups was observed in the ND sample (Figure 3.4). The dislocation 
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pile-up in question has been modelled recently using Discrete Dislocation Dynamics (DDD) (Fan 

et al., 2015), where the initial J
K
( + $  dislocation is assumed to be sessile on the TB. As 

discussed above, it is also possible that the J
K
( + $  dislocation detaches TB and creates a fault 

on its glide plane, which was suggested by Yoo and Wei (1966) to be prismatic plane because of 

its close alignment with the basal plane in matrix. In hcp metals, the faults associated with 

( + $  dissociation are reported to be more probable on the pyramidal planes (Numakura, 

Minonishi and Koiwa, 1990; Ghazisaeidi, Curtin and Hector Jr., 2014) and basal plane 

(Sandloebes et al., 2013; Agnew, Capolungo and Calhoun, 2015; Wu and Curtin, 2015), and no 

stable stacking fault was found on the 1010  prismatic plane using the Lennard-Jones model 

(Bacon and Liang, 1986). On the second order pyramidal 1122  plane, the dissociation of 

( + $  into two J
K
( + $  dislocations enclosing a stable stacking fault was predicted in Zr 

(Morris et al., 1997) and more recently in Mg (Ghazisaeidi, Curtin and Hector Jr., 2014). 

In the following, the elastic strain energies of possible configurations of the dislocations 

involved in the transmutation reaction is considered. The twinning dislocation =+ is neglected in 

the subsequent stress and energy calculation, which seems valid because the interfacial step 

created by J
K
=+ is small, and its stress field is weak due to the small Burgers vector (0.076a as 

compared to a of a unit basal dislocation). Furthermore, the J
K
=+  will be repelled by the 

dislocations in matrix and twin and, hence, likely glide away on the twin boundary (Fan et al., 

2015). 

Figure 3.15 presents a model for the energetic evaluation. The matrix 〈$〉 dislocations of 

the same Burgers vector pile up in front of the twin boundary. The pile-up is maintained by the 

external stress { and comprises N dislocations up to a distance L away from the twin boundary. 

Since the zeroth dislocation is on the twin boundary, it has transmuted and has the Burgers 
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vector of J
K
( + $  (Figure 3.15c), a step is also created on TB as in Figure 3.14 (d) and (h). This 

represents the configuration of a sessile J
K
( + $  dislocation on the twin boundary. If the 

J
K
( + $  dislocation can glide into the twin with a fault trailing on its glide plane, until the 1st 

dislocation reaches the twin boundary, a new pile-up configuration comprising (N-1) dislocations 

with a length L’ is formed (Figure 3.15d). According to (Hirth and Lothe, 1982; Eshelby, Frank 

and Nabarro, 1951), if one reasonably assumes the Mg alloy is elastically isotropic (Capolungo, 

Beyerlein and Wang, 2010), the length L is correlated with the number of dislocations N under 

the same loading {, 

| =
2}~

{
 

where ~Q = R=/2� for screw and ~Ä = R=/2� 1 − Å  for edge dislocations, b is the magnitude 

of the Burgers vector, R is the shear modulus and Å is the Poisson’s ratio; the latter two materials 

constants take the value of 16.5 GPa and 0.035 respectively for this simple analysis. For the 

mixed dislocations of the present case,  

~ = ~Q cosÑ + ~Ä sinÑ 

Ñ is the angle between the Burgers vector and line direction, which is 60° for 〈$〉 and 58.4° for 

J
K
( + $ . 

For state (b), the energy of the system is the energy of the pile-up, which is treated as one 

super dislocation with the Burgers vector of Nb, 

Üá =
à=〈â〉

* }*

4�
cos* 60° +

sin* 60°

1 − Å
ln
ã

å̀
+ 1  

ã/å̀  is the ratio of the cut-off radius and the core radius of dislocation, and the value of ln ç

éè
+

1 = 12 is taken, representing ã/å̀ ≈ 6×10ë . It can be seen from the equation that the total 

energy depends only on the number of dislocations N in the pile-up. 
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For state (d), the zeroth dislocation will be at equilibrium when the repulsive force due to 

the pile-up and the attractive force due to the fault are equal. As a first approximation, the 

J
K
( + $  dislocation is assumed to be on the prismatic plane, the 4° difference between the basal 

plane in the matrix and the prismatic plane in the twin is neglected, since the width of the fault w 

is expected to be much smaller than the length of the pile-up L. The energy of the fault led by the 

J
K
( + $  dislocation takes the value of the fault energy on the second order pyramidal plane e =

328	?í/?* (Yang et al., 2013), since that on the prismatic plane has not been reported in the 

literature yet. Note that the difference between the present calculation and one which examines 

J
K
( + $  partial dislocation emission from the boundary on a second order pyramidal plane is 

only different by a small geometrical factor. The force equilibrium is  

ì<îïÄsñ< ⋅ =J
K ódò

= e 

and ì<îïÄsñ< = { ⋅
* ôs% ö

õ⋅ú
 near the tip of the pile-up, where O ≤ |′ . Note that the pile-up 

comprises (N-1) dislocation in state (d) (Figure 3.15). 
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Figure 3.15. (a) Dislocation lines and Burgers vectors in the matrix and the twin. (b)-(d) The 
incorporation and transmutation of the zeroth and first dislocations. The pile-up dislocations are 
depicted schematically in front of the twin boundary (TB). The wavy line in (d) indicates the 
fault created by the J

K
c + a M dislocation. 

 

 A calculation with an external stress { = 100	MPa and a large number of dislocations in 

the pile-up } = 10 yields that the length of the pile-up L is 236 nm, and the equilibrium fault 

width w is 1.85 nm, so the aforementioned approximations related to the relative lengths w and L 

are valid. The energy of the system is the sum of the energy of the pile-up, fault energy and 

energy of the J
K
( + $  dislocation, 

Üü =
à=〈â〉

* } − 1 *

4�
cos* 60° +

sin* 60°

1 − Å
ln
ã

å̀
+ 1 + O ⋅ e

+
à=J

K ódò

*

4�
cos* 58.4° +

sin* 58.4°

1 − Å
ln
ã

å̀
+ 1  
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The energy of the states (b) and (d) in Figure 3.15 are evaluated as a function of the 

external stress { for different number of dislocations in the pile-up N. For a given number of 

dislocations in the pile-up, the energy of the state (b) is constant regardless of the external stress, 

because the length of the pile-up varies with stress, but the energy of the ensemble depends only 

on the number of dislocations. The energy of state (d) increases with increasing stress, since the 

increasing stress tends to increase the width of the fault led by the J
K
( + $  dislocation in the 

twin. The comparison of the energy between the two states reveals that, in the range of plausible 

stress (≤ 4	GPa) and for a given number of dislocations (} ≤ 20) in the pile-up, the state (d) has 

lower overall energy than the state (b). Assuming that the dislocation core energies are not a 

strong function of applied stress, the energy difference is on the order of 10s†	í/?  (~20	¢£/=).  

Finally, the above calculation suggests that, at the first step of the dislocation 

incorporation and transmutation, the J
K
( + $  dislocation is likely to leave the twin boundary (or 

be left by it) with a trailing fault in the twin (Figure 3.16a and b). Such configuration necessitates 

a pile-up of dislocations in the matrix in front of the TB to maintain the force balance. With 

increasing number of dislocations in the pile-up or increasing external stress, the second matrix 

dislocation will be incorporated and transmuted. At this point, the second J
K
( + $  partial 

dislocation would recover some energy as it erases the fault created by the first partial and form a 

perfect  〈( + $〉  dislocation (Figure 3.16c). Note that if the J
K
( + $  partial dislocation is 

effectively sessile within the twin, motion of the TB could increase the fault length even further 

than suggested by the force balance computed above, rendering the subsequent formation of a 

perfect 〈( + $〉 even more energetically favorable. After passing this critical step, it is reasonably 

hypothesized that subsequent motion of the TB will force continued “zipping up” of the two 

repulsive 〈$〉 dislocations into a perfect ( + $  dislocation at the junction shown in Figures 16 
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(c) & (d). The resulting picture is consistent with the observations, such as those presented in 

Figure 3.3. 

 

 

Figure 3.16. The successive incorporation and transmutation of the first two basal dislocations 
from the matrix at twin boundary. The area filled by parallel red lines in (b) and (d) represents a 
stacking fault. Figure (d) presents the detailed configuration of dislocations junction as 
highlighted by dashed circle in (c). 

 

Admittedly, the model may not capture all the critical kinetic and interfacial structural 

details. Previous results from Serra and Bacon (1996) and El Kadiri, Barrett, Wang and Tome 

(2015) showed that a basal dislocation only decomposes into interfacial defects when 

incorporated by the 1012  twin boundary, and that slip is not transferred from one crystal to 

another. The current model is not considered in disagreement with the preceding work. Rather, it 

provides additional possibilities, which are consistent with the experimental evidence, and may 

be tested by additional atomistic modeling, perhaps with distinct interatomic potentials and 

boundary conditions. 
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3.5.2 The 〈(〉 dislocations and basal stacking faults inside twin 

In some of the twins surveyed, not only perfect ( + $  dislocations, but also (  

dislocations and basal stacking faults were observed, sometimes even exclusively. In the work of 

Tomsett and Bevis (1969b), based on the coexistence of basal dislocation in the matrix and 0* SF 

in the twin, and the premise of $  dislocation transmuting into ( + $  dislocation, they reported 

the decomposition of the resultant ( + $  dislocation in the twin into (  and $  dislocations. 

Further dissociation of the $  dislocation into two Schockley partial dislocations gives rise to 

the formation of 0* SF. A general expression of the dissociation is  

%

'
1213 → 0001 + %

'
1210 → 0001 + %

'
0110 + %

'
1100  

Assuming elastic isotropy and ignoring the core contributions, the dissociation of 

( + $ → ( + $  results no reduction in elastic strain energy for a dislocation line. This 

reaction was proved possible recently by molecular dynamics simulations (Wu and Curtin, 2015) 

based on a reduction in dislocation total energy, despite being a smaller reduction than that of 

other possible decomposition reactions. Further, the atomistic simulations showed that this 

decomposition is the dominant one at high loads. The current results involve a different scenario 

where the 〈( + $〉 dislocation assumes a specific configuration, e.g. both ends terminating at twin 

boundary or connecting with dislocation segments on the basal plane (e.g. Figure 3.6, Figure 

3.11, Figure 3.12). The approximate geometry is depicted in Figure 3.17, and the energy 

evaluation using Frank’s rule proves that even this simple decomposition is favorable without 

resorting to considerations of partial dislocations: 

( + $ *× 2N + O > (*× 2N + O + $*×O 
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Only the elastic self-energy of dislocation is considered here using the abstract lengths of 

dislocation segments; this simple analysis ignores the core energy and the interaction energy 

between segments. Recall that the observed (  dislocations within the twins were observed to lie 

on the prismatic plane with the majority of the length perpendicular to the basal plane. This 

suggests the (  dislocations have limited mobility, at least for the loading scenario under 

consideration. 

 

 

Figure 3.17. A semi-looped ( + $  with both ends on the twin boundary (TB). Part of the 

dislocation dissociates into (  and $  dislocations with length N and width O. 

 

An alternative mechanism was proposed by Westlake (1961) that a (  dislocation can be 

formed by the transmutation of a 〈1010〉 dislocation. Following the notations in this work, by 

adding the two different reactions of type II in Table 3.1, it gives 

%

'
2110 & + %

'
1120 & → %

*
=+ +

%

•
1213 + +

%

*
=+ +

%

•
1213 + 

In a concise form, the transmutation is 

1010 & → =+ + 0001 + 

Therefore, we identify that this mechanism is a variant of the basic transmutation reactions as 

listed in Table 3.1. Procedurally, this transmutation is realized by the incorporation of two 

different dislocations, in the current notation $%  and $' , and the two dislocations react either 
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in the matrix or in the twin. In the former case, when the two basal dislocations form a junction, 

the third dislocation connected to the junction has the Burgers vector of 1010 & based on the 

continuity of dislocation (Hirth and Lothe, 1982). If the line direction of the third dislocation is 

parallel to the twin boundary, it is of edge type. The subsequent transmutation of the 1010 & 

results in 0001 +. In the latter case, the two basal dislocations would undergo transmutation 

sequentially, resulting in J
K
( + $* + and J

K
( − $* +, respectively. The subsequent reaction of the 

two yields a pure (  dislocation in the twin. While the concurrent presence of both (  

dislocations and basal SFs in our results is in agreement with the reaction of ( + $  

decomposition, it does not exclude the possibility of the mechanism of Westlake (1961). In fact, 

the reaction of two different $ & or ( + $ + dislocations might be easier in terms of dislocation 

interaction than the reaction of two dislocations of the same Burgers vector as discussed in the 

previous section. The two different $ & vectors, −$%  and $' , are 60° to each other, and the 

two ( + $ +  vectors, ( + $*  and ( − $* , are 63.2° to each other. These dislocations are 

subject to smaller repulsive forces than the case of two dislocations of the same Burgers vector. 

Rather than forming an 0* stacking fault from the decomposition of 〈( + $〉 dislocation, 

according to (Stohr and Poirier, 1972), a possible non-planar dissociation of 〈( + $〉 dislocation 

can result in an 0% stacking fault on the basal plane:  

%

'
1213 → %

•
〈0223〉 + %

•
〈2203〉 

It was recently proven as a low energy dissociation product of 〈( + $〉 dislocations by elasticity 

considerations (Agnew, Capolungo and Calhoun, 2015) and molecular dynamics simulations 

(Wu and Curtin, 2015), though it requires climb of the leading partial dislocation into the basal 

plane. Notably, this faulted configuration is expected to be sessile. In the current study, two types 

of SF were observed and discriminated using the (0002) two-beam diffraction condition. Those 



Dislocation transmutation by tension twinning in magnesium alloy AZ31 79 

became invisible at that condition were presumably of 0* type and those remained visible were 

presumably of 0% type. 

 Finally, if transmutation of $*  occurs, although not captured in the current observations, 

the product inside twin is $*  (the type I reaction in Table 3.1). The subsequent dissociation of 

$*  inside twin into two Shockley partial dislocations will create a SF on basal plane. The 

balance between the repulsive force of the two bounding partials and the attractive force of the 

stacking fault energy renders an equilibrium fault width on the order of 20 nm (23.9 nm from 

isotropic continuum elasticity and 16.7 nm from ab initio modeling (Yasi et al., 2009)). However, 

it is suggested that if the two bounding partials are attached to opposing twin boundaries, a larger 

fault width may be realized. This is similar to the emission of partial dislocation from grain 

boundary with a trailing fault in nanocrystalline metals, e.g. Al (Yamakov et al., 2002). And this 

may be a possible explanation for the traversing basal stacking faults in narrow twins (Figure 

3.13, the twin width is 260 nm). 

 

3.5.3 Effect of stress state on the 〈( + $〉 dislocations inside twin 

 Abundant ( + $  dislocations were observed in the 1012  twins, in material loaded into 

the plateau regime of the RD compression flow curve. In light of the prediction by polycrystal 

plasticity modeling that pyramidal slip inside twin commences at the end of the plateau (~4% 

macroscopic strain) (Proust et al., 2009; Juan et al., 2014), it is of interest to study the stress state 

imposed on these ( + $  dislocation, in order to assess their activity. 

In a suitably oriented grain under external loading, the occurrence of deformation 

twinning strongly modifies the stress and strain state of the surrounding (Lebensohn and Tome, 

1993). The twin thusly experiences a back stress from the surrounding, counteracting with the 
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forward stress that promotes twin boundary advancement. If the sum of the resolved shear stress 

(RSS) on the twin shear system of the applied stress and twin internal stress (one of whose 

components is back stress as will be introduced below) is zero, or at least smaller than the 

friction stress of moving a twinning dislocations, the twin is at equilibrium. In the meantime, 

potential plasticity in the surrounding is able to relax the constraint on the twin and reduce the 

magnitude of back stress (Barnett et al., 2013), so further twin growth is allowed. Relaxation is 

induced by dislocation slip and twinning in not only the parent grain but also the suitably 

oriented neighboring grain. For instance, twins in the neighboring grains can be initiated to 

maintain strain compatibility at grain boundaries, and in this manner twinning spreads 

progressively over the sample (Barnett, Nave and Ghaderi, 2012; Wang et al., 2014). In Figure 

3.10 (a), the twins T1 in G1 and T2 in G2 are accompanied by twins in the adjacent grain, 

forming twin pairs, but the twin T3 in G2 is not. It is expected that the internal stress in these 

twins is modified accordingly.  

The exact determination of the net effective stress inside twin necessitates grain scale 

experimental characterization (Aydiner et al., 2009) or simulation, considering various extents of 

plastic relaxation of the stress. In the present work, the effective stress is calculated at two 

limiting cases. The first case assumes that the elastic internal stress of the twin is completely 

relaxed by plastic deformation in the surroundings. Therefore, the twin interior is subject to only 

the external applied stress. The second case assumes that the elastic internal stress of twin is 

preserved, without plastic relaxation from the surrounding grains. In this case, the effective stress 

inside twin is the superposition of the applied stress and internal stress. The studied material of 

this work is at the applied stress of ~100 MPa, which is much smaller than the macroscopic yield 

stress (more than 200 MPa as taken from the RD tension flow curve in Figure 3.1a). At this stage, 
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plasticity in the surrounding is unlikely to relax all the back stress acting on a twin (Barnett et al., 

2013). So the effective stress in most twins should be within the limiting bounds. 

In order to calculate the internal stress, the twin is treated as an elastic inclusion of oblate 

spheroidal shape ($% = $* > $'), and the elastic constants are assumed to be the same for the 

twin and the matrix, based on the fact that magnesium is nearly elastically isotropic. In the 

spatial coordinate system of ¶%  parallel to the shear direction A% , ¶*  perpendicular to the 

twinning plane r% and ¶' perpendicular to the other two axes, the deviation of the stress, internal 

stress ìîßî , within the twin from the external applied stress ì`  stress can be calculated as 

(Lebensohn and Tomé, 1993) 

ìîß
î = ®îß©ï	 x©ï&™	´&™

< −	´©ï
<  

where ®îß©ï is the stiffness tensor of Mg, and x©ï&™ is the Eshelby tensor, relating the eigenstrain 

to the actual total (elastic and transformation) strain of the inclusion when imbedded in a body 

(Eshelby, 1957; Kuykendall et al., 2012). In the above equation, both tensors are transformed to 

the same set of spatial coordinate axes ¶% , ¶*  and ¶' . Analytical expressions of the Eshelby 

tensor x for inclusion in an isotropic body have been derived by Mura (1982) for particular 

inclusion shapes, with its components being functions of the inclusion shape and the elastic 

constants of the matrix. The exact components of x are not presented here for the interest of 

space. ´< is the plastic transformation associated with twin. In the spatial coordinate system, it 

takes the form of 

´&™
< = %

*
i ¨&%¨™* + ¨&*¨™%  

where i is the characteristic twinning shear (i = 0.13 for tension twinning in Mg), and ¨îß is the 

Kronecker delta function. From the above two equations and based on the traits of the Eshelby 

tensor, for an oblate spheroidal twin in a given matrix, the only variable that influences the stress 
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components is the twin aspect ratio (≠ =width/ diameter), and the internal stress is uniform in the 

case of ideal elasticity. In the spatial coordinate system of the twin and with the approximated 

elastic isotropy, the internal stress takes the simple form of 

ìî =
0 ì%* 0
ì%* 0 0
0 0 0

 

The only non-zero stress component	ì%* acts on the twinning plane (normal to ¶*) along the 

shear direction (parallel to ¶%), and is often referred to as the back stress.  

In what follows, calculations were performed for twins inside the matrix at two ideal 

orientations under a fixed applied uniaxial compression of 100 MPa. The twins have aspect ratio 

≠ ranging from 0.01 to 0.2, covering most of the twins experimentally observed in our material, 

e.g. from 0.10 to 2 µm twins inside grains of 10 µm in diameter. This is representative of the 

situation of twins at different stages of growth in the textured material from the plateau regime of 

the RD compression flow curve, as evident by Figure 3.10. As shown in Figure 3.18 (a) and (e), 

the two orientations are referred to as 1010  compression and 1120  compression, respectively, 

based on the alignment of the crystallographic direction with the uniaxial sample compression 

axis PQ. For 1010  compression, the twinning system 1012 1011  is preferentially activated, 

the twin crystal has its c-axis almost parallel to the compression axis with a ~4° deviation arising 

from the twin-matrix relation, and the $*  axis perpendicular to the compression axis; for 

1120  compression, the twinning system 1012 1011  and 0112 0111  are equally stressed, 

the angles between the compression axis and the twin (  and $*  axes are approximately 30° 

and 60° respectively. For consistency, only the 1012  twin variant is considered. The pyramidal 

〈( ± $*〉 and basal and prismatic $*  slip systems inside the twin are of special interests, based 

on the observed dislocation transmutation reactions. 
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 In the first limiting case, the twin interior is subject to only the external applied stress, 

and the stress is invariant to twin aspect ratio. For 1010  compression, all six pyramidal slip 

systems inside twin experience very similar RSS due to the symmetry of the slip systems with 

respect to the loading direction. The RSS on pyramidal 〈( ± $*〉 slip systems is 44.5 MPa, and 

46.8 or 41.8 MPa on others. Since $*  is perpendicular to the stress axis, it experiences zero 

RSS on either basal or prismatic plane. For 1120  compression, the pyramidal ( − $*  is 

stressed the most among all the six systems with a RSS of 41.6 MPa and the pyramidal ( + $*  

the least with a RSS of 2.7 MPa. In contrast to the former orientation, the $*  experiences a 

much higher RSS of 43.2 MPa on basal plane, but only 2.8 MPa on prismatic plane due to the ~4° 

deviation of the prismatic plane from the parallel position to the compression axis. At both 

matrix orientations, the external loading of 100 MPa yields a less than 50 MPa RSS on all six 

pyramidal slip systems, they are very unlikely active at this stress level (Proust et al., 2009; Juan 

et al., 2014). 

 In the second limiting case, dislocations inside twin are subject to not only the external 

applied stress but also the internal stress of twin, and the effective stress ìÄÆÆ is given by  

ìÄÆÆ = ì` + ìî 

The applied stress, internal stress and effective stress are firstly resolved to the twinning shear 

system, and the RSS is plotted with respect to twin aspect ratio for two orientations as in Figure 

3.18 (b) and (f). The RSS of the above three stresses represent respectively the twin forward 

stress, back stress and the net effective shear stress. The applied stress is independent of the twin 

aspect ratio and results in a RSS of 49.4 MPa and 37.4 MPa for the two orientations respectively. 

On the other hand, the internal stress increases in magnitude with increasing ≠ but is independent 

of the matrix crystal orientation. The sign of the RSS of the internal stress is negative, indicating 
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that it opposes the twin shear. The RSS associated with the net effective stress exhibits two 

striking features. First, the effective shear stress on the twinning system is zero or close to zero at 

a very low aspect ratio ≠~0.01 . For twins with larger aspect ratios, apart from plastic 

accommodation of the twinning shear, the effective shear stress on the twin shear system is 

negative, i.e., it would cause the twin to shrink. The only reason twins are able to thicken beyond 

the equilibrium aspect ratio is due to plastic accommodation within the surrounding and the twin. 

Second, the effective shear stress within purely elastic twins reaches a high magnitude exceeding 

600 MPa at ≠ = 0.2. To be clear, the calculation at the limiting case of full elasticity is only for 

the purpose of illustrating the rank order of the effective RSS values experienced by various slip 

systems. Focus should be laid to the range of low ≠  values, where plastic relaxation in the 

surrounding may only be at small scale and the calculated stress values in the plots are realistic. 

 When the applied stress is superimposed with the internal stress, the six pyramidal 〈( +

$〉 slip systems have distinct RSS values (Figure 3.18c and g), as compared to the case of 

considering only the applied stress. The RSSs on all the slip systems increase monotonically with 

twin aspect ratio, but some start from negative values, indicating that the stress is in the reversed 

direction of the defined Burgers vector. Since the slip activity of interest is affected by the 

magnitude of the RSS, rather than the direction, the absolute values ãxx  are employed for 

plotting.  

For both matrix orientations, the magnitude of RSS on the transmuted 〈( ± $*〉 

dislocations is higher than the others only at low ≠ values, but becomes the lowest for all larger ≠ 

values among six pyramidal systems. The RSS curves of ( + $*  and ( − $*  overlap at the 

orientation of 1010  compression (Figure 3.18c), due to the crystal symmetry with respect to 

the stress, so do those of ( + $%  and ( − $' , ( − $%  and ( + $' . At the orientation of 
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1120  compression (Figure 3.18g), ( + $*  and ( − $*  systems have distinct values, yet still 

remain the lowest. 

   

 



 86 

Figure 3.18. When compression load 100 MPa is applied along PQ to the two matrix orientations 

(a) and (e), 1012 1011  twinning is activated, the twinning plane and shear direction are 

projected onto the basal plane of each matrix crystal as indicated by the blue lines. The RSS on 

different systems are plotted as a function of twin aspect ratio q in (b, c, d) and (f, g, h) for the 

two orientations respectively. (b) and (f): RSS on the twin shear system due to the applied stress, 

internal stress and effective stress; (c) and (g): the magnitude of RSS on pyramidal 〈( + $〉 slip 

systems due to the effective stress; (d) and (h): the magnitude of RSS on basal and prismatic 〈$〉 

slip systems due to the effective stress. 

 

Since the non-zero component of the twin internal stress is along the twin shear direction 

on twinning plane, which is perpendicular to the $*  direction, the RSS on $*  dislocation is 

invariant to ≠, it is only affected by the external loading. The $*  dislocation on basal plane 

experiences zero RSS at the orientation of 1010  compression (Figure 3.18d), but the highest 

RSS for most twin aspect ratios at the orientation of 1120  compression (Figure 3.18h) among 

all three basal slip systems. The prismatic $*  slip system has zero RSS at the former orientation 

and only a small value of 2.8 MPa at the latter one. 

 The above two limiting cases establish the bounds for effective stress state inside twin. 

Although the magnitude of the stress in the second limiting case, which assumes full elasticity, 

may be lower in reality due to plastic relaxation, the results are able to provide some general 

insights of the dislocation behavior. In both limiting cases, the magnitude of the RSS on the 

transmuted 〈( ± $*〉 dislocations is not high enough to render them active. However, the TEM 

characterization shows that the 1012  twins contain exclusively 〈( ± $*〉 dislocations among all 

6 possible symmetrically equivalent variants. This simultaneously suggests that the 〈( ± $*〉 

dislocations are the result of dislocation transmutation across the twin boundary and that the 

operation of 〈( + $〉 dislocations is source limited. With increasing applied stress in subsequent 
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straining, 〈( ± $*〉  dislocations would be activated and become a dominant slip system as 

predicted by polycrystal plasticity models (Proust et al., 2009; Juan et al., 2014). Furthermore, 

acknowledging the fact that the current investigation is conducted in samples from the plateau 

region of the flow curve, toward the onset of rapid hardening, the transmuted 〈( + $〉 

dislocations act as forest dislocations inside twin and will strongly contribute to latent hardening, 

due to the strong interactions of the pyramidal 〈( + $〉 dislocation with basal and prismatic 〈$〉 

dislocations (Bertin et al., 2014). Therefore, the observed defect structures inside twins establish 

a basis for subsequent rapid hardening. 

 

3.6 Conclusion 

In the present work, Mg alloy AZ31B plate was compressed into the plateau region of the 

flow curve and samples were obtained to study the possibility of dislocation transmutation across 

the 1012  twin boundary. The character and configuration of dislocations within the twin and 

in the adjacent matrix were determined using TEM. Reactions were confirmed which involve 

$%  and $'  matrix dislocations that “transmute” into ( − $*  and ( + $*  dislocations, 

respectively, in the 1012  twin. Collective observation of a number of twins in different grains 

further showed that the 1012  twins contain only 〈( ± $*〉  among all six possible 〈( + $〉 

dislocations, and dislocations form a particular distribution inside twin, preferentially populating 

the vicinity of the twin boundary. The formation of a unit 〈( + $〉 dislocation in the twin is 

proposed to involve consecutive incorporation and transmutation of two matrix dislocations of 

the same Burgers vector. This process necessitates dislocation pile-up in the matrix in front of 

the twin boundary, and the associated dislocation configuration was evaluated in terms of elastic 

strain energy.  
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Stress analyses were performed inside twin at two limiting bounds. It was shown that 

〈( ± $*〉 dislocations are only moderately stressed in the plateau regime of the RD compression 

flow curve, and they experience either similar or lower effective resolved shear stress (RSS) as 

compared to other 〈( + $〉 dislocations. Their exclusive presence suggests that the 〈( + $〉 slip 

mode is source limited and that the transmutation concept provides an obvious source 

mechanism, which could be activated at later stages of deformation. It is hypothesized that the 

〈( ± $*〉 dislocations are effectively sessile at this stress level. As evidence of this fact, note that 

they remain only in the vicinity of twin boundary and not uniformly distributed throughout the 

twin. Further, it is suggested that some of the interfacial defects introduced by transmutation may 

induce a dragging effect on twin boundary advancement. The abundant 〈( ± $*〉 dislocations 

(and faults) resulting from the transmutation mechanism will also contribute to hardening within 

the twin itself, during subsequent deformation. Finally, it is noted that the observed 1012  twin 

provides a suitable location for future study of 〈( + $〉 dislocation behavior at a rather low global 

applied stress of about 100 MPa in a common alloy system. 
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CHAPTER 4 CHARACTERISTIC DISLOCATION SUBSTRUCTURE IN 

1012  TWINS IN HEXAGONAL METALS 

4.1 Introduction 

1012  twins are ubiquitous in pure hexagonal close packed metals and many of their 

alloys. For example, 1012  twins are activated early during the deformation of textured Mg 

alloys due to their relatively low critical resolved shear stress (CRSS), and they may consume a 

large volume fraction of the material under appropriate loading, such as compression parallel to 

the working direction (e.g., rolling or extrusion direction) of wrought Mg alloys [1]. The 

subsequent mechanical response of the bulk material can be dominated by that of the twinned 

crystals. Often, a sigmoidal stress – strain curve is produced, including a strain hardening plateau 

followed by rapid hardening. Numerous crystal plasticity modeling studies have been devoted to 

describing and understanding this stress – strain response over the past two decades, especially 

the rapid hardening which accompanies twin exhaustion. Three main mechanisms have been 

identified: (1) texture hardening arising from the crystal rotation by 1012  twinning, e.g. [2]; (2) 

a Hall-Petch effect due to the division of parent grains by twin boundaries, e.g. [3, 4]; (3) 

transformation of pre-existing dislocation in the matrix by an advancing twin boundary (TB). 
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The former two mechanisms have been evaluated quantitatively by means of crystal plasticity 

modeling [3-7]. The third one requires investigation of dislocations on smaller length-scales and 

remains relatively less studied.  

Transformation of dislocations by twin boundaries is often termed as the Basinski 

mechanism [8], which originally revealed a glissile to sessile transformation of dislocations upon 

incorporation by twins in face-centered cubic metals. Niewczas [9] recently used the concept of 

the lattice correspondence matrix to describe the previously suggested reaction [10, 11] in which 

two 〈$%,'〉 Burgers vector dislocations transform into a single ( ± $*  dislocation in the twin by 

1012 1011  twinning shear. Notably, this reaction was recently confirmed by TEM analysis 

in a textured Mg alloy AZ31 polycrystals [12]. This specific reaction by 1012  twinning in 

hexagonal metals has also been referred to as dislocation transmutation [13]. Although details of 

the interfacial reaction are not yet fully understood, the transformation from ⟨$⟩  to ⟨( + $⟩ 

dislocations by 1012  twin boundaries is of great interest, because the former are the most 

readily activated glide dislocations in matrix and the latter represent the only slip mode beside 

twinning that is capable of accommodating strain along the [(] -axis in hexagonal crystals. 

Furthermore, ⟨( + $⟩ slip is considered to be a hard deformation mode, perhaps source-limited, 

which also poses a strong hardening effect on primary slip systems [14]. 

Acknowledging the potential effect these dislocation-twin boundary interactions may 

have on hardening [15], this article aims to establish a characteristic dislocation substructure in 

1012  twins within hcp crystals, a topic which has received scattered attention since the 1960s, 

including pure Mg [16] and Mg alloy AZ31 polycrystals [12], pure Zn single- and poly-crystals 

[11, 17], and pure Zr polycrystals [18]. The current experimental effort employed pure Mg single 

crystals oriented to preferentially activate 1012  twinning, which involves the advancement of 
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twin boundaries into the matrix crystal. This is similar to the process that occurs during 

compression along the prior working direction of wrought Mg alloys and permits 

characterization of the dislocation substructure inside the twins using transmission electron 

microscopy (TEM). 

 

4.2 Experimental methods 

The commercially pure Mg (99.95 pct) single crystal was grown using the Bridgeman 

method, as detailed in [19]. The material was furnace-cooled overnight after crystal growth. 

Cuboidal shaped samples were electrical discharge machined from the as-grown cylinder. 

Uniaxial compression tests were performed using a MTS universal testing system at room 

temperature and a constant strain rate of 5×10së	ss%. Compression was applied along 1010  

direction, which has a maximum Schmid factor of 0.5 on 1012 1011  and 1012 1011  

twinning systems and 0.12 for the other four 1012  twinning variants.  

In order to characterize the two preferred twin variants from the common zone axis with 

matrix 1210 , thin slices of about 700	µm thickness were cut by diamond saw from the 1210  

face of the cuboidal shaped sample. They were then ground to ~250	µm and punched to produce 

the 3 mm disks. The final thinning to electron transparency was achieved by electropolishing 

using the electrolyte and conditions given in [12]. The final chemical polishing effectively 

removes surface deformation layer introduced during previous mechanical preparations. TEM 

characterizations were carried out on a JEOL 2000FX operated at 200 kV. 
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4.3 Results 

The stress – strain response of the 1010  compressed single crystal is shown in Figure 

4.1(a) and exhibits the typical sigmoidal shape similar to the in-plane compression data of Mg 

single crystal from Kelley and Hosford [20]. During the initial plateau regime, the plastic strain 

is accommodated predominantly by twin nucleation and growth. Several noticeable stress drops 

in this regime correspond to nucleation of new twins [21]. For the two preferred twin variants, 

the [(]-axes of the twins are only 4° away from the compression axis at ideal orientation. Twin 

crystals are thus not capable of readily accommodating strain by easy slip modes. A thorough 

discussion of the subsequent rapid hardening regime, during which the strain hardening rate 

approaches the elastic modulus, can be found in [7]. 

 

 

Figure 4.1. True stress – strain curve of pure Mg single crystal compressed along 1010  axis at 

room temperature. Schematics of the orientation and dimensions of the single crystal sample for 

compression test are shown in the inset. 

 

Figure 4.2 presents the typical dislocation structure inside a 1012  twin from the sample 

compressed to 1.1% true strain. At the diffraction condition of E = 0002 +, basal planes inside 
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the twin are in an edge-on orientation. Based on the E ⋅ = = 0 invisibility criterion, all the visible 

dislocations have a Burgers vector with a [c]-component. These dislocations lie on both basal 

and non-basal planes. Since basal planes are edge-on, dislocations contained within them appear 

as straight lines parallel to the 0001 + traces. The long and curved dislocations are on non-basal 

planes. When the foil is tilted to the E = 1010  diffraction condition, basal planes are inclined, 

revealing a high density of dislocations lying within the basal planes. A noticeable feature is that 

all of these dislocations are concentrated in the vicinity of the twin boundary, whereas the central 

area of the twin is almost void of defects, and the line demarcating regions of low and high 

defect density is almost parallel to the trace of TB, as indicated by the black arrows outside the 

frame of Figure 4.2 (a).  

The ( -containing defects are more clearly illustrated in another twin of lower defect 

density (Figure 4.3). Near the left TB, a long dislocation is lying inclined to the basal plane at the 

diffraction condition of E = 0002 , and is invisible at E = 1010 . According to the E ⋅ = = 0 

invisibility criterion, visibility at the former condition suggests a (  component in its Burgers 

vector and invisibility at the latter constrains the possibilities to either pure (  or ( ± $* , i.e. 

1/3[1213]  and 1/3[1213] . Note both (  and ( ± $*  dislocations are consistent with the 

predictions of lattice correspondence [9] or dislocation transmutation reaction [12], that $%  or 

$'  dislocations in the matrix could be transformed by 1012  twinning to ( ± $*  dislocations 

in the twin. Similar to the twin in Figure 4.2, linear contrast on basal plane was observed at E =

0002  when basal plane is edge-on, as indicated by arrows in Figure 4.3 (a). When the basal 

plane is inclined (Figure 4.3 (b)), the basal dislocations are accompanied by parallel dark/bright 

fringes characteristic of stacking faults. Clearly, these stacking faults are on the basal plane and 

the bounding partial dislocations possess a (  component. Therefore, it is suggested that these 
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defects are the so-called 0%  stacking faults, which are bounded by partial dislocations of 1/

6〈2023〉 type [22-24]. These faults in Figure 4.3 (b) have a large projected width of 60nm to 110 

nm from the perspective of 1210 . 

 

 

Figure 4.2. Dislocation structure in a 1012  twin, within a pure Mg single crystal compressed 

along 1010  to 1.1% true strain. The images were taken at weak beam dark field (WBDF) 

condition with diffraction vectors of the twin crystal (a) E = 0002 +  and (b) E = 1010 + , 

whose directions are indicated by white arrows. (a) is at a lower magnification with the location 

of the TBs delineated by yellow lines. (b) is at higher magnification because the high dislocation 

density on the basal plane would otherwise obscure the image. 

 



Characteristic dislocation substructure in 1012 twins in hexagonal metals 99 

 

Figure 4.3. Another twin from pure Mg single crystal compressed along 1010  to 1.1% true 

strain. The WBDF images were taken with diffraction vectors of the twin crystal (a) E =

0002 +  and (b) E = 1010 + , whose directions are indicated by white arrows. The yellow 

arrows in (a) and (b) point to the same features at different sample tilt. 

 

 This dislocation substructure, observed in 1012  twins in a pure Mg single crystal, finds 

similarities to observations in previous studies. Representative examples are reproduced from the 

literature in Figure 4.4. The selected images all have a diffraction vector E = 0002 +  to 

highlight the [(]-containing dislocations. All the twins possess abundant ( -containing defects. 

They are distributed in a band in the vicinity of TB, and the apparent line separating them from 

the twin interior that has lower defect density is approximately parallel to the trace of TB, as 

indicated by arrows outside the frame of each image. The ( -containing dislocations appear both 

as long and curved perfect dislocations on non-basal planes (both [(]  and ⟨( + $⟩  Burgers 

vectors have been definitively determined in previous works [12, 18]) and linear contrast parallel 

to the traces of the basal planes. When the basal plane is inclined, stacking fault fringe contrast 

was reported [12, 16-18]. 
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Figure 4.4. Dislocation substructure in 1012  twins in polycrystalline samples. (a) and (b) are 

in Mg alloy AZ31 compressed along rolling direction of a rolled plate [12, 25]. (c) and (d) are in 

pure Zr rolled plate undergone in-plane compression (IPC) [18]. 

 

4.4 Discussions and conclusion 

Whereas a consistent dislocation substructure has been found in 1012  twins, within a 

number of hexagonal metals, the origins of the abundant ( -containing dislocations and large 0% 

faults still deserve further consideration. Both 1010  compression of the current single crystal 

and in-plane compression of textured polycrystalline plates (Figure 4.4) promote twinning 

activity. As the twin boundary advances, it is expected to interact with pre-existing dislocations 

in the parent crystal. According to the aforementioned reactions [9, 12], interaction of $  

dislocations in the matrix with TB can result in ⟨( + $⟩ dislocations in twin. Perfect dislocations 
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with (  Burgers vector may form either directly at the TB [26] or via decomposition of ⟨( + $⟩ 

dislocations [17, 27]. In the case of non-ideally oriented grains within polycrystals, both basal 

dislocation slip and 1012  twinning activity are expected [6]. For the current single crystal, 

even if one considers the very low CRSS of the basal slip mode (on the order of 0.5 – 1 MPa [20, 

28]), little basal slip activity is expected. Nevertheless, grown-in basal dislocations are expected. 

Therefore, the heterogeneous distribution of dislocations in twins raises an interesting possibility. 

Perhaps the initial forward propagation results in a relatively defect free twin, whereas 

subsequent lateral twin growth (thickening) leads to the dislocation twin boundary reactions 

discussed above. Consider the twins in Figure 4.2 (a) and Figure 4.4 (a) and (c), which have the 

[(]-containing defects near both TBs. This indicates that both TBs have advanced, whereas those 

in Figure 4.4 (b) and (d) only have abundant defects near one of the TBs, suggesting that the 

twins in the latter cases grew laterally (thickened) in only one direction.  

The large 0% faults in the 1012  twins can arise from several origins. Firstly, as-grown 

crystals naturally contain 0%  faults as a result of defective crystal growth or condensation of 

vacancies or self-interstitials on basal planes, as reported in the seminal paper by Berghezan et al. 

[29]. In fact, the interaction of 0% faults with TB has been examined by the current authors in [30], 

for a case where the population of 0%  faults was firstly enhanced by ( -axis compression of 

single crystal sample [24, 31, 32], and then swept by advancing 1012  TBs induced by 1010  

compression. It is noted that there is no direct geometrical (lattice) correspondence between 0% 

faults in the matrix and the twin (and they lie on orthogonal planes). If there is a correlation 

between the two, it would require vacancy transport between the matrix and twin and therefore is 

not viewed as the most likely explanation during room temperature deformation.  
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The second possible origin of 0% faults is the dissociation of edge ⟨( + $⟩ dislocations on 

basal plane, which is an attractive explanation, considering the abundance of ( -containing 

dislocations in the observed twins. The dissociation of a single ⟨( + $⟩ dislocation into two 

partial dislocations enclosing a basal fault, 1/3 1213 → 1/6 2203 + 1/6⟨0223⟩ , is 

energetically favorable. The equilibrium size of 0%  fault is determined by a force balance 

involving the repulsion of the bounding partial dislocations and the attraction arising from 

stacking fault, e.g. 37 nm given the known 0% stacking fault energy e∞J = 11.3	mJ/m* [27]. For 

this dissociation reaction to explain the wide faults observed, it would require extensive climb 

motion of the partial dislocations, since their Burgers vectors are out of the basal plane. Further, 

these partial dislocations would have been driven far beyond their equilibrium spacing without 

any obvious driving force provided by the applied stress [27, 33]. 

Thirdly, 0% faults may nucleate from incoherent twin boundaries, as was reported recently 

based upon both molecular dynamics (MD) simulation [34] and high resolution TEM [35]. The 

formation of 0% faults from 1012  TBs had not previously received much attention, aside from 

the proposed formation mechanisms of generic basal fault by emission of partial dislocation from 

the incoherent facets of a migrating TB [36]. Using the same crystallographic basis of the lattice 

correspondence [9], a possible mechanism is proposed. Similar to the transformation of two $  

to a unit ( + $  plus a small residual interfacial defect, one basal $  dislocation could be 

transformed to 1/2 ( + $  (or 1/6 1213 ) in the twin lattice plus an even smaller residual defect. 

Subsequent glide of this partial dislocation or motion of the TB would result in a high energy 

fault on a non-basal plane [37].  

On the other hand, the $  dislocation could transform directly to 1/6 2203  within the 

twin, plus small residual defects in the twin boundary (including the 1/6〈1010〉 difference from 
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1/2 ( + $ ). In fact, 1/6〈1010〉 is an admissible vector on {1012} twin interface [38]. Given 

the low stress at which twin boundaries move, it is likely that the 1/6 2203  partial dislocation 

would be sessile and a basal 0% fault would thusly form. One end of the fault would be bounded 

by the 1/6〈1010〉 dislocation in the TB and the other would be anchored by the 1/6 2203  

partial dislocation in the twin. Because the bounding partial is sessile, the fault may become very 

wide as the TB migrates away from it. Careful evaluation of this possible interfacial reaction is 

underway, using MD simulation. 

It is noted that there is another twin-dislocation feature which has been of significant 

interest to researchers, both theoretical [39] and experimental [40]. This effect concerns the 

observed relaxation of twin-induced stresses, where twins intersect internal interfaces (grain 

boundaries, other twin boundaries, and phase boundaries). Here, we have restricted the attention 

to the interactions between dislocations and twin boundaries far from other internal interfaces, 

and the processes observed presently appear to operate in both pure single crystals and 

polycrystalline alloys. 

To summarize, a characteristic dislocation substructure inside 1012  twins is identified 

within a pure Mg single crystal compressed along the 1010  direction to promote 1012  

twinning activity. Abundant c-containing defects were present in the wake of advancing twin 

boundaries, in the form of non-basal (  and ⟨( + $⟩ perfect dislocations and basal 0% stacking 

faults with widths approaching 100nm. This dislocation substructure has been previously 

reported in polycrystal Mg alloys as well as other hexagonal metals, demonstrating its wide 

applicability. It is significant for the discussion of plasticity for three reasons. (1) The twin 

contains defects that are not easily activated in matrix; (2) the high local density of [(] -

containing defects in the vicinity of TB may create a hard environment for other slip modes as 
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well as twin boundary migration in either the forward or the backward direction (twin thickening 

and detwinning, as observed in [41, 42]); and (3) potential slip activity of these dislocations, 

especially the non-basal ⟨( + $⟩ dislocations, could accommodate strain along [(]-axis within the 

twins. Considering the ubiquity of 1012  twins and recent evidence that the dislocation 

structure in and around twins plays a significant role in determining the flow stress [43] and twin 

boundary mobility more generally [41, 42], subsequent plasticity models of hexagonal metals 

should take account of the possible effects of this characteristic dislocation substructure. 
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CHAPTER 5 DISLOCATION INDUCED TWIN GROWTH AND 

FORMATION OF BASAL STACKING FAULTS IN 1012  

TWINS IN PURE MAGNESIUM 

5.1 Introduction 

The interactions of the 1012  twin boundary (TB) with matrix 〈$〉  dislocations are 

primary interactions in hexagonal metals, as both defects are easily generated during deformation 

via the operation of 1012  twinning and basal dislocation slip. With respect to a 1012  

twinning plane, the 〈$〉 dislocations fall into two categories: (1) the 1/3 1210   Burgers vector, 

$* , is the co-zone axis of the matrix and the twin and is hence parallel to the interface, and (2) 

the 1/3 2110  and 1/3 1120  Burgers vectors, $%  and $' , are at 60° to the intersection line 

of the basal slip plane and twinning plane. The crystallographic transformations of 〈$〉 

dislocations at the 1012  interface in zinc have been derived and discussed by Yoo and Wei in 

1966 [1]. When transformed from the matrix to the twin, the $*  Burgers vector is unchanged, 

leaving no residual defect at the interface and therefore not causing the twin boundary motion, 

whereas the $%  or $'  Burgers vector corresponds to a 1/2 ( ± $*  vector in the twin with a 
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difference vector in the twinning shear direction. The latter transformation further poses the 

possibility that a unit ( + $  dislocation can be produced in the twin by incorporating two $%  

or $'  basal dislocations. The vector transformation is then [2] 

2× $%,' &
= ( ± $* + + =+ 

with a difference vector of exactly one twinning dislocation (disconnection) =+ =
's≤K

'≥≤K
1011  

[3], whose gliding on the 1012  twinning plane would displace the interface by 2h%`%* parallel 

to the plane normal. 

 The transformation of the $%  or $'  at 1012  TB has been a topic of continuing 

interest, motivated by its potential ability to modulate the defects in the twin crystal as well as 

the TB migration via the generation of ( ± $*  and =+ dislocations respectively. To distinguish 

it from generic interfacial dislocation transformations, this specific transformation is referred to 

as dislocation transmutation reaction [2, 4]. Based on the prior experimental studies in Mg, Zn 

and Zr [2, 5-8], a characteristic dislocation substructure in the 1012  twins is identified [9] that 

the twins have abundant ( -containing defects in the form of perfect (  and ( + $  dislocations 

on non-basal planes, and 0% stacking faults (SF) on basal planes presumably as a result of the 

dissociation of ( + $  dislocations. The Burgers vectors of the defects inside twin are consistent 

with the dislocation transmutation reaction. In terms of the effect of the dislocation-TB 

interactions on the structure and motion of the interface, the seminal atomistic simulations by 

Serra and Bacon [10] suggested that the 60°  dislocations $%  or $'  are absorbed by the 

interface and decompose into multiple twinning dislocations (TD) and a step that is intermediate 

between the basal plane in the matrix and prismatic plane in the twin and can be a source of TDs 

under stress. Many studies since then employed molecular dynamics (MD) simulations to 

investigate the structure of the 1012  interface as a result of dislocation-TB interaction and the 
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effect of basal-prismatic (BP) or prismatic-basal (PB) interfaces on twin boundary migration [11-

14]. The experimental evidence of dislocations induced formation of TDs was reported by Lay 

and Nouet [15] from transmission electron microscopy (TEM) observations. The high resolution 

TEM (HRTEM) studies in Mg, Ti and Co [16-18] revealed that the 1012  interfaces consist 

terraces of coherent twin boundary (CTB) and BP/PB interfaces at atomic scale, which very 

recently were correlated to the dislocation-twin interactions by Zhang et al. [19]. 

On top of the previous experimental and modeling endeavors, a few gaps remain in 

understanding the dislocation interaction with 1012  TB. Regarding the dislocations inside the 

twins, the formation of the defects at the interface cannot be directly concluded from the post 

mortem experimental studies. Whether the interfacial dislocation transformation corresponds to 

slip transfer or a dislocation incorporation and emission process is unclear. The recent study 

conducted in a single crystal pure Mg involving compression along the 1010  direction [9] 

created a scenario of TB being driven by the applied loading to migrate toward the unstressed 

dislocations in the matrix, and dislocations consistent with the transmutation reaction were found 

in the wake of the advancing TB. It seems to suggest that dislocation slip is not necessary to 

invoke the interfacial reaction. Regarding the influence of the dislocation-TB interaction on twin 

growth, either promotive by inducing the generation of TDs or inhibitive by creating interfacial 

serrations, the effects are convoluted in the polycrystalline environment where both basal 

dislocation slip and twinning are promoted simultaneously by the external loading during 

deformation, e.g. in-plane compression of a rolled plate. Whether TDs are generated from the 

dislocation-TB interaction, or the ratio of TDs per gliding dislocation remain to be examined 

experimentally. 
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 The current work aims to elucidate the dislocation transformation interaction at the 

1012  TB by in situ observations during tension straining in TEM. The oriented single crystal 

specimens were employed, such that a relatively controlled loading geometry was achieved. The 

interpretation of the vector transformation process is further aided by MD simulations and 

topological analyses of defects across the twin interface. The migration of the twin interface and 

the evolution of the interface structure are analyzed. An attempt is made to correlate the observed 

twin growth with the incorporation of slip dislocations at the twin interface.  

 

5.2 Experimental methods 

The in situ tension experiments were carried out using a Gatan 671 single tilt straining 

holder in a FEI Tecnai F30 TEM operating at 300 kV. The tensile specimen was produced 

similar to the conventional 3 mm diameter disk sample for TEM, but with a width of 2.5 mm in 

order to fit the straining holder. The thin foil was then glued onto a thin Cu plate with 11.5 mm 

in length and 2.5 mm in width, which was fixed by screws on the holder. Tension strain was 

applied by displacing the mobile crosshead at a speed of 0.1 µm/s . Dynamic deformation 

process was recorded by a Gatan charge-coupled device camera at a rate of 10 frames/s. In some 

instances, the thin foils were retrieved after the straining experiments by immersing the sample 

complex in acetone. They were suitable for post mortem analysis on a double tilt holder. 

The tensile specimen is designed to allow 1) straining at a defined orientation and 2) 

convenient access to suitable diffraction conditions, preferentially for both the matrix and twin 

crystals simultaneously. The tensile specimens were from a pure Mg single crystal sample 

containing preferentially activated tension twin variants 1012  and 1012  after compression 

along the 1010  direction to 1.1% true strain [9]. Slabs of 2.5 mm width were machined by 
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diamond cutting saw from the 1210  plane of the bulk material, with the longitudinal direction 

parallel to the 1011  direction. The slabs were then annealed at 200°C for 50 minutes and 

furnace cooled overnight in order to decrease the dislocation density from prior deformation. 

Thin foils with areas of electron transparency were prepared by mechanical thinning, rim-

punching and electro-polishing. The electrolyte and polishing parameters are detailed in [2]. 

 

 

Figure 5.1. Orientations of the matrix and the two twin variants in the single crystal tensile 

specimen. During the in situ straining, the tension strain is applied in the vertical direction, which 

is also the axis of sample tilting, and the electron beam is perpendicular to the plane of the paper. 

(a) is the projected hexagonal lattices of the crystals. (b) is the stereographic projection of 

important plane poles and directions of the matrix and twins. The solid lines indicate the trace of 

basal planes, and the dash lines indicate the trace of 1010  prismatic planes.  

 

The tensile specimens produced thus are positioned on the straining holder with the 

1011  direction parallel to the tension axis and 1210  plane facing upward (Figure 5.1). At 

this orientation, the applied loading promotes the $%,'  basal dislocation slip in the matrix 

(Schmid factor ? = 0.43), but has minimal resolved shear stress on the twinning shear system of 

the two pre-existing twin variants (? = 0 and 0.06), because the principle straining direction is 
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either parallel or nearly perpendicular (~86°) to the twinning shear direction of the twin variants. 

Note deviations from the exact orientation were inevitably introduced during sample preparation 

or loading on the in situ tension holder. The viewing direction during the in situ experiments is 

close to the common [$*] zone axis of the twin and the matrix. For the interest of diffraction 

contrast of TEM observation, a slight deviation away from the zone-axis is actually favored, 

which allows access to the 0002 + and 1010 & Kikuchi diffraction band simultaneously on 

the single tilt straining holder. All the results presented subsequently are obtained at this 

diffraction condition, so the visible dislocations in twin are [(]-containing, and the visible gliding 

basal dislocations in matrix are $%  and $' . 

 

5.3 Molecular dynamics simulation 

 To investigate the details of the interfacial reaction, MD simulations were carried out 

using LAMMPS [20] with an embedded-atom method potential developed by Wu et al. [21]. The 

simulation box was a bicrystal with a 1012 1011  twinning relationship, with periodic 

boundary conditions in the twinning shear direction (x axis), and shear plane normal (y axis). 

Free surfaces were imposed along the twinning plane normal (z axis). The simulation box is 55 

nm long along z axis, and is restricted to 3.8 nm in the direction normal to the plane of shear (y 

axis). After relaxing the TB using a conjugate gradient method, mixed character basal 

dislocations with Burgers vector $'  were inserted in the matrix crystal using the anisotropic 

elastic solution for the displacement field [22, 23]. The line direction of the dislocations is 

parallel to the shear plane normal, namely the $*  direction of the matrix crystal. The inserted 

dislocations are thus of 60° mixed character. 
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Representative previous MD simulations studied the dislocation interaction with TB by 

moving the interface into the dislocations, which was induced by a shear strain in the twinning 

plane and along the shear direction [10, 12, 13]. Based on the loading condition of the in situ 

experiments (orientation I in Figure 5.1), the current simulations additionally applied a tensile 

strain parallel to the twinning shear direction. The exact loading conditions are detailed in 

Section 5.5.  

 

5.4 Experimental results 

5.4.1 Local twin growth induced by dislocation impingement 

 The time-resolved images in Figure 5.2 show the twin growth of a twin at orientation II. 

At the beginning of the captured image sequence (Figure 5.2 (a)), the TB is already serrated by 

small steps during prior straining, but remains mostly straight and close to the inclination of CTB, 

which is determined approximately from the traces of the basal planes in matrix and twin in the 

images (~43° to basal plane). As straining ensues, basal dislocations in matrix were stressed to 

glide toward the TB, evidenced by the dark contrast developed parallel to the basal plane traces. 

It is observed through Figure 5.2(a-c) that the TB in region I has advanced, accompanied by the 

formation of a straight boundary to its left. With further advancement of the boundary till Figure 

5.2(f), the length of the boundary is extended, and it appears to be orthogonal to the basal plane 

traces in matrix. Presumably, the straight boundary is comprised mostly of PB facets (named 

after the close alignment with the prismatic plane in matrix and basal plane in twin), which are 

commonly observed on the 1012  TB but on the length scale of tens of nanometers [16-19]. In 

the following, such large boundaries are more appropriately referred to as PB serrations. The 

difference images in Figure 5.2(g) and (f) demonstrate that the boundary extends its length 
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upward, accompanied by the TB advancement on its right side, and does not migrate/glide 

laterally. Through Figure 5.2 (d-f), the TB in region II bulges up and forms a convex-shaped 

interface, preceded by dark strain contrast in the proximate matrix arising from basal dislocation 

slip activity. Besides the above two occasions of TB advancement, all other segments of the TB 

do not undergo noticeable migration at the current length scale. Therefore, the local twin growth 

is attributed to the interaction of gliding basal dislocations with TB rather than the external 

applied stress. 

 

 

Figure 5.2. Captured image sequence showing the local twin growth in two regions along the 

same TB, (a-c) and (d-f) respectively. The twin is the lower crystal in the images and the matrix 

the upper crystal. The dashed boxes in (b) and (e) highlight the regions of interest. (g) and (h) are 



 114 

difference images between (a), (b) and (c) for region I, and (i) and (j) are those between (d), (e) 

and (f) for region II. Schematics of the TB advancement are shown below. 

 

The video was compiled from the raw time resolved image sequence recorded at a rate of 

10 frames per second. The images were registered using the TrakEM2 plugin in the image 

processing program ImageJ, by firstly automatic batch alignment process using the least square 

method and allowing only rotation and displacement of the images, and then manual alignment 

of specific frames when necessary. The user identifies that certain features in the image are 

stationary and can be used as fiducial marks. This second step was always necessary to obtain an 

accurate difference image from two frames at different times. The difference images were 

obtained by overlaying an inverted previous frame with a semi-transparent latter frame. Note that 

the existing add or subtract functions do no give the best contrast of the resulting image. 

 

 Figure 5.3 presents the evolution of the TB for another twin at orientation II. Similar to 

the case in Figure 5.2(d-f), a convex-shaped interface (Figure 5.3(b)) emerges from the initially 

flat interface (Figure 5.3(a)). Interestingly, the grown region exhibits a distinct contrast than the 

original twin. Such contrast is in fact also present in Figure 5.2(e) and (f) but is vague due to the 

short exposure time during video recording. Weak beam dark field (WBDF) condition refines the 

diffraction contrast to the near proximity of defects and reveals that the grown region contains 

profuse basal defects with [(]-component (Figure 5.3(c)). An important feature is that these 

defects are confined in the grown region, not exceeding the original position of the TB. To 

further investigate the origin of the distinct contrast, diffraction patterns (DP) were captured from 

the pertinent regions. The DP in Figure 5.3(e) is from the matrix and the grown region. It 

describes the typical 1012  twinning relationship, with the coincident spots representing the 

common twinning plane. The orientation of the CTB is therefore determined from the DP and is 

found to be parallel to the long segment of the bounding interface of the grown region (Figure 
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5.3(b)). The front short segment is closely aligned with the basal plane trace, corresponding to a 

BP serration. When the DP is obtained from the matrix, the grown region and the original twin, a 

third set of diffraction spots emerge (Figure 5.3(f)), corresponding to the original twin. Clearly, 

the DP of the original twin does not share coincident spots with the matrix, and there is an in-

plane rotation of ~3° between the grown region of the twin and the original twin. Note that all 

the diffraction spots are sharp, indicating that each diffracting region has a distinct orientation 

with little misorientation within each region. 

 

 

Figure 5.3. Static images of a TB (a) before and (b) after the tensile loading in the vertical 

direction. The yellow arrows point to the same features in the two images, which conveniently 

function as fiducial markers. (c) is the WBDF image with E = 0002+  focusing on the grown 
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region of the twin in (b). The position of the original flat TB is denoted by arrows outside the 

image frames. The diffraction patterns are obtained at state (b) from different regions: (d) the 

matrix – m, (e) matrix and the grown region – t’, (f) matrix, the grown region and the original 

twin – t, and (g) the original twin. The circles in (e) highlight the coincident diffraction spots of 

matrix and the grown region. The red and green arrows point to the spots of the grown region 

and the original twin respectively. 

  

In the two cases above, the TB develops convex-shaped interfaces after the impingement 

of gliding dislocations for the twin variants at orientation II. For a twin variant at orientation I, 

the TB is observed to develop concave-shaped interfaces (Figure 5.4). The twin was initially 

bounded by straight TBs and possessed a few [(]-containing dislocations in the twin interior. The 

regions in the vicinity of TB are relatively clear of defects (Figure 5.4(a)). During the straining, 

concentrated dislocation slip activity in the matrix was developed, as evidenced by the strong 

contrast parallel to the basal plane (Figure 5.4(b)). This is a common occurrence of localized 

plasticity in TEM thin foil sample, frequently induced by the stress concentration at irregularities 

around the hole of the sample [24]. Toward the impingement point of the gliding dislocations at 

TB, a wedge-shaped extrusion of the twin is formed. The difference image comparing the initial 

and final position of the interface reveals that the interface recessed on one side of the planar 

dislocation flow and progressed on the other side (Figure 5.4(d)). Along the same TB and away 

from the impingement point of the concentrated gliding dislocations (Figure 5.4(c)), the TB 

migrated less severely and is only serrated by small interfacial steps. 

 Dark contrast is observed inside the wedge-shaped twin extrusion (Figure 5.4(b)), similar 

to Figure 5.3(b). And again, the defects are confined only in the grown area (Figure 5.4(d)), 

indicating that they are generated by the advancing interface. The local defects are more clearly 

presented in Figure 5.5 obtained by post mortem characterization on a double tilt holder. Figure 
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5.5(a) is at the two-beam condition of E = 0002+, where basal planes in twin are edge-on. All 

the visible defects in twin are [(]-containing, lying mostly on basal planes and with a few short 

segments on non-basal planes. When the twin is tilted to the two-beam condition of E = 1010+ 

(Figure 5.5 (b) and (c)), parallel fringes contrast is observed on the inclined basal planes, 

characteristic of stacking faults. The high local defect density renders it difficult to determine the 

bounding partial dislocations of the SFs, but they are suggested as 0%  type based on the [(]-

component of these basal faults. At this length scale, the interface bounding the twin extrusion is 

observed to be curved, deviating from the exact orientation of CTB (inclined ~43° to the basal 

plane trace when both are edge on). Nevertheless, the straight segments of the interface are very 

close to the BP boundary and CTB, as delineated in Figure 5.5(a).  

 

 

Figure 5.4. Snapshots of the same twin (a) before and (b) after the impingement of localized 

basal dislocations from the matrix. (c) and (d) are the difference images of two areas along the 

TB, with the dashed line indicating the initial position of the TB and solid line the final position. 
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Figure 5.5. Defects inside the wedge-shaped twin extrusion from the twin in Figure 5.4. (a) and 

(b) are two-beam BF and WBDF images respectively using the diffraction vector E = 0002+ and 

E = 1010+. (c) is a magnified view of (b), highlighting the fringe contrast of faults. The traces of 

the straight segments of the twin interface are shown by yellow lines aside the interface.  

 

5.4.2 Stacking faults in the wake of the advancing TB 

 Profuse basal stacking faults behind the advancing TB seem to be an important product of 

the dislocation – TB interaction in the above cases of local twin growth. Figure 5.6 shows a twin 

at orientation II after the straining. The TB is wavy on the length scale of 10	µm with some 

segments close to the traces of CTB and BP boundary. There is clearly a straight line behind the 

wavy TB demarcating regions of higher and lower defects density. The morphological features 

on one hand are consistent with those in Figure 5.2 and Figure 5.3, and on the other hand suggest 

that the TB has grown significantly while continuously interacting with the matrix dislocations. 

Note there are also many short non-basal dislocations in the grown region in Figure 5.6. 

In order to determine the identity of the basal faults, diffraction contrast analyses were 

performed at a series of two-beam conditions near the zone axis of 1210  (Figure 5.7). The 

stacking faults are either edge-on (Figure 5.7(a)) or inclined (Figure 5.7(b-d)), exhibiting linear 

contrast at the former and parallel fringe contrast with bounding partial dislocations at the latter. 
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The tilting of the sample is suitably controlled such that the projection of the basal plane is as 

wide as possible but in the meantime overlapping of the faults on parallel basal planes is avoided. 

The faults are elliptical in shape on the highly inclined basal planes and are enclosed by two 

partial dislocation loops, e.g. SF 5 in Figure 5.7(c2). Such morphology is consistent with the 

previous characterizations of 0%  faults in hexagonal metals [25, 26]. The upper and lower 

segments of the partial dislocation loops are close to the electron beam direction and therefore 

appear short, the remaining segments are long and curved in the projected view. Noticeably, the 

contrast of the partial dislocations is convoluted by the parallel fringes contrast of the immediate 

faulted area. Several faults are selected that show discernable contrast at the outer or inner 

periphery of the faults. For instance, the upper half loop of SF 4 is enclosed by a bright outer 

periphery in Figure 5.7 (d1), which is clearly invisible in Figure 5.7 (c1). The inner periphery of 

SF 4 is bright in Figure 5.7 (c1) but is relatively less defined in Figure 5.7 (d1). The same 

visibilities at the two diffraction conditions can be found for SFs 1, 5, and 6 as well. At the two-

beam condition of E = 1010 , the parallel fringes are not enclosed by bright outer or inner 

peripheries, i.e. both partial dislocation loops are out of contrast. 

 

 

Figure 5.6. Montaged WBDF images at E = 0002+  two-beam condition showing the TB and 

defects inside twin after tensile straining of the twin in the vertical direction. The lower crystal in 

the images is the twin.  
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Figure 5.7. WBDF images of basal stacking faults in the wake of an advanced TB. The 

respective diffraction vectors E are (a) (0002), (b) 1010 , (c) 1011  and (d) 1011 . (a-d) are 
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montaged images of the same area with the arrows pointing to the same features. Selected SFs 

are presented in magnified views at the latter three diffraction conditions: (b1, c1 & d1) focus on 

SFs 1 and 4, and (b2, c2 & d2) focus on SFs 5 and 6. 

 

Table 5.1. The E ⋅ = values of the partial dislocations of 0% stacking fault at the four two-beam 

conditions. The Burgers vectors of the partial dislocations are arranged in dissociated pairs of 

perfect 〈( + $〉 dislocations. The E ⋅ = values smaller or equal than 1/3 are underlined. 

b \ g 
E% = 0002 E* = 1010 E' = 1011 Eë = 1011 

〈( + $〉 0% partials 

1/3 1123  
1/6 2023  -1 0.67 0.17 1.17 

1/6 0223  -1 0.33 -0.17 0.83 

1/3 1213  
1/6 2203  -1 0.33 -0.17 0.83 

1/6 0223  -1 -0.33 -0.83 0.17 

1/3 2113  
1/6 2203  -1 -0.33 -0.83 0.17 

1/6 2023  -1 -0.67 -1.17 -0.17 

1/3 1123  
1/6 2023  1 0.67 1.17 0.17 

1/6 0223  1 0.33 0.83 -0.17 

1/3 1213  
1/6 2203  1 0.33 0.83 -0.17 

1/6 0223  1 -0.33 0.17 -0.83 

1/3 2113  
1/6 2203  1 -0.33 0.17 -0.83 

1/6 2023  1 -0.67 -0.17 -1.17 

 

The Burgers vectors of the partial dislocation loops are determined by the E ⋅ = = 0 

invisibility criterion, which is adjusted to E ⋅ = ≤ 1/3 in practice [27] and is especially suitable 



 122 

for partial dislocations that have small magnitudes of Burgers vectors. The bounding partial 

dislocations are both ( -containing and 〈$〉-containing, based on their contrast at the diffraction 

condition of E% and E*. The stacking faults are enclosed by two bounding partial dislocations of 

different diffraction contrast, e.g. at E'  and Eë  respectively, suggesting that firstly the partial 

dislocations add up to a perfect Burgers vector that does not disturb the stacking sequence of the 

lattice, and secondly, they are not simply opposite signed. Therefore, the bounding partial 

dislocations are of 1/6⟨2023⟩ type with the summation of a pair to be a perfect ⟨( + $⟩ Burgers 

vector. With this constraint, the two-beam conditions listed in Table 5.1 are sufficient to 

determine that the Burgers vectors of the double dislocation loops constitute only the ( ± $*  

variants of all the ⟨( + $⟩  Burgers vectors, the ones that are closely aligned with the $%,'  

Burgers vectors in the matrix as dictated by the twinning relationship. 

 

5.5 MD simulations of the dislocation – TB interaction 

The in situ experimental results show twin growth in the impingement region of the 

gliding ⟨$⟩  dislocations, accompanied by interfacial facet formation and profuse 0%  stacking 

faults in the wake of the advanced interface. MD simulations were performed to further reveal 

the detailed procedures of the interfacial reaction at smaller length scale and time resolution, and 

interpret the evolution of defects. 

The global coordinates and the crystal axes are shown in Figure 5.8. In tensorial form, the 

simulation box is subject to a stress of  

¥ =
ìµµ 0 ìµ∂
0 0 0
ìµ∂ 0 0

 

The basal [$'] dislocation with line direction [−P] experiences a Peach-Koehler force of 
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So the resolved glide force perpendicular to the line direction and toward the TB is 

yπïîüÄ = ∑ ⋅
cos 43°
0

− sin 43°
=

3$

2
⋅
sin 86°

2
ìµµ + cos 86° ìµ∂ ≈

3$

4
ìµµ 

Therefore, the applied shear stress (ìµ∂) acts to drive the TB upward into the basal dislocation, 

and the tension stress (ìµµ) acts to direct the basal dislocation toward the TB in the resistance of 

the repulsive force from the interface and the image force from the upper free surface in the same 

direction, e.g. the image force is estimated to be ~22 MPa/a for a screw dislocation 20 nm away 

from the surface. Simulations were carried out at different loading combinations, and it was 

found that both tension and shear stresses are necessary to induce the dislocation incorporation 

and transformation, with stress values as low as 100 MPa tension (ìµµ) and 180 MPa shear (ìµ∂). 

Tension or shearing alone cannot induce the dislocation transmutation reaction even at high 

stress values. 

In Figure 5.8, the sequential incorporation and transformation of a basal dislocation at the 

twin interface is presented from the perspective of the co-zone of the matrix and twin 1210 . 

The basal planes in both crystals and the twin boundary are at edge-on orientation. As the front 

dislocation approaches the interface, a PB interface is firstly developed in response to the stress 

field of the dislocation (Figure 5.8 (b)). When the dislocation is by-passed by the interface, it 

transforms to a sessile partial dislocation inside the twin crystal, staying at the position of 

incorporation, and a residual defect on the interface (Figure 5.8 (c)). As the TB migrates upward, 

the sessile dislocation trails a basal SF in the twin, the residual defect is observed to be glissile, 
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traversing on the twin interface while the SF is extended (Figure 5.8 (d-f)). Closer inspection of 

the faulted area reveals a stacking sequence of ABAB|CBCB (Figure 5.8 (g)), corresponding to 

0%  SF. Using the RH/SF convention with respect to a closed circuit in the perfect crystal, a 

Burgers circuit around the trailing partial dislocation produces a projected closure failure of 

1/2 0001 + 1/6[1010] from the perspective of [1210], corresponding to a partial dislocation 

of either 1/6 2203  or 1/6 0223  Burgers vector. The migration of the twin interface appears to 

be not inhibited by the interfacial reaction. The interface is able to gradually resume a nearly flat 

configuration after the complete incorporation of the $'  dislocation (Figure 5.8 (f)), until the 

incorporation of the second basal dislocation occurs.  

The MD simulation results are consistent with the in situ observation. A single [$'] 

dislocation transforms to a sessile partial dislocation in the twin crystal, bounding a 0% SF that 

lengthens with the advancing TB. Repetitions of this unit process by dislocations from parallel 

basal planes in the matrix are expected to leave an array of sessile dislocations at the original 

position of the TB and produce abundant defects in the grown region, forming a heterogeneous 

defect distribution inside the twin, e.g. Figure 5.3 (b), Figure 5.4 (b) and Figure 5.6. At the 

immediate step after the dislocation transmutation (Figure 5.8 (d)), a concave shaped interface is 

formed, similar to the experimentally observed interface of a twin at orientation I in Figure 5.4. 

The serrated interface is readily relaxed subsequently during the simulation by the applied shear 

stress in the twinning shear system. 
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Figure 5.8. Time-resolved sequences of dislocation interaction with TB by MD simulation. The 

1012  TB is horizontal in the images with the matrix above and the twin below. The atoms are 

colored based on the component of the normalized local (-axis along the vertical direction of the 

simulation box (the basal plane vector method [28]). The positions of the dislocations are 

indicated. The results shown correspond to a temperature of 50K, which, owing to minimal 

thermal fluctuation, facilitated the identification and analysis of defects structures. 

 

5.6 Discussions 

The current in situ tension experiments and MD simulations studied the interaction of 

60° basal dislocations in the matrix with 1012  TB. It is observed that local twin growth is 

induced in the impingement region of the gliding dislocations at the interface. The grown region 
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is bounded on one side by a straight interface at a length around 500 nm and close to the PB/BP 

orientation and on the other side by an interface close to CTB. Abundant large 0% basal SFs are 

observed in the wake of the advanced interface. They are confined only in the grown region 

defined by the original position of the twin interface. In the following sections, we first analyze 

the defects involved in the interfacial reaction. Then we quantitatively evaluate the observed twin 

growth using the dislocation transmutation reaction. Finally, we discuss the evolution of the 

interfacial structure as a result of the slip-twin interaction with respect to the twin boundary 

mobility. 

 

5.6.1 Defects analyses of the interfacial reaction  

The trichromatic pattern constructed by the interpenetrating projected lattices of the 

matrix (R, black), twin (S, white) and a third imaginary lattice (T, red) is a convenient tool to 

correlate the defects across an interface. It is recognized that the PB interface formed in response 

to the stress field of the incoming dislocation is only intermittent (Figure 5.8 (b)), so the vector 

transformation through the twin interface is resolved using the trichromatic pattern including the 

CTB (Figure 5.9) created using the R and S lattices, and adding a T lattice which is oriented the 

same as the S lattice but with the ABAB basal stacking sequence changed to ACAC. The T and S 

lattices are essentially the twin lattice on either side of an 0% SF. This type of trichromatic pattern 

was recently used by Ostapovets [29] to describe the relationship of 0% faults to a 1011  twin 

boundary. 

 When a $'  dislocation is incorporated by the CTB, it finds the closest step vector =`/s%∫  

in the red lattice, and the two incompatible step vectors are connected by a residual 

disconnection −=s%/s%   
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$' = =s%/`
ª = =`/s%

∫ − =s%/s%
ª∫  

The step vector =`/s%∫  connects two lattice spots across a 1/2 (  plane. Since the T and S lattices 

have the stacking sequence of ACACAC and ABABAB respectively, the vector =`/s%∫  represents 

a shift in the stacking sequence of the twin lattice and bounds a 0% stacking fault.  

As shown in the MD simulation results (Figure 5.8), the fault created by the sessile 

partial dislocation keeps extending as TB migrates away from it. In order to enclose the 

continuously growing fault and therefore end the increase of energy associated with the fault, 

another partial dislocation has to be formed at the anchoring point of the fault on TB, which 

necessitates the transformation of a second $'  dislocation. For the second dislocation, although 

the vector =`/s%∫  is the closest candidate, it cannot enclose the fault that is created by the first 

=`/s%
∫  vector since they do not add up to a perfect translation vector in the twin lattice. Instead, if 

the $'  dislocation transforms to the second closest vector =`/s%º  by 

$' = =`/s%
º + =s%/s%

ªº  

the two consecutive reactions are effectively 

2× $' = =`/s%
∫ − =s%/s%

ª∫ + =`/s%
º + =s%/s%

ªº = =`/s%
∫ + =`/s%

º + =s%/s%
ªº − =s%/s%

ª∫

= =`/s*
º + =*/* 

As shown by the parallelogram in Figure 5.9(b), both step vectors =`/s%∫  and =`/s%º  are 

partial dislocations in the twin lattice (S), they are able to enclose a fault with a total vector of a 

perfect ( + $*  dislocation. Note the $*  component is not revealed in the trichromatic pattern, 

because it is perpendicular to the projection plane. The disconnections =s%/s% are the residual 

defects in the twin interface. As shown in the simulated results, the disconnection generated by 

the first transformation process is able to glide on the migrating interface, trailing the basal SF. 
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More importantly, the combination of the two disconnections generated by the successive 

transformation of $'  dislocations results in a twinning disconnection =+ = =*/*, whose glide on 

the twin interface produces boundary migration. 

 

 

Figure 5.9. Trichromatic pattern of the matrix (R), the twin (S) and the third (T) lattices projected 

along the co-zone axis $* . The horizontal black lines indicate the CTB, and the inclined blue 

lines the coherent plane between the S  and T  lattices. The dissociation of the matrix $'  

dislocation is shown in (a). (b) and (c) show the total resultant Burgers vector in the twin crystal 

( ( + $* ) and the interface ( =*/* )  respectively after the transformation of two matrix 

dislocations. (d) is the schematic of the three lattices and their orientation relationships with 

respect to the twinning plane U% and conjugate plane U*. 
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Overall, the reaction is consistent with the crystallography based vector transformation 

involving perfect dislocations of 2× $%,' → =+ + ( ± $* . The interfacial defects analyses help 

to elucidate the unit reaction that one basal dislocation transforms at twin interface to a partial 

dislocation of 0% fault. The fault is anchored by the sessile partial dislocation at the trailing end 

and terminates at the interface by a glissile disconnection. The interface therefore is not restricted 

by the residual interfacial defect and can migrate under an appropriate stress and lengthen the 

fault as it advances. The fault produced thus can be very wide, increasing the total fault energy 

while it grows, until the transformation of a second basal dislocation occurs. As discussed above, 

in order to stop the continuous growth of the fault, the second dislocation would preferably 

transform to the conjugate partial dislocation that is able to enclose it. The fault is then bounded 

by two different partial dislocations, the summation of which is either ( + $*  or ( − $*  

depending on the Burgers vector of the incoming matrix dislocation. This is consistent with the 

experimentally determined Burgers vectors of the 0% stacking faults in Figure 5.7.  

The above processes implicitly require that the two basal dislocations are of the same 

Burgers vector and the second one approaches the close vicinity of the terminating point of the 

fault at interface. The first requirement is expected to be readily fulfilled since dislocations of the 

same Burgers vector systematically glide in the same direction under external loading according 

to the Schmid law. The second requirement seems geometrically rigid. In fact, the twin interfaces 

in Figure 5.5(b) and Figure 5.7(c, d) are observed to trail faults that are still attached to the 

interface, presumably not yet enclosed by the transformed second matrix dislocation. On the 

other hand, given the abundance of gliding dislocations on parallel basal planes in the matrix, the 

termination of a fault by the second partial dislocation is considered frequent from a statistical 

point of view, as evidenced by the profuse faults scattered in a band behind the TB (Figure 5.6 
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and Figure 5.7). The evaluation of the above process as well as the double looped morphology of 

the SFs should be performed in 3 dimensions involving the complete line length of the 

dislocations. A continuing work is devoted to the analyses. 

Whereas the unit reaction produces a sessile dislocation in the twin, it is identified that 

TB advancement is necessary for the continuous occurrence of the reaction. Imagine the TB is 

stationary when the dislocation arrives, e.g. the transient state between Figure 5.8(b) and (c), the 

sessile partial dislocation remains in the interface and cannot trail a fault unless the interface 

moves away from it. In this regard, it is not a slip transfer process. Representative previous 

simulations of dislocation-TB interaction [10, 12, 13] reported complete absorption of the matrix 

dislocation at interface, forming an interfacial step that can be a source of twinning dislocations 

and in such a way contributes to subsequent twin growth. The current simulations differ from the 

previous work firstly by a boundary condition that enforces the matrix dislocation to interact 

with TB. In addition to a shear stress that motivates interface advancement as in the previous 

studies, the current simulation box is subject to a tension stress in the twinning shear direction, 

giving rise to a positive RSS on the matrix dislocation. Secondly, the current work employs a 

new interatomic potential for Mg introduced by Wu et al. [21]. The potential accurately describes 

the 0%  stacking fault energy, which is intimately associated with the interfacial reaction, and 

therefore is a determining factor to well reproduce the dislocation transmutation reaction. 

 

5.6.2 Slip-assisted twin growth model 

In light of the fact that the dislocation reaction at TB overall abides the dislocation 

transmutation reaction, its contribution to twin growth is evaluated and compared with the 

experimentally observed local twin growth. 
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Figure 5.3 presents an instance of local twin growth from a flat twin interface. The 

interface is conveniently extracted from the recorded image according to the straight traces of the 

interfaces (Figure 5.10), and the grown region is approximated as a triangle, with a measured 

area of 5.213×10Ω	nm*. The diffraction pattern in Figure 5.3(e) shows that the grow region 

maintains the coherent twinning orientation relationship with the matrix, and the long segment of 

the interface bounding the grown region is aligned with the trace of CTB. Acknowledging that 

the growth is carried out by successive glide of twinning dislocations on parallel 1012  

twinning planes, the area of the triangle gives an effective CTB elevation (H) of 227 nm. 

 

 

Figure 5.10. The outline of the twin interface extracted from Figure 5.3(b). The length scale and 

the inclination of plane traces and vectors reflect the original experimental image. The parallel 

dashed lines represent the coherent 1012  twinning planes, with the twinning dislocation =+ and 

the step height ℎ drawn schematically. 

 

In the following, the occurrence of the interfacial dislocation reactions is firstly derived 

from the orientation of the grown region; the expected twin growth is then computed assuming 

the dislocation transmutation reaction. As shown by both the experimental observations and MD 

simulations, gliding basal dislocations from the matrix transform to sessile dislocations inside the 

twin. As a result, they are confined only in the grown region, giving rise to a misorientation of 

the region from the original twin. By simple Schmid analysis for the orientation in Figure 5.1, 
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the external applied loading drives −$% & and $' & dislocations to glide toward the TB. The 

transmuted defects in twin can be in the form of 0% partial dislocations or perfect dislocations, but 

effectively have the Burgers vectors of either ( − $* + or ( + $* +. The $* + components of 

the transmuted dislocations are perpendicular to the plane of image, whereas the ( + components 

are contained in the plane of image and inclined to the twinning plane (Figure 5.10). Therefore, 

the ( + components are the ones that constitute the in-plane rotation exhibited in the diffraction 

pattern in Figure 5.3(f).  

In order to compute the total number of the effective ( ± $* + dislocations in the grown 

region, a low angle tilt boundary is constructed at the original position of the TB by equally 

spaced [(] dislocations, which virtually represent all the defects in the grown region. If the (  

Burgers vector is further resolved to the components perpendicular and parallel to the boundary 

=% = = sin 35° and =* = = cos 35°, the =% dislocations constitute a vertical array (Burgers vector 

perpendicular to the boundary), i.e. a symmetric tilt boundary, and are hence responsible for the 

3°  in-plane rotation between the grown region and the original twin; the =*  dislocations 

constitute a horizontal array (Burgers vector parallel to the boundary) and do not produce lattice 

rotation. Using the symmetric low angle tilt boundary model [30], the average spacing æ of the 

dislocations is computed from the measured tilt angle ø = 3° = �/60 as 

æ =
=%
ø
= 5.71	nm 

The total number of dislocations in the wall with a measured length of 3310 nm is then estimated 

to be 580. According to the transmutation equation, an equivalent number of twinning 

dislocations are produced by the dislocation-twin interaction. The glide of each twinning 

dislocation on 1012  plane brings a step height of ℎ = 2h%`%* = 0.38	nm. Therefore, these 

twinning dislocations can elevate the twin interface by 580×0.38	nm = 220	nm. 
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 The amount of twin boundary advancement induced by the dislocation transmutation 

reaction agrees well with the experimentally determined value with only a slight deviation, 

suggesting that the local twin growth is completely induced by the mechanism. Admittedly, the 

above analysis ignores the intermittent stages of the transformation of dislocations at interface, 

but in a collective manner, it is determined that the transformation of every two basal 

dislocations leads to one twinning dislocation that can effectively contribute to twin boundary 

migration. To the authors’ knowledge, the current results are the first experimental verification in 

Mg of the twin growth mechanism proposed by Yoo and Wei in 1966 [1]. 

The dislocation transmutation reaction functions as a source mechanism for twinning 

dislocations and contributes thus to twin growth. The local twin growth phenomena in the 

current in situ experiments are attributed to the successive generation of twinning dislocations in 

the region. The twinning dislocations glide on the twin interface, driven by the repulsive near 

field stress of the incoming basal dislocations. Due to the lack of sufficient global shear stress, 

their glide activity is limited and therefore only leads to local boundary migration.  

On the other hand, it is accepted that the 1012  deformation twinning is not a source 

limited mechanism and twin growth is predominantly slip independent [31, 32]. While the 

growth induced by dislocation-twin interaction may not be sufficient to account for all the twin 

volume that is needed to accommodate the macroscopic plastic strain [31], it is an effective 

mechanism when twinning is not promoted by the global stress state. Since the incident slip 

dislocations induce the forward migration of TB by repelling the locally generated twinning 

dislocations, the TB is able to continuously absorb the dislocations in front of it and in such a 

way relax any potential dislocations pile-up. In this regard, it is an accommodation process that 

dissipates the near field stress in the matrix side of the TB. For instance, the TB in Figure 5.2 
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absorbs the incident dislocations and responds by forward migration, and the grown region in 

Figure 5.3(b) has in its vicinity only scattered basal dislocations rather than dislocations pile-up 

after the slip-twin interaction.  

 

5.6.3 Formation of interfacial facets 

The dislocation-twin interaction effectively regulates the development of interfacial 

facets. The glides of locally generated twinning dislocations advance the interface via the 

elevation of 1012  twinning planes, the grown regions therefore are bounded partially by CTBs. 

In the meantime, the accumulation of twinning dislocations and the lack of global shear stress in 

the twinning system lead to the buildup of twinning dislocations pile-up, which can relax into 

atomic scale BP/PB facets [33]. Short facets are indeed present in the current observations, e.g. 

in Figure 5.7(c), but more strikingly are the development of straight and long serrations close to 

the BP/PB orientations after slip-twin interaction.  

The formation of different facets was studied by Serra et al. [11] based on the absorption 

of incident basal dislocations of different signs using atomistic simulations. The in situ 

experiments in this work stimulate the dislocation interaction with the 1012  TBs of two 

variants. Simple Schmid analysis informs that basal 〈$〉 dislocations of the same sign will be 

driven to TB by the applied tension. In the coordinate system of the matrix (Figure 5.1),  −$'  

and +$%  dislocations glide toward the interface and +$'  and −$%  away from the interface 

(Figure 5.11(a, b)). However, the half plane of the edge component of the forward dislocation is 

at an acute angle with the twinning shear direction for twin variant I and a blunt angle for twin 

variant II. The two situations essentially represent the interaction of positive and negative 

dislocations interacting with the same twinning shear system. The interface structures after the 
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dislocation impingement are extracted from Figure 5.4, Figure 5.6 and Figure 5.3, representing 

variant I and variant II respectively, and are presented schematically in Figure 5.11(c, d). The 

current experimental results show similar boundary structure with those by atomistic simulations 

[11, 13, 34], but the observed serrations are on the length scale of 500 nm to 1	µm. For the 

interaction of both positive and negative dislocations, basal-prismatic serrations are preferred. 

More generally, positive dislocations induce the formation of concave-shaped serrations, and 

negative dislocations induce convex-shaped serrations. Such phenomena can occur on different 

twin variants during the straining of a grain in a polycrystalline material, a similar situation as 

the current single crystal. It is also expected to occur on the same twin during uniaxial cyclic 

loading or non-proportional loading where the principle stress direction is changed, namely the 

situation in Figure 5.11(c, d). 

 

 

Figure 5.11. (a) and (b) show schematically the slip direction of opposite basal dislocations in the 

matrix with respect to the two twinning systems. (c) and (d) are the corresponding interface 

structure extracted from Figure 5.4, Figure 5.6 and Figure 5.3 after the dislocation-twin 

interaction. Note for the purpose of comparison, (c) is rotated from (a) such that the twinning 

shear direction (A%) is aligned with that in (d). 
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The fact that TB is able to advance for hundreds of nanometers during the in situ 

experiments demonstrates its ability to continuously incorporate gliding dislocations, even 

though it deviates from the CTB by microscale BP/PB serrations or the nanoscale facets. This 

may provide a physical interpretation of the small Hall-Petch coefficient associated with 

twinning [35]. On the other hand, the effect of the large serrations on TB mobility is worthy of 

further considerations. It was shown by atomistic simulations [13] that when a gliding twinning 

dislocation on the CTB merges onto a BP/PB facet at one end, the facet tends to maintain a 

stable length of 10 basal atomic layers by emitting a twinning dislocation at the other end, whose 

continuous glide further induces boundary migration. The flattening of the atomic scale concave 

facet in Figure 5.8(d) during subsequent straining demonstrates that TDs are able to glide 

through various twin interfaces and lead to boundary migration as a whole. The wavy TB across 

a length scale of 10	µm in Figure 5.6 has advanced about 1	µm from the initial position, with the 

profuse defects in its wake being a signature of extensive dislocation-twin interactions and 

marking the path of boundary migration. This behavior also appears to support the glide of 

twinning dislocations across the serrated boundary consisting of CTB and BP/PB facets. 

However, when the BP/PB facets are extended beyond the stable length, misfit dislocations are 

formed at both ends of the facet to compensate the lattice misregistry [36]. In Figure 5.2, the TB 

on the right side of the PB serration keeps advancing throughout the recorded video, 

accompanied by the extension of the serration on the upper end due to the pile-up and merge of 

twinning dislocations. On the other hand, the TB at the lower end is stationary, absent of 

twinning dislocation activity. This is likely related to the fact that such large serrations must be 

stabilized by misfit dislocations, which impede the passage of the twinning dislocations. The 
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large concave serration developed in Figure 5.4 is also expected to be a strong obstacle, since it 

involves defects on the boundaries that are at acute angles. Cyclic deformations involving 

twinning in Mg and other hexagonal metals have shown cleavage cracking along the TB with 

serrated crack profile [37], or even fragmentation of the twin [38]. The large serrations 

developed due to the extensive dislocation-twin interaction may be a cause for such behaviors. 

 

5.7 Conclusions 

In situ tension TEM were performed using oriented pure Mg single crystal specimens to 

study the dislocation slip induced 1012  twin growth, the formation of 0% stacking faults in twin, 

and the evolution of TB structures. The crystal defects were investigated by diffraction contrast 

at the length scale of conventional TEM, exhibiting consistent structures and mechanisms that 

are commonly studied by atomistic simulations or HRTEM. The current study therefore should 

contribute to the understanding of collective grain-scale mechanics. The major findings are 

summarized below: 

Local twin growth is observed at the region of gliding basal dislocation impingement, and 

is evaluated to be completely induced by the dislocation transmutation reaction with a ratio of 

one twinning dislocation per transformation of two 60° basal dislocations. The locally generated 

twinning dislocations glide under the near field stress of the incident dislocations and therefore 

result in the migration of the interface. 

The transformation of basal dislocations at the 1012  TB is not a slip transfer process, it 

occurs only when the TB advances. Profuse 0% basal stacking faults are observed in the wake of 

the locally advanced TB, with a few short non-basal [(]-containing dislocations. MD simulations 

and interfacial topological analyses reveal that as the unit process of dislocation-twin interaction, 
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each matrix dislocation transforms to a partial dislocation inside the twin crystal, trailing a 0% SF 

when the TB advances. Because of the sessile nature of the bounding partial dislocation and the 

low stacking fault energy, the fault formed in such a way can be very large. The partial 

dislocations are dissociation products of ( ± $*  dislocations (not ( ± $%  or ( ± $' ), as 

determined by the diffraction contrast analyses in TEM as well as the topological analyses. Their 

correlation to the perfect ( ± $*  dislocations frequently observed in 1012  twins is the subject 

of further investigation.  

Large interfacial serrations on the order of 500 nm to 1	µm and close to the orientation of 

PB/BP boundaries are developed as a result of the localized dislocation-twin interactions. The 

large size suggests their ability to continuously incorporate basal dislocations from the matrix. 

The serrations appear to be barriers for the passage of twinning dislocations, but on the other 

hand do not stop the boundary motion.  
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CHAPTER 6 〈( + $〉 DISLOCATION IN 1012  TWIN: A 

KINEMATIC REQUIREMENT 

6.1 Introduction 

In Mg alloys and many other hexagonal metals, the 1012  twinning is an important 

deformation mode that strongly influences the texture and hardening [1]. Under appropriate 

loading, such as compression along the principle working direction of a wrought material (e.g. 

the extrusion direction of an extruded bar or the in-plane direction of a rolled plate), the 1012  

twins contribute significantly to the initial yielding and the immediate plateau regime in the 

stress-strain curve. The twins grow pervasively, inducing twin-twin intersections [2, 3] and 

interactions of gliding basal ⟨$⟩ dislocations in the matrix with the migrating TB. The latter 

includes the obstruction of dislocation slip via a weak Hall-Petch effect [4-8] and dislocation 

transformations at the interface [11-13]. As a result of the fast twin growth, a considerable 

volume fraction of the material is consumed by twins early in the deformation, e.g. 80% volume 

fraction up to 6% strain in a rolled Mg alloy AZ31 [12]. The twin crystals therefore govern the 

subsequent stress-strain response of the polycrystalline aggregates. The 1012  twinning 

instantaneously reorients the crystals at hard orientations with respect to the external straining 
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axis. Before the onset of the hard deformation modes in the 1012  twins, the twins deform like 

elastic inclusions, causing a rapid rise of the macroscopic stress proportional to the volume 

fraction of the twins [13]. It was predicted by crystal plasticity modeling studies [16-18] that, in 

order to plastically accommodate the imposed strain, extensive pyramidal 〈( + $〉 slip activity is 

necessitated in the twins. 

The knowledge of the dislocation substructure inside the 1012  twins is therefore 

essential for understanding and predicting the straining response of the twinning dominated 

deformation of Mg alloys. It has been identified experimentally in several hexagonal metals [9, 

10, 17-19] that the twins contain both perfect 〈( + $〉 dislocations and basal 0% stacking faults 

(SF), whose bounding partial dislocations are dissociation products of 〈( + $〉 dislocations. Such 

dislocation substructures were observed in polycrystalline Mg alloy AZ31 compressed along the 

rolling direction of a rolled plate to a global stress of about 100 MPa [10], as well as in a single 

crystal pure Mg compressed parallel to the basal plane to a global stress of only 5 MPa [13]. The 

generation of the abundant 〈( + $〉  dislocations at low stresses were attributed to the 

transformations of ⟨$⟩  dislocations from the matrix at the TB, as suggested by the 

crystallography based concept of Yoo and Wei [20] in 1966, 

2× $%,' &
= ( ± $* + + =+        (1) 

where $%,' &
 represents either the $%  or $'  Burgers vector in the matrix with respect to a 

1012  TB, ( ± $* + represents the transformed Burgers vector in the twin and =+ represents the 

twinning dislocation. The above dislocation transformation is not energetically favorable if 

simply evaluated using the Frank’s rule. Whereas a unit ⟨$⟩ dislocation may correspond to a 

1/2⟨( + $⟩ in the twin, the latter is not a complete translation vector in the lattice and may create 

either a high energy fault in the twin or remain sessile at the TB. In either case, the combination 
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of two 〈$〉 dislocations of the same Burgers vector at TB is expected to require a high local stress, 

e.g. from a dislocations pile-up, if they approach the TB from the same basal slip plane [10, 21]. 

Recently, it was observed during in situ straining experiments in TEM that extensive interactions 

of gliding 〈$〉 dislocations with 1012  TB produced predominantly 0% SFs in the wake of the 

advancing interface. The study revealed that the unit process of the dislocation transformations is 

each 〈$〉 dislocation transforming to one partial dislocation of 0% SF in the twin, and suggested 

that potentially the products of the successive transformations of two dislocations can add to a 

perfect ⟨( + $⟩ Burgers vector and thereby enclose the fault.  

On the other hand, the formations of the commonly observed 〈( + $〉 dislocations were 

not captured during the experiments and remains unsolved from the 2-dimentional atomistic 

simulation. It is the goal of the current study to propose and examine a formation mechanism of 

the 〈( + $〉  dislocations in the 1012  twins. While the 0%  SFs could function as potential 

nucleation sites for ⟨( + $⟩ dislocations [22, 23], the dissociation of a perfect ⟨( + $⟩ dislocation 

to two partial dislocations is an intrinsically preferred process in Mg [24]. The relationship of the 

dissociated 0%  SF and perfect 〈( + $〉 dislocation in the vicinity of the TB will be explained. 

Evidences from in situ tension experiments in TEM will be presented to support the proposed 

mechanism and inform the subsequent evolution of the 〈( + $〉 dislocations. 

 

6.2 Proposed procedures of the formation of ⟨8 + 9⟩ dislocations in twin 

6.2.1 The sequential transformations of basal ⟨$⟩ dislocations 

The 2-dimensional MD simulations revealed that when one matrix dislocation arrived at 

TB, it transforms to a sessile partial dislocation in the twin crystal. As the TB migrates away, a 

fault is trailed in its wake with one end anchored at the sessile partial dislocation and the other 
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end attached to the TB by a residual defect. The reaction is described in terms of the interfacial 

disconnections as 

=s%/` = =`/s% + =s%/s%        (2) 

For the 1012  twin, =s%/` is the $%,'  dislocation in the matrix, =`/s% is the 1/6⟨2023⟩ type 0% 

partial dislocation in the twin, and =s%/s% is the residual dislocation at interface. The use of an 

infinitely long straight dislocation facilitates the interpretation of the interfacial reaction and 

identification of the Burgers vectors. However, for the understanding of the subsequent 

evolutions of the defects, the complete dislocation line in 3-dimensions should be considered. 

Figure 6.1(a) to (e) describe the transformation of the first matrix dislocation, and the 

formation of basal SF in twin, as informed by the 2D MD simulation. When part of the gliding 

dislocation reaches the TB, it is virtually the 0% partial dislocation in the twin crystal but stays on 

the TB because of its sessile nature (Figure 6.1(b)), the other segments of the curved ⟨$⟩ 

dislocation remain in the matrix and are represented by discretized straight lines at right angles in 

the schematic for the interest of simplicity. The TB advances via the gliding of twinning 

dislocation =+  on TB (Figure 6.1(c)). Assuming weak dislocation interactions, the partial 

dislocation is unaltered by the passage of the =+ , whereas a jog will be created on the ⟨$⟩ 

dislocation segments after the intersection with =+ (Figure 6.1(d)). The matrix ⟨$⟩ dislocation is 

eventually displaced out of the original basal plane after successive gliding of twinning 

dislocations, and is incorporated by the TB while maintaining the continuity of dislocation line 

across the interface with the sessile partial dislocation (Figure 6.1(e)). A fault is therefore formed 

behind the advancing TB, and is bounded by the partial dislocation on the basal plane of the twin 

and a residual =s%/s% type interfacial step on TB. Note that the ⟨$⟩ Burgers vector is out of the 

twinning plane and is not considered to be admissible on the interface. It may decompose into an 
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interfacial step characterized by =Ω/• and a number of twinning dislocations (=s*/s*) according 

to the atomistic simulations of Serra and Bacon [25, 26] 

=s%/` = 3=s*/s* + =Ω/•        (3) 

Both decomposition products are able to glide on the boundary under stress. In the following 

discussions, the ⟨$⟩ dislocations that are displace on the TB are referred to in general as =_¿â. 

 

 

Figure 6.1. Proposed procedures of the incorporation of matrix dislocations by a moving TB and 

the evolution of defects in twin. The matrix crystal is in the front left in the perspective view, and 

the twin crystal in the back right. The basal plane in the matrix (green) and that in twin (orange) 

are at an angle of 86°, with the bisecting TB (blue) in between. The TB is depicted as a flat plane, 

ignoring the nanoscale interfacial steps. The step created by =+ is exaggerated in (c) and (d) to 

illustrate the jog of the matrix dislocation. Dislocations with different Burgers vectors are 

represented by different colors as indicated in the insets. 
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The fault is expected to grow continuously with the advancing TB, until a second matrix 

dislocation glides to the anchoring segment of the fault on TB, or probably in its vicinity on 

atomic length scale. In Figure 6.1(g) and (h), the second dislocation is depicted to impinge at the 

middle of the anchoring segment on TB. In reality, it could certainly impinge at the left or right 

part of the anchoring segment, which merely creates an asymmetric geometry than the ones 

depicted here and does not greatly alter the essence of the dislocation interactions discussed 

subsequently. The second dislocation transforms to the conjugate partial dislocation of the 

existing one according to Equation (2), such that the two partial dislocations add up to a perfect 

Burgers vector in the twin lattice. The stacking fault is then enclosed either partially or 

completely, depending on the extent of the incorporation of the second dislocation (Figure 6.1(g) 

and (h)), which further depends on the relative rate of TB migration and basal dislocation slip. 

For instance, if the TB migrates before the second dislocation has extended the length of the 

anchoring segment of the fault, the fault is partially enclosed; if dislocations are strongly stressed 

to glide to TB, the fault can be completely enclosed before further TB migration occurs. The 

=s%/s%  type residual defects on the TB generated by the transformations of two matrix 

dislocations can combine into a twinning dislocation =+ = =s*/s* , and the total two-step 

dislocations transformation that encloses a 0% SF is 

2×=s%/` = \% + \* + =s*/s*       (4) 

where \% and \* are the =`/s% type conjugate partial dislocations (as in Equation (2)) of a perfect 

⟨( + $⟩ dislocation. For example, 1/6 2203 + 1/6 0223 = 1/3 1213 . 

A rigid geometric relationship between the two dislocations is required for the concerted 

dislocation transformations described above. This is not an assumption, but rather a probabilistic 
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occurrence. Acknowledging that ⟨$⟩ dislocations are driven by the external applied stress to 

glide toward TB on all basal planes, the ones gliding on other parallel basal planes or impinging 

the boundary at positions outside the anchoring segment of the existing fault are expected to 

transform independently and repeat the process of one dislocation as from Figure 6.1(a) to (e), 

producing SFs bounded by a single partial dislocation. It is only the dislocation meeting the 

geometric requirement that will enclose the existing fault. As long as basal dislocation slip is 

active in the matrix and the TB continues to migrate toward the gliding dislocations, the 

concerted incorporation of the second dislocation would occur, depending on the distribution of 

dislocations in front of the TB. 

 

6.2.2 Formation of 〈( + $〉 dislocations from the advancing TB 

In the following, the defect evolutions during further TB migration are discussed for the 

scenario of partial enclosure of the fault (Figure 6.1(g)) and the scenario of complete enclosure 

of the fault (Figure 6.1(h)). Two alternatives of the dislocations evolutions are identified: the 

extension model and the constriction model. The preference of either model is evaluated based 

on the simplified geometric construction of discrete dislocation segments. 

For the first scenario, as the TB advances from Figure 6.2 (a), the second matrix 

dislocation is displaced out of basal plane, resulting in segments lying on TB in the form of 

glissile interfacial dislocations =_¿â. It is a similar process as illustrated in Figure 6.1(c) to (d). 

The interfacial segments of the first matrix dislocation as well as the partial dislocations in twin 

are extended by the boundary (Figure 6.2(a-c)). Alternatively, the two partial dislocations could 

at any moment constrict to a single node at the junction on TB via the gliding of interfacial 

dislocations =_¿â (Figure 6.2(d) or (e)). The TB advancement would automatically create ⟨( +
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$⟩  dislocations with one end at the enclosed 0%  SF and the other end at the TB. The local 

configurations of extension and constriction at the junction on TB is depicted in Figure 6.2(b1) 

and (d1) respectively. Note that =_¿â is the decomposition product of ⟨$⟩ on the interface, so the 

Burgers vector is conserved for the constriction, i.e. $ & + =_¿â = ( + $ + + =+ =

\% + \* + + =+ . For the interest of clarity, the twinning dislocation is not depicted at the 

junction on TB, because it can readily glide away on TB. 

 

 

Figure 6.2. Extension of the fault with further TB advancement based on the scenario of Figure 

6.1(g). (b) and (d) are two alternatives after (a). (c) and (e) are alternatives after (b). (b1) and (d1) 

depict the local dislocation configurations around the junction at TB in (b) and (d) respectively. 

 

For the second scenario where the fault is completely enclosed (Figure 6.1(h)), a node is 

formed at TB, comprising one ⟨$⟩ dislocations in the matrix, an interfacial dislocation =_¿â and 

two partial dislocations in the twin. When the gliding twinning dislocation intersects the two ⟨$⟩ 

dislocations, both dislocations are displaced out of the basal plane, and the bounding partial 
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dislocations in the twin are extended in order to maintain the continuity of dislocations (Figure 

6.3(b) and (b1)). It therefore creates a similar configuration as that in Figure 6.2(b) and (b1). 

Alternatively, a ⟨( + $⟩ dislocation may be directly extended between the node of the two partial 

dislocations and the node of the two ⟨$⟩ dislocations on TB (Figure 6.3(c)). And further TB 

migration lengthens only the ⟨( + $⟩ dislocations (Figure 6.3(d)). 

In general considerations, it is expected that with continuous forward migration of the TB, 

the increase of the energy due to the extension of the line lengths of (1) the interfacial 

dislocations =_¿â and (2) the partial dislocations in the twin as well as (3) the area of the SF 

becomes so large that beyond certain stage, constriction of the dislocations to perfect ⟨( + $⟩ 

dislocations in the twin may be preferred such that the migrating TB would lengthen only the 

⟨( + $⟩ dislocations. 

 

 

Figure 6.3. Extension of the fault with further TB advancement based on the scenario of Figure 

6.1(h). (b) and (c) are two alternatives as TB advances. (b1) and (c1) presents the detailed 

dislocation lines and Burgers vectors connected to the nodes at TB in (b) and (c) respectively. 
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It is admitted that the above evolution is a dynamic process, but in order to assess a 

possible transition between the two alternatives of extension and constriction, the static state 

energies of the two representative configurations of Figure 6.2(b) and (d) are evaluated in the 

following. Straight dislocation segments are considered, and the energy of the system is the sum 

of the elastic self-energy ÜQÄïÆ of all the dislocation lines, the interaction energy Üî™+ between 

each dislocation and the stacking fault energy ÜÆâñï+. Because Mg crystal is nearly elastically 

isotropic [27], the isotropic dislocation theory is employed for the energy calculations. For a 

dislocation line with length N, and Burgers vector =, the dislocation self-energy is obtained from 

ÜQÄïÆ = N
ªáK

ë¡
cos* ¬ +

√ƒ≈K ∆

%s«
ln

ç

éè
      (5) 

where the shear modulus R = 16.5	GPa and Poisson’s ratio Å = 0.35. ¬ is the angle between the 

Burgers vector and the line direction, describing the character of a dislocation line. The 

logarithmic term normally takes a value of 10, representing a large cut-off radius (ã) of the strain 

field of dislocation with respect to the core radius of dislocation (å̀ ). The interaction energy 

between any two dislocation segments denoted by 1 and 2 is obtained from [28] 
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(6) 

In this equation, = and   are the Burgers vector and line direction of each dislocation, and the 

interaction energy is integrated over the whole length of a dislocation segment, from the initial 

coordinates of ¶î, Pî  to the final coordinates of ¶Æ, PÆ , described in a local non-orthogonal 

coordinate system where the ¶ and P axes are aligned with the two dislocations. Œ is a second-
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rank tensor whose explicit expression is provided in [28], specifically for the parallel and 

perpendicular dislocation lines as used in the current simplified geometry. The stacking fault 

energy is the product of the faulted area (~) and the stacking fault energy e∞J = 11.3	mJ/m* [29] 

ÜÆâñï+ = ~ ⋅ e          (7) 

 The geometry adopted to demonstrate the relative rank of energy of the extension model 

and constriction model is presented in Figure 6.4. The important geometric parameters include 

the width of the first partial dislocation loop in the twin of 800$, where $ is the lattice parameter 

(0.321	nm), and the height between the first and the second partial dislocations of 200$, which 

equals the height between the basal planes in the matrix where the two ⟨$⟩ dislocations originally 

lie on. The width (|) of the second partial dislocation loop in the twin is treated as variable, 

representing different extent of the incorporation and transformation of the second ⟨$⟩ 

dislocation from the matrix. During forward migration of the TB, the extension model increases 

the height (œ) of the dislocation junctions at TB, and therefore the length of the associated 

dislocation segments as well as the faulted area between the two partial dislocations. On the 

other hand, the alternative constriction model only increases the length of the two ⟨( + $⟩ 

dislocation segments between the SF and the TB, which is correlated to the value of H. 

The energies of each model are plotted in Figure 6.4(c) for a range of | and œ values. 

The energy of the extension model increases proportional to the amount of extension (H) 

enforced by the TB advancement, and depends weakly on the horizontal width (L) of the inner 

partial dislocation loop. The energy of the constriction model increases much more slowly than 

that of the extension model, arising only from the increasing line length of the two ⟨( + $⟩ 

dislocations. Therefore, at small values of TB migration (small H), the extension model is of 

lower energy, which is essentially consistent with the general preference of the dissociated 



 152 

partial dislocations bounding a fault than a perfect dislocation. With increasing TB migration, the 

extension model brings a rapid increase of energy that the constriction model actually becomes 

the energetically preferred option. The projection of the energy surface in Figure 6.4(d) shows 

clearly that the transition of the energy rank occurs mostly at the sensible value of œ ≈ 375$, 

corresponding to a TB migration of about 120 nm. Based on the above comparison of the end 

states with simplified geometry and arbitrary dimensions, an opportunity is presented that the 

extension of perfect ⟨( + $⟩ dislocations could be an energetically preferred path for a large 

distance of TB advancement. It is recognized that there exist numerous combinations of 

geometric parameters that would change the preference of either the extension and constriction 

model within certain range, e.g. the size of the first and the second partial dislocation loops, the 

distance between the two partial dislocation loops and the distance of TB migration. A 

parametric study exploring the multi-dimensional space of the variables may be necessary for the 

pursuit a low energy path of the transient stages of the dislocation evolutions. 

 In summary, it is demonstrated that the concerted incorporations and transformation of 

two matrix dislocations on different basal planes eventually can enclose a basal 0% SF in twin and 

produce a configuration of two ⟨( + $⟩ dislocations extending between the sessile SF and the 

advancing TB. It is worth mentioning that the two ⟨( + $⟩ dislocations have the same Burgers 

vector but opposite line directions, they hence constitute a dislocation dipole. 
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Figure 6.4. The dislocations configurations representing the two alternatives of (a) extension and 

(b) constriction. (c) is the total energy of the systems at various lengths of H and L. (d) is the 

projection of the energy surfaces, showing the intersection line in two-dimensions. The lengths 

are in the unit of lattice parameter $ = 0.321	nm. 

 

6.3 In situ TEM observations of the ⟨8 + 9⟩ dislocations in twin  

In order to evaluate the proposed formation mechanism of ⟨( + $⟩ dislocations in twin 

from the interfacial reaction, in situ tension experiments were performed in TEM. The samples 

were produced from a pure Mg single crystal containing pre-existing 1012  twins, and was 

annealed to decrease the dislocation density. The preparation of the TEM tensile specimen and 

the experimental procedures are detailed in the previous paper. All the characterizations were 

performed near the co-zone axis, 1210  direction, of the matrix and twin, and at the two-beam 

diffraction condition of 0002 + and 1010 & simultaneously. Therefore, the basal plane in the 
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twin is edge-on, and that in matrix and the TB are only slightly inclined. The visible dislocations 

in twin are ( -containing, and the visible basal dislocations in matrix are either [$%] or $' . 

In Figure 6.5, basal dislocations are motivated to glide toward the TBs by the applied 

tension in the vertical direction. The movement of the basal dislocations are so fast that 

individual dislocations are not captured in two consecutive frames at the current length scale 

with a recording rate of 10 frames per second. The basal slip activity is identified by the 

emergence of the slip traces parallel to the basal plane, e.g. in Figure 6.5(b). The TB is expected 

to be weakly stressed at this orientation by the applied tension, it is yet observed to 

homogeneously migrate forward, presumably due the variation of the principle stress direction in 

this specific region of the thin foil sample [30]. The advancing boundary trails both basal defects 

and non-basal dislocations with ( -component. Based on the previous detailed analysis of the 

defects in 1012  [11-13] and the tendency of the basal segments of ⟨( + $⟩ dislocations to 

dissociate [23, 24], the defects are assumed to be mostly basal 0% SFs, and perfect ⟨( + $⟩ or (  

dislocations on non-basal planes. The non-basal dislocations are long and slightly curved. Many 

appear to lengthen by the advancing boundary with line directions closely aligned with the basal 

plane traces in matrix, e.g. the ones attached to the TB as indicated by yellow arrows in Figure 

6.5(b) and (c). 
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Figure 6.5. Homogeneous TB migration and the evolution of defects in twin under a tension in 

the vertical direction. The twin is roughly horizontal in the middle of the images, with the matrix 

above and below it. The black arrows outside the frames in (b) and (c) indicate the position of 

TB at previous times. The yellow arrows point to the same dislocations that are extended by the 

boundary through (b) to (c). 

 

 The evolutions of several dislocations in the twin are presented in detail in Figure 6.6. 

The dislocations A, A’, B, B’ and C are firstly elongated with one end attached to the advancing 

TB and the other end anchored at basal SFs (Figure 6.6(a) to (b)). They maintain a projected 

length of more than 500 nm, while the dislocations A and A’ even approach 1	µm. With further 

TB advancement (Figure 6.6(c)), the long dislocations A and A’ disappear, and two new 

dislocations A1 and A1’ emerge below the original ones, with the lower end attached to the TB 
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and the upper end at the basal SF. The slightly curved dislocations B and B’ form a semi-loop 

with the upper two ends connected to the basal SF, suggesting that the two original dislocations 

are of the same Burgers vector. It therefore corresponds to the pinch-off of a dislocation dipole. 

Accompanying the formation of the semi-loop, two new dislocations B1 and B1’ emerge below 

it. The semi-loop vanishes at a later time (Figure 6.6(d)), leaving only a basal SF. The difference 

image in Figure 6.6(e) overlays the original and new dislocations in Figure 6.6(b) and (c) 

respectively and suggests a continuation of the dislocations after the upper segments vanished. It 

is inferred from the pinch-off of the dislocation dipoles B and B’ into a semi-loop and its 

subsequent collapse into basal SF that the same process may have occurred for dislocations A 

and A’ as well between Figure 6.6(b) and (c), however, the transient stage was not captured. The 

dislocation C is observed to elongate with the advancing TB (Figure 6.6(a) and (b)) and 

subsequently detach the boundary (Figure 6.6(c)). All the non-basal dislocations are roughly 

perpendicular to the edge-on basal planes in twin, which is conveniently delineated by the 

straight defect contrast on them. On the other hand, the long projected length suggests that the 

dislocations are contained in the TEM thin foil such that they are not intersected by the upper or 

lower foil surfaces while elongating. Therefore, the line direction of the majority of the long 

dislocations should be close to the (  direction and the dislocations are thus more screw type. 
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Figure 6.6. Evolution of the dislocations in twin in the wake of the advancing TB.  The images 

are rotated from Figure 6.5 such that the basal plane in twin is horizontal and that in matrix is 

almost vertical. (a-d) are taken at increasing times. (e) is the difference image of (c) and (b), with 

the white features represent those in (b) and dark features those in (c). The dislocation lines are 

extracted in (f) showing the original dislocations (dashed lines) and new dislocations (solid lines). 
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 Figure 6.7 presents the collective dislocation slip activity of the screw-like (  or ⟨( + $⟩ 

dislocations observed within a time period of 500s. The dislocations are able to glide for a 

projected distance of more than 100 nm, e.g. dislocations 1, 3, 9 and 14. Note that the 1010  

prismatic plane that is closely aligned with the basal plane in the matrix and presumably the 

plane where the ⟨( + $⟩  dislocations are initial formed has a narrow projected length, as 

indicated at the bottom of Figure 6.7 for each column of images. The traces of the basal plane in 

twin and the TB are measured from the respective images. The prismatic plane trace is taken as 

perpendicular to the measured basal plane trace and the projected width is determined by the 

intersected length of the edge-on basal plane with the inclined TB. The projected glide distances 

of dislocations 1 and 3 are larger than the width of the prismatic plane in the images, which 

suggests that they are gliding on non-basal planes that are less inclined in the TEM foil, e.g. the 

pyramidal planes. The dislocations 5 and 13 are examples of dislocation dipoles attached to the 

TB. For the dipole 5, the impingement points of the two dislocations at TB are along the basal 

plane trace in the twin (Figure 6.7(b) and (f)), and their line directions are close to the (  axis 

while slightly curved towards each other. It therefore presents a typical dislocation dipole 

structure lying on the 1010  prismatic plane. Their mutually attractive motions are expected to 

result in dislocations annihilation and thereafter the pinch-off to loops, similar to the evolution of 

dislocations B and B’ in Figure 6.6. 
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Figure 6.7. Collective slip activity of the (  and ⟨( + $⟩ dislocations on non-basal planes in twin. 

(a-d) are the initial dislocation structure in four different regions, and (e-h) are the respective 

final structure after being strained by the tension in the vertical direction for 500s. The difference 

images reveal the direction and distance of the dislocation movements, with the white 

representing the initial dislocations and the black the final dislocations. The directions of the 

dislocation movements are indicated by red arrows. (a) and (e) are montaged images and 

therefore possess vertical stripes of different brightness.  

 

The in situ deformation results present the extension of perfect dislocations in twin by the 

advancing TB, with one end attached to the TB and the other end to the basal SFs in twin. The 
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dislocations appear long and have a line direction close to the (  axis of the twin. The 

experimental observations are consistent with the final stages of the proposed formation 

mechanism in Figure 6.2(d, e) and Figure 6.3(d). Furthermore, the glissile nature the dislocations 

and the observed pinch-off of dipoles stimulate the discussions of the subsequent defect 

evolutions in twin. 

 

6.4 The evolution and morphology of the :1 SFs in twin 

The proposed mechanism suggests that the as-formed ⟨( + $⟩ dislocations constitute a 

dislocation dipole (Figure 6.2(d, e) and Figure 6.3(d)). In both cases, the ⟨( + $⟩ dislocation 

forms a node with the two partial dislocations on basal plane and has the other end attached to 

the TB, as shown schematically in Figure 6.8(a). Assuming a dislocation line direction of ( , as 

observed for the long dislocations during the in situ observations, the transformed ( ± $*  

dislocations are glissile on the prismatic plane in the twin. When the ⟨( + $⟩ dislocation dipole is 

elongated by the advancing TB, the two dislocations can pinch-off due to the mutual attractive 

force between them, forming a semi-loop on prismatic plane attached to the TB and dislocation 

segments on the basal plane still connected to the node with the bounding partial dislocations of 

the SF. The basal segments are edge dislocations and tend to dissociate into the 0%  partial 

dislocations [23, 24]. It therefore corresponds to the unzipping of the node of perfect dislocation 

and partial dislocations from Figure 6.8(b) to (c). The final stage of the evolution is a perfect 

⟨( + $⟩ semi-loop attached to the TB and an independent double looped basal 0% stacking fault 

whose total Burgers vector is the same as the ⟨( + $⟩ dislocation. 
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Figure 6.8. The pinch-off of the ⟨( + $⟩ dislocation dipole and the subsequent dissociation of the 

segments on basal plane. The partial dislocations \% and \* enclose an 0% fault on basal plane. 

The dislocation line directions are indicated by the arrows along the line. 

 

The shape of the fault depicted in Figure 6.8 are idealized by straight segments of the 

bounding partial dislocations. The distance between the two partial dislocations at the lower part 

of the fault (ℎ%) equals the spacing of the two parallel basal planes of the matrix dislocations 

based on the geometry described in Figure 6.1. The dissociation reaction of each straight ⟨( + $⟩ 

segment involves the climb motion of the 1/6⟨2023⟩ type partial dislocations on basal plane, 

which may not require the diffusion of vacancies or interstitials from the surrounding as 

suggested by the atomistic simulation [24]. The initial separation distance of the partial 

dislocations at the upper part of the double looped fault (ℎ*) may represent the equilibrium 

spacing of 20 nm or 37 nm as estimated using different 0% stacking fault energies [23, 24]. 

 The basal 0% SFs generated as a result of the interaction of matrix dislocation with TB are 

presented in Figure 6.9. Both independent double looped faults as well as partially emitted faults 

with one end attached to the TB are observed. The former corresponds to the final proposed 

configuration in Figure 6.8(c), and the latter corresponds to an earlier stage where only one 

partial dislocation is formed and bounds the fault as in Figure 6.1(e). The image was obtained 

near the co-zone axis 1210  of the matrix and the twin, so the basal plane in twin is steeply 
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inclined to the image plane. Since the through thickness direction gives a very short projected 

length of the true dimension, the dimensions of the faults are measured only along the in-plane 

direction. As seen in Figure 6.9, the partially emitted faults are extended very long by the TB. 

For the independent double looped faults, the widths of the faults are not the same at the side 

further from the TB (ℎ% in Figure 6.8(c)) and the side closer to the TB (ℎ* in Figure 6.8(c)), 

whereas both are much larger than the equilibrium value. As discussed above, the separation 

distance of the inner and outer partial dislocation loops firstly depends on the distance of TB 

migration until a second partial dislocation is transformed from a matrix dislocation. The width 

of the fault can further be adjusted by the climb motions of the two loops in pursuit of lower 

interaction energy between all the dislocation segments. Since the 0% SF is essentially a layer of 

vacancies or interstitials on basal plane with a height of 1/2 ( , the climb motions of the loops 

are expected to be facilitated by the local diffusion within the fault while the total area is 

maintained (in the absence of global diffusion). By the symmetry of the interactions between the 

two partial dislocation loops, a final configuration of a fault with approximately concentric loops 

is possible, such as those reported in [31] and in the previous paper. 
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Figure 6.9. WBDF image of basal 0% SFs inside a twin after extensive dislocation-TB interactions, 

as evidenced by the curvature of the TB. The diffraction condition is E = 1011 +. The twin is 

the lower crystal in the image, the matrix is the upper one but does not exhibit diffraction 

contrast. 

 

6.5 Conclusions and outlook 

The current work proposes a formation mechanism of ⟨( + $⟩  dislocations from the 

1012  TB. It is based on the transformation reaction of one $%,'  dislocation in the matrix to an 

0% partial dislocation in the 1012  twin as investigated in the previous work. Due to the sessile 

nature of the partial dislocation, the formation of the ⟨( + $⟩  dislocation necessitates the 

advancement of TB and the concerted transformation of two matrix dislocations from parallel 

basal planes. The crystallographic relationship of the 1012  twin with the matrix creates a 

favorable condition for the constriction of the 0%  partial dislocations to a perfect ⟨( + $⟩ 

dislocation at the interface, which is normally an uphill process in terms of energy. 
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The in situ observations in TEM during tension deformation provide evidences of the 

final stages of the proposed mechanism. The observed slip activity and the pinch-off of 

dislocation dipoles further suggest that 0% stacking faults in a double looped morphology can be 

produced from the perfect 〈( + $〉 dislocations. 

The formation of the glissile ⟨( + $⟩  dislocations and large sessile 0%  SF inside the 

1012  twin is revealed experimentally in pure Mg single crystal where both basal slip and 

twinning are operating. The microstructural features and the evolutions of the dislocation 

structure should be applicable to other alloys systems, unless the movement of TB or the 

energetics of the ⟨( + $⟩ dislocation and 0% SF are greatly modified, for instance, by solute atoms 

or precipitates [32-34]. These defects are important for the plasticity of the 1012  twins. 

According to the Orowan’s equation, the shear strain e = ]=N, where ] and = are the density and 

Burgers vector of the gliding dislocations and N is the slip distance. The collective slip activity of 

the abundant ⟨( + $⟩  dislocations generated at the twin interface is expected to produce an 

appreciable amount of plastic strain. It could relax the stress in the near vicinity of the TB, which 

is suggested to be influential on the TB migration, e.g. [35, 36]. The large sessile 0% SFs are 

potential obstacles for the subsequent dislocation slip. However, the exact interactions with 

dislocations of different Burgers vectors, especially with the ⟨( + $⟩  dislocation, should be 

subject to future investigation, probably following a similar approach as in [37]. 

Careful assessments of the critical stages and the transition paths of the proposed 

mechanism should be carried out in future research endeavors on the scale of both atomistic and 

discrete dislocation simulations, for instance, the interaction of the basal ⟨$⟩ dislocation with 

gliding twinning dislocations, the force experienced by the second incoming ⟨$⟩ dislocation from 
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the existing configuration of the first ⟨$⟩ dislocation, and the constriction of the interfacial steps 

that are the decomposition products of ⟨$⟩ dislocation on TB, to list just a few. 
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CHAPTER 7 COMPREHENSIVE SUMMARY AND 

RECOMMENDATIONS FOR FUTURE WORK 

7.1 Motivations 

In Mg alloys and many other hexagonal metals, the 1012  twinning is an important 

deformation mode. Under appropriate loading, the 1012  twins are activated early during the 

deformation and grow pervasively such that a large volume fraction of the material is consumed 

by twin. The deformation behavior of the twins dominates the subsequent stress-strain response 

of the polycrystalline aggregates. Therefore, it is critical to investigate the dislocation 

substructure in the 1012  twins. On the other hand, the interactions of the 1012  twin 

boundary (TB) with matrix 〈$〉 dislocations are primary interactions in hexagonal metals, as both 

defects are easily generated during deformation via the operation of 1012  twinning and basal 

dislocation slip. A crystallography-based concept of dislocation transformation at the TB was 

proposed more than five decades ago. It provided an opportunity to generate the hard ⟨( + $⟩ 

dislocations which are necessary for the plastic deformation of the 1012  twins and are in 

general considered to be essential for the homogeneous and ductile deformation of Mg. The 

processes of the transformation and the types of defects generated at the interface have not been 
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systematically studied experimentally. The present study therefore aims to address the 

fundamental problems of the transformation and interactions of both perfect and partial 

dislocations near twin boundary. 

 

7.2 Major conclusions 

In a common Mg alloy AZ31B rolled plate that was deformed in such a way that 

twinning dominated the strain accommodation, the crystallography based dislocation 

transformation reaction was confirmed by diffraction contrast analyses in TEM. The reaction 

involves either $%  or $'  matrix dislocation that “transmutes” into ( − $*  or ( + $*  

dislocation, respectively, in the 1012  twin. Collective observations of a number of twins in 

different grains further showed that the 1012  twins contain only 〈( ± $*〉  among all six 

possible 〈( + $〉  dislocations, and the dislocations form a particular distribution inside twin, 

preferentially populating the region near the twin boundary. Besides the perfect 〈( + $〉 

dislcoations, perfect (  dislocations on non-basal planes and ( -containing 0% stacking faults on 

basal plane were also observed. 

Through further experimentation and literature survey, the observed dislocation 

substructure in the polycrystalline Mg alloy AZ31 was identified to be characteristic of 1012  

twins in hexagonal metals. A pure Mg single crystal was compressed along the 1010  direction 

to promote 1012  twinning activity. At a global stress of only 5 MPa, abundant ( -containing 

defects were present in the wake of advancing twin boundaries, in the form of non-basal (  and 

⟨( + $⟩ perfect dislocations and basal 0% stacking faults with widths approaching 100 nm. The 

single crystal deformation experiment suggests that TB migration into stationary matrix 〈$〉 
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dislocations is able to induce the dislocation transformations. Previous researchers presented 

similar evidence from Zr and Zn (low and high c/a ratio hexagonal metals, respectively). 

In order to elucidate the process of the dislocation transformations at TBs and assess its 

effect on TB motion, in situ tension tests were performed in the TEM using oriented pure Mg 

single crystal specimens where basal 〈$〉  dislocations are motivated to glide toward the 

unstressed TB. (1) Local twin growth is observed on unstressed TB subsequent to the 

impingement of gliding basal dislocations. The boundary motion is evaluated to be completely 

induced by the dislocation transmutation reaction with a ratio of one twinning dislocation per 

transformation of two basal dislocations. (2) The advancing TB trails profuse 0% basal stacking 

faults in its wake, with a few short non-basal [(]-containing dislocations. (3) MD simulations 

and interfacial topological analyses reveal that the unit process of dislocation-twin interaction 

involves a matrix dislocation which transforms to a sessile partial dislocation inside the twin 

crystal, trailing a 0% SF, if only the TB advances. Because of the sessile nature of the bounding 

partial dislocation and the low 0% stacking fault energy, the resulting fault can be very large. The 

successive transformations of two 〈$〉 dislocations are expected to enclose the SF by two partial 

dislocations, whose net Burgers vector is equivalent to ( ± $* .  

A formation mechanism of perfect ⟨( + $⟩ dislocations is proposed. It necessitates the 

advancement of TB which results in the correlated transformation of two matrix dislocations 

from distinct basal planes. The resulting geometry creates a favorable condition for the two $  

dislocations to meet at a single point. When this junction is swept by twinning dislocations, it 

results in the production of a ⟨( + $⟩  dislocation at the interface, which is normally an 

energetically uphill process. Once formed it continues to be lengthened by the growth of the twin 

(a la threading dislocations in thin films or solidification). The in situ observations in TEM 
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during tensile deformation support the proposed mechanism and furthermore show that the ⟨( +

$⟩ dislocations formed at the interface are glissile. The pinch-off of dislocation dipoles could be 

responsible for the observed large 0% SFs in a double looped morphology.  

Furthermore, the interactions of gliding dislocations with TB shed lights on the 

understanding of twinning behavior. The TB appears to readily absorb the incident dislocations 

and respond by forward migration. The twinning dislocations generated by the slip-twin 

interaction maintain the coherency of the interface. However, in the absence of sufficient shear 

stress on the twinning shear system, the twinning dislocations would pile up and form large 

interfacial serrations, which impede the passage of twinning dislocations across the serrated 

interface but do not stop the neighboring boundary migration. 

 

7.3 Significance of the work 

The current study identified a characteristic dislocation substructure inside the 1012  

twins which result from interfacial dislocation transformations. It is observed to be applicable to 

pure Mg and the most common commercial wrought Mg alloy, AZ31, as well as other hexagonal 

metals (Zn and Zr). It is significant for the discussion of plasticity for four reasons. (1) The twin 

contains defects that are not easily activated in matrix; (2) the slip activity of the glissile ⟨( + $⟩ 

dislocations could accommodate subsequent strain along the [(]-axis of the twins; (3) the [(]-

containing 0% stacking faults larger than 100 nm are essentially a plate of vacancies or interstitials 

on basal plane and are sessile, they could act as obstacles to gliding dislocations and be related to 

void formation; and (4) the high local density of [(]-containing defects in the vicinity of TB may 

create a hard environment for other slip modes as well as twin boundary migration in either the 

forward or the backward direction (twin thickening and detwinning). Considering the ubiquity of 
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1012  twins, the work revealed a defect substructure that could establish the basis for 

subsequent full-field plasticity modeling and should be appropriately accounted for within mean-

field modeling schemes. 

The processes of the interfacial dislocation transformations are elucidated and formulated 

based on a crystallography based concept proposed more than 5 decades ago. The topic of slip-

1012  twin interactions has been previously studied mostly by atomistic simulations. The 

current work provides the experimental evidences by performing in situ straining in TEM and 

complements such modeling endeavors. The phenomena revealed in this work cover multiple 

length scales, from the atomistic scale generally investigated by using HRTEM or MD 

simulations to dislocation scale and to subgrain level. The work can contribute to the 

development of physically-based constitutive equations of plasticity and hence of predictive 

models for the accurate description of material deformation behavior and design of materials 

with superior mechanical properties. 

The broader impacts of this research are that the fundamental knowledge of dislocation-

twin boundary interaction can potentially be applied to all hexagonal metals, and provide insights 

to other materials where twinning and dislocation transfer through interface are of interest, e.g. 

twinning-induced plasticity (TWIP) steel and shape memory alloys. 

 

7.4 Recommendations for future work 

While this work provides rich information of defect interactions in the vicinity of twin 

boundaries, it also raises more questions and opportunities for future studies. The crux of this 

study is the transformation of basal dislocations $%  and $'  at the 1012  TB when TB 

migrates forward (twin thickening) 
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2× −$% & = 1/6 2203 + + 1/6 0223 + + =+ = ( − $* + + =+ 

2× $' & = 1/6 2203 + + 1/6 0223 + + =+ = ( + $* + + =+ 

where the 1/6⟨2203⟩ type dislocation is the bounding partial dislocation of the 0% stacking fault 

and =+  is the twinning dislocation at the TB. As the TB migrates into the matrix where the 

dislocation density keeps increasing, a heterogeneous distribution of dislocations is formed in the 

twin, as shown in the large-scale observations. 

 

7.4.1 Implementing the dislocation transformations in crystal plasticity (CP) models 

Naturally, the interfacial process revealed in this work should be implemented in a 

dislocation density (DD) based model, e.g. that developed by Beyerlein and Tome [1], to account 

for the different types of dislocations and correlate the evolution of the dislocation densities in 

the matrix and in the twin. In such models, dislocation density is taken as a state variable that 

influences the critical resolved shear stress (CRSS), a parameter defining the activation stress of 

dislocation slip activity that produces shear strain.  

The dislocation transformation reaction should be implemented when any 1012  twin 

variant grows in a grain during straining. The transformation reactions for all the six twin 

variants are listed in Table 7.1. The coordinate systems of the matrix and the twin lattices are 

correlated by 180° rotation around the twin shear direction A% ∥ ⟨1011⟩ (see Section 3.3). When 

a twin grows and consumes the volume of the matrix, the original basal ⟨$⟩ dislocations in the 

volume should be transformed to corresponding dislocations in the twin, with the ratio and 

Burgers vectors defined by these equations. The transformations are in two types: direct 

transmission without changing the Burgers vector and transmutation producing ⟨( + $⟩ 
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dislocations. Since the latter is a special source mechanism for the hard dislocations, the 

evolution of the ⟨( + $⟩ dislocation density in twin is detailed in the following. 

 

Table 7.1. Dislocation transformation reactions for all the 1012  twin variants. The twinning 

dislocation =+ is the corresponding positive twinning shear vector of each twin variant. 

Twin variant Direct transmission Transmutation 

0112 0111   $% & = −$% + 
2× −$* & = 1/6 2203 + + 1/6 2023 + + =+ = ( − $% + + =+ 

2× $' & = 1/6 2203 + + 1/6 2023 + + =+ = ( + $% + + =+ 

0112 0111  $% & = −$% + 
2× $* & = 1/6 2203 + + 1/6 2023 + + =+ = ( + $% + + =+ 

2× −$' & = 1/6 2203 + + 1/6 2023 + + =+ = ( − $% + + =+ 

1012 1011  $* & = −$* + 
2× −$% & = 1/6 2203 + + 1/6 0223 + + =+ = ( − $* + + =+ 

2× $' & = 1/6 2203 + + 1/6 0223 + + =+ = ( + $* + + =+ 

1012 1011  $* & = −$* + 
2× $% & = 1/6 2203 + + 1/6 0223 + + =+ = ( + $* + + =+ 

2× −$' & = 1/6 2203 + + 1/6 0223 + + =+ = ( − $* + + =+ 

1102 1101  $' & = −$' + 
2× −$% & = 1/6 0223 + + 1/6 2023 + + =+ = ( − $' + + =+ 

2× $* & = 1/6 0223 + + 1/6 2023 + + =+ = ( + $' + + =+ 

1102 1101  $' & = −$' + 
2× $% & = 1/6 0223 + + 1/6 2023 + + =+ = ( + $' + + =+ 

2× −$* & = 1/6 0223 + + 1/6 2023 + + =+ = ( − $' + + =+ 

    

Full-field models, e.g. one within a finite element (FE) framework developed by 

Knezevic et al. [2], are suitable to describe the heterogeneous distribution of the dislocations 

inside the twin. As shown in Figure 7.1, when a twin is initially generated inside a grain, it has a 

dislocation density of ]_(>`). The twin grows at each time step >% and >*, increasing the volume 

fraction of the twin by —k(>%) and —k(>*). In the meantime, dislocation transformation occurs, 

transforming the ⟨$⟩ dislocations in the twinned volume to ⟨( + $⟩ dislocations 

—k > ⋅ ]_,“≥â > = 1/2 ⋅ —k > ⋅ ]^,â > − 1  
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Since the dislocation density of the ⟨$⟩ dislocations in the matrix ]^,â  evolves with time, the 

twinned volume inherits different densities. The twin at any time step of simulation is a 

composite body comprising regions of different dislocation densities and hence different 

hardening behaviors. 

 

 

 

Figure 7.1. Schematic illustration of the 

dislocation density in the matrix (]^) and in the 

growing twin ( ]_ ). The twin grows by the 

lateral migration of both TBs from the time >` to 

>% and to >*. Different regions of the twin have 

different dislocation densities resulting from the 

dislocation transformation mechanism. 

  

In mean-field models, the collective behavior of all the dislocations in the twin is taken 

into account. The total dislocation density in the twin at any time step (t) is the average value of 

the density at the previous time step (t-1) and that in the incremented twin volume fraction —k > , 

]_,“≥â > =
k > − 1 ⋅ ]_,“≥â > − 1 + 1/2 ⋅ —k > ⋅ ]^,â > − 1

k > − 1 + —k >
 

In contrast to the twin in the full-field scheme, the twin is a homogeneous body whose effective 

dislocation density is updated at every time step.  

Additionally, it is recognized that the ⟨( + $⟩ dislocations in the twin as a result of the 

dislocation transformations can be in the form of either perfect dislocation or dissociated partial 

dislocations. The population of either type of defect may be influenced by the kinetics of the 
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dislocation slip relative to the TB migration, as discussed in Chapters 5 and 6. A fraction (¶ ∈

0, 1 ) can be assigned in the model and be treated as a free parameter 

]_,“≥â > = ¶ ⋅ ]_,<ÄéÆÄ“+ > + 1 − ¶ ⋅ ]_,<âé+îâï >  

 Furthermore, since the dislocation transformation mechanism is a source mechanism for 

⟨( + $⟩ dislocations, it is expected that probably a new CRSS value needs to be adopted only for 

those in the twin. 

The above discussion concerns the evolution of the density and type of dislocations in a 

simulation volume (or element in a finite element sense) when it is transformed from matrix to 

twin. This information can be used in the constitutive equations of the slip systems in each 

volume/element. On the other hand, the effect of the interface was not accounted. To the author’s 

knowledge, the effect of the internal boundary and the interaction of neighboring grains have not 

been directly accounted in many simulations of polycrystal deformation, except for Lee et al. [3] 

and Lim et al. [4]. The authors [3, 4] developed a DD-based FE model, where grains are treated 

in a finite element sense with many elements per grain. The model uses a two-scale method 

comprised of, firstly, a grain-scale simulation that computes inhomogeneous stress, strain and the 

local generation of dislocation density in each element and, secondly, a novel meso-scale 

simulation that redistributes the mobile dislocation density for each element. For the grain 

interior elements, a slip system is subject to the stress field of the net dislocation density in each 

element, which is obtained from the flux of dislocation density from one element to the adjacent 

element. For the boundary elements, a slip system is additionally subject to the obstacle stress of 

the boundary if the slip dislocation is able to be incorporated or transmitted by the boundary. In 

other words, the interactions of dislocation with internal boundary are accounted by considering 
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the effect of the heterogeneous distribution of dislocation density in the vicinity of the boundary 

and the obstacle strength of the boundary. 

 

7.4.2 Investigating the interactions of the defects in the twin 

The current study reveals that a 1012  twin contains only two out of six 〈( + $〉 variants 

as a result of dislocation transformation, e.g. perfect ( ± $*  dislocations as well as their 

dissociated partial dislocations in a 1012  twin. The dislocation interactions arising from the 

specific Burgers vectors should be investigated, in order to understand the strength of such 

interactions and their effect on the latent hardening of the twin crystals. The interactions between 

various types of perfect dislocations in Mg have been studied in a discrete dislocation dynamics 

(DDD) model in [5]. In order to investigate one specific interaction, a primary dislocation was 

loaded to glide through a forest of dislocations of prescribed Burgers vector and line direction.  

Following the similar methodology, the current study suggests to investigate the 

hardening caused by the partial dislocations. A distribution of partial dislocation double loops 

should be built a priori, according to the TEM observation of the morphology of the 0% SFs. 

Basal ⟨$⟩ dislocations and the transformed ⟨( + $⟩ dislocations are then introduced in the built 

microstructure respectively and are loaded to glide, to induce one specific type of interaction. 

Again, the perfect ⟨( + $⟩ dislocations and the prescribed partial dislocations should belong to 

the two transformed ⟨( + $⟩ variants. 

Furthermore, it is expected that the slip activity of the two 〈( + $〉 variants in a twin 

could lead to shear strain along specific directions and, therefore, lead to strain localization and 

crack formation. This can be tested by loading a simulation box in DDD, where a microstructure 

is built containing the two 〈( + $〉 variants and their dissociated partial dislocations. Since the 
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dissociation of the edge segments of the gliding 〈( + $〉 dislocations on basal plane produces 0% 

SFs, which are plates of vacancies or interstitials, these point defects should be accounted, as 

they could be the precursor of crack formation.  

 

7.4.3 Investigating the critical dislocation configurations at the interface 

Careful assessments of the critical stages of the proposed mechanism in Chapter 6 should 

be carried out in future research endeavors on the scale of both atomistic and discrete dislocation 

simulations, for instance, the interaction of the basal ⟨$⟩  dislocation with gliding twinning 

dislocations, the force experienced by the second incoming ⟨$⟩ dislocation from the existing 

configuration of the first ⟨$⟩ dislocation, and the constriction of the interfacial steps that are the 

decomposition products of ⟨$⟩ dislocation on TB as well as the constriction of the 0%  partial 

dislocations at the junction at TB. 

One critical scenario is the incorporation of the second basal dislocation at the TB that is 

subject to the stress field of the existing configuration of the first dislocation (Figure 7.2). For a 

fixed geometry of the first dislocation, the position of the second incoming dislocation is 

described by coordinates (x, z), representing the horizontal distance of it from the 0% SF enclosed 

by the transformed partial dislocation in twin and the vertical distance of it from the bottom of 

the 0% SF. It is of interest to learn the resolved shear stress on the second dislocation in the [-x] 

direction, i.e. the stress attracting or repelling the second dislocation toward the TB, for any 

position (x, z). The result can be a contour plot in the coordinate system in Figure 7.2, describing 

potential regions of attraction or repulsion. Note that only the second dislocation whose z 

coordinate is H is able to terminate the continuously growing fault with the advancing TB. The 

variation of the stress on the second dislocation along the dislocation line should also be 
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computed to explore which segment of the line is subject to the largest attractive/repulsive stress. 

This result can inform the most probable impingement position on TB. 

 

 

Figure 7.2. Geometry of the incorporation of two basal dislocations at TB. 

 

On top of the above calculation, it is noted that the existing configuration of the first 

dislocation can be described by two variables, the height (H) and the width (W) of the SF. A 

sensitivity study should be carried out to explore how sensitive the stress computed above 

depends on each variable. 

Another critical scenario is the energetic evaluation of the extension and constriction 

model in Section 6.2.2. Specific geometries with arbitrarily assigned dimensions are currently 

evaluated for the purpose of demonstrating the feasibility of the proposed mechanism. It is 

recognized that there exist a number of combinations of the pertinent geometric parameters (œ%, 

œ*, ‘%, ‘* in Figure 7.3) that may change the preference of the proposed mechanism within 

certain range. And a preferred transition path may exist. Certainly, a dynamic modeling in a 

discrete dislocation model can be carried out to explore the evolution of the configuration, which 

presumably requires extensive computational expense. Alternatively, a comprehensive 
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parametric study could be performed by varying multiple geometric variables of the static 

dislocations configuration. The simulations would generate the energies of the competing 

configurations for each combination of the variables and thus constitute a multi-dimensional 

matrix of data. A minimum energy path of the transition may be sought by an algorithm similar 

to the nudged elastic band method with known initial and final states. 

 

 

Figure 7.3. Possible geometric variables for the energetic evaluation of the two competing 

scenarios.  
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