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The Effect of Microstructure on the HEAC Behavior of Monel® K-500

Abstract

Monel K-500 is a Ni-Cu-Al superalloy commonly used in marine applications due to its
high corrosion resistance, high strength, and fracture toughness. This alloy is known to be
susceptible to sub-critical hydrogen environment assisted cracking (HEAC) when immersed in
seawater and exposed to cathodic polarizations. This has resulted in long time (10 year) service
failures of Monel K-500 components during field use, suggesting significant sub-critical
cracking. Previous work has quantitatively established the influence of cathodic polarization on
the HEAC kinetics for a single lot of Monel K-500. The goal of this work is to determine the
extent to which the HEAC behavior varies for Monel K-500 lots that meet alloy specification
(QQ-N-286G); four materials were investigated and termed Tie Rod (TR) 1, TR 2, TR 3, and
Allvac. TR 1, 2, and 3 were taken from engineering components from the field and Allvac is a

virgin material lot.

First, fracture mechanics testing was performed to quantify the HEAC behavior of Monel
K-500 from four different lots in various environmental conditions. Second, detailed
characterization of the microstructure was completed to identify any lot-to-lot variations.
Specifically, the grain size, yield strength, grain boundary impurity segregation, grain boundary
character, crack deflection, and slip behavior were compared. Third, the quantitative HEAC
parameters and microstructure characteristics from the previous two steps were coupled with
results from a parallel study (executed by Prof. J.R. Scully at UVa) to quantify various aspects of
the H-metal interaction. Finally, the micro-mechanical models were used to quantitatively

evaluate how the observed changes in the microstructure may effect HEAC behavior.

Inert environment testing was completed and all materials showed similar behavior,
assuring that differences in HEAC kinetics observed in charging environments are related to the
material-hydrogen interaction. The HEAC kinetics for all materials were characterized at
-950mVsce. No significant difference was observed in HEAC behavior between the four
material lots at this potential. HEAC characterization in the near-threshold potential regime
(-850mVscg) revealed slight variation in Kty and da/dty between TR 1, TR 2, and TR 3. The

Allvac material, on the other hand, did not suffer intergranular failure at this potential. Extensive



material characterization was focused on identifying the microstructural feature(s) present in
Allvac, but not in TR 1, TR 2, or TR 3, that can explain the observed difference in HEAC
susceptibility at -850mVsck.

It is concluded that the similarities in HEAC behavior across all four material lots
observed at -950mVsck is due to the high hydrogen concentrations achieved in the fracture
process zone at such an aggressive potential. This was confirmed using micromechanical
modeling. The small lot-to-lot differences in HEAC behavior observed between the tie rods at
-850mVscE appear to be due to variation in yield strength and grain size between the material
lots. The variation in HEAC behavior between all material lots is observed to be independent
of the fraction of low energy “special” boundaries and of the connectivity of high angle, random
boundaries. No variation in crack deflection or slip behavior between the material lots was
observed. The increased HEAC resistance in the Allvac material is shown to be a result of either
(a) the decreased yield strength of Allvac and/or (b) less sulfur segregation at the grain
boundaries in the Allvac material than in the three tie rods (supported by Auger depth profiling
showing sulfur segregation in TR 2 not present in Allvac, a smaller bulk sulfur concentration in
Allvac than in TR 1, TR 2, and TR 3, and by the smaller grain size of the Allvac material
compared to the other material lots). Finally, micromechanical modeling is put forth that

reasonably captures the effect of sulfur segregation on HEAC behavior in all four material lots.
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bracket while the red bracket shows the observed da/dt for the side cracks. Previously

measured crack growth rates on the Allvac material is shown for reference [8]................

Figure B.7: Proposed mechanism for the progression from (a) mode (I) crack growth dominated

by constraint at the specimen center to (d) side cracking dominated by aggressive crack tip

environment at the SPECIMEN ©AEES. ....eeevvviierieieiiieeiie ettt e e e sere e e e e

Figure B.8: Hydrogen profile for the charged specimen if it were done at 20°C assuming Defr
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values of (a) 1.3x10'° cm?/s and (b) 5.0x10™"" cm?/s and at 70°C assuming D¢t values of

(€) 1.39x10° cm?/s and (d) 5.35X1071% CIMZ/S. ..evuveieieeeeeeeeeeeeeeeeeeeeeee e

Figure B.9: Fracture mechanics testing da/dt vs K; results of uncharged Allvac and TR 2

samples and one precharged TR 1 sample at -1000mMVSCE. ....ceoveeruieeiieniiniieieeieesieeieane
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1 Introduction

Monel K-500 is a Ni-Cu-Al superalloy commonly used in marine applications due to its
high corrosion resistance, high strength, and fracture toughness. Long time (around 10 year)
service failures of Monel K-500 components have been reported on North Sea oil and gas
platforms, deep gas wells, and US Navy sea vessels [1-7]. In the deep gas wells, Monel K-500
components were exposed to hydrogen sulfide in sour gas. This led to failure due to sulfide
stress cracking [4]. In cases of marine service failure, the Monel K-500 components were
immersed in seawater and exposed to cathodic polarizations aimed at protecting adjacent carbon
and low alloy steel structures. Subsequent failure analysis and previous laboratory testing
suggests these failures were due to environment assisted cracking (EAC) [1, 2, 5-8]. This EAC
failure morphology in Monel K-500 is largely intergranular (IG) with small amounts of
transgranular (TG) [6, 8-11]. Prior work quantitatively established the influence of cathodic
polarization on the EAC kinetics for a single lot of Monel K-500. This work coupled
micromechanical damage models with a detailed empirical description of crack tip H-
concentration to successfully interpret the observed dependence on cathodic polarizations

pertinent to component service conditions [8, 12].

Since the QQ-N-286G specification governing Monel K-500 testing is a property driven
document [13], the possibility of microstructure variation between lots of aged Monel K-500
exists. Slow sub-critical EAC cracking associated with long-life component failures and modern
high fidelity quantitative characterization techniques that can to quantify crack growth kinetics
suggest that fracture mechanics based modeling can be applied to enhance structural component
design and management [8, 10, 14]. The current study will employ the methods developed and
detailed in prior work [8, 12] to understand the degree of metallurgical differences present in
material lots that satisfy the specification and how they influence the EAC susceptibility. The
experimental and mechanistic understanding developed in this work will inform the extent to
which metallurgical differences within QQ-N-286G specification need to be included in micro-

mechanical and LEFM-based modeling.

1.1 Introduction to Hydrogen Environment Assisted Cracking (HEAC)

Previous studies of pure nickel and nickel alloys demonstrate they are susceptible to H-



embrittlement [8, 11, 15, 16]. Loading of high purity nickel specimens precharged with
hydrogen via exposure to low pressure [15] or high pressure [16] hydrogen gas at elevated
temperatures, demonstrated a transition from ductile microvoid coalescence to brittle IG cracking
[15, 16]. This was attributed to segregation of internal hydrogen to the grain boundaries
suggesting that hydrogen in the microstructure can cause a change in cracking behavior and
fracture surface morphology. Fracture testing of nickel superalloy 718 (Ni-18Cr-18Fe-3Mo)
single edge notched (SEN) specimens in chloride solution at potentials cathodic to the open
circuit potential caused a transition in fracture morphology from microvoid cracking to a mixture
of IG and TG cracking and decreased cracking threshold below what was measured in inert
environment testing [11]. Furthermore, the amount of microvoid cracking and the threshold
stress intensity continued to decrease with decreasing pH under otherwise constant conditions,
signaling more severe embrittlement associated with environments that will produce higher

levels of H [11].

Finally, previous fracture mechanics testing on a single material lot of Monel K-500
demonstrated exposure to 0.6M NaCl solution coupled with cathodic applied potentials below
-800 mVsck causes IG cracking, decreased cracking thresholds, and increased crack growth
kinetics compared to polarizations above -750 mVscg and inert environment testing where
microvoid coalescence is observed [8]. Furthermore, increasingly cathodic potentials, lead to
decreased threshold stress intensities and increased crack growth rates. The increasingly
cathodic potentials were shown to correlate to higher concentrations of diffusible hydrogen at the
crack tip, leading to increased local embrittlement [8]. In all systems studied and shown to be
susceptible to HEAC, hydrogen embrittlement becomes more severe with (1) increased levels of
H-charging or (2) in environments that will readily produce H at either the crack tip or the broad
surface, and are characterized by an increased percentage of a brittle cracking morphology, lower
cracking threshold, and /or increased crack growth rates compared to testing in the absence of

hydrogen.

The effect of cathodic potential on the HEAC behavior in Monel K-500 in sodium
chloride electrolyte has been established in the literature. Fracture mechanics testing of SEN
samples showed that for increasingly cathodic levels of applied potential, the amount of IG

cracking increases [8, 17, 18]. This behavior is consistent with the HEAC mechanism in that



increasingly cathodic potentials increase the over-potential for H production [8, 12, 19]. Thus,
more hydrogen is available to migrate to the crack tip fracture process zone (FPZ), leading to
increased hydrogen embrittlement [10]. This was demonstrated via an artificial crevice
electrochemical analysis of Monel K-500, where increased diffusible H concentration (Cu-pify)
was measured at increasingly cathodic potentials for various crevice geometries [8]. The
concentration of hydrogen at the maximum hydrostatic stress ahead of a crack tip, termed Cyo,
increases as Cu.pifrincreases and intergranular fracture is enabled when Cue reaches a critical
concentration value, Cu.ciit[8, 10]. Therefore, there exists a threshold cathodic potential, termed
the threshold potential, above which a sufficient Cy-pifr is not achieved to allow HEAC to occur.
Previous work established the relationship between applied potential and hydrogen
concentrations at the crack tip, quantified the threshold stress intensity for HEAC and da/dtn, and
accurately predicted the threshold potential for one material lot of Monel K-500, [8].

Of critical importance is the relative impact on the HEAC crack propagation from H
production at the crack tip and at the bold surface away from the crack. Of these two hydrogen
sources, the bold surfaces experience enhanced hydrogen production rates due to a larger over-
potential compared to the crack tip [12]. The relative influence of each hydrogen source will
depend on the testing duration, component/specimen geometry, hydrogen diffusivity, the
potential and electrolyte of interest, and the loading rate. Prior research on Monel K-500
demonstrated the intensified, 3-dimensional stress state located at the crack tip dominates over
the increased hydrogen production at bold surfaces during testing of 2.54 mm thick SEN(T)
specimens, at loading rates of 0.33 MPaVm and 1.1 MPaVm, in 0.6M NaCl, while being held at
cathodic potentials between -700mVsce and -1.1mVsce [8]. They argued hydrogen produced at
the bold surfaces had a secondary contribution to HEAC because of the long diffusion distance
from the bold surface to the hydrogen damage sites in the FPZ (half the SEN(T) thickness). This
was supported with hydrogen diffusion distance 2V(Desrt) calculations, where Defr is the effective
diffusivity in Monel K-500 and t is time. Their analysis (using 1.3x107'° cm?/s as Defr) suggested
a maximum diffusion distance of 0.16 mm, much less than the half-thickness of the SEN(T)
specimen [8]. In comparison, hydrogen produced at the crack must only diffuse to the location
of maximum hydrostatic stress ahead of the crack tip (around 1 um) [8, 10]. In addition, SEM
fractography of all IG surfaces showed uniform crack fronts with no enhanced growth near the

bold surfaces, supporting the crack tip H uptake dominance over uptake at bold surfaces [8].



1.2 HEAC Mechanism and Modeling

Some proposed mechanisms for H-induced cracking include hydrogen-enhanced
decohesion (HEDE), hydrogen-enhanced localized plasticity (HELP), and adsorption-induced
dislocation emission (AIDE) [8, 10, 20, 21]. Other cracking mechanisms have been proposed,
including cracking through/along a (Ni,Cu)xH hydride which may form at 298 K with
sufficiently high H concentrations (10 to 25 ppm) [20, 22, 23]. In this study, electron
microscopy did not reveal the existence of a hydride phase or nano-scale cracking associated
with cracking from these precipitates [8]. While the prominence of each damage mechanism in
the HEAC of Monel K-500 remains controversial, recent TEM work supports a combination of
HEDE and HELP [24]. Plastic damage accrued at the grain boundary leads to increased local
stresses through work hardening. This in turns promotes H enrichment at the grain boundary due
to increased H trapping in the dislocation substructure and H transport via dislocation motion [8,
24, 25]. The combination of increased stresses due to work hardening and increased H
concentration (that decreases cohesion strength at the grain boundary) work together to promote

intergranular fracture over transgranular fracture [8, 24, 25].

Two fracture mechanics parameters typically used to characterize HEAC of an alloy
system are threshold stress intensity (Ktn) and stage-two cracking growth rate (da/dtn). The Ktu
is the stress intensities below which no HEAC is expected and the da/dty is an observed upper
bound where further increases in K do not result in faster sub-critical crack growth. It has been
proposed that this plateau is the result of a diffusion limitation of the hydrogen from the crack tip
surface to the location of highest hydrostatic stress within the FPZ. Micromechanical models
have been put forth to describe the K and da/dt based on the HEDE mechanism of final failure.
Such models have been successfully applied to high strength steels and, more recently to Monel

K-500 [8, 10, 26, 27].

The model of Kty is shown in equation 1,

ﬂl a”O_YS

K, -+ exp{w} (1)

where 3’ [(MPa\/m)'l] and o’ [MPa-m] are constants from modeling of stresses at the crack tip,

Chs 1s the atom fraction concentration of hydrogen in front of the crack tip in the FPZ, Kic



[MPavVm] is the intrinsic Griffith toughness (of the grain boundary for IG cracking), a
[MPavm(atom fraction of hydrogen)™'] is a weighting factor defining how effective hydrogen is
at lowering Kjg, and oys[MPa] is the yield strength [26, 27]

For many high strength alloy-environment conditions, da/dty is rate limited by hydrogen
diffusing to the FPZ approximately, a similar HEDE based micro-mechanical model has been

proposed:

2
(&), ()] ®
where Defr is the effective diffusivity of hydrogen through the material and accounts for the
presence of trap sites in the alloy, Xt is critical distance in front of the crack tip where crack
advance nucleates, and Cho-crit 18 the critical concentration of hydrogen necessary to activate
decohesion at X¢it [8, 10]. The parameter Xcrit is on the order of one um for many high strength
alloys and is related to the position of maximum hydrostatic stress in front of the crack tip [8].
The two values chosen for Defr for modeling in this project were 5.0x10!! cm?/s and 1.3x1071°
cm?/s and were taken from previous hydrogen studies in Monel K-500 [12, 28]. Previous
modeling using Desr of 1.0x1071° cm?/s suggests an upper bound for da/dty of 1.7x10™! um/s,
measured at a severe cathodic polarization (up to -1100mVscg) where the ratio Che-crit/Cho is on

the order of 0.1, and the inverse error function approaches 1. Further increases in cathodic

potential were shown to only lead to small increases in da/dty [8].

The diffusible hydrogen concentration in the matrix, Cu.pitt, is the sum of hydrogen
concentration in the lattice, Cr, and the concentration of reversibly trapped hydrogen at room
temperature, Crr[8, 12]. The hydrogen concentration at the point of maximum hydrostatic

stress, CHo, in Equations 1 and 2 is related to Cu-pitr and can be calculated as

1- 1- E
C,.=|C, Cr exp TV 1+ Chr exp| —2 ||, (3)
1-C, RT 1-C, \RT

where CLs 1s the hydrogen concentration in a stress enhanced lattice, Ep is the hydrogen trap

binding energy of trap sites near the crack path, R is the gas constant, T is temperature, oy is the

hydrostatic stress located a distance of Xcit ahead of the crack tip, and Vu is the partial molar



volume of hydrogen in a nickel lattice, 1.73 cm®/mol H [8]. The hydrostatic stress, on is 3 to 20
times the yield strength of the alloy [29]. In this project, on is assumed to be 12 times the yield
strength, consistent with previous crack growth modeling and recent mechanism-based strain
gradient plasticity modeling with an Xt in the range of 100 to 1000 nm [8, 30]. The most
influential trap sites in this alloy are y’ (NizAl) precipitates, with a trap binding energy of 10.2
kJ/mol + 4.4 kJ/mol at a 95% confidence interval [12]. The volume fraction of y’ is expected to
be 6-10 volume percent, and the precipitates are homogeneously distributed throughout the
matrix [12, 31]. Metal carbides, such as TiC, are present in the material and have higher trap
binding energies, but do not dominate hydrogen trapping behavior due to their low volume
fraction, which was not resolvable in previous XRD analysis on aged Monel K-500 material
[12]. In addition, the morphology and distribution of the metal carbides has been shown to be
nearly independent of the heat treatment process [31]. Therefore, the consistency in titanium
content found in all the material lots studied (shown in Table 2.1) justifies the assumption that

there is a similar metal carbide volume fraction for all of the material lots.

Equation 3 can be simplified via three observations. First, previous researchers argue for
potentials between -1200 mVsce and -700mVsce, the concentrations of hydrogen in the matrix,
Cr and Cu-pifr, are much lower than one, justifying 1-Crr = 1-Cp =1 [8]. This is supported by
previously measured diffusible H atomic fractions in aged Monel K-500 at room temperature,
which demonstrate Cr and Crr are below 0.003 atomic fraction H[8]. Secondly, the binding

energy of the reversible y’ trap site at room temperature is 10.2 kJ/mol. Inserting this into the

E
binding energy term in Equation 3 demonstrates exp(ﬁj is much greater than 1. Therefore,

1+ 1=Cr exp(&j ~ 1 =Cr exp(ﬁJ . These two simplifications lead to
1-c, "\RT) 1-C, “\RT

C,. = [(1 - CLU)exp(GZ—;Hﬂ {CL exp(llj—;ﬂ _ (4)

Third, for the potential range considered in this project, Crs is between 0.05 and 0.10

atomic fraction H, making 1-C,_ =1 [8]. Also, by definition Cu.pift is equal to the second

bracketed term in Equation 4. Therefore,
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Ho H-Diff p( RT j (5)
The relationship between Cu-pisr and the overpotential for hydrogen production at the crack tip nu
was established using thermal desorption spectroscopy (TDS) on Allvac Monel K500 material to
be

C_pyy(Wwppm)=—3.37 —0.0857,, (mV ) [8]. (6)

The relationship between Cu.pitr and applied potential was experimentally determined

using artificial crevice testing coupled with the Ch.pir vs nu relationship to be
Cpypy =—52.5-0.0687E,, , (7

where Cu.pifris in wppm and Eapp 1s the applied potential in mVsce [8]. Equation 7 allows for the
determination of Kty and da/dtn as a function of applied potential. It also shows that Cx.pisr at
the crack tip decreases as E,pp increases and that hydrogen will enter the crack tip at all potentials
less than -764mVsce. However, metallurgically different Monel K-500 lots may have a different
relationship between Cu.pifrand Eapp than what was determined for the Allvac material. This was
demonstrated when similar analysis on another lot of Monel K-500 from Special Metals resulted

in a Cu.pifr vs nu relationship of
CH—Diﬁ"(prm) =—6.97-0.1967, (mVSCE) [8]. (3)

Comparison between Equation 6 and Equation 8 shows the lot from Special Metals
adsorbs 2.3 times more hydrogen than the Allvac material at identical overpotentials. Such
differences in the hydrogen uptake are related to metallurgical variation between the material lots
[8]. This finding suggests a potentially significant effect of lot-to-lot variations in the H uptake,
trapping, and/or diffusion behavior which may influence the HEAC behavior.

1.3 Metallurgy Effects on HEAC
The QQ-N-286G that governs production and purchase of age hardened Monel K-500 is

a property driven specification; specifically, the material passes the specification as long as it
exceeds the minimum required yield strength of 690 MPa, shows satisfactory corrosion

resistance, and the alloy composition matches the specifications shown in Table 1.1 [13]. A



nominal final heat treatment for Monel K-500 components is: 16 hours at 866K, cool at 14K/hr
to 755K, and air cool to room temperature [13], yielding y’(coherent NizAl) precipitates in a Ni-
Cu solid solution matrix [31]. The y’ precipitates are coherent, spherical, and uniformly
distributed throughout the matrix, allowing for significant precipitate strengthening [32]. The
expected grain structure would be polycrystalline, isotropic grains with an average grain size on

the order of tens of um [12, 31].

Table 1.1: QQ-N-286G element composition standard for alloy Monel K-500.

Elements Ni Cu Al Fe | Mn Si Ti C Co S P Sn Pb
%o %o %0 %o %o %0 %o %o Yo wppm | wppm | wppm | wppm
QQ-N-286G >63.0 | 27.0- | 2.3- | <2.0 |<1.5 | <0.5 | 0.35- | <0.18 | <0.25 <60 <200 <60 <60
Federal 33.0 | 3.15 0.85
Spec.

While there is a suggested heat treatment included in the federal specification, any heat
treatment may be used as long as the material passes the above criteria. As such, there is no
explicit control over microstructure or higher-order materials properties (e.g. HEAC, fatigue, etc)

to ensure consistency between material lots passing the QQ-N-286G federal specification.

The HEDE based models above provide a framework to quantitatively evaluate the effect
of varying metallurgy between different lots of aged Monel K-500 on the HEAC behavior. From
a damage mechanism perspective, such lot-to-lot difference could potentially influence hydrogen
solubility, Deft, crack tip stress behavior, Kig, slip behavior, and the potency of hydrogen in
embrittling the grain boundary. A difference in charging behavior has already been observed
between two lots of Monel K-500 passing federal specification; specifically, different Cu-pifr
versus Eapp relationships were observed [8, 12]. This implies that at the same applied potential
each lot would contain a different Cu.pisr, which has been shown to affect Cus, Ktn, and da/dtn

through Equations 5, 1, and 2 respectively.

1.3.1 Introduction to the Metallurgy of Monel K-500

Nickel enjoy high solubility with other alloying elements, which has led to the
development of several commercial Ni-based alloys. Copper and nickel share complete solid
solubility while iron, cobalt, chromium, and molybdenum are soluble in nickel to various but

significantly high concentrations [33]. The basic composition requirements for Monel K-500 are



given in Table 1.1. The FCC nickel (y) matrix typically is strengthened by solution
strengthening, carbide precipitation, and/or precipitation hardening. Solution strengthening in
Monel K-500 is provided by iron and cobalt to some extent. Aluminum and titanium can also
serve as solid solution strengtheners in nickel alloys, though in Monel K-500 these elements are
precipitated out purposefully to form the y’ precipitate phase [32, 33]. Carbide precipitation is
beneficial in that it can help control grain growth if they are precipitated along the grain
boundaries [33]. The metal carbides present in Monel K-500 are large inclusions spread far apart
from one another in the matrix, therefore do not provide significant strengthening to the alloy
system [32]. Precipitation hardening leads to the most strengthening in the Monel K-500 alloy
system [31-33]. Specifically, the y’ (Ni3Al) intermetallic phase is precipitated extensively
throughout the microstructure. This phase has an ordered L1> structure, with Ni on the faces and
Al on the corners, and has a 1% or less mismatch with the nickel-copper matrix [33]. Alloy
hardness and strength increase with volume of y’ and with y’ precipitate size. The particle size
increases as a function of temperature and time, while the volume percent of y’ formed is a
function of the amount of hardening elements present in the alloy composition, assuming the
cooling rates are slow enough to allow complete precipitation of the y* phase [33]. The primary

v’ formers in Monel K-500 are aluminum and titanium.

Final heat treatment of Monel K-500 is focused on producing the appropriate y’ size
distribution and percent volume to yield the desired characteristics. Desired y’ distributions are
achieved by manipulating the alloy temperature within a range slightly below the y’ solvus,
which is between 973 and 1023 K [31]. Two typical heat treatments to age harden Monel K-500
alloys are given in the federal QQ-N-286G standard. The first heat treatment is to heat the alloy
to 866-880 K and hold that temperature for 8-16 hours, followed by a furnace cool to 755 K at 7-
16 K/hr, and finished by air cooling [13]. The other heat treatment starts by holding at 866 K for
16 hours, followed by a furnace cool to 811 K and holding that temperature for 6 hours, followed
by another furnace cool to 755 K with an 8 hour hold at that temperature, and ending with an air
cool [13]. Often times the cooling rate, number of temperature holds, and holding temperatures

are adjusted, yielding different y’ precipitate size distributions.

In nickel alloys, grain size is refined through cold working before annealing for the final

age hardening heat treatment [33]. The variation in grain size evident in Figure 3.16 suggests



that the Allvac material was cold worked more than TR 1, TR 2, and TR 3 prior to aging.
Usually, the grain diameter is kept on the order of tens of pm in diameter up to a maximum of 64

um to yield a suitable combination of strength and ductility [33].

1.3.2 Mechanical Properties

Differences in crack tip hardening behavior would be reflected by differences in cys and
in the Ramberg-Osgood flow rule constants used in the J-integral analysis to account for
specimen plasticity. Minimal influence of J-plastic was observed in severe cathodic polarization
environments in prior testing on Monel K-500; however, plastic contributions would increase as
cathodic polarization decreases, prior analysis showed up to a 25% increase above the elastic
driving force for K > 60 MPaVm for testing in inert environment [8]. Differences in yield
strength would lead to lot-to-lot variation in maximum stresses in the FPZ (on). This would lead
to different hydrogen concentrations, Cus, at the point of damage nucleation described by Xcrit
and affect the da/dtrr crack growth rates according to Equation 2 and lead to lot-to-lot variation in
Kt according to Equation 1. However, a direct comparison of Kty is complicated due to the
effects of other metallurgical differences possible between lots such as grain size, grain boundary
character, and impurity segregation, which are known to also affect Kty in nickel alloys and high
strength steel [15, 16, 34-37]. Instead, differences in hardening would be better studied by
tensile testing to directly measure the strain-load behavior to calculate oys and the Ramberg-

Osgood flow rule constants.

Differences in slip behavior between lots may also lead lot-to-lot variation in the
measured HEAC kinetics. It has been suggested that the slip behavior is important and depends
on the distribution and size of the y’ particles in the alloy [24, 32]. The y’ attributes will depend
on the heat treatment and therefore may differ between material lots used in the field [31]. The
slip behavior has been shown to correlate to slip traces on the grain boundary facets [24].
Therefore, large variation in y’ distribution would lead to obvious differences in slip trace height
and/or density. A first order comparison of the slip behavior between material lots will be
accomplished via SEM fractography to investigate any such obvious lot-to-lot variation in y’

distribution and size.



1.3.3 Grain Boundary Segregation

Segregation of certain elements such as S, P, Sn, or As are known to cause embrittlement
at prior austenite grain boundaries in high strength steels and nickel based alloys [10, 34, 38].
The bulk sulfur content in Monel K-500 is kept very low to inhibit degradation of material
properties. The federal specification calls for below 60 wppm sulfur concentration, though often
sulfur concentrations below 10 to 20 wppm are achieved, as evident in Table 2.1 and the
literature 8, 12, 39]. While sulfur segregation alone can lead to local embrittlement and IG
fracture, simultaneous sulfur and hydrogen segregation may lead to the more damaging
embrittlement than sulfur or hydrogen segregation alone, with the effects being at least additive
[39-41]. This has been demonstrated in pure nickel, where an average atomic sulfur
concentration at the grain boundary of S/Ni = 0.10 does not lead to IG fracture in the absence of
hydrogen. However, coupling the same sulfur concentration with trace amounts of hydrogen
leads to significant IG fracture [39]. Previous study on deuterium grain boundary segregation in
pure Ni demonstrated S segregated on the grain boundaries increased the extent of deuterium
segregation, suggesting a synergistic between S and H [42]. The presence of impurities such as
S at the grain boundaries may lead to greater hydrogen concentrations by increasing the
probability of hydrogen adsorption [43]. Other work on sulfur segregation in low strength Cr-
Mo steel suggests co-segregation of sulfur and hydrogen leads to an increase in grain boundary

embrittlement that was at least additive [44].

Differences in atomic grain boundary segregation, specifically sulfur and hydrogen,
between material lots could detract from inherent strength of the boundary [4, 15, 28, 34, 38, 39].
From a modeling perspective the effect of this sulfur segregation on the inherent toughness of the
GB would be captured by reducing Kic via an additional term in Eqn. 21 that would describe the
potency and concentration of sulfur at the grain boundary and potentially a higher potency of H
(per atom fraction) if there is a more than additive effect of H and S segregation [8, 26]. An
indirect measure of potential differences in grain boundary segregation can be achieved via trace
elemental analysis that would unveil bulk impurity concentration differences between material
lots. Extrapolation of such data to the degree of segregation is complicated by grain boundary
orientation dependent binding energies and the inherent dependence of the density of segregation
sites on the grain size. However, grain boundary segregation may be directly measured via

Auger depth-analysis on grain boundary fracture surfaces.



1.3.4 Hydrogen-Metal Interaction

A companion study is investigating several aspects of the hydrogen-material interaction;
including measuring the trap affected diffusivity, Detr, the concentration of diffusible hydrogen,
Chu-pift, the total hydrogen concentration, Ch-total, and the trap binding energy of the y’ trap sites,
Eg. The effect of Desr is shown in Equation 2, da/dty is directly related to Defr. The concentration
of hydrogen in the FPZ, Cus, 1s directly related to Cu-pisr, as shown in Equation 5. Thus, an
increase in Cu.pift would lead to an increase in da/dt at a constant applied K. Lot-to-lot variation
in hydrogen trapping behavior, described by the trap binding energy, Eg, would also affect
HEAC kinetics and is probed in a companion study. Previous study on one material lot of aged
Monel K-500 asserts that the hydrogen trapping is dominated by the y’ precipitates [12]. The
volume fracture of these precipitates are not expected to vary significantly between material lots
passing federal specification [31]. Therefore, meaningful hydrogen trapping behavior variation

is not likely, but still remains a possibility and warrants investigation.

The kinetics of the hydrogen evolution reaction (HER) are also to be measured for each
material lot studied. Differences in HER kinetics may lead to different Cu-pifr and Ch-total
between material lots, and contribute to different HEAC kinetics. Each of these factors may
significantly contribute any lot-to-lot variation in the HEAC behavior and future work should
consider these factors context of the mechanistic models as further data is available from this

companion study.

1.3.5 Grain Boundary Character

The morphology of the HEAC cracking in Monel K-500 is largely intergranular, as such
1s it critical to investigate the character of the grain boundaries with respect to their (1) chemical
composition, (2) the crystallographic orientation relationship between grains, and (3) grain size;
each of which may be inter-related. Correlating changes in these characteristics with any lot-to-

lot variations in HEAC behavior will provide insight into the governing mechanisms.

1.3.5.1 Grain Boundary Misorientation

Researchers have found that hydrogen embrittlement can be significantly reduced by
reducing the fraction of random, high angle grain boundaries through the introduction of low
energy grain boundaries termed “special” grain boundaries [16]. Special boundaries are low

energy grain boundaries characterized by satisfactorily (below 15°) low misorientation angles



and/or coincident site lattice (CSL) boundaries. CSL boundaries are grain boundaries with
particular angles of misorientation corresponding with a high fraction of common lattice points
among to two grains at their boundary. There are several misorientation angles, 6, at which this
occurs [45]. Each 0 is coupled with a unique X number, corresponding to the reciprocal of the
number of coincident lattice sites for that misorientation angle, and theoretical CSL orientations
have been classified for cubic systems [46, 47]. For example, a 6 of 60° corresponds to one third
of the lattice points in two adjacent cubic systems aligning. Therefore, this boundary is termed a
>3 boundary [46]. Misorientation angles that do not relate to coincident lattice sites are termed
random angle boundaries, which have been associated with higher grain boundary energies when
0 is larger than 15° [37, 48]. The effect of grain boundary orientation on the HE behavior is
controversial and has been attributed to either (1) increased H-concentrations associated with
higher energy trap sites along random, high angle boundaries [48, 49], (2) high angle boundaries
serving as preferential sites for impurity segregation [37, 39] and/or (3) increased hydrogen

diffusion along high angle, random grain boundaries.

Regarding the first mechanism, random, high angle boundaries are known to have higher
local stress, interfacial energy, and strain levels than “special” low energy grain boundaries due
to the increased misorientation and dislocations necessary to accommodate such misorientations
[37, 49]. The local stresses and dislocations along the grain boundary serve as trap sites and
attract hydrogen to the boundary, leading to increased hydrogen concentrations along the
interface compared to the grain interior [16, 37, 48, 49]. Jothi, Croft, and Brown investigated
hydrogen concentration as a function of misorientation angle at the grain boundary via
computational modeling on bi-crystal nickel. They found maximum hydrogen concentrations
occurred on grain boundaries with misorientation angles between 15° and 45° [49]. Lower
interfacial energy, which is associated with “special” boundaries, results in less hydrogen
diffusing to those boundaries and makes them more resistant to HEAC than random, high angle

boundaries [16, 37].

Regarding the second mechanism, grain boundary character affects impurity segregation
by a similar mechanism, which has been shown to be lower at “special” grain boundaries than at
random, high angle boundaries. This was demonstrated, when lower sulfur and bismuth

segregate coverage in copper was measured at special grain boundaries compared to random



angle boundaries [50-52]. Sulfur is known to embrittle grain boundaries in nickel alloys [16, 39,
53], potentially increase the potency of hydrogen in embrittling the grain boundaries [39], and
intrinsically decrease the ductility of the alloy [16, 54], justifying the desire to replace high
energy random grain boundaries with low energy special boundaries through grain boundary
engineering (GBE). Recently, resistance to sulfur segregation induced IG fracture was improved
by Kobayashi et al. in high purity nickel using GBE to lower the connectivity of the random
angle boundaries in the alloy [53]. A similar trend of decreased HEAC susceptibility with

increasing fraction of special grain boundaries is expected in Monel K-500.

Regarding the third mechanism, recent research suggests that grain boundaries serve as
preferential sites for both trapping and enhanced diffusion depending upon the character of the
grain boundary [36, 49, 55]. Increasing hydrogen diffusion. Defr, and solubility have been
observed in nickel bicrystals and polycrystals with increasing fraction of random, high angle
grain boundaries with misorientation angles larger than 15° [36, 49, 55]. In the same studies, low
energy grain boundaries, consisting of low-angle grain boundaries and “special” boundaries (X£3-
229), either have lower hydrogen solubility [49] or act as weaker traps at room temperature
compared to random, high angle grain boundaries [55]. This leads to higher local hydrogen
concentrations at the random, high angle boundaries than at the “special” boundaries. Thus, the
HEAC resistance can be improved by lowering the fraction of susceptible random, high angle

boundaries in the microstructure.

1.3.5.2 Grain Boundary Connectivity

Regardless of the controlling mechanism, there is significant evidence that increasing the
number of special boundaries into a microstructure is an effective method of increasing HEAC
resistance [16, 37, 49, 53, 54]. This GBE approach to improving HEAC behavior is predicated
on reducing the availability of a susceptible grain boundary path for HEAC; specifically,
eliminating or reducing the connected high angle grain boundary path. Previous researchers
have found that HEAC susceptibility, as well as susceptibility to other intergranular phenomena,
can be controlled by decreasing the percentage of random high angle boundaries in the system.
[37, 54, 56]. For example, the intergranular stress corrosion cracking (IGSCC) of sensitized
stainless steel is known to increase significantly when the percentage of random high angle

boundaries exceeds 23% [37]. Similarly, Somerday et. al. showed that lowering the fraction of



random angle boundaries from 65% to 38% by number in Nickel 201 tensile specimens
improved resistance to HEAC cracking. Specifically, the 38% random boundary specimens
resulted in less IG cracking and higher fracture toughness though IG fracture was not completely
prevented [16]. These works suggest that variation in grain boundary character between Monel
K-500 lots passing the QQ-N-286G federal specification may result in different HEAC behavior
between the material lots. Detailed quantification and analysis of the connectivity of the 3D
grain boundary path ahead of an advancing crack is non-trivial, such efforts will be discussed

further in the Discussion.

1.3.5.3 Grain Size

The effect of grain size on the HE behavior of various alloys has been reported.
Threshold stress intensities for HEAC in in a Fe-Ni-Co 7y’ strengthened superalloy, IN903,
increased from 30 to 41 MPaVm as the grain size increased from 23 to 172 pm when stressed in
high pressure hydrogen gas [35]. Subsequent testing on the same alloy in a separate study
showed similar improvement in HEAC resistance with increasing grain size until an IG to TG
transition was revealed as the grain size increased above 100pm. The transition was caused by a
change in cracking mechanism from HEAC to strain based slip band cracking [57]. A similar
trend of increasing threshold stress intensity with increasing grain size was also seen in IN 718, a
Ni-Fe-Cr alloy [11] and in pure nickel [36]. However, increasing grain size does not always
correlate to improved HEAC resistance. For one, the threshold stress intensity was determined
to be independent of grain size for a Fe-3.5Ni-1.7Cr-0.3C alloy for grain sizes ranging from
40um to 500 um [34]. Understanding the effect of grain size on HEAC behavior is complicated
due to the other material parameters being altered with changing grain size; specifically, the
yield strength, impurity coverage on the grain boundaries, and projected crack path are likely

affected by grain size in Monel K-500.

The yield strength relationship on grain size is described as:

oys = M(ay + ky - d—m), )
where M is the Taylor orientation factor, 6, is the friction stress, d is the grain diameter, ky is the
unpinning constant at the yield point, and n is a material dependent constant [58]. The
parameters M, oo, ky, and n are material constants. Equation 9 was originally developed for mild

steels, with n= 1/2, by Hall and Petch [59, 60]. This equation, called the “Hall-Petch equation”



has been used to characterize grain size and yield strength relationships for various alloys.
Specifically, studies on nickel [61] and aged Monel K-400 (64.7 N1 31.96 Cu 2.1 Fe 1.05 Mn,
0.11S1 0.05 A10.03C 0.003S wt. pct.) [58] determined n values of 1/2 and 1 respectively,
suggesting slightly different yield strength versus grain size behavior between pure nickel and
nickel superalloys. A general trend of increasing yield strength with decreasing grain size is
expected in Monel K-500. Therefore, grain size variation, which is not accounted for in the QQ-
N-286-G specification, would lead to variation in yield strength [13]. However, in this alloy, the
yield strength is dependent upon the y’ size and distribution, making grain size a secondary effect
on yield strength [32]. Still, grain size may lead to variation in HEAC threshold stress intensity
by slightly influencing the yield strength.

Grain size may also affect the extent of impurity coverage along the grain boundaries.
Impurities such as S [39], Sn [43], and Sb [43],which segregate to the grain boundaries during
heat treatment, are known to increase the potency of hydrogen embrittlement. In the case of
sulfur, this embrittlement is compounded since sulfur embrittles the grain boundaries itself [39].
A change in the grain size leads to a change in the area per volume of grain boundaries in the
microstructure. Specifically, decreasing the grain size increases the area per volume of grain
boundaries in the material. Prior researchers assert that, for a given quantity of impurity in the
alloy, decreasing the grain size leads to lower impurity concentrations along the grain boundary
due to the increased area per volume of grain boundaries [62, 63]. Thus, material lots with small
grain size should be more resistant to HEAC than alloys with large grain size, assuming the bulk
impurity concentrations between the alloys are the same. Such an occurrence would be reflected
in the HEAC modeling. An increase in grain size may lead to an increase in impurity
concentration at the grain boundary, thus the embrittling potency of hydrogen in the material;

which would increase o (Eqn. 1). According to Equation 1, this would lead to a decrease in Ktn.

There may also be increasing crack deflection with increasing grain size, leading to
decreased mechanical driving forces for crack extension. Crack deflection has been previously
studied in aluminum alloys and nickel super alloys, where increased fatigue cracking thresholds
and decreased crack growth rates in the slow cracking (less than 10°° mm/ cycle) regime was
attributed to increased crack deflection from mode I cracking associated with increasing grain

size [64-67].



Assuming (1) the deflected crack trajectory is the same across the entire specimen
thickness, (2) the crack driving force for each segment in the deflected crack is the weighted
average of the effective stress intensity for the deflected segment, D, and the straight segment, S,
and (3) the effects of prior deflections in crack path are negligible once the crack grows away
from the points of prior deflections yields

Kaor = K peost(Cp)rs (10)

D+S
where Kuer is the effective linear elastic stress intensity for the deflected crack, K is the linear
elastic stress intensity if the crack were straight and D, S, and 0p are defined as in Figure 1.1
[66]. Typical D, S, and Op values in each material lot microstructure will be measured via EBSD
mapping to analyze this potential effect on the measured HEAC threshold stress intensities.
Large grain size could lead to high degrees of crack deflection for intergranular cracking
associated with HEAC resulting in a tortuous crack path, while small grain size would imply
little crack deflection, facilitating HEAC kinetics. In reality, the degree of crack deflection will
be randomized across the entire specimen thickness. Thus, high degrees of crack deflection may
be present at some areas of the crack front while little crack deflection may be occurring in other
areas of the crack front. This means Equation 10 gives the maximum stress intensity reduction

possible due to crack deflection.

D
Op

Figure 1.1: The crack deflection geometry is described by the length of the straight segment S,
the length of the deflected segment D, and the angle of deflection, Op.

Understanding the relationship between grain size and HEAC susceptibility is
complicated by the dependence of several intrinsic material properties (fraction of “special”
boundaries, extent of impurity segregation to the grain boundaries, and crack path connectivity)

and extrinsic influences on the mechanical driving force, each of which may alter the HEAC



behavior. A thorough comparison of microstructure parameters between different lots of Monel
K-500 is needed to determine which metallurgy characteristics are important and the magnitude

of their effect on HEAC kinetics in this alloy system.

14  Research Goals

The overarching aim of this research is to determine and understand the extent to which
the HEAC behavior varies for Monel K-500 lots that meet specification QQ-N-286G. First,
fracture mechanics testing will be performed to quantify the HEAC behavior of Monel K-500
from several different lots at various environmental conditions pertinent to component
application environments. Second, detailed characterization of the microstructure will be
performed to identify any lot-to-lot variations. Specifically, the grain boundary impurity
segregation, grain boundary character, crack deflection, and slip behavior will be compared.
Third, the quantitative HEAC parameters and microstructure characteristics from the previous
two steps will be coupled with results from a parallel study (executed by Prof. J.R. Scully at
UVa) to quantify various aspects of the H-metal interaction. Finally, the micro-mechanical
models (Equations 1 and 2) will be used to quantitatively evaluate how the observed changes in

the microstructure may relate to the resulting HEAC behavior.

2 Experimental Methods

2.1 Lot Materials

Selected materials were harvested from tie rods roughly one foot long and two inches
wide, which did not fail during field use on U.S. Navy vessels; the components are termed Tie
Rod 1 (TR 1), Tie Rod 2 (TR 2), and Tie Rod 3 (TR 3). Each tie rod experienced an unknown
range of field exposure and varying (unknown) levels and durations of cathodic protection
during service. A 15.9 mm diameter bar of virgin material was also acquired from ATI Allvac.
Of note, the tie rod specimens were tested in the as-received conditions. A companion study
suggests that H-charging that occurred during field service lead to a total internal H-
concentration, Chotal, On the order of 5 wppm which is similar to the expected levels of H-
production at the testing conditions of interest, where previous work established 6 wppm at the
crack tip at -850mVsck for the Allvac material lot [8, 68]. The effects of the precharged

hydrogen is discussed in more detail in Appendix B. However, it should be noted that fracture



testing in inert environment on as-received tie rod material did not show H-enhanced IG cracking
due to the precharged H-content. Chemical composition analysis, shown in Table 2.1,
determined the Allvac and TR 3 material lots satisfy the federal QQ-N-286 standard, while TR 1
and TR 2 contain more C than allowed by the specification. The bulk compositions were
determined by QUANT using ASTM E2594, E1019. The concentrations of S, P, Sn, and Pb
were determined using trace element analysis by EAG using Glow Discharge Mass Spectrometry

(GDMS).

Table 2.1: Chemical composition analysis shows all materials satisfy the QQ-N-286
federal standard. The bulk compositions were determined by QUANT using ASTM E2594,
E1019. The concentrations of S, P, Sn, and Pb were determined using trace element analysis by
EAG using Glow Discharge Mass Spectrometry (GDMS).

Ni Cu Al Fe | Mn Si

El t: wt wt wt wt wt wt Ti ¢ Co S P Sn Pb
ements
% % % % % % wt% | wt% | wt% | wppm | wppm | wppm wppm
Allvac 66.12 | 28.57 | 2.89 | 0.80 | 0.81 | 0.08 0.45 0.166 | <0.01 1.6 92.0 24 2.1
TR #1 65.55 | 29.18 | 2.86 | 0.93 [0.67 | 0.044 | 0.47 0.22 0.011 3.1 55.0 1.2 24
TR #2 64.66 | 30.15 | 2.73 | 0.69 [0.73 | 0.094 | 045 0.20 0.044 11.0 71.0 6.9 2.5
TR #3 64.88 | 30.48 | 2.64 | 0.65 [0.74 | 0.086 | 0.46 0.137 | 0.045 12.0 74.0 6.8 2.4
QQ-N-
286G 27.0- 2.3- 0.35-
Federal >63.0 330 315 <2.0 |<1.5 <0.5 0.85 <0.18 | <0.25 <60 <200 <60 <60
Spec.

The Allvac material lot was hot finished and age hardened as follows: 16 hours at 866K,
cool at 14K/hr to 755K, and air cool to room temperature [8, 13]. The exact heat treatment of
TR 1, TR 2, and TR 3 are unknown but they are solution heat treated and aged. The Rockwell C
hardness (HRC) values are shown in Table 2.2; the higher HRC correlates to higher yield
strengths and likely reflects changes in the y’ character. The strengthening behavior of each
material can be described by Ramberg-Osgood equation:

_or % (or\"
= an(2). o



where, ot is the applied stress, E is Young’s Modulus, o, is the yield strength, et is the applied
strain, o is a dimensionless constant, and # is the strain-hardening exponent [69]. Baseline
material properties were previously established for Allvac: Ramberg-Osgood constants of o =
0.39 and n = 20, Young’s Modulus (E) of 185,700 MPa, and yield strength (6, = cys) of 786
MPa (for a 0.2 percent offset) [8]. (These constants are assumed to be the same for TR 1, TR 2,
and TR 3 during the J-integral analysis since these data were not available at the time of the
testing. Little influence is expected for severe cathodic polarizations where minimal influence of
J-plastic was observed in prior testing Monel K-500. Errors would increase for inert testing
where prior work showed up to a 25% increase about the elastic driving force for K > 60 MPavm

[8]). The strengthening behavior of TR 1, TR 2, and TR 3 are given in Table 2.2.

Table 2.2: Average HRC material hardness measurements and the 95% confidence interval
calculated from the measurements taken, measured yield strength, and the Ramberg-Osgood
flow constants o and 1. Yield strength and strengthening parameters were measured using
tension testing specimens according to ASTM A370.

Allvac ATI TR #1 TR #2 TR #3

Average Hardness (HRC) (32+0.5) [35.4£0.5] | (34.1£0.4) | (31.83+0.5)

Yield Strength (MPa) 786 898 795 793
o 0.39 0.39 0.39 0.37
n 20 18 22 23

2.2 Fracture Mechanics Specimen Design

Single edge micro notch tensile (SENT) specimens were excised from the Allvac round
bar and TR 1, TR 2, and TR 3 marine components. The gauge section of the Allvac samples
measured 10.6 mm in width (W), and 2.54 mm in thickness (t). The TR 1, TR 2, and TR 3
SEN(T) specimens were 12.5 mm in width and 2.54 mm in thickness to maximize the number of
specimens available from the stock components. Mode I loading was done in the longitudinal
direction of the round rod/tie rod and cracking was done in the radial/transverse direction. An
initial notch of 200 + 10 um was placed at the halfway point in the test gauge portion of the
SEN(T) specimens using electrical discharge machining (EDM).



2.3 Fracture Mechanics Testing Protocol

Fracture mechanics testing was done using MTS hydraulic test frames coupled with
computer software allowing real-time crack length measurements (described below). Clevis
grips allows free rotation of the SEN specimen, complying with boundary conditions assumed in
the K solution calculated from the physical crack length [70]. The system is designed to allow

for in-situ K analysis, permitting the use of stress-intensity controlled testing.

A fatigue precrack regime was selected to provide a sharp crack suitable for testing as the
EDM notch has a round, wide edge. The precrack regime used involves two stages. The goal of
the first stage is to initiate a crack at the base of the EDM notch, nominally 0.2 mm in length. A
constant maximum load of 12.455 kN and minimum load of 1.2455 kN (correlating to a Kmax of
12.7 MPaVm and an R of 0.1) were applied at a frequency of 0.1 Hz used to initiate the crack and
extend the crack to a total depth of 0.4 mm, including the EDM notch. The constant load method
results in a K-rise to 0.4mm, ending in a maximum AK (the difference between the maximum K,
Kmax, and minimum K, Kmin) of around 13.5 MPa\/m, where Kmax was 15 MPavm. This method
was chosen to speed up the precrack procedure. The second stage is a K-shed to a Kiax of
13.5MPaVm at 1.00 mm. Throughout the precrack an R value of 0.1 was used, resulting in a
final AK of 12.15 MPaVm. At this AK, very slow cracking on the order of 10" to 10" mm/cycle
was normally reached. Also, this Kmax was below expected HEAC threshold stress intensity

values of 15 to 20 MPaVm established in previous work on the Allvac material lot [8].

One critical part of the final K-shed protocol is to ensure the change in Kmax occurs over a
sufficient change in crack lengths so that load-history effects do not affect the measured crack

growth during the fracture mechanics testing. A fatigue protocol can be described using

Kmax,final = Kmax,initial (exp (C(afinal - ainitial))) ) (12)

where, C is a constant that describes the change in Kmax over a given period of crack growth.

Current efforts mimicked previous testing on Monel K-500 by using a C of -0.4 mm [8].

Fracture mechanics testing was done in K-control at a K ramp rate of 0.33 MPaVm/hr.
During a typical test, this corresponds to a loading rate of 5x10~ kN/s and a grip velocity of

2x107% mm/s before cracking begins. Once significant crack rates are achieved, the required load



to ensure a constant K ramp rate will no longer be linear since the load required to achieve a
desired K decreases with increasing crack length. Through in-situ crack length measurements
and applied stress intensity calculation the loading system changes the loading rate every five
seconds to achieve the desired K ramp rate. Three tests during inert environment testing were
run at 1.00 MPavm/hr to limit test duration. All tests done in hydrogen charging environments

were carried out at 0.33 MPaVm/hr.

2.4 Electrochemical Cell Design and the Electrochemical Environment

The electrochemical environment was maintained within a cylindrical, Plexiglas, three
electrode cell attached about the SEN(T) specimen designed to allow simultaneous cathodic
polarization in 0.6M NaCl and tensile loading. Polarization was achieved via a potentiostat,
cylindrical platinum counter electrode surround the SEN(T) specimen, and standard calomel
electrode (SCE). A floating ground potentiostat was used as the specimens were grounded
through the grips. Most SEN(T) specimens were covered using 470 electroplating tape, a 3M®
product, and a butyl rubber compound (Miccro XP-2000 Stop-off Lacquer) as shown in Figure
2.1 to prevent transition away from mode I cracking during testing, discussed further in
Appendix B. A Immx8mm window, corresponding to an a/W of around 0.7, was left open along

the projected crack path to avoid changing crack tip chemistry during testing.
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Figure 2.1: Depiction of the bold surface covering used on most SEN(T) specimens
during fracture testing.

The majority of tests were executed in 0.6M NaCl, with a pH of 6.0. During a typical
test, the pH at would increase up to between 6.2 and 6.5, with greater pH increases coinciding
with increasingly cathodic applied potentials. One test was executed in ASTM artificial ocean
water to investigate the effects of calcareous deposits and heavy metal constituents in the

solution on HEAC kinetics for Monel K-500.

2.5 Crack Length Measurement

The crack length, a, was measured in situ via the direct current electrical potential
difference (dcPD) test method [8, 14, 71, 72]. A constant direct current of 4.000 plus/minus
0.005 A was used to create a potential difference across the crack opening, which is measured by
two Alumel® wire probes placed within 0.5 mm on either side of the crack mouth [14]. This

potential is normalized to account for resistance changes due to effects such as temperature



change via a reference probe, which is spaced as far apart as the electrochemical cell allows, 28
mm apart. As shown in Figure 2.2, the inner probes, located closest to the crack mouth, and
reference probes, located at either end of the specimen test gauge, are covered by lacquer to

provide stability and prevent detachment of the probe wires during testing.

(b)
Figure 2.2: picture showing active and reference probe locations as well as the masking tape
and lacquer covering used during fracture mechanics testing.

The initial potential prior to testing is normalized to a reference crack length, normally
chosen to be the optically measured notch depth achieved during EDM notching prior to fatigue
precracking. The potential is measured every 5 seconds and converted to crack length in mm via
Johnson's equation [71]. For each dcPD measurement, 50 potentials are recorded, the current
polarity is then inversed, followed by 50 additional potential readings. These readings are then
averaged and that average is reported. The entire process takes 2.5 seconds. These parameters

were determined using the Edisonian approach to provide optimal crack length resolution and



minimum data acquisition times. The resolution of the measured potential was 0.1uV
corresponding to 0.5 pum of crack extension. Since the exact length of the EDM notch cannot be
measured sufficiently until the fracture surface is created, the reference crack length used to
calibrate the dcPD system during testing is slightly incorrect, on the order of 0.1 mm. This is
overcome via a post-test correction, where a new reference potential associated with the crack
length at the end of the precrack measured from the fracture surface via SEM image analysis.
This is very reliable since the fracture surface morphology created during fatigue crack growth
looks very different than the IG morphology associated with HEAC. With the improved
reference potential and crack length, dcPD crack length measurements and those crack length
measurements taken from SEM fractography agreed within 5 percent of the visual crack length
measurement at the end of the test, where the maximum difference in crack length measurements

would occur.

The crack growth rate (da/dt) was calculated for a given time, t by determining the slope
of the a-t data. A second order polynomial was fitted to 7 data points centered at the time of
interest. The slope of the tangent line is then da/dt. This process is repeated for every a-t data
point and then averaged, yielding reliable da/dt data throughout the test entirety. The da/dt
measurement resolution was hampered by two issues unique to this alloy and its environment.
First, localized plasticity at the crack tip resulted in measured dcPD increases during periods of
non-crack growth. As detailed in a subsequent section and in prior work this plasticity served as
the basis for establishing a K dependent resolution limit below which potential drop due to
plasticity cannot be distinguished from real crack advance; this resolution limit is reported on
each data plot [8]. Secondly, when cathodically polarized, the insulating surface film is not
stable. In this situation, crack wake contact can lead to electrical shorting, thus skewing the
relationship between the measured potential and the true crack length [8]. For example, during
the initial stages of the test the crack wake contact decreases as the crack opening increases with
increasing load, this results in an increase in dcPD measurements despite there being no true

crack growth.

The results of a single experiment on TR 1 at an aggressive cathodic potential of
-950mVscE are shown in Figure 2.3. The initial decease in da/dt with rising K in the 10 MPavm

to 13 MPaVm regime is the result of decreasing electrical contact between fracture surfaces as



the K rises, which leads to increasing voltage across the crack opening. This phenomenon is
termed “shorting” and has been reported and discussed in prior work [8, 14]. The decreasing
log(da/dt) data acquired during significant crack wake contact were fit as a linear function of K
using data analysis software, and subtracted from the measured da/dt. The resulting modified
da/dt shown in Figure 2.3 is now associated with real crack growth and increased electrical
resistance of the crack, which increases as the plasticity damage at the crack tip increases
(previously mentioned). Before Kry, the corrected da/dt conforms to expected HEAC behavior.
Similar corrections were applied whenever shorting was observed unless otherwise specified.

The shorting is discussed further in Appendix A.

The da/dty rates are defined as the crack growth rate where the kinetics reach a plateau,
where crack growth is semi-constant with rising K. The crack growth data in Figure 3.7 and
Figure 3.11 show the onset of da/dty crack growth occurs before a K of 60 MPavm. Thus, the
measured da/dt at this K value is da/dtn. Krn is the minimum stress intensity sufficient to cause
HEAC cracking. This is the point at which the measured da/dt exceeds the resolution limit
(defined in a later section), allowing Kty values to be read directly off the da/dt vs K scatter

plots.
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Figure 2.3: da/dt vs elastic K for TR 1 at -950mVSCE executed with a slow K-rise of
0.33 MPaVm/hr. Shown are the initial measured da/dt data and the da/dt data after the shorting
correction is applied. The linear log(da/dt) vs K fit used to implement the shorting correction
is also shown.

2.6 Fracture Mechanics Introduction

The mechanical driving force for crack extension is given by the stress intensity factor, K
[69]. The mathematical solution for elastic stress intensity during Mode I loading of an SEN(T)

specimen as a function of load and physical crack length is given as

K=ovm F[ﬁj (13)
w
where a is the crack length, ¢ is the applied stress away from the crack tip, and F(a/W) is a
function of crack length and specimen width accounting for the geometric effects of the crack

presence on the stress field [70]. A numerical solution for F(a/W) for SEN(T) specimens under



tensile loading is [70]

o) W [ 0.752+2_02(;j+0.37(1_8m(§/jf'
ST

(14)

The load is directly measured using a calibrated load cell and the crack length is
measured in real time using the dcPD method. Computer software allows for real-time stress

intensity control (K-control) via a load-K calculation feedback loop executed every five seconds.

While the test was controlled using the elastic parameters only, post-test analysis was
performed to account for specimen plasticity. The total elastic plastic driving force, Ky, is

calculated using the equation

KZ
KJ = \/(JElastiC+ JPlastic)E' = \/[? + ‘]Plastic]E' s (1 5)

where E’ is equal to E in plane stress condition and E/(1-v?) in plane strain conditions and v is
Poisson’s ratio [17]. Testing condition imply plane strain, supported by previous three-
dimensional finite element analysis and studies on high strength steels, aluminum alloys, and
nickel alloys using similar SEN specimen designs [8, 10, 73, 74]. The plastic contribution to J at
the crack tip is

2 n+l
_ag; a@h,(n,a/w)(ﬂ | (16)

Plastic
E 0

where h; is a geometric and hardening function, P is load, a and n are the afore-mentioned
Ramberg-Osgood flow rule constants and were determined to be 0.39 and 20 respectively for the
Allvac material, and Py is the limit load for net plastic deformation in the remaining ligament
[75]. The hy for a free-rotating SEN specimen was defined using a sixth order polynomial fit to
discrete values, excluding negative h; values [8, 75]. Since h; and Jpiasic are functions of a and n,
Jpiastic may differ lot-to-lot if the Ramberg-Osgood hardening behavior changes lot-to-lot; this

subtlety is not captured in the current analysis but is expected to be a secondary effect. Py is



given by

— a 2_ a —_
B =/ 1+(W aj (W_aj (W —a)Ba,, (17)

where 3 is 1.455 for plane strain and B is thickness [69].

2.7 Fractography

Fractography was acquired with an FEI Quanta 650 Scanning Electron Microscope and
an FEI Quanta 200 Scanning Electron Microscope (SEM). The FEI Quanta 650 SEM Handbook
claims a lateral resolution ranging from 3.0 to 10.0 nm depending on viewing conditions for the
FEI Quanta 650 SEM, and is similar for the FEI Quanta 200 SEM [76-78]. The fracture surfaces
were removed from the SEN specimens after breakage occurred and rinsed with deionized water
to remove any chlorides. The flat gauge section of the SEN(T) specimen that now contains the
fracture surface was then removed from the round, threaded portion to allow for easy storage and
sample mounting in the SEM. Both the fracture surfaces and remaining threaded stubs were
sonicated in acetone and methanol for five to ten minutes to remove cutting oil and stored in a

desiccator.

2.8 Electron Backscatter Diffraction Mapping (EBSD)

Orientation imaging microscopy (OIM) was completed using the electron backscatter
diffraction (EBSD) capabilities of the FEI Quanta 650 SEM at 30 kV with a 5 nA probe current.
The samples for EBSD were extracted from sample material remaining after fracture mechanics
testing and were mechanically polished down to 0.10 um diamond suspension followed by
vibratory polishing on 0.05 pm alumina suspension. The scans were run at a 0.5 pm step
distance for each backscatter pattern reading; thus, each pixel in the resulting maps represents a
square of 0.5 pm wide in real space. This dimension was chosen to ensure at least 11 steps for
the smallest grains observed. Such conditions produce OIM data with angular resolution below

one degree and better than 2 um resolution on grain size measurements [79].

The resulting OIM maps were then analyzed using EBSD post-processing software called

Tango purchased from Oxford Instruments. Such OIM data can provide insight into various



microstructure features, such as average grain size, grain boundary character, analysis of lattice
strain in each grain, texture, phase analyses, etc. [79]. The specific data analysis executed on the
OIM data depends upon the microstructural feature of interest and the material being studied. In
this project, the grain boundary character and average grain size were extracted from the OIM
data. Any set of orientation data will include non-indexed data points. Additionally, the local
orientation inside each grain will vary pixel to pixel due to differences in local dislocation

structures. Such variation in the data must be accounted for.

During data acquisition, an electron beam interacts with the surface and diffracts. From
this diffraction pattern, termed the Kikuchi pattern, the crystallographic orientation can be
determined [79]. This is done at each 0.5 pm step and recorded. However, near grain
boundaries and phase boundaries, the electron beam interaction volume may contain multiple
grains/phases, resulting in the detection of multiple diffraction patterns. In this case the software
analyzes and records the orientation of the strongest diffraction signal [79]. However, at some
locations the separate diffraction patterns may become indistinguishable. Additionally, other
locations in the microstructure might contain surface defects such as pits or scratches, resulting
in poor pattern quality that is not usable. Such scenarios are impossible to completely prevent,
but should be limited as much as possible since they lead to non-indexed data points (or pixels)
in the OIM map. During post processing, the non-indexed data points are given the orientation

of neighboring pixels.

The orientation variation due to the creation of dislocation networks is resolvable in OIM
data and are present in the grains since the specimens were extracted from fracture mechanics
samples after loading [80]. While such data are useful when analyzing the local strain inside
each grain, it is not useful when characterizing grain boundary character. Similar variation near
the location of titanium-carbide impurities was also observed. Variation in grain boundary
orientation inside each grain complicates grain boundary character and connectivity analyses by
introducing very small (0.5 to 1 pum) false CSL segments in grain boundaries otherwise
determined to be a high angle, random boundary everywhere else along the grain boundary. This
was observed most often at the intersection between a CSL boundary and a high angle, random
boundary or when the crystallographic orientation for that pixel was not indexed correctly, due to

either a very small surface defect from imperfect polishing or possibly the detector is detecting



backscatter from another phase in the matrix, such as a titanium carbide precipitate. This
adversely affected the grain boundary connectivity analysis, which was done by counting
neighboring pixels. In order to overcome this problem, the orientation of each grain was

averaged using the Tango software.

The grain boundary character in each material lot was determined. Low energy “Special”
boundaries were considered to be grain boundaries of low misorientation (less than 15°) and CSL
boundaries of 1<X<29, consistent with other studies [16, 47-49, 53]. Grain boundaries of
misorientation angles below 5° were not included in the study as the vast majority of these
misorientation were found inside the grain as opposed to across grain boundaries. Since HEAC
in Monel K-500 causes IG cracking, misorientations inside each grain are of secondary interest
to this project. The total area per volume of special boundaries and random, high angle

boundaries are reported.

The connectivity of any microstructure feature can be quantified using the box-
counting method [53]. A trace of the random, high angle boundary network can be acquired
from the OIM micrograph data. Then, the maximum conductivity network (MCN) can be
extracted. In order to find the MCN, first the Tango EBSD post analysis software is used to
show only random, high angle boundaries in black. Two data points were considered connected
if they were adjacent or one pixel apart. In real space, this relates to a spacing of 0.5 um and was
chosen so that a single non-indexed data point along the grain boundary would not affect the
connectivity analysis. In addition, 0.5 pm is smaller than Xcit, which was previously determined
to be 1 um [8, 10]. Thus, a crack advancing along a random, high angle grain boundary would
not be affected if it encountered a 0.5 pm short “Special” boundary since it would be shorter than
Xerit. A custom computer program is used to find the longest path of connected black pixels in
the photos and highlight that path in red. This red path is the MCN. The MCN is then overlaid
with a square grid, each box of side length n. For this analysis, side lengths of 12.5, 25, and 50
pm were chosen for . An example of an MCN with the grid overlaid is shown in Figure 2.4.
The number of boxes containing part of the MCN, N(n) is then counted; this process is then
repeated for the other box sizes. The fractal dimension of the MCN, Dk, is defined as,

D __log[N(n)] [53].

18
log 1] (1%



Note that increasing fractions of special boundaries will decrease Dr [53]. Thus, a high
Dr reflects greater connectivity of the random, high angle grain boundaries, enabling a
quantitative comparison of random, high angle grain boundary connectivity across all the
microstructures studied. The calculated Dr values for the Monel K-500 lots are to be reported,
where 1 ranged from 12.5 um to 50 um. This range of values was chosen to be close to the
range of grain sizes evident in the microstructures of all material lots studied. Identical
reasoning was successfully employed in previous fractal analysis studies [53, 81]. Theoretically,
the minimum usable box size is slightly larger than the smallest fractal element length, since
decreasing the box size further does not reveal new elements to be revealed and counted [81]. In
this study, the smallest element length is the upper bound for considering two pixels to be
connected used when identifying the MCN, 1 um. Below this minimum length, the relationship
between log(N) and log(n) becomes nonlinear since the number of boxes containing fractal
elements (red pixels) is dependent upon the spacing of the boxes used rather than the nature of
the MCN being studied, introducing error into the Dr calculation [81]. The box size range of

12.5 to 50 um used in this study ensures accurate Dr measurements.
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Figure 2.4: Example of an MCN (shown in red) with a 25 um grid spacing overlaid for
connectivity analysis. More detail is given in Figure 4.6 and Section 4.2.3.
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3 Results

3.1 Cracking Behavior

3.1.1 Inert Environment Testing

The da/dt versus K results for Allvac, TR1, TR2 and TR3 tested in a dry nitrogen gas
environment are shown in Figure 3.1. The nitrogen gas environment was chosen to lower the
residual humidity in the cell chamber. A humidity probe was inserted in the cell and monitored
manually throughout the testing duration. The flow of nitrogen gas to the cell was manually set
with each reading to raise, lower, or maintain the humidity in the cell chamber appropriately. In

this way, a target residual humidity below 10 percent was maintained for the test duration.

The da/dt velocity versus stress intensity data indicate two regimes of behavior in each



material lot studied. First, at low K; (10 < Kj < 35 MPaVm) dcPD rises with K, producing da/dt
measurements ranging from 0.4 nm/s to 2.0 nm/s. In this region, the rise in potential is
interpreted to be due to increasing crack tip plasticity accrued as the load is increased
monotonically to achieve higher K values. Increasing crack tip plasticity increases the local
resistivity, thereby increasing the potential measured by the dcPD setup. This effect cannot be
accounted for using remote-reference probe normalization since the reference probes are not
sensitive to the local area about the crack tip. This interpretation is consistent with similar false
crack growth observed in high strength steels, where SEM microscopy confirmed that no crack

extension was associated with the measured da/dt values at low K and inert environments [72 in

10].

The false crack growth data for a dK/dt of 0.33 MPavVm/hr in the initial regime are fit to

establish the resolution limit for the alloy:
da/dtiimit pmmss; = 1.12 x 10° K + 8.28 x 1078, (19)

where K; is in MPaVm, these values are consistent with previously reported limits for Monel K-
500 [8]. The level of false dcPD rise due to the crack tip plasticity is expected to be independent
of loading rate; as such, the resulting resolution limit on da/dt should scale linearly with the
applied dK/dt. This is confirmed by inert testing results at a K-rate of 1 MPavm/hr, where the
plasticity induced growth rates increase by roughly 3-fold over the 0.33 MPavm/hr data. In the 1
MPavVm/hr case, before cracking is occurring, the same unit of plastic damage (described the
change in K) is accomplished in a third of the time relative to testing at 0.33 MPaVm/hr. Thus,
the resolution limit for the testing at the faster K-rate is given by tripling the intercept (8.28x10®)
in Equation 19. In Figure 3.1, the upper resolution limit shown is for testing done at a K-rate of
1 MPaVm/hr and the lower limit resolution shown is for testing done at a K-rate of 0.33

MPavm/hr. The appropriate resolution limit value is reported in the remaining data plots.
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Figure 3.1: Crack growth rate vs Ky for several aged Monel K-500 lots in inert environment
(low humidity N2). The tests were stressed at a constant dK/dt as shown in the legend. The
vertical blue line separates two regimes of da/dt measurements. Left of the blue line, false
da/dt data results from plasticity damage accruing at the crack tip. Right of the blue line,
measured da/dt is shown for real crack growth due to microvoid coalescence

The second regime of crack growth normally occurred after a Kj of 35 MPavm/hr,
showing da/dt above the resolution limit. SEM fractography shown in Figure 3.2 revealed non-
intergranular crack advance in the central portion of the SEN(T) fracture surface. This crack
advance was surprising as it occurs well below the reported Kic values for Monel K-500, which
ranged from 198 to 340 MPaVm [8]. This crack behavior was also observed well below Kic in
previous Monel K-500 testing in open air and at low levels of cathodic protection [8]. Such

cracking occurred in all materials when tested in inert environments.
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Figure 3.2: SEM fractography (crack growth going left to right) of (a) Allvac Monel K-500
material lot (b) TR 1, (¢) TR 2, (d) TR 3, (e) non-intergranular crack growth morphology in
Allvac material and (f) non-intergranular crack morphology in TR 2 material during inert
environment testing.

Fractography in the region of stable microvoid cracking shown in Figure 3.2 (e) and (f)

shows the presence of microvoids similar to those associated with final ductile failure of this



alloy and is similar to those seen in other studies on Monel K-500 [8, 31, 69]. The size of the
microvoids did not vary between material lots, with microvoids typically being tens of
micrometers in diameter. Figure 3.3 and Figure 3.2 shows the microvoids in this region are
distinct from the rapid ductile failure that occurred after testing to break the specimen
completely. The microvoids during the stable microvoid cracking appear deeper than those in
the region of final failure. However, portions of final failure occurred at a 45° angle, as expected
from final failure of a ductile material while the stable microvoid cracking occurred on the same
plane as the fatigue precrack (perpendicular to the loading axis). Thus, the deeper appearance of
the microvoids during the stable crack growth below Kic may be an artifact of the fracture
surface orientation in the SEM. Nonetheless, the stable crack growth is distinct from the final

ductile rupture that occurred at the end of the test.

Final
Failure

Figure 3.3: Stabile microvoid cracking region in Allvac Monel K-500 during inert
environment testing executed at a dK/dt of 0.33 MPavVm.

High resolution SEM and EDS, shown in Figure 3.4 and Figure 3.5, was carried out on

TR 2 and Allvac materials to investigate the microvoid cracking well be Kic. These two



materials were chosen because their corresponding crack growth kinetics during the stable

microvoid cracking exhibited the most lot-to-lot variation.

Titanium rich metal carbides were identified via EDS spectroscopy at the bottom of every
large microvoid, with larger metal carbides correlating to larger microvoid size in both TR 2 and
Allvac materials, and are shown in Figure 3.4 and Figure 3.5. The EDS profiles of the matrix
material yield elements compositions similar to those in Table 2.1 aside from slightly elevated
carbon levels being measured in the EDS analysis. This is likely due to (a) surface
contamination from exposure to the atmosphere after testing or (b) the EDS detecting the carbon
in the nearby titanium carbide precipitates. Other elements besides titanium and carbon are
present in the EDS profiles of the precipitates in Figure 3.5 since the interaction volume of the
electron probe is larger than the particles under investigation. However, the EDS spectra in
Figure 3.4 and Figure 3.5 clearly show the titanium and carbon levels are significantly higher in

the particles than in the alloy matrix.

Previous work on the microstructure of Monel K-500 also found titanium rich metal
carbides present throughout the microstructure, on the order of a couple um in size [6, 31, 32].
The consistent presence of embedded metal carbides at the bottom of the microvoids suggests
they play an important role in this slow, steady crack growth observed well below Kic. Such
crack has been observed in a previous Monel K-500 study in inert N> environment and cathodic
potentials above -750mVsck, though a clear understanding of the transgranular cracking
mechanism well below Kjc was not presented and is still not fully understood [8]. The
prominent role of the titanium rich metal carbides is consistent with microvoid coalescence

nucleated at the metal carbide-matrix interfaces.
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Figure 3.4: (a) SEM fractography showing the matrix EDS locations used for reference
comparisons to Figure 3.5 and (b) the EDS spectrum in Allvac material. Similar behavior is
evident in the reference EDS measurements of the TR 2 matrix shown in (d), in the location

shown in (¢).
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Figure 3.5: (a) SEM fractography and (b) EDS spectrum showing titanium rich metal carbide
located in the center of a microvoid in Allvac material. Similar behavior is evident in the (c)
SEM fractography and (d) EDS spectrum of similar carbides inside microvoids in TR 2 material.
Identical microvoid morphology is evident in the other TR 1 and TR 3 as well.

3.1.2 Cathodic Potential Testing

3.1.2.1 Testing in synthetic ASTM Ocean Water at -1000mVscg

Crack growth kinetics may be hampered by the nucleation and growth of calcareous
deposits during fracture mechanics testing. In previous fatigue studies, fatigue resistance of
several steels improved in seawater compared to testing under identical cathodic polarization in
NaCl. This was attributed to calcareous deposits forming in the crack leading to significant
crack closure [82]. Similarly, for the H-embrittlement of stainless steel, calcareous deposit

formation created a barrier on the surface of SSRT duplex stainless steel alloy specimens that



caused a decrease in hydrogen embrittlement damage when the potential was lowered to
potentials below -1200mVsce [83]. Furthermore, tensile testing of several iron-nickel alloys
while under cathodic protection revealed decreased hydrogen embrittlement due to the formation
of calcareous scales that formed readily on the surface [84]. In order to investigate the effect of
calcareous deposit formation on the HEAC kinetics of Monel K-500, tests were executed at -

1000mVsck on the Allvac material lot in ASTM artificial ocean water and 0.6M NaCl.

The results in Figure 3.6 shows testing in ASTM ocean water lead to significantly slower
cracking from 20 MPaVm to 50 MPaVm, effectively delaying the onset of Stage II crack growth.
However, da/dtn did not change significantly between testing in 0.6M NaCl and ASTM ocean

water, with values of 1.07x107> mms/s and 8.2x10°® mm/s respectively.
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Figure 3.6: Crack growth data of several tests carried out at -1000mVscg in ASTM artificial
ocean water on the Allvac Monel K-500 material.

EDS analysis was carried out on several deposits formed on the broad sides of the

SEN(T) specimens during testing in ASTM artificial ocean water, the locations selected for



analysis are circled in red in Figure 3.7, with both the macro location shown on the SEN(T)
specimen bold surface and a higher magnification image showing the deposit size and shape.
Deposits were selected for analysis in order to encompass the full range of deposit structures
observed. The analysis shows the deposits are calcareous and magnesium deposits, similar to
deposits formed on several other alloy systems during exposure to ocean water [82-84]. The
reference EDS spectrum in Figure 3.7 (a, b, and c¢) show Ni and Cu contents close to what was
measured in chemical analysis of the Allvac material in Table 2.1. The error in the EDS
composition analysis of the reference material is likely due to the inclusion of Cl and Ca and the

exclusion of common alloying elements such as Al, C, Ti, etc. during EDS analysis.
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Figure 3.7: EDS analysis of calcium-rich (d, e, f, j, k, 1) and magnesium-rich (g, h, i, m, n, o)
deposits on SEN(T) specimen surfaces during testing of Allvac Monel K-500 material in ASTM
artificial ocean water. A reference spectrum is shown in a, b, and c.

3.1.2.2 Testing at -950mVsce Cathodic Polarization in 0.6M NaCl

Fracture mechanics testing results showing the HEAC behavior for each of the

Monel K-500 material lots tested in 0.6 M (3.5 weight percent) NaCl and cathodically polarized
to -950mVsck are presented in Figure 3.8. All material lots show similar da/dty crack growth
rates of 6.74x10°° mm/s, 3.44 x10°° mm/s, 2.53 x10° mm/s, and 4.05 x10°° mm/s for Allvac, TR
1, TR 2, and TR 3 respectively, measured at a K of 60 MPaVm. These growth rates are lower
than the da/dti growth rates of 1.9-2.3x10 mm/s reported at -1000mVsce and 1.1x10”° mm/s
reported at -900mVsck in previous work on the Allvac material [8]. It remains unclear why the
da/dty for the Allvac material measured in this work at -950mVsck are lower than those reported
at -1000mVsce and at -900mVsck in the literature for the same Allvac material. However, this is
may be an effect of (a) the side masking used in this project that was not present in the previous

work or (b) different loading rates at the end of the test.

The possible effects of the masking are not well understood and are discussed in more
detail in Appendix B. In this project, da/dtn was measured at a Kj of 60 MPaVm while being
loaded according to a dK/dt of 0.33MPaVm/hr protocol. In contrast, da/dtn was taken in the



previous work at a Ky of 50 MPavVm while being loaded according to a dK/dt of 1.1 MPaVm/hr
[8]. Prior research has shown that active, slow rising K protocols are more damaging then step-
hold protocols, where the concurrent crack tip straining and H uptake associated with the slow
rising K lead to lower Kn and higher da/dtn measurements [8, 85]. This was attributed to
greater accumulation of crack tip plasticity in the slow rising K protocol than in the K step
protocol. A similar effect may be evident between the da/dtiy measurements in this project taken
at the slower dK/dt and the higher da/dti; in previous work measured at a faster dK/dt. The
higher dK/dt may lead to greater accumulation of plasticity at the crack tip resulting in the higher
da/dtn measurements. However, the effect of dK/dt and crack tip strain rate on the HEAC of
Monel K-500 has not yet been quantified and determining the cause of discrepancies in da/dty

measurements between this project and the literature is outside the scope of this project.

The TR 1, TR 2, TR 3, and Allvac material lots also had Kti values of 13, 18, 19, and 29
MPaVm respectively, suggesting Allvac is more resistant to HEAC than TR1, TR2, and TR3 at
this potential. These threshold stress intensities are similar to those previously reported on the
Allvac material of 16-20 MPaVm at -1000mVscg, 30 MPaVm at -934 mVsck, and 19 MPaVm at
-900mVsck [8].
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Figure 3.8: Results of fracture testing in 3.5 weight percent (0.6M) NaCl under a constant
cathodic potential of -950mVsce. Loading was set to achieve a dK/dt rate of 0.33 MPaVm/hr.
The dotted line shows the resolution limit associated with this ramp rate as measured in inert

environment testing.

Fractography, shown in Figure 3.9 revealed full intergranular cracking due to hydrogen
embrittlement in all materials studied. The typical fracture surface contained a smooth section
where the EDM notch was placed along one edge of the SEN(T) specimen. This was followed
by a section of TG crack growth involving faceted slip band cracking typical of fatigue crack
growth in this alloy. A section of IG crack growth then followed, the area of crack growth
contained between the two blue vertical lines, which occurred during HEAC testing. Finally, a

section of ductile failure is evident as the specimen was pulled apart to break the sample after

HEAC fracture mechanics testing.

Higher magnification fractography of each fracture surface (each at roughly a K of 40
MPavVm) shown in Figure 3.10 revealed complete IG cracking with only small sections of TG
cracking evident in the Allvac material in Figure 3.10 (a). All the images are taken at the same
magnification, as shown by the scale bars, thus the different grain facet size in each material

reflect differences in grain size between material lots and are readily apparent in Figure 3.10. A



more complete analysis of the grain size differences is given in Section 3.2.1.

It has been suggested that the slip behavior depends on the distribution and size of the y’
particles in the alloy [24, 32]. The vy’ attributes will depend on the heat treatment and therefore
may differ between material lots used in the field, which may lead to variation in dislocation cell
structures that develop beneath the grain boundary facets during straining [24, 31]. The
dislocation cell structures have been shown to loosely correlate to slip traces on the grain
boundary facets, which can be viewed in the SEM on the fracture surface, allowing for a first-
order comparison of the y’ distribution and size between the material lots [24]. Comparison of
the slip traces on the IG facets in each material lot is shown in Figure 3.11. The slip traces
indicate several slip systems were active during straining in all material lots, as evident by slip
traces going in multiple directions on the IG facets. Similar slip trace densities and slip step
heights were also observed in all materials, suggesting similar dislocation cell structures are
present beneath the grain facets across all materials. This rough macro-scale analysis revealing
slip trace similarities present amongst all materials suggest large differences in y’ size and
distribution are not present between the material lots. This is supported by the similar Ramberg-
Osgood hardening coefficients measured for each material in Table 2.2, since the hardening
behavior in the alloy system is mostly governed by the y’ size and distribution as well [32]. A
complete comparison of the y’ character in each material lot would require study at higher
magnification, using transmission electron microscopy, which is currently outside the scope of
this work. However, the slip trace analysis and similarities in Ramberg-Osgood hardening
coefficients suggest there is likely not large variation in y’ character between the material lots in

this study.
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Figure 3.9: Macroscopic scale of (a) Allvac, (b) TR 1, (c) TR 2, and (d) TR 3 lots of Monel K-
500 tested in 0.6M NaCl at -950mVsce. The crack growth occurred left to right, the area
between the vertical blue lines is the crack growth that occurred during HEAC characterization
testing.
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Figure 3.10: Low magnification SEM images showing IG fracture due to HEAC in (a) Allvac,
(b) TR 1, (¢c) TR 2, and (d) TR 3 material lots of Monel K-500 at -950mVsck in 0.6 M NaCl.
Crack growth occurred left to right in all fractographs. On the TR 3 sample in Figure 3.10(d),

corrosion product is present. (Footnote *)

* Corrosion product is present on the fracture surface of TR 3 tested at -950 mVsce. This is due to subsequent fatigue
protocols and HEAC fracture mechanics characterization tests run on the same sample after the first HEAC test was
complete in an attempt to increase the testing matrix. In order to limit the charging of the specimen, subsequent fatigue
protocols were run at open circuit potential. This fatigue protocol was necessary to recreate a sharp crack and limit the load
history effects of the previous test run on the sample. However, this lead to the corrosion of the fracture surface and much
of the surface is covered in corrosion products, as evident in Figure 3.10 and Figure 3.11. Similarly, corrosion product in
evident on the Allvac fracture surface in Figure 3.11, though to a smaller extent as it was subjected to open circuit potential
for a smaller amount of time than the TR 3 sample surface.
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Figure 3.11: SEM images showing slip lines on IG facets created during fracture testing
of (a) Allvac, (b) TR 1, (c) TR 2, and (d) TR 3 material lots of Monel K-500 at -
950mVSCE in 0.6 M NaCl. Crack growth occurred left to right in all fractographs.
Corrosion product is evident on Allvac and TR 3 fracture surfaces (Footnote *).

3.1.2.3 Near-Threshold Cathodic Potential Testing

Prior research established the effect of applied potential on the HEAC behavior of the
Allvac material; the results showed no HEAC cracking over a full range of K up to 90 MPaVm at

a polarization of -750 mVscg and a mixture of slow IG/TG cracking at -800 mVsce. These data



suggest a threshold for IG HEAC between -750 and -800 mVscg; consistent with artificial
crevice electrochemical testing on the Allvac lot of Monel K-500 results suggesting a drastic
decrease in crack tip H-production at -764 mVsce [8]. Metallurgy based variations in the HEAC
behavior are likely to be most prevalent at polarizations near this threshold due to the lower level
of Cu.dgitr. As such, the HEAC kinetics were established in this near-threshold potential range
(-850mVscg) in 0.6M NaCl for each of the material lots of interest and are reported in Figure
3.12.
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Figure 3.12: Results of fracture testing in 3.5 weight percent (0.6M) NaCl under a constant
cathodic potential of -850mVsce. Loading was set to achieve a constant ramp rate of 0.33
MPavm/hr. The dotted line shows the resolution limit associated with this ramp rate as
measured in inert environment testing. The range of da/dt measured in inert (N2) environment
testing is also indicated.



The TR1, TR 2, and TR 3 material lots all had similar da/dty crack growth rates of
1.8x10°° mm/s, 4.4x10°° mm/s, and 3.2x10°° mm/s at a K of 60 MPaVm with Kt values of 16,
32, and 26 MPaVm respectively. These measured da/dty crack growth rates are similar to those
measured previously in the literature, where values of 3.7x10°® mm/s and 2.5x10°® mm/s were
reported during testing in 0.6M NaCl at -850mVsc at a K of 50 MPaVm for the Allvac material
lot [8]. The measured Kru values for TR 1 and TR 3 were lower than the 38 MPaVm and 41
MPaVm measured for the Allvac material at -850mVscg [8]. Macro-scale fractography in Figure
3.13 shows the crack front shape and regions of crack growth in each fracture test at -850mVsck.
The typical fracture surface contained a smooth section where the EDM notch was placed along
one edge of the SEN(T) specimen. This was followed by a section of TG slip-based crack
growth typical of fatigue crack growth in this alloy formed during the precrack protocol before
HEAC characterization testing. A section of IG/TG crack growth then followed, the area of
crack growth contained between the two blue vertical lines, which occurred during HEAC
testing. Finally, a section of ductile failure is evident as the specimen was pulled apart to break
the sample after testing. Note in Figure 3.13 (a) that the crack advance in the Allvac material
occurred only in the center of the specimen, similar to what was observed during inert
environment testing. In contrast, Figure 3.13 (b-d) shows the crack advance in TR 1, TR 2, and
TR 3 tended to occur homogeneously along the entire crack front. This suggests a different

crack growth behavior occurred in Allvac than in TR 1, TR 2, or TR 3.

Fractographic analysis was carried out on each material (roughly at a K of 40MPavVm) to
investigate the different crack growth behavior observed between the Allvac and tie rod
materials during testing at -850mVsce. The TR 1, TR 2, and TR 3 fracture surfaces in Figure
3.15 (b-d) consisted mostly of IG facets characteristic of IG cracking due to HEAC with areas of
ductile failure associated with TG cracking. The mixed transgranular and intergranular
morphologies on the fracture surface is consistent with prior testing and is characteristic of

HEAC cracking in the near threshold potential regime for the Monel K-500 alloy [8].

While the growth rate data in Figure 3.12 suggest slightly higher Kty and similar da/dtu
for Allvac (specifically, crack growth rate of 2.3 x 10 mm/s at 60 MPaVm with no crack growth
until 31 MPavVm), the fractographic analysis in Figure 3.15 (a) shows no indication of IG HEAC.

Rather, the fracture surface showed ductile failure characteristic of the microvoid cracking



observed during inert environment testing, shown in Figure 3.2, Figure 3.4, and Figure 3.5. The
potential at which this transition in crack growth mechanism occurs in the Allvac material is
lower than what was reported during previous testing, which showed IG/TG cracking associated
with mild HEAC at -850mVscg and -800mVscg, and saw non-IG ductile crack growth at
-750mVsck [8]. The transition in cracking mechanism is attributed to a decreasing Cus as the
potential becomes less cathodic. Previous work on the Allvac material identifies a threshold
potential of -770mVsce above which HEAC is not expected due to a low Cys, with the precise
potential likely varying lot-to-lot with small differences in Monel metallurgy [8]. In this project,
the transition from HEAC to non-IG ductile cracking occurred in the Allvac material at
-850mVscE, suggesting that small differences in the experimental setup are altering the position
of the threshold potential, leading to significant changes in cracking mechanism since testing is

being completed near the threshold potential for the Allvac material.

The root causes of the different Allvac behavior at -850mVscg between testing in this
project and in previous work remain elusive. However, two testing protocol differences that
stand out are (a) the presence of the side masking and (b) the dK/dt protocol. The side masking
reduces the amount of hydrogen produced on the bold surface. However, either specimen flank
along the projected crack path (the window in the masking was 1 mm tall and ran 70% of the
specimen width) was left uncovered in order to prevent altering the crack tip chemistry between
the masked and unmasked testing. If the presence of the masking on the bold surfaces is leading
to the difference in cracking behavior observed between this project and previous work, then that
would suggest hydrogen produced 0.5 mm away from the cracking plane contributes to the
hydrogen concentration at the crack tip during testing. Modeling of bulk hydrogen charging,
discussed in detail in Appendix B, suggest a hydrogen concentration 0.1 % of the surface
hydrogen concentration is achieved 0.2 mm into the specimen at the end of the test. Thus, if
hydrogen produced 0.5 mm away from the crack path is getting into the FPZ, which must be
occurring if the presence of the masking is altering the cracking behavior, then some mechanism

for enhanced hydrogen diffusion must be present in this alloy system.

Regarding the possible effect of the dK/dt protocol, testing in this project and in previous
work used a dK/dt of 0.33 MPaVm/hr in the K regime between 10 and 44 MPaVm [8]. In the
previous work the dK/dt was then increased to 1.10 MPaVm/hr until test completion, while in the



present project a dK/dt of 0.33 MPaVm/hr was used for the entire test duration [8]. The HEAC
Kru is expected to be between 10 and 30 MPaVm, while the non-IG crack growth is observed to
start at a K around 30 MPaVm if it occurs. Thus, in either case, the dK/dt protocol is same
between this project and the previous work at the onset of cracking, whether that cracking is
HEAC or non-IG ductile crack growth. Therefore, the dK/dt protocol differences are not

expected be the cause of the different threshold potentials observed in the Allvac material lot.

The ductile fracture surface morphology in the Allvac material is similar to what is
observed in inert environment testing, as shown in Figure 3.2. Both surfaces contain microvoids
tens of microns in size. A comparison of the crack growth rates measured in electrolyte while
charged at -850mVscg and in inert environment testing is shown in Figure 3.14. The crack
growth rates measured at -850mVscg are lower than what was measured in inert environment up
to a K of 55MPavVm. This may be due to the faster strain rate used in the inert environment
testing (1.10 MPaVm/hr) compared to the near threshold potential testing (0.33 MPaVm/hr).
Before the onset of crack growth, the faster strain rate would increase the contribution of local
plasticity damage accrued at the crack tip (governed by the applied K) in a given amount of test
duration. Essentially, the same change in K would be applied in less time for the increased dK/dt
rate associated with the inert environment testing. This would lead to a higher measured da/dt
for reasons given in Section 3.1.1 up to a K of around 35 MPaVm. Between a K of 35 MPavm
and 55 MPaVm, the crack growth data between the inert environment test and the test at
-850mVscg merge, possibly implying a decreasing effect of the dK/dt rate on the measured da/dt.
Above a K of 55 MPaVm, the crack growth rates between the two conditions are similar. This
suggests that the ductile crack growth was not enhanced by the presence of hydrogen in the FPZ
from the presence of cathodic polarization. Detailed material characterization is performed to
investigate the higher HEAC resistance in Allvac and the differences between TR 1, TR 2, and
TR 3; this is presented in Section 4.2.3.



Figure 3.13: Macroscopic scale of (a) Allvac, (b) TR 1, (¢) TR 2, and (d) TR 3 lots of Monel
K-500 tested in 0.6M NaCl at -850mVsce. The crack growth occurred left to right, the area
between the vertical blue lines is the crack growth that occurred during HEAC testing.
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Figure 3.14: Crack growth data of Allvac and TR 2 material lots in inert environment and
0.6M NaCl at -850mVsck.



Figure 3.15: Fractography of (a) Allvac, (b) TR 1, (¢) TR 2, and (d) TR 3 at -850mVsck in 0.6
M NacCl electrolyte revealing mixed IG/TG cracking associated with mild levels of HEAC in
TR 1, TR 2, and TR 3 and ductile-like cracking in the Allvac material lot.

The ductile failure of Allvac at -850mVsce observed in this project highlights that the
Allvac material is more resistant to HEAC than TR 1, TR 2, and TR 3. Other evidence presented

below also points to increased HEAC resistance in the Allvac material over the three tie rods.

3.1.3 SSRT

In a companion project, Dr. Hung and Dr. Scully (University of Virginia) performed
Slow Strain Rate Testing (SSRT) (ASTM G129) on Allvac and TR 2 material after 24 hours
charging in deaerated 0.6M NaCl -850mVsck, -950mVscg, and -1100mVsce. The minimum
specimen diameter at the point of failure was 2.4 mm. The tests were run at a cross head speed

of 6.33x10 mm/s. The specimens were exposed to the same environment and potentials during



the testing. Figure 3.16 shows both the macro view of each fracture surface and a high
magnification view near the edge of the fracture surface where hydrogen is expected to have
diffused into the material for each material and applied potential in the test matrix. The resulting
fracture surfaces in Figure 3.16 (a and b) show ductile failure occurred in either material at -
850mVsce. Both the Allvac and TR 2 fracture surfaces in Figure 3.16 (e and f) show extensive
IG failure occurred at -1100mVsce. Most importantly, Figure 3.16 (d) shows a small number of
IG facets were observed on TR 2 at -950mVsce while Figure 3.16 (c) shows only ductile failure
occurring in the Allvac test sample under the same cathodic potential. This further supports the
observation from Figure 3.15 and Figure 3.12 that Allvac exhibits greater HEAC resistance as
compared to TR 2.

It is not surprising that the potential of -950mVscg at which ductile crack growth occurs
in the Allvac material and mild HEAC occurs in the TR 2 material during SSRT testing does not
correlate to the potential of -850mVscg established in the fracture mechanics testing. The SSRT
specimens do not have a crack like the SEN(T) specimens. This affects the hydrogen behavior
since there is (a) no amplification of the hydrogen concentration and (b) a different charging
environment. For the SSRT specimen, there is no amplification of the hydrogen concentration
associated with the presence of the crack (no Cys) since there is no crack in the specimen before
the onset of failure. Thus, higher bulk hydrogen concentrations are needed to cause HEAC.
More hydrogen charging, and therefore a higher applied potential, is necessary to observe HEAC
in a SSRT specimen than a SEN(T) specimen. However, both the SSRT and fracture mechanics
testing results indicate greater HEAC resistance in the Allvac material compared to the three tie

rods.
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Figure 3.16: SSRT fracture surfaces of aged Monel K-500 material lots in dearated
0.6M NaCl; above images are (a) Allvac at -850mVsck, (b) TR 2 at -850mVsck, (¢) Allvac at
-950mVsck, (d) TR 2 at -950mVsck, (e) Allvac at -1100mVscg, (f) and TR 2 at -1100mVsck.

32 Microstructure Characterization

Detailed microstructure characterization was done in order to investigate why the Allvac
material lots was more resistant to HEAC than TR 1, TR 2, and TR 3. Specifically, the grain
size, grain boundary character, alloy composition, impurity content, and impurity distribution

were studied.

3.2.1 Orientation Imaging Microscopy

Orientation imaging microscopy (OIM) was completed on each material lot. Sample
material was taken from SEN(T) specimens far away from the test gauge. One surface of these

samples was then polished, as described in Section 2.8. The crystallographic information of each



grain in a small area (a 225x338 um rectangle) representative of the overall microstructure was
analyzed, as described in Section 2.8, using the electron backscatter diffraction (EBSD)
capabilities of the FEI Quanta 650 SEM at 30 kV with a 5 nA probe current. From this analysis,
Inverse Pole Figure (IPF) maps were created using analysis software, shown in Figure 3.17. The
average crystallographic orientation in each grain is shown by the color of the grain, using the
triangle legend in Figure 3.17. The color corresponds to the crystallographic axis normal to the
sample surface. For example, a blue grain has the (111) pole perpendicular to the sample

surface [79].

The grain size variation between the material lots is immediately apparent in the IPF
maps in Figure 3.17. Using these maps, the average grain size for each material was determined
using ASTM E112-3. The average grain size in the Allvac is shown in Table 3.1 to be
approximately one-half the grain size of TR 1, TR 2 and TR 3. In all materials, the grains are
isometric in shape, with one to four twin boundaries inside each grain. The orientation of each

grain appears random, resulting in an isotropic microstructure overall.
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Figure 3.17: Orientation imaging microscopy of the (a) Allvac, (b) TR 1, (¢c) TR 2, and (d) TR
3 material lots of aged Monel K-500.



Table 3.1: Average grain size for several heat treatments of aged Monel K-500 calculated
from the IPF maps shown in Figure 3.17 according to ASTM E112-3. The margin of error for
the 95% confidence interval in the grain diameter measurements is also given.

Material Average Grain Diameter [pm] 95% Confidence Interval
Margin of Error [zm]
Tie Rod 1 25.8 1.6
Tie Rod 2 353 1.6
Tie Rod 3 31.8 1.6
Allvac 13.8 1.6

3.2.2 Impurity Segregation at Grain Boundaries

Work in a companion study by J. Scully at UVa on the Allvac and TR 2 Monel K-500

material lots included Auger depth profiling, which was completed on IG facets on available
fracture surfaces to investigate possible impurity segregation at the grain boundaries. Of
particular interest is sulfur segregation at the grain boundaries, consistent with its impact in GB
property degradation [38-41]. The auger analysis was completed on the fracture surfaces created
during SSTR testing following charging at -1100mVsce shown in Figure 3.16 and described in
Section 3.1.3. The depth profiles were normalized to a depth of 9 nm in the Allvac material and
20 nm in TR 2, where the atomic concentrations are observed to level off and are assumed to
have stabilized to near-homogenous levels inside the grain, close to the bulk concentrations
given in Table 2.1. Thus, all elements should go to a normalized concentration of 1 in Figure
3.18. Figure 3.18 (b) shows possible sulfur segregation to the grain boundaries evident in TR 2

while no such segregation was observed in the Allvac material lot in Figure 3.18 (a).

The data in Figure 3.18 was collected from one IG facet from each fracture surface.
Thus, it is not clear if all the IG facets in TR 2 would show similar sulfur segregation or not, nor
is it certain other grain facets in the Allvac material do not have sulfur segregation. However,
much smaller grain size in the Allvac material supports the transition from no sulfur segregation
in the Allvac material to sulfur segregation in TR 2. This combined with the lower bulk sulfur
concentration in the Allvac material compared to TR 2 warrants investigation into lot-to-lot

variation in sulfur segregation.
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Figure 3.18: Grain boundary segregation data via Auger analysis on IG fracture
surfaces of (a) Allvac and (b) TR 2 materials.

3.2.3 Hydrogen Behavior in the Microstructure

Dr. Scully, Dr. Hung Ha, and Dr. Brendy Rincon Troconis are investigating lot-to-lot
variation in the hydrogen behavior between Allvac and TR 2 materials in a companion study; an
excerpt of results pertinent to the current HEAC work is included below. These materials were

chosen as they show the most variation in HEAC behavior during fracture mechanics



characterization at -850mVsce. Specifically, Desr was measured, Cu-pifr was measured, the
hydrogen evolution reaction (HER) kinetics were measured, and the hydrogen trapping behavior

was investigated.

The HER kinetics were shown to be similar for Allvac and TR 2 materials. This is
important because it demonstrates the hydrogen production reactions at the crack tip or bold
surfaces are not a function of material lot. The hydrogen trapping behavior was studied via TDS
analysis of thin plate specimens charged at -850mVsce. The two most common hydrogen traps
in the Monel K-500 microstructure are the Ti-carbides and the y’ (Ni3Al) precipitates [12]. The
very low concentration of Ti-carbides in the matrix preclude them from significantly altering the
hydrogen behavior in the material [12, 32]. Therefore, the trapping behavior in Monel K-500
can be narrowed down to the y’ precipitates. The concentration of hydrogen at these trap sites as
well as their effect on Defr are a function of the trap binding energy [12]. Therefore, the
hydrogen trapping behavior is effectively described using the trap binding energy of the y’ traps.
The Allvac and TR 2 materials have statistically similar trap binding energies of 9.9 +5.0 kJ/mol
and 14.8 £ 5.0 kJ/mol respectively [12]. This similarity is expected since the hydrogen trapping
in both materials is dominated by trapping at y’ particles, which should be similar in size and
distribution between the material lots [8, 12]. This similar trap binding energies suggest similar
trapping behavior is occurring in Allvac and TR 2 material. This suggests the two lots should
have similar values for Der. Indeed, Defr was measured to be near 1x107'° cm?/s for both material
lots, consistent with other measured diffusivities reported in the literature, which typically ranged
from 5.0x10!'! em?/s to 1.3x107'° em?/s [8, 12, 28]. This supports the use of one Desr in the

HEAC modeling in this project.

The diffusible concentration of hydrogen present in the system Cu.pitr was measured as a
function of overpotential, yu, in each material via Barnacle Cell testing following charging at -
850mVscE, -950mVscg, -1000mVscg, and -1100mVsce. The TR 2 material was charged in 0.6M
NaCl while the Allvac material was charged in ASTM artificial ocean water. The key result was
that the Allvac material contained less hydrogen (Cu.pift= 0.29 — 11.5 yn) than the TR 2 material
(Cu-pift=-10.20 — 119.89 yn) after similar charging times [68]. This corresponds to 2 wppm for
the Allvac material and 4 wppm for the TR 2 material at -850mVsce and 3 wppm for Allvac and
17 wppm for TR 2 at -950mVsck [68]. These hydrogen concentration for the Allvac material are



also consistent with Barnacle Cell testing completed on the Allvac material lot in 0.6M NaCl,
where concentrations around 5 wppm were reported for charging at -850mVsce and -950mVsce
[8]. This suggests that testing in ASTM artificial ocean water did not significantly affect the
hydrogen uptake in the Allvac material when compared to testing in 0.6M NaCl. Furthermore,
the lower measured hydrogen concentrations in the Allvac material is consistent with the
improved HEAC resistance of the Allvac material compared to TR 2 found during HEAC testing
at -850mVsce. The hydrogen concentration differences between TR 2 and Allvac at -950mVscg
would not lead to significant differences in da/dti between the two material lots since so much
hydrogen in being introduced into the FPZ. This is supported by micromechanical modeling
done in Section 4.1.2 showing a 100x difference in hydrogen concentration is needed to cause
significant differences in da/dtny between two material lots. Such large differences in hydrogen

concentration were not measured between TR 2 and Allvac.

4 Discussion

4.1 Pertinent HEAC Fracture Mechanics Testing Results

4.1.1 Eftfect of Calcareous Deposits on HEAC Kinetics

The beneficial effects of calcareous deposits on the corrosion kinetics on metal alloys
under cathodic polarizations has been extensively studied and is attributed to a reduction in the
cathodic area, restriction of the diffusion of depolarizers at the cathode, or increasing the ohmic
resistance of the system [86-88]. Others have observed increased crack growth due to wedging
effects from the presence of the calcareous deposits in the crack wake [89]. The results in Figure
3.6 shows testing in ASTM artificial ocean water lead to significantly slower cracking from 20
MPaVm to 50 MPaVm, effectively delaying the onset of Stage II crack growth and increased Kru
from 20 MPaVm to 25 MPaVm. However, da/dty did not change significantly between testing in
0.6M NaCl and ASTM ocean water, with values of 1.07x10> mms/s and 8.2x10° mm/s
respectively as measured at 60 MPavm. SEM fractography and EDS analysis shows significant
amounts of Ca-rich (Figure 3.7 d, e, f, j, k, and 1) and Mg-rich (Figure 3.7 g, h, 1, m, n, and o)
deposits on the SEN(T) specimen surfaces (Figure 3.7 a, b, and c) during testing in ASTM

artificial ocean water.



Determining the effect of the calcareous deposits on the electrochemical mechanisms for
HEAC is outside the scope of this project. It is possible the other elements in the ASTM
artificial ocean water can influence the crack tip chemistry by altering the pH, buffering the
solution, or by promoting the formation and growth of the calcareous deposits on the specimen
surface and in the crack wake. The formation of the calcareous deposits may also reduce the

surface area on which hydrogen is being produced and adsorbed.

It should also be noted that significant secondary cracking and crack branching was
observed during testing in ASTM ocean water. The location of the crack branch is denoted by
the blue line in Figure 4.1. The data reported in Figure 3.6 were recorded prior to the
development of the crack branching, however it is possible the local driving force may have been
influenced at crack lengths prior to the indicated blue line in Figure 4.1. It is not clear whether
the presence of the calcareous deposits lead to the secondary cracking, crack branching, or non-

straight crack front observed in Figure 4.1.

Figure 4.1: SEM images for the fracture surface (top) and bold surfaces (bottom) of an Allvac
SEN(T) specimen tested in ASTM artificial ocean water at -1000mVsck.

Further testing at other potentials was not carried out in ASTM artificial ocean water.
For one, the resulting da/dt vs K data in Figure 3.6 suggests testing in ASTM artificial ocean
water may result in non-conservative crack growth and one goal of this project is to measure

da/dt vs K data for input into engineering level component lifetime computer models, where



conservative crack growth data is necessary to ensure minimum component lifetime estimates.
The random nature of the calcareous deposit nucleation precludes the inclusion of possible
beneficial effects of the calcareous deposition on HEAC kinetics in component lifetime
estimates. Second, the nucleation and growth of calcareous deposits is nonhomogeneous and it
is not clear whether the deposition will occur on every test at every potential studied. This
makes testing in ASTM artificial ocean water unattractive for this project, which requires
detailed comparison of HEAC kinetics for several material lots of Monel K-500. The main focus
of this project is on metallurgical effects on HEAC kinetics, which may be masked by test-to-test
variation in calcareous deposit formation and distribution. For all of these reasons, testing was
carried out in 0.6M NacCl to investigate the impact of lot-to-lot metallurgical differences on
HEAC. Lot-to-Lot HEAC Behavior Differences in Highly Cathodic Environment Testing

At highly cathodic potentials in the range of -950mVscg, Allvac, TR 1, TR 2, and TR 3

all expressed similar da/dty values and pure IG cracking, suggesting the effect of metallurgical
lot-to-lot differences is being overpowered by the amount of hydrogen present at the FPZ.
However, the high Ktn value seen in the Allvac material compared to those of TR 1, TR 2, and
TR 3 does suggest that Allvac is the most resistant to the onset HEAC of the four material lots
studied, even at highly cathodic potentials. The differences in Kty values for the material lots at
-950mVsce may be due to a lower Cu.pifr, has recently been shown to be lower in Allvac than in
TR 2 in companion study, as discussed in Section 3.2.3. This would lead to a decreased Cno at
the crack tip, increasing the Kty for Allvac according to Equation 1. The difference in Kty may
also be due to variation in the sensitivity of the grain boundaries in each material to the
concentration of hydrogen at the boundary. This could arise from differences in impurity

segregation at the grain boundary [15, 40]. This is discussed in more detail in Section 4.2.4.

The similarities in da/dty between the material-lots observed at -950mVscg can be
understood using the model for da/dti developed from the HEDE model for final failure.
Equation 2 shows that da/dtp i1s dependent on Deff, Xcrit, CHo-crit, and Chs. Recent analysis by Dr.
Scully et. al. shows that Degr is close to 1.0x107'° cm?/s for Allvac and TR 2 [68]. Similar
diffusivities would be expected for TR 1 and TR 3 since da/dti did not vary significantly
between these material lots and those for Allvac and TR 2. In addition, Xcrit, is assumed to be 1
um for all materials studied as justified from previous stress field analysis and previous

modeling on the Monel K-500 Allvac material lot [8, 30]. Thus, da/dty becomes dependent upon



the CHo-ciit/ CHo ratio. Previous modeling fit da/dti; data from tests on the Allvac material using
Equation 2 to determine Cho-crit, resulting in a value of 1100 wppm for Cho-crit [8]. The Auger
analysis in Figure 3.17 suggests the tie rod materials have sulfur segregation that is not present in
the Allvac material. The effect of the sulfur segregation would be to lower the amount of
hydrogen required to cause IG failure, Cho-ciit in Equation 2 [15, 40, 41, 43]. The exact effects of
sulfur and hydrogen grain boundary segregation are discussed in more detail in Section 4.2.4.1,

however combining Equation 22 and Equation 2 through the elimination of Cys yields

da

1 T, xcril
1—erf 2# (KIG_(pCS_\/ln(KTHﬂ')a”O-YS)’ (20)
eff

Cho—cri = -
where @ is the sensitivity of the grain boundaries to sulfur embrittlement and Cs is the sulfur
concentration at the grain boundary. The effect of the lot-to-lot differences in hydrogen and
sulfur concentration are captured by the da/dt; and Kty data used to predict Cho-crit. It 18
assumed a and ¢ does not change lot-to-lot, which may not be the case in reality but is supported
by the similar grain boundary character in each material. In order to study the effects of
hydrogen and sulfur grain boundary concentration on da/dty, it is assumed that higher hydrogen
and sulfur concentration in TR 1, TR 2, and TR 3 lead to decreases in Cus-crit on the order of 5x
(thus CHo-crit =220 wppm) for TR 1, TR 2, and TR 3. Cu.pifr at -950mVsck is 13 wppm
according to Equation 7, which correlates to Cus on the order of 9000 wppm. Then, CHo-crit/CHo
is 0.18 for the Allvac material and 0.04 for the three tie rods. This correlates to a model
predicted da/dty of 0.04 um/s for the Allvac material and 0.09 um/s for the tie rods. This
exercise demonstrates that for the higher cathodic polarizations (where the Cu.pitr 1s large), a 5X
change in Cho.crit due to metallurgical differences results in only a minor change in the HEAC
behavior. In order to predict a significant da/dty increase, such as a 5x increase, between the
Allvac material and another Monel K-500 lot, one has to assume Cpe.crit for the other material lot
is 100x lower than that of Allvac, which is not reasonable given the similarity in microstructure
and HEAC behavior observed at -950mVsce between the materials in this study. Thus, at highly
cathodic potentials metallurgical differences are overshadowed by the aggressive nature of the

charging environment and high hydrogen concentrations achieved in the FPZ.



4.1.3 Lot-to-Lot HEAC Behavior Differences in Mildly Cathodic Environment Testing
At the near-immunity potential -850mVscg, TR 1, TR 2, and TR 3 have Kty values of 16,
32, and 26 MPaVm and da/dty crack growth rates of 1.8x10°® mm/s, 4.4x10"® mm/s, and 3.2x10°

mm/s at a K of 60 MPaVm respectively. Fractography in Figure 3.14 revealed IG/TG mixed
cracking in TR 1, TR 2 and TR 3 while Allvac was observed to have cracked from a ductile-like
failure similar to what occurred during testing in inert environments. Therefore, Allvac is more
resistant to HEAC than TR 1, TR 2, and TR 3. This is consistent with (1) lower Cx.pisr measured
in Allvac compared to TR 1 and TR 2 measured by Dr. Scully et al., (2) a lack of historical
precharging of the specimen (TR 1-3 had Swppm from service exposure), (3) the SSRT results
showing enhanced resistance for Allvac compared to TR2, and (4) the Auger results that show a
lack of S segregation for Allvac compared to TR2. However, it is not understood what
microstructure feature unique to the Allvac alloy system is causing the observed differences in

hydrogen behavior.

The bulk alloys compositions for each material lot are similar. This suggests that
improved HEAC resistance of the Allvac material is likely not due to an alloy compositional
effect, outside of possible impurity effects. The slow ductile crack growth well below Kic of
each material was characterized during the inert environment testing. Figure 3.1 shows
consistent cracking behavior across all materials, demonstrating that Allvac is not intrinsically
tougher than TR 1-3. Furthermore, the similarities in measured Ramberg-Osgood flow constants
in Table 2.2 show the increased HEAC resistance of the Allvac material is not due to different
strain hardening behavior. Literature review suggested several possible features of the material
that may contribute to the observed HEAC behavior differences: H-metal interaction
characteristics (diffusivity, uptake, etc.), yield strength, grain size, grain boundary character, and
impurity concentration at the grain boundary. A battery of materials characterization analyses
were carried out to look at each feature. Lot-to-lot Microstructure Variation and its Effect on

HEAC Kinetics

The effect of microstructure characteristics in Monel K-500 is not well understood. The
microstructural features of each material lot were compared to the crack growth behavior in an

effort to relate the microstructure/ metallurgy and HEAC kinetics.



4.2.1 Effect of Yield Strength

The measured yield strengths for the Allvac, TR 1, TR 2, and TR 3 materials are given in
Table 2.2 to be 786 MPa, 898 MPa, 795 MPa, and 793 MPa respectively. The grain size for the
Allvac, TR 1, TR 2, and TR 3 materials are given in Table 3.1 to be 14 um, 26pum, 35 pm, and
32 um respectively. Therefore, higher yield strength does not correlate with the decreased grain
size, contrary to the Hall-Petch relationship described in Equation 9. This is expected, as the
yield strength for Monel K-500 is mainly dependent upon y’ precipitate size and distribution
[32].

The yield strength differences will affect the Kru for each material according to Equation
1. The values for a, B’, a’’, and Kig have been established in previous work to be 0.56
MPavm/(atom fraction H), 0.26 MPaVm, 0.00018 MPa m, and 0.675 MPaVm respectively [8,
30]. The yield strength (oys) for each material is given in Table 2.2. Finally, Cus, will depend
upon Cu-pifr, which is a function of the applied potential according to Equation 7, and on oys
according to Equation 5, where oy is taken to be 12c0ys consistent with previous Kty modeling in
Monel K-500 and recent strain plasticity gradient modeling [8, 30]. Using potential-specific
values of Cu.pifr calculated from Eqn. 7 (note the E vs Cu.girrrelationship may vary from lot-to-
lot, but this is variation is not captured in this exercise) and the appropriate cys values (Table

2.2) results in the predicted Krn for each material shown in Figure 4.2.

The model predictions, shown by the solid lines in Figure 4.2, are directionally correct in
that it shows the expected trend of decreasing Ktn with increasing cys. Furthermore, the model
reasonably predicts the measured Kty values for TR 1, TR 2, and TR 3. There is no measured
Krureported for Allvac at -850mVsce since the material did not crack due to HEAC, as
discussed in Section 3.1.2.3. However, the threshold stress intensity for IG cracking in Allvac
must be higher than the stress intensity at which the TG microvoid-based cracking occurred (31
MPavm), consistent with the predicted Ktu of 39 MPaVm at -850mVscg. It is not clear why the
model predicts lower Kty than what was measured for the Allvac material. This may be an
effect of the masking, but that would imply hydrogen produced at the bulk surface somehow
affects the cracking behavior, which is supposedly dominated by hydrogen produced at the crack

tip due to the much shorter diffusion distances [8]. Nevertheless, the accurate predictions of the



HEAC behavior of each material lot validates the modeling and suggests the yield strength plays

an important role in controlling lot-to-lot variation in HEAC behavior.
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Figure 4.2: Measured Kt and model predicted (Equation 1) Ktu for HEAC versus applied
potential for four aged Monel K-500 lots. The upward arrow indicates HEAC crack growth
did not occur during testing.

4.2.2 Effect of Grain Size

Literature suggests that Kty for HEAC increases with increasing grain size in IN718 and
IN903 [11, 35]. However, in both cases, the increased Ktn was related to carbide spacing in the
matrix. In IN718, the increased Krn was attributed to increased carbide spacing in the
microstructure rather than the increased grain size [11]. Crack advance during Environment

Assisted Cracking (EAC) of IN718 was a mixture of microvoid, IG, and slip based cracking.



The carbide spacing impacted the crack growth rate since the microvoids nucleate at carbide,
matrix interfaces along the projected crack path [11]. Thus, when the carbide spacing increased
with increasing grain size, the characteristic distance governing fracture toughness increased.
Similarly, the increased Kty with increasing grain size trend observed in IN903 was attributed to
a similar increase in critical distance for IG fracture, which increased with increasing grain
size[35]. In the case of Monel K-500, no microvoid cracking is expected when HEAC is active.
Therefore, HEAC fracture toughness is not related to carbide spacing in this alloy. For pure
nickel, the resistance to hydrogen embrittlement increased with increasing grain size, measured
as an increase in ductility with increasing grain size [36]. This was attributed to an increasing
fraction of low energy “special” boundaries as a function of increasing grain size. The effect of

grain boundary character is discussed in more detail in Section 4.2.3.

The effect of grain size on the HEAC behavior observed in this project are shown in
Figure 4.3. At the near-immunity potential of -850mVscg, TR 1, TR 2, and TR 3 have Ktn
values of 16, 32, and 26 MPaVm and grain sizes of 26, 35 and 32 pm respectively. Also, at
-950mVsck the Kt values were 29, 13, 18, and 19 MPaVm for the Allvac, TR 1, TR 2, and TR 3
materials. Though the differences in HEAC behavior between TR 1, TR 2, and TR 3 are slight,
they generally follow a weak trend of increasing Ktn with increasing grain size at near immunity
potentials and at aggressively cathodic potentials consistent with literature findings, while Allvac
is the outlier in both potential regimes. Finally, the da/dtncrack growth rates for TR 1, TR 2, and
TR 3 were 1.8x10°, 4.4 x10®, and 3.2 x10° mm/s respectively at -850mVscg and 3.4 x10°, 2.5
x10®, and 4.1 x10® mm/s respectively at -950mVsce. Again the HEAC differences observed
between the three tie rod materials are slight, but in the near threshold potential range, da/dtn was
observed to increase with increasing grain size for TR 1, TR 2, and TR 3. This trend is not
observed at more cathodic potentials, where the aggressive charging environment is likely

overshadowing the secondary effects of grain size on HEAC kinetics.
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Figure 4.3: (a) Ktu and (b) da/dty at applied potentials of -850mVscg and -950mVscg and their
relation to grain size.



It is difficult to fundamentally explain the rise in Ktu and da/dt; with increasing grain
size observed in Figure 4.3 because several microstructure features are altered by increases in
grain size. In addition, the exact heat treatments of the TR 1, TR 2, and TR 3 material lots are
unknown, preventing consideration of different heats and the effects this would have on the alloy
microstructure. Using the framework of Equation 1 as a basis, several effects associated with
grain size can be evaluated; specifically the influence of grain size on the slip behavior which
can influence the grain boundary stress state (and therefore Cho), the effect of crack deflection,
the effect of grain boundary connectivity, and the effect of impurity segregation may all change
with grain size. The influence of oys has already been shown in Section 4.2.1 to correlate with
the Ktn results. However, assuming the differences in HEAC behavior observed in Sections
3.1.2.2 and 3.1.2.3 is simply a result of yield strength variation is speculative as no direct
evidence of variation in slip damage along IG facets was observed between the material lots.
Therefore, the effects of crack deflection, grain boundary connectivity, and impurity segregation

must also be considered.

4.2.2.1 Effect of Crack Deflection

One possible consequence of grain size may be to increase the amount of crack
deflection, making the crack path more tortuous as it progresses through the microstructure. The
effect of crack deflection was analyzed using the EBSD maps showing only random, high angle
boundaries for each material lot as these grain boundaries are the most susceptible to hydrogen
embrittlement and therefore represent the most likely path for crack advance through the
microstructure [37, 53]. The geometry of the crack deflection is given by comparing the
orientation and lengths of the deflected crack segment, D, and the straight segment, S, defined in
Figure 1.1. It should be noted that this model assumes the same amount of deflection is
occurring throughout the specimen width for the entire crack front. In reality, the deflection
across the crack front will be dispersed randomly as different sections of the crack front travel
through different grain boundaries. However, this model will give the maximum effect crack
deflection can theoretically have on the applied K. Average D and S values were measured from
the random, high angle boundary maps and are shown for each material lot in Table 4.1. The
amount of deflection is described by the Kpgr/K ratio, with a Kpgr/K of 1 relating to a 6p of 0°,
meaning a straight crack. Maximum deflection would occur at the maximum 6p for a given D

and S combination. The maximum 0Op found in the microstructure was 60°. The maximum



amount of deflection are similar for all materials, with Kpgr/K values of 0.82, 0.82, 0.77, and
0.81 for Allvac, TR 1, TR 2 and TR 3 respectively. The material with the largest grain size, 35.3
um for TR 2, showed the most deflection. However, the other material lots did not show
increasing deflection with increasing grain size, with similar deflection being observed for grain

sizes ranging from 13.8 for Allvac to 31.8 um for TR 3.

During the analysis, Op was determined to range between 0° and 60° in all material lots
analyzed. The HEAC Ktu measured during fracture testing were then adjusted to account for
crack deflection using Equation 11 and are shown in Table 4.1 for 6p of 0 °, 15 °, 30 °, 45 °, and
60 °. Increasing deflection angle led to decreasing effective stress intensity and decreasing
HEAC kinetics, consistent with prior investigations of crack deflection in aluminum alloys [65,
66]. The cracking threshold stress intensity for Allvac at -850mVscg was not included in the

analysis since cracking was not intergranular and failure was not due to hydrogen embrittlement.

Each material lot’s adjusted HEAC Kry at applied potentials of -850mVscE and
-950 mVsce is shown in Table 4.1. In all the materials, accounting for crack deflection resulted
in a 0-13% reduction in the measured Ky, the maximum reduction occurring for a crack
deflection of 60°. At -850mVscE no two lots share common Kty values even when assuming no
crack deflection in one material and the maximum observed crack deflection of 60° in another
lot. In addition, the Kty of Allvac at -950mVscg is more than twice that of TR 1 and around 50%
higher than TR 2 and TR 3 under identical polarization potential. The lot-to-lot differences in
HEAC behavior are too large to be due to crack deflection alone. Therefore, crack deflection

differences cannot explain the lot-to-lot differences in Ktu measured during testing.



Table 4.1: (a) Typical D and S values taken from analysis of each material lot microstructure
and (b) adjusted HEAC KTH for a deflected crack of angle Op in each material lot measured

during fracture testing at -850mVSCE and -950mVSCE.

Allvac TR 1 TR 2 TR 3
D [um] 10.5 17.6 23.2 24.1
S [um] 10.8 18.3 14.0 23.4
(a)
Adjusted Kru at -850mVsce [MPavm] Adjusted Kru at -950mVsce [MPavm]
Op [°] Allvac TR 1 TR 2 TR3 | Allvac TR 1 TR 2 TR 3
0 N/A 16 32 26 29 13 18 19
15 N/A 16 32 26 29 13 18 19
30 N/A 15 31 25 28 13 17 18
45 N/A 15 29 24 27 12 16 18
60 N/A 14 27 23 25 11 15 17
(b)

4.2.2.2 Effect of Slip Pile-up

Grain size may influence the dislocations that build up at the grain boundary; specifically,
the pile-up increasing with increasing grain size [24, 90, 91]. Researchers have argued that an
increase in grain size would increase the local strain hardening due to the increased plastic
damage at the grain boundary associated with the increased pile-up [91, 92]. This could enhance
HEAC through either (1) an increased driving force for hydrogen diffusion towards the grain
boundary resulting from the increased stress disparity between the grain boundaries and grain
interior with increased grain size, (2) possibly increasing the amount of hydrogen transport by
increasing the number of dislocation traveling to the grain boundary, or (3) an enhanced stress
state due to work-hardening [24, 93]. Each of these would have the cumulative effect of
increasing Cuo in the FPZ for a given Cu.pisr. This effect could in part be quantified by altering
the oys-on relationship to include a parameter (y) that describes the effect of grain size on local
hardening and models the change in Cyxo necessary to cause the differences in HEAC behavior

observed at -850mVsck:

21
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It is possible that the increased HEAC resistance of the Allvac material is due to the
smaller grain size leading to decreased local hardening at the grain boundary and reducing Cye.
However, no obvious evidence of decreased slip damage at the grain boundaries was observed in
the Allvac material compared to TR 1, TR 2, and TR 3, where similar slip densities and slip
heights were observed across all material lots during the fractography analysis in Figure 3.10 and
Figure 3.11. However, a thorough comparison of slip behavior at the grain boundaries would
require detailed imaging of the sub-surface dislocation structure of the crack wake, which is

outside of the scope of this effort.

4.2.3 Effect of Grain Boundary Connectivity

Hydrogen embrittlement can be significantly reduced by reducing the fraction of random,
high angle grain boundaries through the introduction of low energy “special” grain boundaries
[16]. The special boundaries are those with low misorientation angles, 0, below 15° or those that
have unique misorientation angles corresponding to CSL boundary geometries. The grain
boundary character for each material lot was characterized via OIM microscopy and subsequent
data analysis described in Section 2.8. The resulting maps, see Figure 4.4, show the majority of
grains in all materials consist of random, high angle grain boundaries with two to three X3 {111}

boundaries internal to the grain.



(b)



(d)
Figure 4.4: Grain boundary character of each material lot. Black lines are random, high angle
boundaries. Red line are Sigma 3 boundaries.
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Figure 4.5: Map of £3 boundaries in TR 1 used to calculate Sv with the test lines overlaid for
analysis.

HEAC requires a connected network of grain boundaries susceptible to hydrogen
embrittlement. These susceptible boundaries are known to be the random, high angle boundaries
[16, 53, 55]. Therefore, researchers have argued that increasing the fraction of special grain
boundaries in a system should increase the HEAC resistance of the alloy. From the grain
boundary maps in Figure 4.4, the total surface area per volume (mm?*/mm?), S, can be calculated
using the simple formula Sy = 2P, where Py is the number of intersection of grain boundary type
per unit length of test line [94]. For example, to find Sy for the X3 boundaries, a map showing
only the £3 boundaries is constructed using the OIM data analysis software Tango. Test lines
are then laid over that map, as shown in Figure 4.5. Pr was calculated for each line and then
averaged to determine Sy. Literature suggests that microstructures with greater fractions of
special boundaries should have increased resistance to HEAC [36, 37]. However, Figure 4.6(a)
shows consistent fractions of special boundaries in each material, as normalized by the total
surface area per volume of all boundaries in the microstructure. Therefore, grain boundary
character alone cannot be the cause of the greater HEAC resistance observed between the Allvac

material and TR 1, TR 2, and TR 3.
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Figure 4.6: Grain boundary character in each material lot studied given as (a) fraction of total
grain boundary area per volume and (b) total grain boundary area per volume

Since the grain size of the Allvac material is smaller than the grain size in the tie rod
materials, the total surface area per volume of all boundary types is much higher in the Allvac
material than in the tie rods, as evident in Figure 4.6(b), including each type of special boundary.
It is possible that the greater concentration of low energy boundaries in the microstructure leads
to increased resistance to HEAC in the Allvac material. This will occur only if the special

boundaries are replacing random, high angle boundaries, lowering the connectivity of the



random, high angle boundaries rather than simply introducing more £3 twins inside each grain.
A quantitative analysis of the connectivity of each material’s random, high angle boundary
maximum conductivity network (MCN) was completed and is described in Section 2.8. The

MCN of each material is shown in red in Figure 4.7.
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The fractal dimension was then measured, yielding values of 1.59, 1.53, 1.38, and 1.35
for Allvac, TR 1, TR 2, and TR 3 respectively. Therefore, the Allvac material has the highest

conductivity of random, high angle boundary. If grain boundary connectivity alone was the



governing factor then this would imply that Allvac is the most susceptible to HEAC, which is
opposite to what was observed during fracture testing at -850mVsce. Increasing Dgr, and
therefore increasing connectivity of high angle, random boundaries, does not correlate to
increased susceptibility to HEAC in any of the materials studied. There is no relationship or
trend evident between random, high angle boundary connectivity and HEAC behavior in the

materials studied in this project.

4.2.4 Effect of Impurities

Grain boundary segregation investigation of TR 2 and Allvac materials in Figure 3.18
suggests the increased HEAC resistance of the Allvac material compared to TR 1, TR 2, and TR
3 may be due to sulfur segregation along the grain boundaries present in the tie rods that is not
present in the Allvac microstructure. Sulfur segregation is known to decrease the critical
hydrogen concentration necessary to cause IG cracking in high purity Ni alloys [39]. A similar
effect of sulfur is expected for Ni alloys such as Monel K-500. For this to explain the increased
HEAC resistance of Allvac over all three tie rod materials, then similar Auger depth profiling of

TR 1 and TR 3 should also show sulfur segregation at the grain boundary.

Attempts were made to complete the study in this project on IG fracture surfaces
produced from the HEAC fracture mechanics testing. The results of the depth profiling were
hindered by significant carbon and oxide coverage on the fracture surface due to exposure to the
atmosphere in the time between the fracture surface being formed and the Auger analysis. The
same issue occurred in the Auger analysis of the SSRT specimens discussed in Section 3.2.2,
however surface contamination occurred to an even greater extent on the fracture mechanics
samples. The exposure to atmosphere was unavoidable as the Auger analysis could not be
completed in the same location as the HEAC fracture mechanics testing. The depth profile of on
an IG facet of a TR 3 fracture surface is shown in Figure 4.8, where the carbon concentration
does not stabilize to a constant value, at around 8 atomic %, until roughly 120 nm penetration.
This concentration is much higher than the bulk concentration of TR 3 in Table 2.1, which
corresponds to 0.661 atomic % C. Depth profiles in other locations of the TR 3 fracture surface
as well as on all other fracture surfaces analyzed show similarly high carbon and oxygen
concentrations that decrease with increased depth penetration but do not completely dissipate to

alloy concentrations shown in Table 2.1. This strongly suggests the Auger analysis is sampling



the surface contamination on top of the fracture surface rather than the alloy microstructure
itself. Thus, it remains uncertain whether the TR 1, TR 2, and TR 3 materials suffer from sulfur

segregation along the grain boundaries not present in the Allvac material.

While these data are inconclusive and did not provide results, the data from Figure 3.16
suggest differences in sulfur segregation exist at least between the Allvac and TR 2 materials.
Furthermore, the smaller grain size in the Allvac material (and therefore higher area per volume
of grain boundary) suggests less sulfur segregation would occur in the Allvac material since the
bulk concentration of sulfur diffuses and is spread out over a greater area of grain boundary.
Finally, the trace element analysis in Table 2.1 shows Allvac has a lower bulk concentration of
sulfur than the other material lots, which could lead to lower concentrations of sulfur at the grain
boundary. Previous in situ Auger analysis of IG facets in high purity nickel containing a bulk
sulfur concentration of 20 wppm did not reveal any resolvable sulfur concentration peaks at the
grain boundary [16]. However, this may have been due to the final heat treatment at 1173 K for
the material in this study, where the equilibrium sulfur concentration is negligible in a high
purity nickel system as the sulfur become completely soluble in the matrix at such high
temperatures [95-97]. Conversely, the final heat treating stage for Monel K-500 material lots in
this study likely involved a temperature hold around 755 K followed by air cooling. At this
temperature, sulfur segregation may be possible, supported by the occurrence of sulfur
segregation following aging at 873K in a Ni-10 Cu binary alloy [95]. All of this evidence
suggests that sulfur segregation may play an important role in controlling the lot-to-lot variation

in HEAC behavior
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Figure 4.8: Atomic concentration depth profile on an IG facet of the TR 3 material lot showing
extensive surface contamination, which hindered the investigation of impurity segregation
along the grain boundaries in the material microstructures.

4.2.4.1 Effect of Lot-to-Lot Variation in Sulfur Segregation on HEAC Kty

In order for sulfur segregation to explain the increased HEAC resistance of Allvac
compared to the three tie rod materials, then sulfur segregation must be present TR 1 and TR 3
similar to what was measured in TR 2 via the Auger spectroscopy in Figure 3.18(b). The effect
of sulfur segregation on the measured Ktn can be estimated by adding a parameter describing the
grain boundary sensitivity to sulfur embrittlement to Equation 1. Assuming the embrittlement

due to sulfur and hydrogen are additive yields



|:(KIG _¢Cs _aCHO') :|’ (22)

where ¢ is the reduction of Kic per atom fraction of sulfur [MPa\/m/(atom fraction S)], Cs is the
concentration of sulfur [atom fraction S], and the other terms have the same meaning as in
Equation 1. The assumption that sulfur embrittlement and hydrogen embrittlement are additive
when both S and H are present at the grain boundary is consistent with previous modeling on the
effect of impurity (phosphorous) segregation on the hydrogen embrittlement of a 5 percent Ni
high strength steel [98]. However, researchers suggest that the effect of S and H embrittlement
are at least additive when they occur simultaneously and may be synergistic [40, 41, 98]. While
it is possible that S and H embrittlement are synergistic in nature, this project assumes the effects

are only additive.

Trace element analysis in Table 2.1 shows the bulk S concentration for Allvac, TR 1, TR
2,and TR 3 is 1.6 wppm, 3.1 wppm, 11.0 wppm, and 12.0 wppm respectively. It is assumed no
sulfur segregation occurs in the Allvac material, consistent with the Auger spectroscopy in
Figure 3.18(a), and sulfur segregation does occur in TR 1, TR2, and TR 3, consistent with Figure
3.18(b) and the decreased HEAC resistance of the three tie rod materials. Previous study on
sulfur segregation in Ni-10 Cu binary alloy observed a grain boundary sulfur concentration on
the order of 1000x of the bulk sulfur concentration [95]. Assuming a similar sulfur segregation
profile in TR 1, TR 2, and TR 3 yields grain boundary sulfur concentrations of 3100 wppm,
11,000 wppm, and 12,000 wppm for TR 1, TR 2, and TR 3 respectively. Since it is assumed no
sulfur segregation is occurring in the Allvac material, the sulfur concentration is equivalent to the
bulk sulfur concentration for this material, 1.6 wppm. Current modeling will employ values for
B’ (0.26 MPavm), o’ (0.00018 MPa m), and Kig (0.675 MPaVm) proposed for the Allvac
material in previous work [8, 30]. The yield strength (cys) for each material is given in Table
2.2. Finally, Cho, will depend upon Cu.pitr, which is a function of the applied potential according
to Equation 7, and of oys according to Equation 5, where oy is taken to be 12cys consistent with
previous Kty modeling in Monel K-500 and recent strain plasticity gradient modeling [8, 30].
Then, if the Kty is known for one material at two applied potentials, o and ¢ can be solved for

simultaneously.



For TR 2, Ktuis given in Section 3.1 to be 32 MPavm at -850mVsck and 18 MPavVm at
-950mVsce. Algebraic manipulation of Equation 22 yields

o= Kio=0Cus"" - \/C o' (K ) 23)
S

/—Ol"O'YS ( hl(K;;somv,B')_ \/ln(K;iISOmVﬂv)) (24)

—-850mV -950mV .
CHo‘ - CHO'

o=

According to Equation 7, Cu-pifris 5.9 wppm at -850mVscg and 12.8 wppm at -950mVsck.
Inserting these values into Equations 23 and 24 yields 0.50 MPavVm/(atom fraction H) for o and
0.64 MPaVm/(atom fraction S) for ¢. These results suggest that the grain boundary is equally
sensitive to S embrittlement as it is to H embrittlement; i.e. a similar atomic fraction of H is

necessary to cause IG failure in Monel K-500 as S.

If the values a and ¢ are assumed to be the same for each material lot (as justified by the
similarities in grain boundary character demonstrated in Figure 4.6) then they can be used to
investigate how the degree of impurity segregation influences Kth. Using the appropriate cys
vale for Table 2.2 and potential-specific Cu-pifr values as described in Section 4.2.1, Kty was
estimated for TR 1, TR 3, and Allvac as a function of applied potential in Figure 4.9. For the TR
1 material, Kty values of 15 MPavm at -850mVscr and 9 MPaVm at -950mVsck were predicted,
which reasonably agrees with the measured Kt of 16 MPaVm at -850mVsck and 13 MPavm at
-950mVsce. For the TR 3 material, Ky values of 32 MPaVm at -850mVscg and 18 MPaVm at
-950mVsck were predicted, which reasonably agrees with the measured Kt of 26 MPaVm at
-850mVsce and 19 MPavm at -950mVsce. The good correlation between the predicted and
measured Kty values for the TR 1, TR 2, and TR 3 data validates the modeling and highlights
the important roles yields strength and sulfur segregation play in governing lot-to-lot HEAC

behavior.

For the Allvac material, Kty values of 38 MPaVm at -850mVsck and 21 MPaVm at -
950mVsce were predicted, which reasonably aligns with the measured Kru of 29 MPavVm for the
Allvac material at -950mVscg. It also predicts a Ktu of 38 MPavm higher than the threshold for

the microvoid creep-like cracking observed to start at a K of 31 MPaVm. This explains why the



ductile cracking occurred during testing in the 31 to 38 MPaVm K regime. However, it does not

explain why no HEAC occurred for the test entirety up to a K of 60 MPaVm.
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Figure 4.9: Measured Kty and model predicted (Equation 22) Kty for HEAC versus applied
potential for four aged Monel K-500 lots accounting for yield strength and possible sulfur
segregation differences. The upward arrow indicates HEAC crack growth did not occur

during testing.

5 Conclusions

The cracking behavior of four material lots of Monel K-500 (Allvac, TR 1, TR 2, and

TR 3) was characterized in order to understand the extent of lot-to-lot variation in the alloy

microstructure and its effects on HEAC behavior. Fracture mechanics testing was completed in

inert environment (N2 gas), ASTM artificial ocean water at -1000mVscg, 0.6M NaCl at -950mV,
and 0.6M NaCl at -850mVsck.



Inert environment testing was completed to establish the resolution limit of the dcPD
fracture mechanics test setup and investigate possible lot-to-lot variation in innate toughness. All
materials tested demonstrated the same innate material cracking behavior, assuring that
differences in HEAC kinetics observed in charging environments are related to the material’s

reaction to hydrogen rather than being due to differences in inherent toughness of the material.

Two tests were also completed on the Allvac material at -1000mVscg, one in 0.6M NaCl
and the other in ASTM artificial ocean water to investigate the effects of the electrolyte solution
on HEAC kinetics. During testing in the ASTM artificial ocean water, calcareous deposits were
observed to form on the bold surface of the SEN(T) specimen. The deposits had the effect of
lowering da/dt for a K below 50 MPavm, but did not alter da/dty as compared to testing in 0.6M
NaCl, where no calcareous deposits formed. In addition, testing in ASTM artificial ocean water
resulted in a higher Kru. These observations demonstrate beneficial effects of calcareous deposit
formation in that it reduced HEAC cracking during the test. However, the stochastic nature of
the deposit nucleation precludes the consideration of calcareous deposit effects on component
lifetime estimates. In addition, the main goal of this project is to investigate material differences
in HEAC behavior. It was not desirable to add in the extra complexity of calcareous deposits
and their effect on HEAC behavior during additional testing. Testing in 0.6M NaCl yields
conservative da/dt vs K data and allows for chloride to be in the solution, which plays an
important role in the HEAC damage mechanism. Thus, 0.6M NaCl was chosen to be the

electrolyte solution in other testing.

The HEAC kinetics for all materials were characterized at -950mVsce. No significant
difference was observed in Kty or da/dtiybetween TR 1, TR 2, and TR 3. The Allvac material
showed the same da/dt; as TR 1-3, but had a higher Ky, supporting the observation that Allvac
had an increased resistance to HEAC as compared to the three tie rods. The similarities in da/dtn
is explained by the very high concentration of hydrogen introduced into the FPZ, Cyg, at this

aggressively cathodic potential.

HEAC characterization in the near-immunity potential regime (-850mVscg) revealed
slight variation in Kty and da/dty between TR 1, TR 2, and TR 3. These small differences in
HEAC behavior correlated with the grain size of the material, with Kty increasing and da/dtn

increasing with increasing grain size, though this trend is weak given the small differences in



measured Ky between TR 1, TR 2, and TR 3. The Allvac material, on the other hand, did not
suffer HEAC at this potential, contrary to previous work on the Allvac material [8]. Rather the
crack growth during observed during testing was identical to the time-dependent microvoid
cracking observed during testing in inert environment. The reasons behind the different behavior
in the Allvac material observed in this project and in previous work remain unknown and are
likely related to differences in lab setup and/or the masking of the bold surfaces on the SEN(T)
specimens. Regardless, several data points to Allvac having improved HEAC resistance
compared to TR 1, TR 2, and TR 3, including SSRT testing completed in previous work and with
recent hydrogen study, where Cu.pifr was found to be lower in Allvac than in TR 2. The
extensive material characterization completed in this work was focused on identifying the
microstructural feature(s) present in Allvac, but not in TR 1, TR 2, or TR 3, that can explain the

observed difference in HEAC susceptibility at -850mVsck.

An attempt was made to explain the observed differences in HEAC behavior at
-850mVsck through a thorough examination of metallurgical and/or microstructural variation
present between the material lots. The effects of lot-to-lot variation in yield strength, grain size,
crack deflection, grain boundary character, grain boundary connectivity, and sulfur segregation
were investigated. This work suggests that the HEAC differences are most likely attributed to
(a) the decreased yield strength of Allvac as compared to TR 1, TR 2, and TR 3 and/or (b)
perhaps a smaller concentration of sulfur at the grain boundary, leading to less grain boundary
embrittlement occurring in the Allvac material than in the three tie rods. Explanation (a) is
supported by accurate prediction of HEAC behavior through Kty modeling. Explanation (b) is
supported by Auger depth analysis showing sulfur segregation in TR 2 not present in Allvac,
though the Auger work may be compromised by surface contamination prior to Auger analysis,
Allvac having the lowest bulk concentration of S of all the material lots in Table 2.1, and by
accurate prediction of HEAC behavior through novel Kty modeling accounting for simultaneous

S and H embrittlement.

Work in this project on four lots of aged Monel K-500 and previous work on the Allvac
material lot demonstrate HEAC susceptibility is strongly dependent on environmental
conditions, with da/dty increasing and Kty decreasing with increasingly cathodic applied

potentials [8]. This is attributed to increasing Cu.pifr as the applied potential becomes more



cathodic, supplying more H to the FPZ and leading to increased H embrittlement along the grain
boundary. Previous work on the Allvac material lot demonstrated the existence of a threshold
potential above which HEAC is limited by a low Cu.pifr [8]. Figure 4.9 shows HEAC
susceptibility sharply decreases, measured as decreasing Ktn, as the applied potential approaches
the threshold potential for HEAC, which was identified to be around -770mVsck for the Allvac
material in previous work [8]. A small shift in the threshold potential can be seen between the
material lots in Figure 4.2 and Figure 4.9. This suggests the threshold potential for HEAC is
sensitive to metallurgical differences. Metallurgical effects on the threshold potential become
important in near-threshold potential environmental conditions since the HEAC behavior

changes drastically with small changes in potential in this regime.

In the field, fluctuations in the applied potential may be leading to the observed Monel K-
500 service failures. Components that failed may have been exposed to more cathodic potentials
than other components, leading to increased H embrittlement and HEAC. This effect could be
amplified by differences in the metallurgically sensitive threshold potential that exists between
different Monel K-500 lots. The combination of more cathodic potential and component
metallurgy correlating to a less cathodic threshold potential would cause large difference in
HEAC behavior, especially in the potential regime near the threshold potential. This may

explain why some components fail during service while others do not.

All materials experienced unexpected and stable crack growth well below the reported
Kic of 198-340 MPaVm during the inert environment testing[8]. This cracking was tentatively
identified as microvoid time-dependent cracking and was observed in all materials above a K of
35 MPaVm. This cracking was also observed in the Allvac material when tested in 0.6M NaCl at
the near-immunity potential of -850mVsce. However, the exact mechanism behind the observed
crack growth is not well understood since it occurs below Kic. It is unclear whether this kind of
cracking has led to component failures in the field, as the failure analysis reports studied in this
project identified HEAC as the failure mechanism rather than ductile failure [1-7]. However,
this cracking must be understood as it may lead to significant component damage even in the

most inert environmental conditions.
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A: Testing Method Considerations

A.1  Observed Crack Length Dependent HEAC Behavior at -850mVsck

During the initial phases of the research, multiple K-rise tests were run on a single sample
to increase the amount of HEAC data that could be generated on a limited number of specimens;
these tests were complicated by crack length dependent HEAC growth rate behavior. The results
of three K-rise (0.33MPaVm/hr) tests on a single specimen of Allvac at -850mVsc are shown in
Figure A.1 and illustrate typical behavior; the starting crack sizes were 1.05, 2.86, and 7.18 mm
for the first, second and third test, respectively. Between each of the tests the specimen was
fatigued under a series of decreasing AK protocols. The first K-shed is from a Kmax of 60
MPavVm to 30 MPavm (R=0.5) over 0.500 mm of crack growth (C=-1.4). This is followed by a
K-shed from 30 MPavm to 20 MPaVm (R=0.1) over 0.517 mm of crack growth (C=-0.8). The
final K-shed is from 20 MPaVm to 13.5 MPaVm (R=0.1) over 0.983 mm of crack growth (C=-
0.4). This protocol was employed to limit load history effects from loading in previous tests and
resulted in a transgranular, slip based cracking fracture surface morphology in the fatigued

portion of the fracture surface.

The da/dt values in Test 1 in Figure A.1 show crack growth rates similar to what was
measured in inert environment testing (a direct comparison of the growth rates is shown in
Figure 3.14 and is discussed in detail in Section 3.1.2.3). The cracking was later confirmed to be
ductile crack extension (Figure A.2 and Figure A.3) starting at stress intensity of 31 MPaVm and
a having crack growth rate of 2.3x10° mm/s at a K of 60 MPa\vm. The second and third test
show HEAC crack growth (Figure A.2 and Figure A.3) with a lower threshold of 10 MPaVm and
15 MPaVm respectively, but a lower stage II growth rate. Also of note is the slight decrease in
da/dt throughout the course of the test. Data in Figure A.1 clearly demonstrates that similitude is

not realized for growth rates generated for the different crack sizes and loading histories in Test

1,2, and 3.

Fracture surface analysis shows that the extent of HEAC crack growth associated with
Test 2 and Test 3 increases for testing at longer crack depths but identical testing conditions.
This is apparent in Figure A.2, where the crack growth (indicated by the area between the blue,

red, and green lines) increases with each subsequent test. Moreover, there is a change in crack



growth mechanism between Test 1 and the subsequent tests. Figure A.3 shows fractography
revealing crack growth during Test 1 was due to ductile-like failure similar to what was observed
in fracture mechanics testing of the Allvac material in inert, non-charging, environments where
no hydrogen embrittlement is possible. Crack growth in Test 2 and Test 3, however, is observed
to have occurred due to HEAC, evidenced by the pure intergranular fracture surfaces created
during these tests, enclosed in red for Test 3 in Figure A.3 (c) and (d). This suggests that either
Test 1 is an outlier or there was a change in crack tip electrochemistry associated with the

different crack lengths.

This appendix will discuss several potential mechanisms that may contribute to this crack
depth dependent behavior, including an increased influence of crack wake shorting for the lower
crack opening displacements (CODs) associated longer crack sizes, a load-history effect due to
the prior fracture mechanics test, crack depth dependent crack tip electrochemistry, and/or an
influence of specimen plasticity. While each are considered in this appendix, a detailed
investigation to conclusively determine the cause of this behavior is outside of the scope of this
thesis that focuses on quantifying and understanding any metallurgical differences for different
lots of Monel K-500. All HEAC data reported in main body of the thesis was generated for a
single crack per specimen. However, this reporting and analysis of the observed crack size
dependent behavior is justified to inform the extent to which the reported HEAC growth rates
can be used in fracture mechanism prediction models of other cracking geometries and to inform

future efforts to standardize this dcPD-based method for characterizing HEAC behavior.
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Figure A.1: da/dt vs plastic K for subsequent tests of Allvac at -850mVsck executed with a
slow K-rise (0.33 MPavVm/hr). Each test was run on the same sample.
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Figure A.2: The fracture surface of multiple fracture mechanics tests run on a single Allvac
SEN(T) sample in 0.6M NaCl at -850mVsck.
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Figure A.3: Fractography showing (a) macro-scale image and (b) ductile failure of Test 1 on
Allvac at -850mVscg; also shown are (¢) macro-scale and (d) high magnification images of
intergranular failure of Test 2. The area outlined in red in (c) shows the IG failure that
occurred during Test 3

A.1.1 Crack Wake Surface Contact

There should exist a maximum COD (call it CODwmax) for which crack wake surface
contact is possible. This CODwmax can be assumed to be equal to twice the maximum height of
fracture surface features, which will vary with cracking morphology and grain size. Ata
constant K, the average COD would be smaller for longer crack sizes due to the lower stresses
needed to achieve the same stress intensity. These lower COD values would increase the

fraction of crack length for which the COD is below CODwmax, suggesting more surface contact



occurs at long crack lengths leading to greater amounts of shorting. This is demonstrated
schematically in Figure A.4, which shows the distance over which wake surface contact is
possible, Dsm, is higher for a long crack than a short crack at a constant K. In order for shorting
to be the cause of the long duration of elevated da/dt seen in Test 2 and Test 3 in Figure A.1,

significant crack wake contact would need to occur throughout the duration of both tests.

-

CODMaX | CODMa

I
Dsy Dgy

Figure A.4: Schematic showing the difference in Dsy between a long crack and a short crack
for the same applied K. The location of CODwmax, which is assumed to be constant, is shown
by the vertical red line in the crack wake.

In order to separate the effects of fracture surface shorting from possible load history
effects, additional fracture mechanics tests were carried out on two separate Allvac specimens at
-1000mVsce. One sample was tested at short crack lengths (1 mm) and the other was tested at
long crack lengths (4 mm). The crack mouth opening displacement can be calculated from the
crack depth and loading conditions [69, 70]. From this, the crack geometry can be approximated
using the triangular model that assumes no opening at the crack tip and no deflection of the crack
wake surfaces in Figure A.5. When the distance between the two fracture surfaces, Y, is less
than CODwmax, wake surface contact is possible. The area of possible surface contact is described

by the distance behind of the crack tip, dcontact, which is related to Y/2 and 0 in Figure A.5S.



| <

CMOD

dcontact

Figure A.5: Triangular model of the crack geometry, where CMOD is the crack mouth
opening displacement, Y is the distance between the fracture surfaces and is a function of the
distance ahead of the crack tip, dcontact.

Setting Y equal to CODwmax gives the maximum distance of possible surface contact, Dsh.
Assuming CODwax 1s half the grain size (the grain size of Allvac is given in Section 3.2 to be 14
um) yields CODwax of 7 pm. The Dsg values were calculated at a K of 20, 40, and 60 MPaVm
for Test 1, 2, and 3 on one Allvac sample at -850mVsck (Figure A.1), Allvac at -1000mVsck at
short crack lengths around 1 mm (Figure A.6), and Allvac at -1000mVsck at long crack lengths
around 4 mm (Figure A.6); results are shown in Figure A.7. The calculated Dsu evident during
the first test at short crack lengths in Allvac at -850mVscg (Figure A.1) are similar to the Dsn
values that occurred during testing at short crack lengths (1 mm) in Allvac at -1000mVscgat a K
of 20 MPaVm. This is consistent with similar shorting behavior that dissipated before a K of 10
MPaVm. The Dsy values for short cracks were smaller than those for long cracks during testing
of two Allvac samples at -1000mVsce. This is expected as Dsn should increase with increasing

crack depth.

The observation that Dsy increases with increasing crack length suggests increased

shorting is occurring during testing at long cracks compared to testing at short cracks. This may



affect the measurement of HEAC kinetics when testing on long cracks. However, significant
shorting that persisted into the onset of actual crack growth was not observed during testing on
Allvac material at -1000mVscg with a long (4 mm) precrack (Figure A.6(a)). This suggests that
effects from shorting is not the cause of the abnormal HEAC kinetics observed in Figure A.1 at
low stress intensities in Test 2 and Test 3. However, it is possible that the fracture surface
features developed during the first test on the Allvac sample are of greater height than those
created during a fatigue precrack protocol. This may lead to fracture surface contact which
would occur in subsequent HEAC tests that would not occur if the sample was simply fatigued to
reach identical crack lengths. Additional work is needed to study how the average fracture
surface feature height varies with crack growth mechanism and how that affects the observed

shorting.
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Figure A.6: Measured da/dt data from two slow K-rise (0.33 MPaVm) tests done on two Allvac
SEN(T) samples in 0.6 M NaCl at -1000mVsck at short and long crack lengths (a) before and
(b) after the applied linear shorting correction.
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Figure A.7: Dsn calculated from crack depth and loading conditions during Test 1 (1.0 mm),

Test 2 (2.9 mm), and Test 3 (7.2 mm) on one Allvac sample tested at -850mVscg, one Allvac

sample tested at -1000mVsck at short crack lengths (1.0 mm), and one Allvac sample tested at
-1000mVsck at long crack lengths (4.0 mm).

A.l.ii  Effect of Mechanics on the Crack Depth Dependent Behavior
A.l.ii.(a) Inert Environment Testing

In order to isolate the effect of mechanics on the crack depth dependent behavior, testing
was conducted on a TR3 SEN(T) sample in inert environment (dry N> gas) fatigue pre-cracked to
short (1.0 mm) and long (4.0 mm) crack lengths. Inert environment testing precludes the
influence of crack tip chemistry and crack wake shorting. Additionally, no difference in crack
growth retardation load-history effects during the second test would be expected. The fatigue

precrack protocol described in Section A.1 sharing identical Kmax values and appropriate K-shed



protocols in line with other precrack procedures used in other tests and described in Section 2.2
were used to ensure the same plastic zone size ahead of the crack tip at the beginning of both
tests. The first test at small crack lengths in Figure A.8 shows similar cracking kinetics
established for TR 1, TR 2, and Allvac aged Monel K-500 materials in inert environment testing.
During the second test, slightly higher da/dt values were measured in the K regime of 28 MPaVm
to 45 MPaVm, ending with slightly lower measured da/dt in the 55 MPaVm to 75 MPaVm
regime. Measured da/dt above 30 MPaVm is higher than the resolution limit, suggest real crack
growth occurred during both tests. The crack lengths ranged from 1.136 mm to 1.265 mm
during the first test and 3.593 mm to 3.764 mm during the second test, meaning roughly the same

amount of crack growth occurred in both tests.
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Figure A.8: Measured da/dt data from two slow K-rise (1 MPaVm) testing done in TR 3
material in inert N2 environment on a short (1.1 mm) crack and a long (3.6 mm) crack. The
residual humidity was below 2% for the test duration. The measured da/dt of tests on TR 1, TR
2, and Allvac materials when tested in inert environments at short crack lengths is also
included.



While the crack growth trends between Test 1 and Test 2 for TR 3 in inert environment
testing in Figure A.8 are similar to those observed in Figure A.2, comparison of these data with a
larger data-base of inert environment test results suggests that the differences in crack growth
behavior observed between short cracks and longs cracks is within the bounds of test-to-test
variation. Figure A.8 shows the crack growth measured in TR 3 when tested in inert
environments for short cracks (Test 1) and long cracks (Test 2) do not range outside the crack

growth rate measured for TR 1, TR 2, or Allvac in inert environment at short cracks.

A change in fracture surface morphology between Test 1 and Test 2 on TR 3 in inert
environment was observed (Figure A.9). During Test 1, crack growth was due to a time-
dependent microvoid (transgranular) cracking similar to what was observed in the Allvac, TR 1,
and TR 2 material during inert environment testing and described in detail in Section 3.1.1. The
characteristic mivrovoids with embedding titanium carbides are circled in red in Figure A.9(c).
During Test 2, however, fractography in Figure A.9 revealed a slightly different transgranular
morphology with no microvoids present. The reason for this change in crack growth behavior is

not well understood.
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Figure A.9: Fractography of TR 3 in inert environment testing (a-c) at short crack lengths (1.1
mm) and (d-f) long crack length (3.6mm). The red circles in (c) point out embedded titanium
carbides at the bottom of the microvoids.

A.l.ii.(b) Crack Depth Dependent Crack Tip Plasticity

The difference in crack growth behavior between Test 1 and Test 2 on a TR 3 sample in



inert environment (Figure A.9) may be due to variation in the amount of plasticity at the crack
tip. In order to investigate this possibility, Jpiastic analysis was carried out for both tests. Jpiastic

can be calculated from the crack length and loading conditions as

2 n+l
JPlasric: ago awhl (n9a/W{§J (Al)

0
where h; is a geometric and hardening function, P is load, a and n are the afore-mentioned
Ramberg-Osgood flow rule constants and was determined to be 0.39 and 20 respectively for the
Allvac material, and Py is the limit load for net plastic deformation in the remaining ligament
[75]. The hy for a free-rotating SEN specimen was defined using a sixth order polynomial fit to

discrete values, excluding negative h; values [8, 75]. Py is given by

a ? a
P =p 1+(W_aj —(W_a) (W —a)Bo,, (A.2)

where [ is 1.455 for plane strain and B is thickness [69]. In this analysis, the strengthening
constants from Table 2.2 were used (cys= 795 MPa, o = 0.37, and ) = 23). The results, shown
in Figure A.10, indicate there is no difference in the plasticity experienced during the second test
at long crack lengths than at short crack lengths. The tests were executed at a constant dK/dt of
0.33 MPaVm/hr starting at a K of 10 MPavm. Thus, plotting versus time in Figure A.10 is
appropriate since similar stress intensities and crack growth occurred in both tests at a given test
time. The plasticity-related portion of total stress intensity, Kpiastic/Ktotal Was also calculated
using the results in Figure A.10. The results, shown in Figure A.10 (b) demonstrate Kpiasic was
consistent across both tests, with the maximum Kpiastie/Krotal achieved being 0.09 and 0.07 in Test
1 (short crack) and Test 2 (long crack) respectively, suggesting the crack length difference did
not affect the level of plasticity at the crack tip. Therefore, the change in crack behavior in

Figure A.9 is not due to variation in crack tip plasticity damage.
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Figure A.10: (a) Plasticity at the crack tip calculated from loading conditions and crack length
for two fracture mechanics tests on a single TR3 sample in inert, N> environment and (b) its
contribution to Krotal.



A.l.ii.(c) Load History Effects in an Aqueous Environment

In order to investigate possible load history effects, fracture mechanics tests were carried
out on two separate specimens. Slow K-rise (0.33 MPaVm/hr) testing was completed on two
Allvac samples that were precracked to a short (1 mm) and long crack length (4 mm) in 0.6M
NaCl at -1000mVscg; the results are seen in Figure A.6. The crack lengths studied were selected
to cover the range of crack lengths in the three tests done on one Allvac sample at -850mVscg

(Figure A.1).

In the short crack specimen, initial shorting is evident between a Ky of 0 and 17 MPavm
as a sharp linear decrease in log(da/dt) with increasing K (Figure A.6(a)). This is similar to what
has been historically observed at short cracks in this project and in other work completed by
Gangloff et. al. [8]. A similar feature is observed for the long crack specimen prior to a K of 16
MPavm, demonstrating the fracture surface shorting had dissipated before the onset of
intergranular fracture. This suggests that the slow decreases observed in Figure A.1, for Test 2
and 3 on one Allvac sample tested at -850mVsck are not caused by a crack wake electrical
contact based phenomenon, as discussed in Section A.1.i. Applying the shorting correction
protocol (described in Section2.5) yields the data reported in Figure A.6(b). Following this
initial stage of shorting, the long crack sample shows increased measured da/dt compared to the
short crack specimen that eventually transitions to slower cracking than what was measured at

small crack lengths.

The peak in da/dt measured during testing at long crack lengths in the 20 to 30 MPaVm
stress intensity range may be a result of a non-straight crack front developed during the fatigue
precrack protocol. Normally, the precrack protocol produces a sharp crack with a straight crack
front, as shown for the short crack testing in Figure A.11 (a). During long crack testing, the
crack front pinned on one side of the sample, as shown in Figure A.11 (b). This lead to a stage
of increased HEAC crack growth during which the crack front Section that was “lagging” behind
catches up to form a straight crack front. Once the straight crack front was established, crack
growth slowed to levels characteristic of Allvac under cathodic polarization of -1000mVsck.
Another consequence of the initial non-straight crack front is that the calculated stress intensity is
no longer valid, since the theoretical K solution and Johnson equation used to calculate the crack

length from the direct current potential drop (dcPD) probes assume a straight crack front. Thus,



Krn during the test at long crack lengths may not be accurate. Nevertheless, by the end of the

test, the crack front is straight, suggesting the measured da/dty crack growth rates are reliable.

The transition from faster cracking at long crack depths in the early K regime to slower
cracking at long crack depths in the high K regime in Figure A.6 is similar to the HEAC
behavior between Test 1 and Test 2/Test 3 at -850mVsck carried out on the same specimen in
Figure A.1. However, the non-straight crack front achieved during testing of the Allvac material
at long cracks compromises the data in the early K regime. Thus, it is not clear whether the
crack length dependent HEAC behavior evident in Figure A.1 is due to the longer crack length or
if it is an artifact of testing conditions, specifically being due to the presence of load history
effects from previous slow rising dK/dt testing (Figure A.1) or due to a straight versus non-

straight crack front (Figure A.6).

(b)
Figure A.11: fracture surface for (a) short crack testing and (b) long crack testing of Allvac
aged Monel K-500 material at -1000mVSCE. The crack front after the precrack is outlined on
both fracture surfaces.

A.2  Effect of Crack Tip Chemistry on the Crack Depth Dependent Behavior

The increased area of intergranular fracture of higher crack lengths in Figure A.2 and

Figure A.3 suggests a more significant role of hydrogen embrittlement, thus a higher



overpotential for H production, for the longer crack lengths. As discussed in the main text and in
Appendix B, the overpotential for H-production is critically dependent on the crack wake
channel geometry, which will change for identical rising dK/dt tests with different starting crack
lengths [8]. This possibility is investigated both experimentally as well as via calculations of the

diffusible H concentration expected for various crack channel geometries.

Slightly lower da/dty crack growth rates of 1.0x10” and 5.6x10° m/s were measured
during testing at small crack lengths and long crack lengths respectively on two separate Allvac
samples tested at -1000mVsce (Figure A.6). This may be due to difference in crack tip
chemistry, which changes as a function of crack depth and crack opening displacement, and is
represented by either the ratio x%/G or x/G, where x is the shortest distance between the crack tip
and the bulk solution and G is the average crack opening displacement [8]. It is still debated
whether the crack tip chemistry follows an x*/G or x/G relationship; however, a comparison
between the crack geometries associated with a short crack versus a long crack can be

informative in either case. In this study, x*/G was used to describe the crack geometry.

The distance between the crack tip and the bulk solution, x, is equivalent to either the
crack length or half of the specimen thickness, whichever quantity is smaller. Thus, once the
crack length exceeds half the specimen thickness, or 1.35 mm, x remains constant. The average
crack opening displacement can be calculated by averaging the crack mouth opening
displacement and crack tip opening displacement, both of which can be calculated from loading
conditions and crack depth as described in Section A.1.i [69, 70]. During testing at short crack
lengths, the crack length ranged from 1.19mm to 4.33mm as K increased from 10 MPaVm to 54
MPaVm. This correlates to x*/G ranging from 9.6 cm to 83.4 cm throughout the test duration.
For the long crack sample, the crack length ranged from 3.99 mm to 7.90 mm as K increased

from 10 MPaVm to 64 MPaVm, correlating to x%/G ranging from 75.3c¢m to 176.7 cm.

The da/dtn measurements are taken from a K of 54 MPaVm and a crack length of 4.33
mm for the short crack test and from a K of 60 MPaVm and a crack length of 7.68 mm for the
long crack test. This corresponds to an x*/G of 83.4 cm for the test at short crack lengths and
176.7 cm for the test at long crack lengths. Figure A.12 plots an empirical relationship
developed by Scully et al, relating the applied potential to the crack tip diffusible H, Cn.pitr, for

various crevice geometries described by the x%/G given in the figure [8]. The red line in Figure



A.12 shows the Cu.pifr versus applied potential relationship for an x*/G of 83.4, reflecting the
short crack geometry when da/dti was measured. The blue line in Figure A.12 shows the Ch-pifr
versus applied potential relationship for an x%/G of 176.7, reflecting the long crack geometry
when da/dt; was measured. This data suggests that at -1000mVscg, the x%/G values of interest
correlate with Cu.pisr quantities of 16 ppm and 15 ppm for short crack and long crack geometries,
respectively. This small difference in Cu-pifr for the longer crack length does not explain the
slower da/dtr observed for the longer cracks in Figure A.6 and Figure A.1 at high K values near
60 MPavVm. In addition, it is not consistent with the increased role of hydrogen embrittlement as
crack length increases evident in Figure A.2 nor is it consistent with the increased da/dt shown at
long crack lengths in Figure A.6 and Figure A.1 at early K values. This analysis suggests that
the observed behavior in Figure A.1 is not consistent with the expected changes in crack tip

chemistry for short versus long cracks.
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Figure A.12: Cu.pifr as a function of crack geometry at several applied potentials. The red

dotted line indicates expected Cu.pitr values for a short crack length. The blue dotted line
indicates expected Cu.pifr values at long crack lengths.



A.3  Conclusions

Multiple HEAC tests on a single Allvac SEN(T) sample run at -850mVsce demonstrated
a lack of similitude between identical slow K-rise testing started at different crack lengths.
Specifically, a lower threshold stress intensity for crack growth, accelerated crack growth in the
10 to 50 MPaVm range, and lower da/dty were observed in subsequent tests (Test 2-3) than in the
first test (Test 1). Additionally, fracture surface analysis showed a higher degree if IG-HEAC in
Test 2-3 as compared to a more ductile/transgranular appearance in Test 1. Several potential
mechanisms were investigated including crack wake surface contact, mechanistic effects from
the load history associated with the previous slow K-rise, variation in crack tip plasticity as a
function of crack length, and the effects of crack tip chemistry, which is known to change with

crack depth.

The crack depth dependent HEAC behavior was investigated by analyzing differences in
crack wake surface contact, possible load history effects, variations in crack tip plasticity as a
function of crack length, and crack tip chemistry. None of the potential mechanisms investigated
in this project stood out as conclusive mechanistic causes for the behavior observed in
consecutive slow K-rise testing on a single Allvac sample at -850mVscEg (Figure A.1), though the
comparison of tests on the Allvac material at -1000mVscg for short and long cracks was
compromised by effects of a non-straight crack front on the long crack specimen. Further study
is required to provide a conclusive mechanism for the observed crack dependent HEAC

behavior.

It remains a possibility that the non-IG crack growth that occurred in the Allvac material
at -850mVsck 1s an anomaly with regard to the two additional K-rise tests executed on the same
sample showing HEAC, previous work on the Allvac material that observed HEAC at the less
cathodic potential of -800mVsck, and the lack of a conclusive mechanism for increased HEAC
with increasing crack length [8]. However, the increased resistance of the Allvac material over
TR 1, TR 2, and TR 3 material lots was observed in this study at both -950mVscg and -
850mVscE, and is consistent with work done in other projects, specifically the SSRT discussed in
Section 3.1.3 and the H analysis discussed in Section 3.2.3. Therefore, the crack dependent
HEAC behavior does not preclude the conclusion of increased HEAC resistance of Allvac

compared to the other material lots in this study.



B: Accelerated Side Cracking

B.1 Observation of Enhanced Hydrogen Embrittlement near Specimen Surface

Testing conducted using the side masking protocol detailed in Section 2.2 exhibited
uniform crack fronts which are necessary to ensure (1) rigorous application of the Johnson-
equation to convert the dcPD signal to a crack depth and (2) accuracy of the K-solution of the
SEN specimen. This testing protocol enabled investigation of the effect of heat-to-heat
metallurgical differences on HEAC behavior, which is the primary objective of this thesis.
Testing was also performed on specimens without the side lacquer and tape protection described
in section 2.2; this configuration mimics the protocol used for the data reported in previous work
where a uniform crack front was also observed [8]. The test matrix shown in Table B.1 was
executed on specimens with no masking. Interpretation of these results was hampered by the
onset of rapid cracking along either edge of the specimen. The cracking on either specimen
flank was optically observed to extend from the main crack to the end of the specimen. Every
test executed in 0.6M NacCl solution under cathodic polarization marked with an asterisk in Table
B.1 experienced this side cracking, which caused unexpected and unpredictable specimen failure
before test completion. The only test that did not exhibit side cracking was Allvac at -
850mVsck, which did not experience any crack growth due to HEAC. While a conclusive
mechanistic description of this behavior is outside the scope of the current effort, this appendix
aims to document the observed behavior and discuss potential causes of this behavior in the

context of the HEAC mechanism.

Table B.1: Testing matrix of SEN(T) specimens without painting the sides. An “X” denotes
the test was run, an asterisk denotes the test was shortened due to the onset of accelerated side
cracking. All tests run under cathodic protection were executed in 0.6M NaCl solution.

Material
Potential Allvac TR1 TR2 TR3
-1000mVsce X* X*
-950mVsce X* X*
-850mVsce X X*
Inert X X X X
Environment

Typical fractography of the failed specimens is shown in Figure B.1. On the left edge is

the EDM notch, followed by an area of mixed transgranular slip-base cracking associated with



the fatigue precrack that extends to the first blue line. Beyond this point the yellow highlighted
regions represent areas where IG cracking was observed. In the region between the two blue
lines shown in Figure B.1, intergranular cracking occurred during the K-rise at crack growth
rates similar to what was measured in other samples with the side tape protection present and is
also similar to rates presented in the literature, as shown in Figure B.2 [8]. In this region, optical
observation of the specimen surface did not show cracking along the crack flanks. However,
beyond this point, there is pure intergranular cracking along the broad sides and back of the
specimen. The IG cracking at the back of the specimen was observed to occur near the end of
test after the side cracks had progressed along the entire specimen width. It is likely that at this
stage in the test, the normally compressive stresses in the back of the SEN(T) specimen were
tensile. The intergranular cracking suggests extensive hydrogen embrittlement emanating from
the specimen’s broad surfaces that dominates the H-production and crack growth at the crack tip.
Final specimen failure occurred in the central grey region in Figure B.1, which fractography
revealed to be ductile failure. When observed, the onset of side cracking began at test times
between 86 and 118 hours, with the average onset time of 105 hours. This corresponds to a
typical stress intensity of 44 MPaVm applied to the main crack when side cracking begins, as
governed by the dK/dt of 0.33 MPaVm/hr used during the test (note the K rise started at 10
MPavm). Moreover, the onset time for side cracking did not scale with applied potential, as

evident in Table B.2.

500 pm

Figure B.1: Fractography of a TR1 sample tested in 0.6M NaCl at -950mVscg. The area
highlighted in yellow is where intergranular surface morphology is observed. The area in
between the blue vertical lines signifies the section of normal intergranular crack growth.
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specimens are truncated at the point where the side-cracking began.



The fractography of a TR2 sample tested at -850mVscg with the tape masking, shown in
Figure B.3, provides further insight. At the end of this test, side cracking occurred despite the
implementation of the side masking (this is the lone instance of side-cracking in masked
specimens). Fractography revealed mixed intergranular/transgranular cracking in the middle of
the specimen, in the region shaded blue, similar to what was observed in TR1 and TR3
specimens at -850 mVsce with masking. Steady-state crack growth rate, da/dty of 4.4x10% mm/s
were measured at a K of 60 MPaVm, similar to the growth rates of 1.8x10 mm/s and 3.2x10°°
mm/s measured in TR1 and TR3 respectively. Furthermore, there is a consistent fracture surface
morphology showing mixed intergranular/transgranular growth in all three material lots in the
fractography comparisons shown in Figure B.3. However, testing during the TR2 test also
produced a region of pure intergranular fracture along the sides of the specimen, highlighted in
yellow in Figure B.3. As previously argued, the mixed intergranular/transgranular morphology
is indicative of conditions where there are mild amount of Cu.pifr thus marginal HEAC, whereas
the pure IG that is observed for the side-cracking suggestions a greater level of hydrogen

embrittlement.
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Figure B.3: Fractography of (a) TR2 at the crack tip near the center of the specimen width and
near the specimen surface, (b) TR1, and (c) TR3 at -850mVscg with side masking
implemented.

B.2 Hydrogen Production at the Surface

Previous work has demonstrated that the chemistry at the bold surface will result in a
higher overpotential for H-production than at the crack tip, resulting in a higher concentration of
diffusible hydrogen, Chu.pifr, at the bold surface than in artificial crevices of various depth [8, 12].
B.4 shows the variation in Cr.pifr, with an x*/G of 0 representing the bold surface and the red

dotted line showing typical Ch-pitr concentrations at various applied potentials for a typical mode



I crack, when side cracking does not occur. Typically, Cu-pitr at the bold surface is 2-3 times
higher than at the crack tip. It is hypothesized that for SEN-HEAC testing of Monel K-500 in
0.6M NaCl under cathodic polarization this difference in H-production is overwhelmed by the
enhanced hydrostatic stresses at the center of the crack front. These enhanced stresses at the
center of the crack front are due constraint, where maximum constraint occurs in the specimen
center and the constraint dissipates along the crack front towards either surface edge of the
specimen. This hypothesis is supported by the uniform crack front observed for unmasked
specimens (Allvac Monel K-500) employing near-identical environmental testing conditions
(albeit at a separate laboratory; Fatigue Technologies Associates) [8] and in the current side-
masked specimens. However, the side-cracking behavior shown by the current non-masked
specimen results suggest a strong role of the bold-surface charging. It is unclear why testing of
the same lot (Allvac) Monel K-500 under identical environmental conditions results in a

different relative influence of the bulk charging.
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B.4: Cu.pitr as a function of applied potential, Eappliea established for the Allvac Monel K-500
material lot as a function of crack geometry described by x/G or x*/G.

B.3 Side Cracking Kinetics

The rate of the side cracking cannot be measured from the dcPD potential readings, since
both dePD calculations of crack lengths and the K-solution accuracy are compromised by the
non-straight crack front [71]. However, the time for the cracking to progress from the last data
point at which the crack front is straight (this estimate is informed by optical observation of the
crack front during the test), marked by the vertical line in Figure B.3, and the end of the test is
known. This can be coupled with measurements of the area of IG on the fracture surface past the
second vertical line in Figure B.3 to yield an average crack growth rate estimate for this
phenomenon. The results of this analysis are shown in Table B.2. The growth rate estimates

ranged from 1.1x10™ mm/s to 5.3x10™* mm/s for all tests in which side cracking was observed.



These rough estimates correlated with applied potential; faster crack growth rates for the side

cracking coincided with higher cathodic polarizations for each material lot. This suggests that

the crack growth rates for the side cracking increased with increased hydrogen charging. The

crack growth rates of the side cracking are up to an order of magnitude faster than the da/dtn

measured at the respective applied potentials both in section 3.1.2 and the literature [8].

Table B.2: estimated crack growth rates for observed side cracking as well as the side crack
initiation time and stress intensity for the main mode I crack at the start of side cracking.

Material Eapptied [MVsce] | Test Time for K at Start of Estimated
Start of Side Side Cracking | Crack Growth
Cracking [MPavVm] Rate [mm/s]
[hours]
TR 1 -850 118.3 53 1.1x10*
TR 1 -950 95.0 39 5.3x10*
TR 2 -950 86.6 41 1.5x10*
TR 2 -1000 114.9 67 3.1x10*

B.4  Hydrogen Diffusion Modeling

Intergranular cracking along the sides was measured on the fracture surfaces to penetrate

between 100 to 1200 um from the edge of the specimen. It is critical to understand the extent to

which hydrogen adsorbed on the bold surfaces affects the side-cracking behavior. A clear

understanding of the hydrogen diffusion distances achieved during the fracture test duration

provides insight into the mechanism that governs the side cracking behavior. Two models were

used to evaluate hydrogen diffusion during testing from the bold surfaces.

The first model, Model A, predicts hydrogen diffusion concentrations at a given

penetration distance, x, from the surface. It is assumes the specimen is infinitely wide; thus,

hydrogen adsorption and diffusion is only occurring at one surface. It is also assumes the surface

concentration of hydrogen, Cs, is constant. This becomes especially important if the charging

conditions lead to hydrogen diffusion distances greater than half the specimen width. In this

case, hydrogen from either flank would contribute to the hydrogen concentration in the center of

the specimen, causing concentration predictions from Model A to become inaccurate. Both

models assume 1-D diffusion at along the crack growth plane only (at height y=0). The fact that



the masking successfully prevents or delays the side cracking suggests that additional
contributions from above and below the crack growth plane may be important. However, this

diffusion was not included in this modeling.

These assumptions correspond to linear diffusion into a semi-infinite medium, the

solution of which is

C[x,t] = erfc[
C

S

5 Deﬁf}zerfc(n), (B. 1)

where t [s] is the charging time experienced by the sample, Degr [cm?/s] is the effective diffusivity

of hydrogen, and n equals x/2\Dett [99]. When C[x,t]/Cs =0.16, =1, yielding the convenient

and often-used estimate for hydrogen diffusion distance, x=2,/D, .t . The charging time of the

specimen is equivalent to the test time plus the time between the potential being applied and the
start of the test, typically 1 to 2 hours. For the purposes of the diffusion analysis, the charging
time was taken to be the average test time to the onset of side cracking calculated from Table B.2

plus 2 hours to account for test setup time, yielding 106 hours. For this charging time, the first

order x=2,/D, .t estimate predicts a hydrogen penetration depth of 87 to 140 um for Defr values

eff
of 5.0x107'! and 1.3x1071° cm?/s respectively. Table B.3 shows the charging time necessary to

reach various hydrogen concentrations at a penetration depth of 87 pm.



Table B.3: Charging time to reach various hydrogen concentrations at a penetration depth of
87.23 um predicted using Model A. A value of 5.0x10™!' cm?/s was used for Defr.

C/Coatx[%]|Erf[n]| n [x[pm] t [s] t [h]
95 0.05 [0.045|87.23 [1.88E+08(52190.1235
90 0.1 ]0.085|87.23 |5.27E+07|14627.6817
80 0.2 |0.18 | 87.23 |1.17E+07| 3261.8827
70 0.3 [0.275]|87.23 |5.03E+06| 1397.4876
60 0.4 |0.37|87.23 |2.78E+06| 771.9869
50 0.5 ]0.48 | 87.23 |1.65E+06| 458.7023
40 0.6 ]0.595]|87.23 |1.07E+06| 298.5241
30 0.7 [0.735]|87.23 |7.04E+05| 195.6314
25 0.75 |0.815(87.23 |5.73E+05| 159.1102
20 0.8 10.905| 87.23 |4.65E+05| 129.0376
19 0.81 [ 0.93 | 87.23 [4.40E+05| 122.1933
18 0.82 [ 095 |87.23 [4.22E+05| 117.1025
17 0.83 | 0.97 [ 87.23 |4.04E+05| 112.3233
16 0.84 1 |87.23 |3.80E+05| 105.6850
15 0.85 |1.015(87.23 |3.69E+05| 102.5844
1 0.99 [1.825|87.23 [1.14E+05| 31.7313
0.5 0.995 |1.985( 87.23 |9.66E+04| 26.8221

The second model, Model B, is for a specimen of finite length, accounting for diffusion
from either bold surface of the specimen simultaneously. Due to the shorter diffusion length,
diffusion studied across the specimen thickness (around 2.75 mm) rather than across the
specimen width (around 12.5 mm). It also assumes the hydrogen concentration at either surface,

Cs, 1s constant. The solution for this diffusion problem is given in the literature to be

(B.2)

© n 2 2
X e =
where [ is the half the specimen width and x* is the distance from the specimen center [100]. In
this model, x* = 0 corresponds to the center of the specimen, with positive x* values going
towards one surface and negative x* values going towards the other surface. Thus, the hydrogen
profile throughout the entire specimen can be predicted. Table B.4 shows the hydrogen diffusion
profile for penetration depths of 81 to 94 um for a charging time of 105.685 hours. Notice,

Model A and Model B predict a C/Cs of 0.16 at a penetration depth of 86-87 um for charging



time of 106 hours and a Defr of 5.0x107!" cm?/s.

Table B.4: The predicted hydrogen concentrations for penetration depths of 81 to 94 um for a
charging time of 105.685 hours using Model B. A value of 5.0x10"'! cm?/s was used for Detr.

x[pm] x*[pum] C/Cs
81 1269 0.189119416
82 1268 0.183715784
83 1267 0.178427365
84 1266 0.173253063
85 1265 0.168191746
86 1264 0.163242248
87 1263 0.15840337
88 1262 0.153673884
89 1261 0.149052531
90 1260 0.144538025
91 1259 0.140129055
92 1258 0.135824286
93 1257 0.131622359
94 1256 0.127521895

A comparison of the models shown in Table B.5 demonstrates the two models predict similar
hydrogen depth profiles for large hydrogen concentrations above C/Cs of 0.15. However, as C/Cs
become very small, the two models diverge from each other. Determining which model better
predicts C/C; 1s outside the scope of this work. However, for this hydrogen diffusion study,
Model B was selected since it accounts for diffusion from both specimen flanks. This allows for
accurate prediction of the hydrogen profile for conditions in which diffusion distances are larger

than the specimen half width, where contributions from both surfaces must be considered.



Table B.5: Comparison of hydrogen penetrations for two concentration levels predicted by
Model A and Model B for a charging times of 105.685 hours and Desr of 5.0x107!! cm?/s.

Model C/Cs | Predicted H Penetration [pm]
Model A | 0.15 87.3
Model A | 0.001 174.4
Model B | 0.15 88-89
Model B | 0.001 201.5

B.5 Potential Mechanisms for Side Crack Initiation and Growth

This discussion will evaluate two potential crack paths for the side cracking phenomenon:
(1) cracking that initiates relatively uniformly along the specimen side and propagates towards
the specimen center, and (2) cracking that initiates at the corners of the main crack and
preferentially propagates along the crack flanks with some progression towards the specimen
center. Both of these potential crack paths will be evaluated in the context of the H-production
and diffusion into the sample. The first condition implies that the higher overpotential for H-
production on the specimen surface (as compared to at the crack tip) causes a higher
concentration of H to diffuse into the side of the specimen, the net stress on the specimen away
from the crack tip would then cause a new crack to form. This is not likely for several reasons.
First, the stresses at the specimen surface are much lower than near the crack tip; the stresses at
the crack tip can be 3 to 20 times the alloy yield strength [8]. It is unlikely the sides of the
specimen experience enough embrittlement to overcome the stress disparity between the

specimen surface and the crack tip [29].

Second, the penetration depth of the side cracks is large compared to the diffusion
distance of hydrogen adsorbed at the bulk surface. Intergranular cracking along the sides was

measured on the fracture surfaces to penetrate between 100 to 1200 um from the edge of the



specimen. The first order diffusion estimate (2,/D.sf t ) predicts hydrogen penetration at C/Cs

levels greater than 0.16 up to distances of 87 to 140 pm for Defr values of 5.0x10!! and 1.3x10°1°
cm?/s respectively assuming an average charging time of 105.685 hours, the average time to the
onset of side cracking [12, 28]. A more detailed model of the hydrogen profile was performed
using Equation B.2. Figure B.5 shows the resulting hydrogen profiles for an SEN(T) specimen
achieved at test times of 2, 10, 150, 105, and 152 hours (152 hours being the end of the testing
protocol). The low concentration level of C/Cs= 0.001 was investigated to estimate the
penetration depth of hydrogen, yielding depths of 202 and 325 um from the bold surface for Desr
values of 5.00x10!'! cm?/s and 1.30x10°'% cm?/s respectively, well below the observed depth of
intergranular cracking measured on the fracture surfaces. While the critical level of H necessary
to cause decohesion is not known for the side cracking, it is likely greater than C/Cs=0.001.
Thus, hydrogen embrittlement failure would not be expected at these penetration depths.
However, the intergranular cracking occurred well beyond these depths, suggesting that another

source of hydrogen besides absorption from the bulk surface is contributing to the side cracking.
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Figure B.5: Hydrogen profiles from Dr. Crank’s model for a semi-infinite plate with diffusion

from both sides for an SEN(T) specimen 2.70 mm in thickness and (a) Defr of 1.30x107'° cm?/s
and (b) Defr of 5.00x107!! cm?/s.

Finally, in every instance, the cracking along the sides always occurred at the same height



along the SEN(T) specimen as the initial mode I crack developed earlier in the test; i.e. the initial
cracking and the side cracking occurred along the same plane. This suggests that the presence of
the crack tip plays some role in the side cracking, possibly serving as an initiation point from
which the side cracking begins (Condition 2 above), and then travels down the side of the crack.
This is consistent with observations during the test, in which the crack front along either side of
the specimen accelerates greatly, rather than a side crack nucleating elsewhere on the specimen

and growing to eventually connect to the initial crack front.

A side crack that had initiated along the corners crack front and propagated down either
surface of the specimen at enhanced crack growth rates compared to the crack front in the center
of the specimen would be reasonable due to the predicted increased Cu-pitr associated with a
higher overpotential at the surface. Once these smaller side cracks were formed, a higher
overpotential would be maintained at the side-crack tip due to the smaller crack dimensions, thus
leading to enhanced embrittlement and faster cracking than in the center of the crack tip. The
geometry of the side crack can be described by the ratio x*/G, where x is the penetration depth of
the side crack and G is the average opening displacement. Estimates of the penetration depth of
the side crack near the point of side cracking onset can be measured from the fracture surface
since the cracking was intergranular and final specimen failure was ductile. This yielded initial
crack depths ranging from 100 to 400 um. The short crack depths of the side cracks would lead
to large crack mouth opening displacements compared to a mode I crack 1-3 mm in crack length.
Therefore, the average crack opening displacement was conservatively assumed to be 2 to 10
times larger than the average opening displacement of a typical 1-3 mm mode I crack. These
assumptions yield a range for G of 7 to 33 um, yielding x*/G between 0.3 and 2 cm. Previous
work on the Allvac Monel K-500 material lot established the relationship between applied
potential and Cu.pifr as a function of x*/G and is shown in B.4 [8]. The purple line in B.4 shows
the expected Cu-pifr values as a function of applied potential for a side crack, while the red dotted
line shows the expected Cu-pifr concentrations for a typical mode I crack 1-3 mm in length. The
side crack experiences roughly 2-3 times higher Cu.pir concentrations than a typical mode I
crack. B.4 yields Cu.pifr estimates of 17 ppm at the applied potential of -850mVscg and 28 ppm

at -950mVsce for the side crack geometry.

This Cu-pifr can then be used to estimate a stage II crack growth rate using a decohesion



based model that assumes growth rate limitation by H diffusion ahead of the crack tip; details of
the assumptions and issues with this analysis are found in previous work [8, 10, 14, 26]. First the

stress concentrated H concentration is calculated assuming:

o,V
Cus =CH—DijfeXp( . Hj
RTJ, (B.3)

where R is the gas constant, T is temperature, oy is the hydrostatic stress located a distance of
Xerit ahead of the crack tip, and Vu is the partial molar volume of hydrogen in a nickel matrix,
1.73 cm®*/mol H [8]. The hydrostatic stress, ou is 12 times the yield strength of the alloy in cases
of plain strain [28]. Plane stress conditions are present at the specimen surface for the side crack,
suggesting oy is lower for the side crack than for a normal Mode I crack. However, plane strain
is assumed, providing the fastest possible crack growth rates. Cuo can then be used to predict

da/dty using

2
4D . :
(%j — eff erf—l l_CHa—crzt , (B4)
dt )y X Co

where Xt is critical distance in front of the crack tip where crack advance nucleates, and Co-crit
is the critical concentration of hydrogen necessary to activate decohesion at Xit, assumed to be 1
um[8, 10]. Using the pertinent values shown in Figure B.6(a), the da/dt as a function of Ch.pitr
was successfully modeled for the Allvac material lot [8]. The expected crack growth from a side
crack can be read off the plot in Figure B.6(a) using the Cu.pisr calculated for a side crack
geometry, yielding crack growth rates between 3.0x107°> mm/s and 7.0x107> mm/s for -850mVsce
and -950mVsck respectively. Figure B.6(b) shows these crack growth rates (depicted by the
orange bracket) are an order of magnitude slower than the da/dt estimates from observed side
cracking at various potentials described in section B.3 (depicted by the red bracket), which
ranged from 1.1x10™* mm/s to 5.3x10™* mm/s. Thus, the model predicting crack growth rate due
to hydrogen evolution at the shorter crack tip, is lower than the estimated experimental crack

growth rate, even with the assumption of plane strain conditions for the side crack.

It remains unclear whether the stress intensity for the side crack is high or lower than at
the main crack tip from which the side cracks initiated. Determining the stress intensity for a

side crack was outside the scope of this work. The accuracy of this analysis is compromised by



extensive estimations and assumptions; however, the order of magnitude higher observed-
estimated growth rates suggests an additional mechanism contributing to the fast side-cracking

growth rates.
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Figure B.6: (a) Equation B.4 previously fit to Cu.pitr and da/dtn measurements on Allvac
material with the estimated side crack growth kinetics shown by the blue rectangle and (b) the
predicted range for da/dt using Equation B.4 for a small side crack is shown in the orange
bracket while the red bracket shows the observed da/dt for the side cracks. Previously
measured crack growth rates on the Allvac material is shown for reference [§].



The enhanced crack growth rates associated with chemistry changes due to the shorter
side crack geometries may be augmented by bulk charging at the specimen surface that is
occurring during the initial portion of the test on the specimen surface. In other words, the
charged H would augment the hydrogen produced at the short side-crack tip, leading to enhanced
crack growth rates for the side cracking. Such conditions would lead to the following
hypothetical sequence to develop the side-cracking morphology. Initially, crack growth is
dominated by hydrogen production at the main crack tip and constraint in the center of the
specimen, shown in Figure B.7(a). While this is occurring, hydrogen is being produced along
the bulk surface away from the crack tip, charging the surface of the specimen, shown in Figure
B.7(b). At this stage, the crack growth is similar to that observed in cases where side cracking
did not occur and to what is reported in the literature. Eventually, the hydrogen charging along
the sides of the specimen (at depths determined by the diffusion modeling in Figure B.5)
combined with the more aggressive crack tip chemistry associated with the short side-cracks,
leads to more aggressive HEAC along the sides of the crack than at the center of the crack. This
occurs despite the increased constraint in the specimen center that gives a higher hydrostatic
stress and thus enhanced Cus. As such, the crack front at either surface out-paces the crack front
in the center of the specimen, depicted in Figure B.7(c). At this stage, the more aggressive side
crack chemistry couples with redistributed hydrogen from the bulk charging on the specimen
surface. The vast majority of crack growth is now occurring along either side of the specimen,
with the two crack tips essentially acting independently of each other. The hydrogen in both
“crack tip FPZ’s” is supplied simultaneously by the crack tip chemistry associated with the side
crack described by the x*/G crack geometry and by redistributed hydrogen from the bulk
charging that has been accruing throughout the test duration, depicted in Figure B.7(d). This
expedites the crack growth rate and may lead to the increased crack growth rates on the specimen
flanks. Once the two side cracks reach the far end of the specimen, they meet and become one
crack again, leading to the intergranular morphology evident at the end of the specimen in Figure

B.1.
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Figure B.7: Proposed mechanism for the progression from (a) mode (I) crack growth
dominated by constraint at the specimen center to (d) side cracking dominated by aggressive
crack tip environment at the specimen edges.

This hypothesis is predicated on the fact that lattice hydrogen concentration redistribution
can occur over the time-frames relevant to the fracture mechanics tests. That is, the lattice
diffusion must be able to migrate to the FPZ of the side crack to enable additional crack growth
at such fast crack growth rates. A reasonable test for this hypothesis would be to test a charged
SEN(T) specimen under the standard conditions with side masking. If H is charged uniformly
through the width of the specimen, this hypothesis would predict that the accelerated cracking

would occur for a uniform straight crack front, since the crack growth would no longer be



constrained by the hydrogen diffusion from production sites at the crack tip to the FPZ. As such,
a TR1 SEN(T) sample was charged with hydrogen for 95 days at 70°C while cathodically
polarized to -1300mVsce in 0.6M NaCl. The solution was refreshed as necessary to keep the pH
of the bulk solution between 6 and 6.4.

The benefit of heating the entire charging environment to 70°C is an increased diffusivity,

which can be determined assuming a Fickian Arrhenius temperature dependence:

. EOPP
Deff(T) = DO,effeXp (_ RT )> (B.5)

where D" is the effective diffusivity at the temperature, T, Dofr is a constant, R is the gas
constant, and E;;? is the trap-affected activation energy for hydrogen diffusion [12]. E,P? was
previously measured twice for aged Monel K-500 to be 38.1 and 41.2 kJ/mol, and for modeling
in this project the averaged value of 39.65 kJ/mol was used [12]. With this value and the known
Defrvalues of 5.00x10™!! cm?/s and 1.30x10°'° cm?/s at room temperature, Do efr can be solved for
and D" is found to be 1.39x10” cm?/s and 5.35x107'% cm?/s respectively. Hydrogen profile
modeling using Dr. Crank’s diffusion solution (Equation B.2) shown in Figure B.8 demonstrates

the much larger hydrogen concentrations achievable at 70°C than at 20°C .
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Figure B.8: Hydrogen profile for the charged specimen if it were done at 20°C assuming Defr
values of (a) 1.3x10'° cm?/s and (b) 5.0x10™!" cm?/s and at 70°C assuming D"t values of (c)
1.39x10” cm?/s and (d) 5.35x107'% cm?/s.

Once charged, the specimen was quickly rinsed in deionized water to remove surface salt
deposits then painted and tested at -1000mVsck as described in sections 2.1-2.4 (testing began
within 2 hours after removal from the charging solution, so little outgassing is expected).
Testing results are shown in Figure B.9. Measured da/dtn at a K of 60 MPavVm are 5.51x10°
mm/s, 1.08x10~ mm/s, and 1.56x10° mm/s for the charged TR 1 and uncharged Allvac and TR
2 specimens respectively. Thus, the precharged specimen crack slightly slower than the
uncharged specimens, suggesting the increased lattice hydrogen concentration did not affect the

crack growth during fracture mechanics testing.

In addition, da/dty for the charged TR 1 specimen tested at -1000mVscg, 5.51x10°° mm/s,



was slightly higher than that of an uncharged TR 1 specimen tested at -950mVscg, which was
given in Section 3.1.2.2 to be 3.44 x10°® mm/s. The slight increase in da/dt; observed between
the charged TR 1 sample and uncharged TR 1 sample tested at -950mVsck is consistent with the
small increase in cathodic applied potential used during the testing of the charged sample;

suggesting little to no influence of the charged lattice concentration of H.

These data suggest that redistribution of pre-charged H to the FPZ during the fracture
mechanics testing is not sufficient to influence the cracking. This outcome is not fully
unexpected as it is not clear why there would be a difference in such redistribution between the
masked specimen (no side-cracking) and the unmasked specimens (side-cracking). Specifically,
the masked specimen has a 1mm window around the Mode I crack path and this area would be
charged similarly as the bold surface of the unmasked specimen; as such, any influence of pre-
charging the masked specimen would imply H would have to redistribute from further than 1mm
away from the Mode I crack in the unmasked specimen to provide an enhancement that is unique
to the unmasked specimen. Redistribution from such long distances during the timeframe of the

fracture mechanics test is not reasonable.
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Figure B.9: Fracture mechanics testing da/dt vs K; results of uncharged Allvac and TR 2
samples and one precharged TR 1 sample at -1000mV sck.



B.6 Conclusions

The efforts to understand the accelerated side cracking observed during fracture
mechanics testing of several aged Monel K-500 material lots have not illustrated a conclusive
mechanism for this behavior. The occurrence of side cracking as well as the side cracking rate
appeared to be independent of the applied potential in the -850mVscg to -1000mVscg range. A
reasonable hypothesis has been presented to explain the onset of the side cracking behavior in
the context of differences in the overpotential for H production between the primary crack tip,
the bulk surface, and the short side crack tip geometries. However, experiments on H pre-
charged specimens suggest that the redistribution of H to the FPZ during the time-frame of the
current fracture mechanics testing is not sufficient to impact the growth rates. Several critical
questions remain. First, why the unmasked specimens in previous testing using the same protocol
did not exhibit the side-cracking behavior [8]. Second, why the tape/lacquer protection method
described in section 2.2 successfully prevented the side cracking from occurring or delayed it
long enough to allow for testing protocol completion. This may be related to an influence of a
limitation of the bold surface interaction area with the crack tip on the electrochemical
conditions; however no such effect is obvious. Despite a lack of conclusive mechanistic
understanding of the side-cracking behavior, the uniform crack front observed in all specimens
masked according to Section 2.2 and the results presented in Figure B.9 suggest that the masked
specimen data used to investigate the metallurgical differences in this study are not compromised

by a surface charging effect.
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