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Abstract 
The mechanism of how any electronic device works relies on the intrinsic properties of the 

material layers that comprise the stack and the interfaces between them. In this work, we focus on 

studying the integration and properties of oxide/semiconductor interfaces for emerging field-effect 

transistor (FET) device architectures, specifically those used for memory and data storage. The 

materials that we focus our investigations on are HfO2 as the gate oxide, and 2D transition metal 

dichalcogenides (TMDCs) as the semiconducting channel. 

Since the 2000’s, HfO2 has been established as an alternative linear dielectric material to 

SiO2, as it allows for dielectric layers that avoid leakage without sacrificing capacitance and device 

performance. Furthermore, in 2011, HfO2 was found to possess ferroelectricity in the thin film 

geometry, making it attractive for use in scaled memory devices, such as ferroelectric FETs 

(FeFETs). In this work, we interface HfO2 thin films with semiconducting TMDCs, which have 

amassed wide research interest due to their unique and versatile physical and electronic properties. 

TMDCs, with chemical formula MX2, are a class of 2D materials, in which X-M-X stacks form 

strongly bonded layers in-plane, which are held in the out-of-plane direction by weak van der 

Waals forces. Due to their van der Waals nature, TMDCs are stable at atomic-scale thicknesses, 

which allows device scalability, and are free of surface dangling bonds, which offers the promise 

of high-quality interfaces when applied to a device. However, as we demonstrate through in-depth 

spectroscopic studies of commercial TMDC single-crystals used by most of the 2D materials 

community, these single-crystal flakes suffer from high impurity concentrations which would 

impact their promising material and electronic properties. This necessitates methods for direct 

growth and integration of these TMDCs that allow for proper control of material properties. 

Through direct integration studies, we aim to investigate and engineer the interface 

chemistry of semiconducting 2D TMDCs with dielectric and ferroelectric HfO2-based films, and 

to correlate this interface chemistry with the functional properties of FETs. Specifically, we have 

the following design schemes: 1) TMDC-on-Dielectric, where TMDCs are grown directly onto 

dielectrics by molecular beam epitaxy (MBE), and 2) Dielectric-on-TMDC, where we investigate 

interfaces formed by the deposition of dielectrics and ferroelectrics onto semiconducting TMDCs 

by atomic layer deposition (ALD). All of this work is carried out with the goal of providing 

fundamental insights into how device performance relates to processing and interface chemistry 

so that intelligent device optimization can be achieved. 
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1 Introduction 
 

1.1 Background and Motivation 

 

The 2020 International Roadmap for Devices and Systems (IRDS) [1] More Moore targets 

for node scaling every 2-3 years are based on “PPAC” – performance, power, area, and cost. 

Specifically, these targets are: >15% more operating frequency at scaled supply voltage 

(performance), >30% less energy per switching at a given performance (power), >30% less chip 

area footprint (area), and <30% more wafer cost (cost). These scaling targets in the IRDS are the 

industry drivers for materials and process innovation for logic and memory devices. Such 

technological advancements that are expected to come from the IRDS targets include alternative 

high-𝜅 gate dielectrics, alternative high-mobility channel materials, new device architectures, and 

new integration schemes. Shown in Figure 1.1 is the IRDS More Moore roadmap’s projected 

evolution of device architectures. 

 

 
Figure 1.1. New device architectures from the IRDS More Moore roadmap: fin field-effect transistors (finFET), lateral gate-all-

around (GAA), and three-dimensional very large scale integration (3D VLSI) [1]. 

 

The mechanism of any electronic device is based upon the intrinsic properties of the layers 

comprising the device stack and the interfaces between them, so the material interfaces play a key 

role in determining device functionality. The contribution of interfaces to the overall current flow 

and performance also becomes even more substantial as device dimensions are scaled down. Thus, 

it is critical to study the properties of these material interfaces pertinent to emerging device 
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architectures and investigate different integration schemes that make these device configurations 

a reality. Additionally, it is evident that with the PPAC scaling targets, and since architectures 

require more device components to be stacked over a small chip area, there are also an increased 

number of material interfaces, which further motivates the need to understand their properties and 

limitations. In this dissertation, we focus specifically on the interface between the dielectric oxide 

and the semiconducting channel in devices that are used for data storage. 

Memory technologies are generally classified into two categories – volatile and non-

volatile. Volatile memories cannot store data while the power supply is off, while non-volatile 

memories (NVM) can retain information even without a power supply. For non-volatile 

applications requiring more permanent mass storage, the current state-of-the-art in the market is 

flash memory. The digital storage element in most consumer flash memories is a floating gate 

field-effect transistor (FGFET), also called charge trap flash (CTF) memory. For FGFETs, shown 

in Figure 1.2(b), write and erase processes for data storage are based on carrier injection into and 

tunneling out of the conductive floating gate/charge trap layer. [2] These processes are 

schematically shown in the figure as the low resistance state (LRS) and high resistance state (HRS), 

respectively. [3] While flash memory has been highly successful and widely distributed as a 

consumer memory technology, it is expected to soon reach its physical and technical limitations. 

Since the mechanism of FGFET/CTF memory cells rely on consecutive electron tunneling, traps 

are generated in the dielectric oxide after high write/erase cycles, resulting in less charge 

transferred to and from the floating gate, and an overall reduced efficiency of the memory cell. 

Current flash memories thus suffer from poor endurance and retention capacity, especially after 

high write/erase cycles, and slow rewrite speeds. [4] These limitations necessitate the development 

of NVM devices that perform at high speeds, require low power, and have better endurance, while 

being cost-effective and scalable. [5, 6] 
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Figure 1.2. Structure and mechanism of selected NVM devices: (a) ferroelectric field-effect transistor, and (b) floating gate field-

effect transistor or charge trap flash memory [3]. 

 

Several emerging NVM architectures have been proposed in literature, each with their own 

advantages and disadvantages. An emerging NVM device that we focus our attention on is the 

ferroelectric field-effect transistor (FeFET). In FeFETs, the high resistance and low resistance 

states (HRS and LRS) responsible for data storage are based upon the polarization state of the 

ferroelectric layer, schematically shown by the red arrows in Figure 1.2(a). [3] The main 

advantages of FeFETs are its 1T (one-transistor) cell structure, which requires less accessory 

circuit elements compared to traditional random-access memories (Figure 1.3), the high stability 

and performance of its memory states, which arise from ferroelectric polarization, and its low-

power field-driven switching mechanism [6]. Shown in Figure 1.3 is the 1T1C (one-transistor-

one-capacitor) cell structure typical for a dynamic random-access memory (DRAM) cell, wherein 

data storage occurs by storing charge in the capacitor, and the connected transistor acts as a switch 

to access the capacitor (to read/write charge). The advantage of the 1T cell structure of FeFETs 

(as well as flash memory) is that data storage occurs in the transistor itself, resulting in a smaller 

footprint for each individual memory cell, and thus allowing enhanced memory densities per chip 

area. [7] 
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Figure 1.3. Memory cell circuit structures: 1T1C for DRAM, and 1T for FeFET and flash memory. The word line is connected to 

the transistor gate, and the bit line is connected to the source. [8] 

 

The ferroelectric and floating gate FETs shown in Figure 1.2(a) and (b) are both examples 

of a metal-oxide-semiconductor field-effect transistor (MOSFET), the most prevalent 

semiconductor-based device structure used in integrated circuits. At a simplistic level, an MOS 

transistor is basically an on-off switch wherein the applied gate voltage determines current flow 

between the source and drain (S/D). [9] A key component in any MOS transistor, as the name 

implies, is the oxide/semiconductor interface, depicted in Figure 1.2 as the interface between the 

blue gate dielectric (or ferroelectric) and the purple semiconductor layers. To turn on the transistor, 

a gate voltage is applied through the gate dielectric/ferroelectric layer, inducing a polarization in 

the dielectric that then attracts charge carriers in the semiconductor to the interface, and causes 

current flow in the semiconducting channel. The role of the insulating oxide or gate dielectric layer 

is then to modulate the conductance in the semiconducting channel. 

 

1.2 HfO2 Thin Films 

 

1.2.1 HfO2 as an Established Linear Dielectric 

 

The gate oxide material that we choose to study in this work is HfO2. HfO2 has been the 

state-of-the-art dielectric layer in many technologies because of its high relative permittivity (high-
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𝜅) exceeding that of SiO2. [10] The capacitance (C) of a dielectric material, which is a measure of 

its ability to store charge, is directly proportional to its relative permittivity (𝜅), as shown in Eq. 1, 

𝐶 = 𝜅𝜀!
"
#
 (1) 

where 𝜀! is the permittivity of free space, 𝐴 is the oxide area in contact with the channel, and 𝑡 is 

the dielectric oxide thickness. The capacitance of the dielectric in a MOSFET is critical for 

maximizing device current and circuit speed because the current flow in the channel depends on 

the capacitance of the gate dielectric oxide in contact with it. A higher capacitance translates to a 

higher field effect and higher device current, which means a more efficient MOSFET. [11, 12] As 

can be seen in Eq. 1, the capacitance can be improved by decreasing the oxide thickness, 𝑡. 

However, due to current technological demands, we reached the physical scaling limitations of 

SiO2 more than a decade ago. Further thinning of SiO2 layers beyond 2 nm [13, 14] resulted in 

significant leakage currents through tunneling of carriers across the thin SiO2 layer. This tunneling 

effect, which occurs as an electron encounters a potential barrier at the oxide interface that causes 

the electron wavefunction amplitude to decay exponentially, is demonstrated schematically in 

Figure 1.4. The rectangular potential barrier shown in this figure is analogous to the SiO2 layer, 

with the barrier height being representative of its band offset with the adjacent conducting or 

semiconducting layer. It can be seen that the electron wavefunction decays but is able to penetrate 

across the width of the barrier, which represents the thickness of the dielectric layer. This means 

that the probability of finding the electron on the other side of the barrier is nonzero, thus the 

electron is said to tunnel through the barrier. This tunneling phenomenon can be avoided by having 

a wider barrier, that is, a thicker dielectric. [15] 

 

 
Figure 1.4. Tunneling through a rectangular potential barrier [15]. 
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HfO2, with its higher relative permittivity, has emerged as an alternative to SiO2 in 

commercial devices [16, 17]. The equivalent oxide thickness (EOT), defined as the thickness of 

SiO2 that would produce the same capacitance as a high-𝜅 dielectric, is given by Eq. 2. 

𝐸𝑂𝑇 = 𝑡$%&
&!"#$
&%"&

 (2) 

Using Eq. 2, the relative permittivity of SiO2 (𝜅'%($ = 3.9), and the typical relative permittivity of 

HfO2 (𝜅$%& = 25) [18], which we note can vary depending on processing conditions, it can be seen 

that a HfO2 layer that is 6.5 nm thick (𝑡$%&) has an EOT of 1 nm; this means it can achieve the 

same capacitance as a 1 nm layer of SiO2. The use of HfO2 instead of SiO2 has thus allowed the 

implementation of thicker dielectrics to avoid leakage, without sacrificing device performance. 

Given the high-𝜅 properties of HfO2, processes have been established to widely integrate this 

material and make it compatible with complementary metal-oxide-semiconductor (CMOS) 

fabrication [19]. 

 

1.2.2 HfO2 as an Emerging Ferroelectric 

 

In addition to its excellent dielectric properties and CMOS compatibility, in 2011, HfO2 

was found to possess ferroelectricity in the thin film geometry (sub-20 nm) when doped or alloyed 

with other atoms [20]. Ferroelectricity can be defined as the characteristic of a material that has a 

permanent spontaneous polarization which can be reoriented; ferroelectric materials are thus a 

subset of dielectric materials [21]. The polarization in ferroelectrics is typically orders of 

magnitude larger than in regular dielectrics, and it can be switched or reoriented by applying an 

electric field less than the dielectric breakdown field. Even when the applied electric field is 

removed, ferroelectrics retain their polarization state, which is what makes these materials 

attractive for NVM applications. The polarization value at a zero applied electric field is called the 

remanent polarization. The origin of ferroelectricity in materials is a crystal structure that has no 

inversion symmetry, also called non-centrosymmetric crystal structures. Their non-

centrosymmetric nature induces a permanent dipole moment in the crystal because the net positive 

charge (from cations) and net negative charge (from anions) in the unit cell are displaced with 

respect to each other. [22] 
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In HfO2, the non-centrosymmetric crystal structure that exhibits ferroelectricity is its 

orthorhombic phase. Shown in Figure 1.5 are the unit cells of the thermodynamically stable 

monoclinic phase (left), the metastable tetragonal phase (right), and the metastable orthorhombic 

phase possessing ferroelectricity (center). The green circles represent the metal or Hf atoms, and 

in red are the O atoms. In the orthorhombic phase, the oxygen anions responsible for the 

polarization are shown in gold. As depicted in the figure, the location of these O atoms in gold can 

be shifted within the unit cell, inducing a change in the polarization (P) direction of the crystal. 

 

 
Figure 1.5. Unit cells of various HfO2 phases and their electrical characteristics. 𝜀! denotes the relative permittivity, and Pr is 

the remanent polarization of the ferroelectric orthorhombic phase. [23] 

 

The top of Figure 1.5 indicates several driving factors for stabilizing the orthorhombic 

phase over the equilibrium monoclinic phase. These include using reduced film thickness and/or 

constrained grain size [24, 25], applying biaxial stress [26-28], introducing oxygen vacancies [29, 

30], and adding dopants, such as Si, Al, Y, Gd, and Zr [20, 31-34]. For parts of this dissertation 

aimed at investigating interfaces with ferroelectric oxides, we use HfO2 thin films alloyed with Zr, 

which we abbreviate as HZO (hafnium zirconium oxide). The choice of Zr as the alloying element 

to make ferroelectric HfO2 comes with advantages that make it particularly attractive, such as a 

large compositional space (Hf:Zr content) allowing orthorhombic phase formation and a low 

crystallization temperature [27, 34-38]. While pure HfO2 exhibits the monoclinic phase at 

equilibrium, pure ZrO2 thin films crystallize into the tetragonal phase. In an alloy of HZO, the 
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presence of some amount of ZrO2 provides a tetragonal to orthorhombic phase transition pathway 

during cooling, resulting in the presence of the ferroelectric orthorhombic phase in HZO thin films. 

[34] 

The implications of this work are not limited to the NVM devices described in Chapter 1.1. 

As a scalable and CMOS-compatible dielectric/ferroelectric, thin films of HfO2 and HfO2 alloys 

are highly versatile for use as a gate oxide in various MOS transistor devices. Our studies of its 

interface with emerging semiconducting materials allow for applicability of the implications of 

this work not just to currently realized NVM devices (as in Chapter 1.1), but also to other types of 

electronic devices making use of the same oxide/semiconductor interfacial stacks. 

 

1.3 Semiconducting 2D Materials 

 

In this dissertation, we interface our dielectric and ferroelectric oxides with semiconducting 

transition metal dichalcogenides (TMDCs), which are a specific class of materials belonging to 

the two-dimensional (2D) material family. The interest in using 2D materials for electronics 

rapidly rose after the first demonstration of the isolation of graphene, a single-atomic-layer-thick 

sheet of carbon atoms, in 2004 [39]. This discovery won the team (Andre Geim and Konstantin 

Novoselov) the Nobel Prize in Physics in 2010 [40]. The 2D nature of graphene, in which the 

carbon atoms are held by strong sp2 bonds in-plane, with stacked graphene layers being stabilized 

in the out-of-plane direction by weak van der Waals forces, brought about interesting physics and 

unique electronic properties, which gave rise to vast interest in the field of 2D materials for 

electronics. Particularly, 2D materials are promising as an alternative channel material that doesn’t 

suffer from degraded carrier mobility with decreasing thickness, and provides excellent gate 

electrostatic control during FET operation due to the in-plane directionality of carrier transport. 

[41, 42] However, a limitation of graphene is that it is a semimetal, i.e., the valence and conduction 

bands intersect. The absence of a band gap results in graphene transistors with poor switching 

behavior (on/off ratio < 30) due to the thermal excitation of carriers. [39] 

This has led to research into other classes of 2D materials, such as TMDCs. TMDCs are 

composed of a transition metal (M), i.e., typically a group IV, V, or VI element, sandwiched 

between two chalcogen atoms (X), i.e., S, Se, or Te. This three-atom stack makes up each TMDC 

layer, and similar to graphene, each layer is held in-plane by strong covalent bonds, while multi-
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layer interaction (out-of-plane) is weaker and held only by van der Waals forces. The structure of 

a generic TMDC is schematically shown in Figure 1.6. 

 

 
Figure 1.6. Schematic representation of a generic TMDC with chemical formula MX2 [43]. 

 

In general, the equilibrium structures of Mo- and W-based TMDCs (specifically their 

sulfides, selenides, and monolayer tellurides [44]) have semiconducting properties, while others, 

like NbX2 and TaX2, are metals in equilibrium. The band gaps of semiconducting TMDCs are 

typically within 1-2 eV, which are comparable to traditional semiconductors like Si, thus making 

these TMDCs more suitable than graphene as an FET channel. For this dissertation, we chose to 

study MoS2 and WSe2 as our 2D semiconductors, as they are the two pioneering and most widely 

used TMDC channels in FET devices. [43] 

One of the first uses of TMDCs as channels, reported in 2004, was with bulk WSe2 crystals, 

which had mobilities (in p-type conduction) comparable to the best single-crystal Si FETs and 

on/off ratios of ~104, which were orders of magnitude higher than that of graphene FETs [45]. In 

2007, back-gated FETs with few-layer MoS2 channels were demonstrated, which had room-

temperature mobilities ranging from 10 to 50 cm2 V-1 s-1, and on/off ratios of at least 105 [46]. The 

properties of TMDC-based FETs were shown to dramatically improve in the first report of a top-

gated FET with a single-layer MoS2 channel, which was published by Radisavljevic et al. in 2011 

[47]. It should be noted that the first report of exfoliation of single-layer MoS2 came in 1986 

(Joensen et al. [48]), more than two decades before the seminal Radisavljevic et al. paper on single-

layer MoS2 FETs. The method used in the 1986 study was Li intercalation of bulk MoS2 powder 

followed by reaction with water to exfoliate out free-standing MoS2 monolayer particles in 

solution. Almost twenty years later, Novoselov et al. reported on their dry technique of isolation 
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and identification of single-layer TMDCs using the same process as their work on the isolation of 

graphene – mechanically exfoliating/cleaving bulk crystals by repeated peeling of layers with tape 

[49].  This “scotch tape method” has been the exfoliation technique widely adapted by many 

research groups for device fabrication using single- or few-layer TMDCs, and was the method 

employed by Radisavljevic et al. [47] to realize the first monolayer MoS2-based FET. 

In the report by Radisavljevic et al. [47], the theoretical room-temperature mobility of 

MoS2 (at least 200 cm2 V-1 s-1) was achieved by providing dielectric screening through the top gate 

dielectric, and in addition, these FETs also had significantly improved on/off ratios of 108. 

Similarly top-gated FETs using single-layer WSe2 have since been fabricated and shown to have 

excellent properties, with room-temperature mobilities of ~250 cm2 V-1 s-1 and on/off ratios of at 

least 106 [50]. 

One of the reasons that MoS2 and WSe2 are the two prototypical TMDCs is their different 

charge carrier properties. MoS2 has excellent electron conduction (n-type), while hole conduction 

(p-type) dominates in WSe2. Because of this, n-channel and p-channel FETs are typically 

demonstrated using MoS2 and WSe2, respectively. Furthermore, the electronic properties of 

TMDCs have unique tunability. Changes in the number of TMDC layers results in changes in their 

band structure due to quantum confinement effects and orbital rehybridization. Mo- and W-based 

TMDCs undergo a transition from an indirect band gap in their bulk or multi-layer form to a direct 

band gap for monolayers. This direct band gap in the monolayer form opens up many potential 

applications for these MoX2 and WX2 TMDCs in photonics and optoelectronics. [43] 

For the purposes of device integration, which is the ultimate goal of our studies, the 2D 

van der Waals nature of TMDCs, wherein the basal plane is ideally free of dangling bonds, offers 

the promise of a high-quality interface with the gate dielectric in an FET [51]. Thus, common 

issues with semiconductor integration, such as intermixing of constituents across interfaces and 

mobility degradation due to carrier scattering at the surface/interface (from roughness and dangling 

bonds), are avoided [42, 52, 53]. These advantages of semiconducting 2D TMDCs over traditional 

bulk semiconductors are pictorially shown in Figure 1.7. 
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Figure 1.7. Schematic illustration of the issues with bulk 3D semiconductors and the advantages of semiconducting 2D materials 

[41]. 

 

Much of the device-focused work on TMDC-based FETs utilize exfoliated flakes of 

TMDCs from geological or chemical vapor transport (CVT) grown bulk crystals [54-59], using 

Geim and Novoselov’s scotch tape method. While this is an excellent way to generate proof-of-

concept devices, the process is not scalable to wafer processing. As such, many of the challenges 

with materials integration and interface formation during traditional semiconductor processing 

methods are circumvented despite being critical to industrially relevant technologies. Also, as we 

will show in Chapter 3, CVT-grown and geological TMDC crystals that are used as source material 

for exfoliation suffer from high impurity concentrations, which may dominate the material 

properties and prevent intrinsic starting material. 

Studying direct growth methods allows investigation of the process-structure-property 

relationships at play in these devices with particular relevance to scalable technologies. Moreover, 

direct integration removes any need for transfer processes which can introduce residual 
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contaminants that may obscure and modify the behavior of these devices [60-64]. In the work we 

present in this dissertation, we specifically focus on direct growth methods and integration 

techniques that are back end of the line (BEOL) compatible and relevant to current industrial 

processes. 

 

1.4 Dissertation Overview 

 

The goals of this body of work are to investigate and engineer the interface chemistry of 

semiconducting 2D TMDCs with dielectric and ferroelectric HfO2-based films, and to correlate 

this interface chemistry with the functional properties of FETs. Specifically, we have the following 

design schemes: 1) TMDC-on-Dielectric, where TMDCs are grown directly onto dielectrics by 

molecular beam epitaxy (MBE), and 2) Dielectric-on-TMDC, where we investigate interfaces 

formed by the deposition of dielectrics and ferroelectrics onto semiconducting TMDCs by atomic 

layer deposition (ALD). All of this work is carried out with the goal of providing fundamental 

insights into how device performance relates to processing and interface chemistry so that 

intelligent device optimization can be achieved. 

This dissertation is divided into five chapters following this introduction chapter. In 

Chapter 2, we discuss the experimental fabrication and characterization techniques used in this 

work. Chapter 3 discusses in-depth spectroscopic studies performed on geological bulk crystals of 

MoS2, the implications of which highlight the need to use grown TMDC channels for devices. 

Chapter 4 is a discussion of experimental work on TMDC-on-dielectric structures, where we 

demonstrate direct integration of TMDCs onto oxide films, and we study how the TMDC growth 

conditions affect the properties of ferroelectric and dielectric oxide substrates. Chapter 5 will cover 

our studies of dielectric-on-TMDC stacks. In the first part of Chapter 5, we study the thermal 

stability of dielectric-on-TMDC interfaces, and in the second part, we report on a technique to 

functionalize the TMDC surface for improved ALD of oxides. Finally, in Chapter 6, we summarize 

our general conclusions from this collection of studies and present directions for future work. 
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2 Experimental Methods 
 

2.1 Fabrication 

 

2.1.1 Atomic Layer Deposition (ALD) 

 

Atomic layer deposition (ALD) is a cyclical, self-terminating chemical vapor deposition 

(CVD) process that we use in this work to deposit dielectric oxide thin films. We alternate pulses 

of metal-organic (reactant A) and oxidant (reactant B) precursors that react with each other to form 

the intended oxide film. Upon introduction into the ALD chamber, these precursors saturate the 

substrate surface, and it is important to note that reactions only take place on the substrate surface. 

To ensure self-limiting reactions, i.e., a predictable growth rate per cycle (GPC), a purge with an 

inert gas is performed following each precursor and each oxidant pulse. This purge step is intended 

to remove any excess reactants and volatile reaction products from the vicinity of the growth 

substrate. Each pulse A – purge – pulse B – purge cycle is repeated until the desired film thickness 

is grown based on the GPC. This process is schematically represented in Figure 2.1. 

 

 
Figure 2.1. General schematic representation of the ALD process [1, 2]. 
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In this work, ALD of films was performed in collaboration with other groups. The hafnium 

zirconium oxide (HZO) films used in Chapter 4 were deposited through ALD by collaborators at 

Sandia National Laboratories using a Cambridge Nanotech Savanah 100 flow through style 

reactor. In Chapter 5.1, HZO ALD was performed in collaboration with the Ihlefeld research group 

using an Oxford FlexAL II ALD. ALD of HfO2 thin films in Chapters 4.2 and 5.2 was carried out 

using a Kurt J. Lesker ALD 150LX at the Army Research Laboratory (ARL). 

While the cyclical process of ALD that we describe above is well-studied for a wide range 

of precursors, the initial nucleation requires reactions with the substrate. As such, there are unique 

challenges associated with ALD on 2D materials. Due to their 2D nature, the basal plane of an 

ideal transition metal dichalcogenide (TMDC) is absent of dangling bonds and does not provide 

reaction sites for the precursors. Instead, precursors nucleate on step edges and point defects which 

results in a non-uniform film. There are different ways to circumvent this issue of non-uniform 

ALD on 2D materials, such as the use of buffer layers [3-5], plasma-enhanced ALD (PEALD) [6, 

7], surface treatment with O2 plasma [8, 9], and functionalization with ultraviolet-ozone (UV-O3) 

[10, 11]. In this work, we use the UV-O3 functionalization technique to pre-treat our TMDC 

substrates before performing ALD. 

 

2.1.2 Ultraviolet-Ozone (UV-O3) Functionalization 

 

UV-O3 functionalization of TMDCs was initially demonstrated and replicated for MoS2 

[10-12]. It was found to be an effective route to producing more uniform ALD oxide films on 

MoS2 (see Figure 2.2) because it induces adsorbed oxygen on the surface (i.e., S-Oads) which serve 

as reaction sites for the ALD precursors on the otherwise unreactive surface. In inducing this 

adsorbed oxygen state, the Mo-S bonds are not broken, as evidenced by spectroscopic 

characterization. While well-studied and replicated on MoS2, this functionalization technique is 

less trivial for other TMDCs such as WSe2. 
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Figure 2.2. Atomic force microscopy (AFM) images of Al2O3 on (a) as-exfoliated/untreated MoS2, and (b) UV-O3 functionalized 

MoS2. Temperatures denote the deposition temperature during Al2O3 ALD. [10] 

 

Because WSe2 has a higher reactivity towards oxidation compared to MoS2 [13], the same 

UV-O3 functionalization process that worked to induce S-Oads on MoS2 (6-min exposure in ultra-

high vacuum (UHV)) has been previously found to break W-Se bonds and induce WOx, SeOx, and 

WSexOy species on the WSe2 surface [11]. Additionally, after subsequent ALD of HfO2 on this 

oxidized WSe2 surface, Azcatl et al. [11] observed that the deposited HfO2 was comprised of 

triangular islands. This quasi-ordered triangular cluster growth mechanism was attributed to a 

partial etching of the WSe2 surface because of “self-cleaning” [14] reduction reactions during 

ALD. In this self-cleaning process, the oxides on the WSe2 surface are reduced or eliminated by 

reacting with the ALD precursor/s and then forming a volatile compound, leaving behind 

triangular hole-like structures for HfO2 to preferentially nucleate on and form triangular islands. 

Azcatl et al. showed that a milder UV-O3 exposure induced the Se-Oads state on WSe2, as evidenced 

by spectroscopic results. However, the morphology of a deposited oxide on this WSe2 surface that 

underwent mild UV-O3 exposure was not shown. 
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In the current work, we show that the UV-O3 functionalization of TMDCs, as performed 

by Azcatl et al. in a UHV environment, can be adapted to a tabletop UV lamp in atmosphere. 

Additionally, we perform UV-O3 functionalization of MoS2 and WSe2 surfaces. 

 

2.1.3 Molecular Beam Epitaxy (MBE) 

 

A molecular beam epitaxy (MBE) chamber is used in this work for deposition and growth 

of semiconducting 2D TMDCs, mainly WSe2. WSe2 is grown by co-depositing elemental W and 

Se sources onto a substrate that is heated to a specific growth temperature, monitored using a 

pyrometer, which is discussed in detail below. The Se:W flux ratio is controlled for each growth, 

with the individual fluxes measured by a beam flux monitor. This beam flux monitor is an 

ionization gauge positioned in line-of-sight of the sources before actual growth, and the beam 

equivalent pressure of each source (once heated to the specific source temperature required for 

evaporation) is taken to be the difference in the pressure reading of the beam flux monitor before 

and after opening the source shutter. After measurement of the beam equivalent pressures and once 

the desired Se:W flux ratio is achieved, the beam flux monitor is withdrawn so that the sample or 

growth substrate is in direct line-of-sight of the sources for growth. We use an electron beam 

evaporator for our W source and an effusion cell for our Se source. MBE is performed in a UHV 

environment which minimizes contaminants and provides a clear path for the source material to 

travel onto the growth substrate. 

Because of this UHV environment, we need a non-contact measurement technique to 

determine the temperature of our sample surface during growth, so we use a Fluke E2RL pyrometer 

in 2-color mode. The pyrometer settings were calibrated by using the known surface desorption 

temperature of a thermally grown oxide on GaAs. We heated a GaAs wafer in our UHV system 

by increasing the manipulator heater current until the thermally grown oxide layer was desorbed, 

as monitored by in-situ reflective high energy electron diffraction (RHEED). At the point of 

desorption, the pyrometer slope was adjusted to match 582 °C, which is the known thermal oxide 

desorption temperature [15]. We used this same GaAs calibration sample to correlate the 

pyrometer temperature reading to the manipulator current. 
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The Scienta Omicron UHV system that houses our MBE tool is shown in Figure 2.3. Since 

this system is all in-vacuo with the analysis module attached to the MBE module, we have the 

capability of directly analyzing our MBE-grown samples without atmospheric exposure. 

 

 
Figure 2.3. UHV system from Scienta Omicron [16]. 

 

2.1.3.1 Traditional Epitaxy 

 

In traditional MBE, the growth process relies on primary bonds forming between the 

substrate and the film being grown. Epitaxy, in the traditional sense, pertains to the grown film 

adopting the crystal structure, lattice constant, and orientation of the substrate it is grown on. If the 

intrinsic lattice constant of the thin film material does not match the substrate’s, strain develops in 

the film as it grows, which eventually leads to the formation of defects, specifically misfit 

dislocations, in the grown film. For applications of these materials wherein such defects can 

negatively impact its properties, i.e., for electronic conduction, lattice matching between the film 

and substrate is a requirement for traditional MBE. [17] 
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2.1.3.2 Van der Waals Epitaxy (VDWE) 

 

As discussed in our introduction (Chapter 1), 2D van der Waals materials, such as TMDCs, 

do not have surface dangling bonds. The absence of dangling bonds on an ideal TMDC surface 

means that it cannot form primary bonds with the substrate it is being grown on; however, van der 

Waals epitaxy (VDWE) still allows epitaxial growth without the need for chemical bonding with 

the substrate. VDWE refers to the growth of dissimilar 2D materials on top of each other [18]. In 

VDWE, a van der Waals gap exists between the grown film and the substrate, with the film and 

substrate being held together by van der Waals interactions, rather than chemical bonding. Despite 

the absence of primary bonding, interlayer interactions allow the substrate to dictate the in-plane 

rotational alignment of the grown film [19, 20]. The advantage of VDWE over traditional epitaxy 

is that the lattice matching requirement between the film and substrate is greatly relaxed, as VDWE 

does not rely on atom-by-atom bonding at the interface. [18] This relaxed lattice constraint makes 

VDWE a highly adaptable and versatile growth technique for 2D material integration. In this 

dissertation, the MBE-WSe2 samples discussed in Chapter 5.1 were grown by VDWE. 

 

2.1.3.3 Physical Vapor Deposition (PVD) 

 

For the MBE studies presented in this dissertation (Chapter 4: TMDC-on-Dielectric), we 

note that the crystal structure of our grown TMDC films does not have registry with our 

dielectric/ferroelectric growth substrates, which are either amorphous or polycrystalline in nature. 

As such, the mechanism of this growth can be described as a general physical vapor deposition 

(PVD) process, in which the source materials are heated to evaporation, and because of a pressure 

gradient, the vapor is transported from the source to a heated growth substrate, onto which it 

condenses into a thin film solid [21]. The crystal structure of our resulting TMDC thin film is not 

aligned with the atomic arrangement of the substrate it is grown on, i.e., in our case, a dielectric 

oxide. However, despite the lack of in-plane epitaxy with the dielectric substrate, we note that the 

c-axis of our grown TMDC film is always oriented perpendicular to the substrate surface, which 

is expected based on the kinetics of TMDC growth [22, 23]. 
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Throughout this dissertation, regardless of the physical mechanism of the growth process 

(traditional epitaxy, VDWE, or PVD), all growths performed in our MBE chamber will be referred 

to as “MBE” for simplicity of the discussions. 

 

2.2 Characterization 

 

2.2.1 Photoelectron Spectroscopy 

 

Photoelectron spectroscopy is a characterization technique that uses the photoelectric effect 

to obtain chemical information on a material. The photoelectric effect works by irradiating a 

sample with photons of known energy, and when a photon interacts with an atom in the sample, 

an electron is ejected from the material, now called a photoelectron. Upon removal from the solid, 

these photoelectrons arrive at a detector, which then counts the number of photoelectrons as a 

function of kinetic energy. The conservation of energy equation shown in Eq. 1 gives the relation 

of the photoelectron kinetic energy, 𝐾𝐸, to the energy of the incident photon, ℎ𝜈 (Planck’s constant 

× photon frequency), the photoelectron binding energy, 𝐵𝐸, and the sample work function, 

𝜙)*+,-.. 

𝐾𝐸 = ℎ𝜈 − 𝐵𝐸 − 𝜙)*+,-. (1) 

In practical photoelectron spectroscopy measurements, the measured kinetic energy, 𝐾𝐸+.*)/0.1, 

is affected by the difference between the spectrometer and sample work functions, 𝜙),.2 and 

𝜙)*+,-., respectively. This relation is given by Eq. 2. 

𝐾𝐸+.*)/0.1 = 𝐾𝐸 − (𝜙),.2 − 𝜙)*+,-.) (2) 

Combining Eq. 1 and 2 gives us Eq. 3, which relates 𝐾𝐸+.*)/0.1 to the incident photon energy, 

photoelectron binding energy, and spectrometer work function. 

𝐾𝐸+.*)/0.1 = ℎ𝜈 − 𝐵𝐸 − 𝜙),.2 (3) 

In our X-ray photoelectron spectroscopy (XPS) tool (part of the analysis module in Figure 

2.3), a monochromated Al K𝛼 X-ray source, which has an energy of 1486.7 eV, is used as the 

incident photon probing the sample. We note that our Scienta Omicron XPS (Figure 2.3) has a ~1 

mm spot size. For some parts of this work which require analysis of small areas, a PHI VersaProbe 
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III XPS is used, which has variable X-ray beam spot sizes ranging from 9 to 200 µm. The PHI 

VersaProbe system also makes use of a monochromated Al K𝛼 X-ray source. 

XPS is typically used for detection of core level electrons. Based on quantum mechanics, 

each core level electron has a designated set of quantum numbers, describing its position and 

energy in the atom – the principal, orbital angular momentum, magnetic, and electron spin 

quantum numbers. The principal quantum number is an integer (𝑛 = 1, 2, 3… ) that denotes the 

electron energy level or shell. The orbital angular momentum (ℓ = 0, 1, 2, . . . , 𝑛 − 1) is referred 

to as the electron subshell. Each orbital angular momentum 0, 1, 2, and 3, is typically denoted as 

s, p, d, and f, respectively. Magnetic quantum numbers denote the orbital within the specific 

subshell, and the fourth quantum number, the electron spin, denotes an electron being either “spin 

up” (+1/2) or “spin down” (-1/2). The coupling between the orbital angular momentum and the 

spin leads to spin-orbit splitting, or the splitting of the p, d, and f levels into two distinct sub-states 

with distinct energies. Because s orbitals have an orbital angular momentum of zero, it does not 

exhibit spin-orbit splitting. In XPS spectra, this means that photoelectrons coming from s orbitals 

are seen as a single peak, while photoelectrons coming from all p, d, and f orbitals result in doublet 

peaks with specific peak area ratios, as dictated by the degeneracy of each sub-state, i.e., each 

doublet component. The notation for each doublet component is a subscript after the orbital, which 

indicates the total electron angular momentum, 𝑗 = ℓ ± 𝑠, such that p1/2 and p3/2, d3/2 and d5/2, and 

f5/2 and f7/2 peaks are observed for p, d, and f core levels, respectively. Each of these split subshells 

can hold 2𝑗 + 1 electrons, leading to peak area ratios of 1:2 for p levels, 2:3 for d levels, and 3:4 

for f levels. In general, the magnitude of the spin-orbit splitting, or the energy separation between 

each component of the doublet, increases with atomic number. [24] We use XPS databases to 

reference the spin-orbit separation for our elemental core levels of interest [25]. 

XPS results are conventionally represented as a plot of intensity vs. binding energy. 

Because each element has a specific set of distinct electron energy levels, the XPS spectrum of 

each element is composed of a set of peaks at specific binding energies, with each set of binding 

energies being unique to each element. Thus, XPS provides a unique spectrum for each element, 

making it a useful technique for elemental identification of species present in the sample being 

analyzed. The observed photoelectron binding energies obtained from a sample also provide 

information on the material chemistry. This is because the interatomic interaction due to bonding 

between atoms causes some shift in their electron orbitals, resulting in slightly shifted energy 
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levels. XPS can detect small shifts in binding energy and is therefore particularly powerful in 

differentiating various chemical bonding environments of the elements present in the sample. 

For an example analysis of XPS core level peaks, shown in Figure 2.4 is the W 4f core 

level spectrum collected from a sample of WSe2. As mentioned previously, small shifts in binding 

energy that are indicative of changes in the chemical bonding environment of the atom can be 

detected with XPS. In Figure 2.4, we see this through the presence of the W 4f doublet 

corresponding to the W-Se bond (WSe2) and another doublet at higher binding energy 

corresponding to the W-O bond; this indicates that the WSe2 material being analyzed is partially 

oxidized. The chemical shift seen with W 4f is also reflected in the other W core levels, as evident 

with the W 5p3/2 peak also shown in the same binding energy window. 

 

 
Figure 2.4. Deconvoluted W 4f spectrum of WSe2 showing the shift of the core level peaks due to partial oxidation of the WSe2 

material. 

 

To deconvolute XPS spectra, such as that shown in Figure 2.4, we fit the features using 

kolXPD software [26], which allows us to consider the background and peak shapes. Unless stated 

otherwise, in this work, we use a Shirley background [27] to fit our XPS spectra. This accounts for 
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inelastically scattered electrons during the photoemission process that contribute to the asymmetric 

shape of the background seen in XPS. In the discussion of results in later chapters, the background 

is typically subtracted from the fitted spectra for visual clarity. 

For metallic species, an asymmetric Doniach-Sunjic lineshape [28] convoluted with a 

Gaussian is used to fit the core level peak, while for non-metals, we use a symmetric Voigt 

function. In our fitting software, the Lorentzian and Gaussian components of the peak width are 

separated. The Lorentzian width is a property of the photoemission process, as it comes from the 

lifetime of the core hole left behind by the emitted photoelectron. The Gaussian width is due to 

other factors extrinsic to the nature of the photoemission process, such as instrumental broadening, 

temperature, and disorder in the material being measured. 

 

2.2.1.1 Quantitative Analysis Using XPS 

 

For quantification of elemental composition using XPS, we use the core level peak 

intensity obtained through peak fitting. The intensity (𝐼) generated from photoemission comes 

from several factors, as shown in Eq. 4 [29-31]. 

𝐼 = 𝑛𝐹𝜎𝜙𝑦𝑇𝜆  (4) 

Here, 𝑛 is the number of atoms participating in photoemission per unit volume (atoms/cm3), 𝐹 is 

the incident X-ray flux (photons/cm2), 𝜎 is the partial photoionization cross-section of the 

measured core level [32], 𝜙 is an angular distribution term, 𝑦 is the fraction of 𝜎 retained in the 

measured peak, 𝑇 is the transmission function, or efficiency of detection, of the detector used 

(varies with photoelectron KE) [33], and 𝜆 is the inelastic mean free path (IMFP) of the measured 

core level electrons. 

 When using XPS peak intensities to quantify the relative composition of different elements 

in a sample, all of the factors contributing to the intensity must be considered. The term 𝜎𝜙𝑦𝑇𝜆 is 

referred to as the relative sensitivity factor (RSF) of the measured core level. To obtain the atomic 

concentration (𝑛) of each element measured based on their respective XPS peak intensities, we 

normalize the measured intensity, 𝐼, of each core level peak by their respective RSF. Given a 

constant X-ray flux, 𝐹, for spectra acquired successively using the same XPS instrument and scan 

settings, RSF-normalized peak intensities allow us to compare the atomic concentration of 
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different elements measured from our sample and calculate % composition. In this work, we use 

RSFs that are specific to the XPS instrument used for any given spectra. 

 

2.2.1.1.1 Single-Material Overlayer Thickness Calculation 

 

XPS can also be used to estimate the thickness of a layer over a given underlying substrate 

material by using measured intensities of the overlayer and substrate. This is because any overlayer 

that electrons have to travel through before escaping the material will attenuate the measured XPS 

signal. In the presence of an overlayer with thickness 𝑑, the intensity of the overlayer (𝐼34.0-*5.0) 

and substrate (𝐼)/6)#0*#.) are given by Eq. 5 and 6, respectively [34]. 

𝐼34.0-*5.0 = 𝐼34.0-*5.07 [1 − exp N 81
ℓ'()*+,-)*	/023):

O] (5) 

𝐼)/6)#0*#. = 𝐼)/6)#0*#.7 [exp Q 81
ℓ12314*,4)	/023):

R] (6) 

In these equations, 𝐼34.0-*5.07  and 𝐼)/6)#0*#.7  are intensities of pure bulk samples of the overlayer 

and substrate, respectively, ℓ34.0-*5.0	<= and ℓ)/6)#0*#.	<= are the effective attenuation lengths 

(EAL) of electrons coming from the overlayer and substrate core level (CL), respectively, traveling 

through the overlayer material, and 𝜃 is the photoelectron take-off angle with respect to the surface 

normal. We note that EAL (ℓ) is used in place of IMFP (𝜆) in these calculations because it corrects 

for elastic scattering effects and takes into account instrument configuration [35]. In our 

calculations, we use the National Institute of Standards and Technology (NIST) EAL database [36, 

37] to find the appropriate EALs for the different overlayer/substrate systems we study at the 

specific geometry of the XPS instrument used. 

 

2.2.1.1.2 Partial Coverage by Island Overlayers 

 

The above overlayer/substrate intensity equations assume a fully continuous and flat 

overlayer film with a constant thickness. However, this is not always the case, and some overlayers 

we analyze with XPS exist as islands or clusters on the surface rather than a uniform film. 

Assuming that the fraction of the substrate area covered by clusters is 𝑥, we modify the overlayer 

and substrate intensity equations (from Eq. 5 and 6), as shown in Eq. 7 and 8. [38] 
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𝐼34.0-*5.0 = (𝑥)𝐼34.0-*5.07 U1 − exp N 81
ℓ'()*+,-)*	/023):

OV (7) 

𝐼)/6)#0*#. = (𝑥)𝐼)/6)#0*#.7 Wexp Q 81
ℓ12314*,4)	/023):

RX + (1 − 𝑥)(𝐼)/6)#0*#.7 ) (8) 

In Eq. 7 (overlayer), the right-hand side of the equation is simply multiplied by the fraction 𝑥 

because all of the overlayer signal comes from the clusters. In Eq. 8 (substrate), the first term 

corresponds to substrate signal buried under clusters, and the second term comes from exposed 

areas of the substrate not covered by clusters. These equations can be used to estimate surface 

coverage using measured XPS intensities by rearranging and solving for 𝑥, or they can also be 

used to predict the expected XPS intensity given a specific fraction of the surface covered by 

islands. 

However, note that Eq. 7 and 8 assume that all of the clusters/islands have a uniform 

thickness, 𝑑, which is not a fully accurate assumption. We use these partial coverage equations for 

clustered HfO2 on MoS2 in Chapter 5.1, and as seen with microscopy data of the same samples, 

island/cluster heights are greatly varied. Therefore, discrepancies may arise between the actual and 

predicted surface coverages or intensities. These equations should be used for semi-quantitative 

estimation rather than for determination of absolute values. 

 

2.2.1.1.3 Compound Overlayer Thickness Calculation 

 

In cases where the substrate intensity is attenuated by more than one material component 

as the overlayer, and each component is composed of different elements such that their core level 

peaks are at different binding energy ranges, we modify the above overlayer/substrate intensity 

equations. Given a compound of species A and B (each with their individual core level peaks) that 

are assumed to be homogeneously mixed as one overlayer, the attenuation due to both A and B 

have to be incorporated in the equations. We take the ratio of the overlayer intensity to the substrate 

intensity for A and B individually, as shown in Eq. 9 and 10, respectively. [39] 

>5
>12314*,4)

= >5
6

>12314*,4)
6 [

?8@ABC 785
(ℓ5	/0	";	5)(='1>)

D

@ABC 785
(ℓ12314*,4)	/0	";	5)(='1>)

E 78?
(ℓ12314*,4)	/0	";	?)(='1>)

D
]  (9) 
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 To calculate the thickness of a compound overlayer composed of A and B, we use Eq. 9 

and 10 to iteratively calculate the effective thickness of each component, 𝑑" and 𝑑F. We do this 

by starting with an educated guess for 𝑑F to use in Eq. 9 and an educated guess for 𝑑" to use in 

Eq. 10. We then solve for 𝑑" and 𝑑F in Eq. 9 and 10, respectively, and use those calculated 

effective thicknesses as a new educated guess for the other equation. This process is repeated until 

the effective thickness values for A and B are consistent between both equations. Finally, the 

compound overlayer thickness, 𝑑, is taken to be the sum of the individual effective thicknesses: 

𝑑 = 𝑑" + 𝑑F. [39] 

 In performing these thickness calculations, if pure bulk samples of either the overlayer or 

substrate material are not available for experimental determination of the 𝐼7 values, the ratio 
>'()*+,-)*
6

>12314*,4)
6 , also referred to as 𝑅3, can be theoretically determined as described by Seah and Spencer 

[40]. As shown in Eq. 11, 𝑅3 depends on the bulk density of the overlayer/substrate (𝜌), the 

molecular mass of the overlayer/substrate material (𝑀), and the EAL of the specific core level 

electron as it travels through the overlayer/substrate (ℓ). 

𝑅3 =
>'()*+,-)*
6

>12314*,4)
6 = G'()*+,-)*H'()*+,-)*ℓ'()*+,-)*	/0	";	'()*+,-)*

G12314*,4)H12314*,4)ℓ12314*,4)	/0	";	12314*,4)
 (11) 

 These compound overlayer thickness equations are used in Chapter 5.2 to estimate the 

thickness of a compound WO3-SeO2 layer on top of WSe2. 

 

2.2.1.2 Electronic Characterization Using XPS 

 

Other than measuring chemical composition, interfacial chemistry, and overlayer 

thicknesses, this work will also use XPS to investigate the electronic character of our material. For 

compounds, we discuss the difference between XPS peak shifts due to changes in material 

chemistry and peak shifts due to a Fermi level shift. Chemical shifts are brought about by atomic 

bonding. Because of differences in electronegativity of the atoms participating in a bond, their core 

level electrons may be more tightly or loosely bound to the nucleus, resulting in shifts in the core 

level binding energies as seen with XPS. Given a compound composed of two elements, chemical 

shifts are observed as shifts of their core level peaks in opposite directions; bonding with a more 

electronegative atom increases the binding energy, and bonding with a less electronegative atom 

shifts the peaks to lower binding energy. 
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Conversely, with a non-metal compound, the peaks of the elements in the compound may 

also shift in the same direction. Note that the binding energy scale is referenced such that the Fermi 

energy of the material is at 0 eV. Equal shifts in the same direction of all of the core level peaks 

corresponding to that compound (regardless of the element being measured) are evidence of a shift 

in the compound’s Fermi level. If the peaks uniformly shift to lower binding energy, the core levels 

are closer to the Fermi level (0 eV), indicating more p-type behavior. If the peaks uniformly shift 

to higher binding energy, they are further from the Fermi level at 0 eV, indicating the material is 

more n-type in nature. 

We demonstrate a chemical vs. a Fermi level shift for the same material in Figure 2.5. The 

shifts of the O 1s and Zr 3d core level peaks of Hf0.36Zr0.64O2 (HZO) samples are shown. The Hf 

core level peaks are not plotted in this figure, but note that the direction of the Hf core level peak 

shifts mimic that of Zr’s. To simplify the discussion, we focus on the Zr 3d and O 1s peaks. 
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Figure 2.5. O 1s and Zr 3d spectra of HZO showing opposite peak shifts due to chemical changes (top), and uniform peak shifts 

due to a change in the Fermi level (bottom). 

In the top panel, the HZO was reduced through in-situ Ar+ sputtering. As seen in the blue 

post-sputter spectra, the Zr 3d peaks have shifted to lower binding energy. This means that the Zr4+ 

from HZO has been partially converted to metallic Zr (Zr0) and other sub-oxides (between Zr0 and 

Zr4+). With this reduction in the Zr oxidation state, an accompanying shift is observed in the O 1s 

peak in the opposite direction, to higher binding energy. 
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In the bottom panel, the HZO was annealed in UHV to induce the formation of oxygen 

vacancies, which serve as n-type dopants in HfO2 [41, 42] and ZrO2 [42]. The increase in n-type 

charge carriers in the HZO material is reflected in the XPS spectra as a uniform shift of the HZO 

features to higher binding energy, shown as the blue spectra in the bottom panel. This means these 

O and Zr (and Hf) core levels are now further from the Fermi level, 0 eV. For the O 1s region, the 

removal of the OH feature, which is likely to be from adventitious contamination, signifies 

desorption of these OH species during the in-situ UHV anneal. However, the feature due to the 

metal oxide bond (O atoms in HZO), is seen to shift to higher binding energy along with the Zr 

(and Hf) peaks. 

To further demonstrate that these uniform core level shifts indicate Fermi level shifts, we 

show the core level and valence band (VB) spectra of a sample of WSe2 before and after p-type 

doping. It is known that p-type doping is induced in WSe2 when its top surface is oxidized [43-

47]. The spectra in Figure 2.6 show the Se 3d, W 4f, and VB features of WSe2 before (bottom) and 

after (top) oxidation of the top layer. 

 

 
Figure 2.6. p-type shift of oxidized WSe2 uniformly observed in the Se 3d and W 4f core level peaks and the extrapolated valence 

band maximum. 
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For the VB spectra, which are the features seen close to 0 eV, the valence band maximum 

(VBM) for non-metals is conventionally taken as the intersection of lines extrapolated from the 

linear region of the drop-off in counts (VB leading edge) and the noise level [48-50], shown in 

Figure 2.6 as red lines. For the bottom spectrum (as-exfoliated), the VB features seen are only for 

WSe2, and for the top spectrum (oxidized), we see a superposition of the VB features of WSe2 and 

WO3/SeO2. This is why the general shape of the VB spectrum is broader for oxidized WSe2, but 

the same main peaks/features as in the as-exfoliated spectrum are evident, similar to a previous 

report showing VB spectra of oxidized WSe2 [44]. WO3 and SeO2 both have larger band gaps and 

VBM-to-Fermi-level distances than WSe2 [51, 52]. Thus, for the top spectrum in Figure 2.6, the 

drop-off in counts that we measure is attributed to the VBM of WSe2, with the VBM of the WO3-

SeO2 layer superimposed and hidden by the WSe2 VB features. In this figure, the Fermi level (EF) 

is marked by a solid drop line to 0 eV to illustrate the distance between the VBM and EF. 

The main core level peaks and VBM of WSe2 are marked with dotted drop lines. It is 

clearly seen that after inducing p-type doping in the WSe2 through oxidation, all of these features 

are uniformly shifted to lower binding energy by ~1 eV. Specifically, in the as-exfoliated material, 

the Fermi level is 1.24 eV away from the VBM, and after oxidation, the Fermi-level-to-VBM 

distance decreases to 0.25 eV. As shown in Figure 2.6, the W 4f and Se 3d core levels of WSe2 

reflect the same shift in the VBM position. 

As discussed in our results in Chapters 4 and 5, we use uniform core level peak shifts to 

determine Fermi level shifts in our material. This allows us to eliminate errors arising from the 

low counts and low signal-to-noise of valence band spectra, as this leads to increased error and 

subjectivity in the linear extrapolation of the VBM. 

 

2.2.2 X-ray Diffraction (XRD) 

 

In this work, X-ray diffraction (XRD) is primarily used to assess the crystalline structure 

of our dielectric oxide films. The underlying principle of XRD follows Bragg’s Law, 𝑛𝜆 =

2𝑑𝑠𝑖𝑛𝜃. When X-rays arrive at a crystal at a certain 𝜃 angle, and the atomic plane spacing, 𝑑, of 

the set of crystallographic planes in the sample satisfy Bragg’s Law (given the incident X-ray 

wavelength, 𝜆), the interaction of the incident X-ray with the set of atomic planes produces 



 34 

scattered waves that constructively interfere to produce a diffracted X-ray at angle 𝜃 with respect 

to the atomic plane. Note that 𝑛 in Bragg’s Law is simply an integer representing the diffraction 

order, which is due to the crystal’s symmetry. In XRD measurements, the diffracted X-rays are 

collected by a diffractometer, and the 𝜃 angles at which there are diffracted X-ray signals detected 

are conventionally represented in an intensity vs. 2𝜃 plot. Using knowledge of the sample and its 

expected possible crystal structures, the obtained peaks are indexed based on which atomic planes 

have the interplanar spacing that would satisfy Bragg’s Law. Determining which planar reflections 

are responsible for the measured XRD peaks provides information on the sample’s 

crystallographic orientation. 

For the thin oxide films that we characterize using XRD in this work, we use an asymmetric 

XRD setup wherein the incident angle is fixed, and a range of 2𝜃 angles are swept and measured. 

In our case where the samples are of thin film geometry, the incident X-ray is fixed at a very small 

angle, such that it does not penetrate deep into the bulk/substrate. The small angle of incidence 

allows more grains of the thin film to be illuminated, increasing the X-ray interaction volume with 

the material of interest. This maximizes the intensity of the thin film diffraction peaks and reduces 

the intensity of the substrate features. [53] In collaboration with the Ihlefeld group, XRD studies 

in Chapters 4.1 and 5.1 were performed using a Rigaku Smartlab X-ray diffractometer with Cu Kα 

radiation. In Chapter 4.2, an Empyrean X-ray diffractometer equipped with Cu Kα radiation was 

used for XRD studies. 

 

2.2.3 Atomic Force Microscopy (AFM) 

 

Atomic force microscopy (AFM) allows us to investigate the morphology of our deposited 

samples. It works by bringing a microscale tip, which is attached to a cantilever, in close proximity 

of a sample in order to scan the topography of its surface. The common modes of operation used 

for AFM measurements are: 1) contact mode, where the tip touches the sample and is dragged 

across its surface, 2) non-contact mode, where the tip is maintained at a height where it floats 

above the sample surface, and 3) tapping mode, in which the tip intermittently contacts the sample 

surface. For scanning under contact mode, the tip is maintained in contact with the sample under 

a constant force, and changes in the sample height cause deflections in the cantilever. For non-

contact and tapping mode, the tip is deliberately vibrated at or close to the resonance frequency of 
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the cantilever, and as the oscillating tip is brought close to the sample, tip-sample interactions 

result in changes in the amplitude of the oscillations. [54-56] These deflections are measured using 

a laser reflected off of the back of the cantilever. The laser is reflected onto a photodiode array, 

and tip deflections caused by the sample topography result in a shift in the position of the laser on 

the photodiode array. A height profile of the scanned area on the surface is produced, providing us 

with information on the uniformity of our deposited films. 

In this work, a Bruker Dimension Icon AFM at James Madison University and a Hitachi 

AFM 5300 at ARL were employed for the AFM studies in Chapter 5. Gwyddion software [57] 

was used for analysis of AFM micrographs. This analysis software allows us to quantify the 

roughness of a surface measured with AFM, provide line profiles across an AFM micrograph area, 

and statistically characterize areas (i.e., measure surface coverage) by thresholding with the use of 

suitable image masking, among other features. 

 

2.2.4 Transmission Electron Microscopy (TEM) 

 

Transmission electron microscopy (TEM) relies on transmission of electrons through an 

electron transparent sample (≤ 100 nm thick) to project an image of the atoms in the material onto 

a screen. A series of electromagnetic lenses are used to bend, focus, and direct the electron beam 

in vacuum towards the sample being imaged. As the electron beam is transmitted through the 

sample, if the sample is a crystalline material, the ordered structure of the atoms in space produces 

a diffraction pattern due to its interaction with the electron beam. Obtaining sharp diffraction spots 

requires ensuring that the crystal is flat with respect to the beam, having knowledge of the sample 

orientation, and aligning the sample to the electron beam by tilting appropriately. Features in a 

TEM image can originate from “diffraction contrast” or “mass-thickness contrast”, among others. 

Depending on the aperture set-up, a bright-field image (from transmitted electrons) or a dark-field 

image (only from specific diffracted electrons) can be generated, providing diffraction contrast in 

crystalline materials. On the other hand, mass-thickness contrast does not require an objective 

aperture selecting only specific transmitted or diffracted electrons. Instead, mass-thickness 

contrast arises from differences in atomic number and material thickness, due to elastic scattering 

of the incident electrons from individual atoms. [58] 
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In Chapters 4.1 and 5.2, TEM sample preparation (thinning to electron transparency) and 

TEM characterization were performed by collaborators at ARL. To analyze the interfaces in the 

material stacks we fabricate in this work, samples were cross-sectioned and thinned by mechanical 

polishing and ion milling using a ThermoFisher Helios G4 UX dual beam focused ion beam-

scanning electron microscope (FIB-SEM). TEM analysis was then performed using a JEOL ARM 

200F instrument. 

 

2.2.5 Measurement of Ferroelectric Properties 

 

For Chapter 4, where we work with ferroelectric 20 nm films of hafnium zirconium oxide 

(HZO), the ferroelectricity of the HZO is assessed by measuring its polarization response as a 

function of applied electric field (P-E). We performed P-E measurements on HZO films that were 

deposited on a TaN bottom electrode by ALD. Top electrodes (Pd) were sputter deposited onto 

these samples prior to electrical measurements. Ferroelectric materials are characterized by bi-

stable and reversible macroscopic polarization states at a zero applied electric field, called the 

remanent polarization. The signature of a ferroelectric is a hysteretic P-E loop, as shown in Figure 

2.7. To measure this hysteresis cycle, a sufficiently strong electric field is applied across the 

ferroelectric to switch the polarization from 𝑃 to −𝑃. The applied electric field is typically swept 

until the saturation polarization is reached in both the positive and negative directions. 
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Figure 2.7. Typical polarization vs. electric field (P-E) loop of ferroelectrics [59]. 

 

Positive up negative down (PUND) measurements are useful for distinguishing 

ferroelectric switching from artifacts (i.e., grain boundaries, defects, tunneling through the thin 

film) that cause leakage through the dielectric, which superimposes curvature in the hysteresis loop 

that can result in an overestimation of the actual polarization [60]. In PUND measurements, a 

series of voltage pulses, or a pulse train, is applied to the sample. First, pulse 0 is applied, which 

is an applied voltage enough to polarize the sample to a definite polarization state. The next pulse, 

pulse 1, is an applied voltage in the opposite direction to switch the polarization. Then, pulse 2 is 

applied in the same direction as pulse 1 and should not switch the sample. Pulse 3 is then applied 

in the opposite direction, switching the polarization back, and finally, pulse 4 is applied in the same 

direction as pulse 3. A constant time delay between each pulse is set for a given PUND 

measurement. As shown in Figure 2.8, pulses that result in polarization switching (pulse 1 and 3) 

due to the opposite direction of the applied voltage, result in a spike in the measured current as a 

function of time. If a sample is leaky, currents are measured outside of the designated switching 

pulses. [61] 
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Figure 2.8. Example PUND measurement taken from a sample of ferroelectric PbTiO3/SrTiO3. Lower inset shows a diagram of 

the pulse train. Upper inset shows the difference in measured current between the switching and non-switching pulse. [61] 

 

The measured current for the non-switching pulse is subtracted from the switching pulse 

(𝑝𝑢𝑙𝑠𝑒	2 − 𝑝𝑢𝑙𝑠𝑒	1 and 𝑝𝑢𝑙𝑠𝑒	4 − 𝑝𝑢𝑙𝑠𝑒	3), as shown in the upper inset of Figure 2.8, and this 

corresponds to the charge that is switched upon reversal of the polarization state in the ferroelectric 

material. The integral of this switching current curve is taken to be the polarization. [61] 

Ferroelectric measurements such as those described herein can be found in Chapter 4 of 

this work and were performed by the Ihlefeld group using a Radiant Technologies Precision LC II 

Ferroelectric Tester. 

 

2.2.6 Field-Effect Transistor Measurements 

 

To electrically characterize our deposited dielectric-on-TMDC stacks in Chapter 5, field-

effect transistor devices were fabricated in collaboration with a team at ARL. Devices were tested 
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in a Lake Shore vacuum probe station using a Keithley 4200-SCS. A diagram of an FET structure 

similar to the devices we tested is shown in Figure 2.9(a), where “S”, “D”, and “G” are the source, 

drain, and gate metal contacts, respectively, “ch” is the semiconducting channel, shown in blue, 

and in gray (“ins”) are gate dielectrics interfaced with the channel. Figure 2.9(a) also highlights 

important structural parameters/dimensions of the FET components that affect its performance. 

 

 
Figure 2.9. (a) FET device structure diagram. (b) Example subthreshold characteristics (off-state). (c) Example transfer 

characteristics (on-state). [62] 

 

The transfer characteristics of the device are examined by measuring the drain-source 

current as a function of the gate-source voltage (IDS vs. VGS), at a constant drain-source voltage 

(VDS). A common performance metric for the switching behavior of FETs is the on/off ratio, or 

the ratio of the on-current (ION) to the off-current (IOFF). ION and IOFF are IDS values measured at a 
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VGS that is higher and lower, respectively, than the threshold voltage (VT). As shown in Figure 

2.9(c), VT is determined by extrapolating the region of maximum slope in the linear scale (on-

state) transfer curve to IDS = 0. In addition, as noted in the figure, a recommended ION metric, 

though not always reported in literature, is taking the IDS at VDD, which is the target maximum 

operation voltage for both VGS and VDS. VDD is defined as the positive supply voltage connected 

to the drain terminal of the FET. [62, 63] 

In the subthreshold region (VGS < VT), the off-state behavior of the FET can be 

characterized by plotting IDS vs. VGS in the logarithmic scale, as shown in Figure 2.9(b). From this 

log plot, the subthreshold swing (SS) is obtained by taking the inverse of the slope of the linear 

region. The SS is an important parameter in certain devices such as analog circuits and low-voltage 

applications [64]. 

The gate leakage current (IG) is also simultaneously measured as VGS is swept. High gate 

leakage values are caused by conduction through the supposedly insulating gate dielectric, so this 

allows us to determine the voltage range on the gate that the FET can withstand. 

Lastly, we also measure the output curves of our FETs, which are the drain-source current 

as a function of the drain-source voltage (IDS vs. VDS) at a given constant VGS. Figure 2.10 shows 

an example IDS-VDS output curve. In the low VDS range, IDS increases linearly with VDS (and VGS). 

Past a certain drain-source voltage (i.e., 𝑉I' − 𝑉J for n-channel FETs), the IDS saturates and is 

independent of VDS. Note that in the low VDS or linear region, nonlinear/exponential output 

characteristics can sometimes be observed, as some of our results in Chapter 5.2 show. Such output 

behavior is attributed to poor carrier injection due to a large Schottky barrier at the 

metal/semiconductor interface. [62, 65] 
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Figure 2.10. Example FET output characteristics [66]. 

 

By convention, the positive transfer and output characteristics shown in Figure 2.9 and 

Figure 2.10 are for n-channel FETs, in which the conducting charge carriers in the channel are 

electrons. For p-channel FETs, wherein holes are the charge carriers in the channel, the applied 

voltages would be in the opposite direction, i.e., plotted on the negative x-axis. 
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3 Spectroscopic Studies of Impurities in Geological MoS2 Crystals 
 

This chapter discusses X-ray photoelectron spectroscopy (XPS) investigations of geological 

crystals of MoS2, which naturally occur on the surface of the earth as molybdenite minerals. 

Geological MoS2 crystals are commercially available from different vendors, and because of the 

ease of acquiring them, these crystals are typically used by the 2D materials research community 

for studying the electronic properties of MoS2 and fabricating various MoS2-based device 

architectures. Single- or few-layer MoS2 can be isolated from a geological piece by mechanical 

exfoliation with scotch tape, subsequently followed by transfer to a suitable device stack for 

testing. However, because these crystals are mined from the earth, they are known to possess a 

number of unintentional intrinsic defects, which include structural and chemical inhomogeneities, 

variable doping, and the presence of various impurity elements, as previously reported in literature 

by other groups. Our work discussed in this chapter specifically highlights the presence of large 

bismuth impurity clusters found in geological MoS2. Such clustered impurities raise important 

concerns about the difficulty of obtaining large-area MoS2 with uniform properties, which is a 

critical requirement if MoS2 were to be widely integrated in commercial electronic devices in the 

future. The work presented in this chapter emphasizes and motivates the need for controlled growth 

methods for MoS2 and other transition metal dichalcogenides (TMDCs) in order to achieve 

uniform and large-area 2D materials with high purity, avoiding the many limitations currently 

provided by geological material. 

 

The following section is adapted from M.G. Sales, L. Herweyer, E. Opila, S. McDonnell; MoS2 

impurities: Chemical identification and spatial resolution of bismuth impurities in geological 

material; Applied Surface Science, Volume 508, 145256; Published 2 January 2020; 

https://doi.org/10.1016/j.apsusc.2020.145256. © Elsevier. Reproduced with permission. All rights 

reserved. 
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3.1 Abstract 
 

Molybdenum disulfide (MoS2) is the most widely studied transition metal dichalcogenide 

(TMDC) material, in part because it is a natural crystal present in the earth, thus making it abundant 

and easily accessible. Geological MoS2 has been used in various studies that look at incorporating 

MoS2 into devices for nanoelectronics and optoelectronics. However, variations in the electronic 

properties of a single MoS2 surface are known to exist due to defects that are intrinsic to natural 

MoS2. This work reports the presence of bismuth impurities in MoS2 with concentrations high 

enough to be detected by X-ray photoelectron spectroscopy (XPS). These concentrations are 

further corroborated with inductively coupled plasma optical emission spectroscopy (ICP-OES). 

Localization of these bismuth clusters is shown using XPS mapping, and the cluster size is 

determined to be on the order of tens of microns. This work provides important insights into the 

nature of impurities that are known to exist in MoS2. The presence of bismuth clusters in geological 

MoS2 material highlights the difficulty of obtaining large-area uniform and pristine MoS2 in 

geological crystals. 

 

3.2 Introduction 

 

 Since the demonstration of the unique electronic properties of isolated graphene [1], there 

has been renewed interest in similarly structured 2D materials for new applications in next-

generation electronics. Of note are the transition metal dichalcogenides (TMDCs), which, for 

specific metal and chalcogen combinations, can be semiconducting materials whose band gaps are 

tunable with thickness, making them a versatile material with a wide range of possible 

applications. By far the most widely studied TMDC is molybdenum disulfide or MoS2. Like 

graphene/graphite, MoS2 is easily accessible because it is a naturally occurring compound and is 

commercially available. Several studies have reported the use of geological MoS2 flakes in devices 

for applications in nanoelectronics [2-4], optoelectronics [5-7], batteries [8], biosensors [9, 10], 

and hydrogen production [11-13], among others. 

 Geological MoS2 is known to have various intrinsic defects which have been explored for 

several years. A known issue with geological MoS2 material is its variability in doping across at 

least tens of nanometers of spatial resolution, which is attributed to defects in the MoS2 crystal 
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[14]. Variability in the doping and electronic properties of the starting MoS2 is attributed to 

structural and chemical non-uniformities that are a characteristic of geological material. Such 

variations may greatly affect the properties of any device into which the material is integrated. A 

prior study observed a correlation between n-type regions and S vacancies or metallic Mo-like 

clusters, while p-type regions were correlated with regions of high structural defect density in the 

crystal [14]. Related to this doping variability, ring-like structures a few nanometers in diameter 

have been found in scanning tunneling microscopy (STM) studies of geological MoS2, and these 

have been attributed to the electronic effect of the presence of impurity point defects acting as 

dopants in MoS2 [15, 16]. A separate study [17] reported the various defects experimentally 

observed on the surface of geological MoS2 with STM, and these include pits, step edges, voids 

underneath the top surface, local surface reconstructions, and point defects like vacancies and 

impurities. 

 Similarly structured defects have been found in WSe2 materials obtained from different 

sources or synthesis methods, such as chemical vapor deposition (CVD) [18], molecular beam 

epitaxy (MBE) [19], and commercially available single-crystal pieces [20] (which are commonly 

grown by chemical vapor transport (CVT) or flux zone growth [21, 22]). A study by Ding et al. 

[23] compared the quantity of point defects from these three sources for WSe2 (CVD-grown, MBE-

grown, and commercial), and they reported that CVD-grown WSe2 had the highest concentration 

and most varied types of point defects, with the MBE and commercial single-crystal samples 

having comparable point defect characteristics and quantities. Chapter 4 of this dissertation focuses 

on an MBE WSe2 growth method used as a technique for direct integration onto devices. 

For commercially available WSe2, which can be purchased from the same vendors that 

offer geological MoS2 crystals, our group has found that some of these WSe2 samples may contain 

contaminants. The contaminant elements that we found likely come from other CVT- or flux-zone-

grown TMDCs sold commercially, especially if the same growth chamber is used for different 

TMDCs sold by the company. Figure 3.1 shows X-ray photoelectron spectroscopy (XPS) 

measurements of a WSe2 crystal, purchased from SPI Supplies [21], that we found to be 

contaminated with some iodine and tellurium. Iodine is a common transport agent for CVT crystal 

growth [24], and tellurium is another chalcogen atom also used in TMDC compounds. 
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Figure 3.1. XPS survey spectra taken from the same WSe2 crystal that was mechanically exfoliated three times. Exfoliations 2 

and 3 revealed the presence of impurity elements in the sample. The extra survey peaks from impurity elements are labeled in the 

figure with colored arrows. 

 

 TMDC materials that are not grown synthetically can also contain impurities. In 

natural/geological MoS2 material, the presence of impurity elements has been shown through 

various mass spectroscopy techniques [15-17, 25]. Addou et al. report bismuth to be the most 

abundant trace element in natural MoS2, at ~20 parts per million by weight (ppmw) [25]. In the 

present study, it is reported that Bi is sometimes observed in geological MoS2 with XPS, indicating 
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that there are localized regions in which the Bi concentrations are higher than ~0.1%, which is the 

typical detection limit of XPS [26]. The chemical state of these Bi impurities is determined. 

Estimates of the impurity size and distribution across the MoS2 surface are also reported. 

 

3.3 Material and Methods 

 

 Geological MoS2 crystals (Graphene Supermarket [27]) were cleaned by mechanical 

exfoliation with scotch tape which removed the top most layers of MoS2, leaving a freshly exposed 

crystal surface. These samples were then loaded into ultra-high vacuum (UHV) for X-ray 

photoelectron spectroscopy (XPS) in less than 30 min. XPS spectra were acquired using 

monochromated Al Ka X-rays (1486.7 eV) at a pass energy of 26 eV in a PHI VersaProbe III 

system. This XPS tool is also equipped with a scanning X-ray induced (SXI) secondary electron 

imaging feature for accurate point selection in the micrometer range, and a variety of X-ray spot 

sizes ranging from 9 to 200 µm. Spectra of geological MoS2 from another vendor (SPI Supplies 

[21]) are shown in Figure 3.2 to confirm that Bi is detected from more than one material source, 

but all XPS analyses shown in the Results and Discussion section are of MoS2 from Graphene 

Supermarket. 

 

 
Figure 3.2. Representative XPS spectra of geological MoS2 from SPI Supplies showing the presence of Bi impurities. 
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 XPS mapping was performed by selecting a random area of the crystal and through the SXI 

imaging mode, setting up an array of points that are 100 µm apart horizontally and vertically. The 

Mo 3d and S 2p spectra were taken at each of these points using an X-ray beam spot size of 100 

µm. The points analyzed were within an 800 µm x 800 µm area, for a total of 81 spots checked. 

These spectra were batch processed using the PHI MultiPak software in order to identify which of 

the 81 points had Bi peaks present from XPS. 

 A particle/cluster size check of the bismuth impurities was achieved by centering the X-

ray spot on a Bi impurity, and without moving the sample, using different X-ray beam spot sizes: 

9 µm, 15 µm, 20 µm, 50 µm, 100 µm, and 200 µm. This changes the size of the area that is scanned 

without changing the central spot (approximated center of the Bi impurity). The given X-ray beam 

spot sizes correspond to an analysis spot of roughly the same area on the sample. All XPS peak 

fitting in this work to obtain areas of the Mo 3d, S 2p, and Bi 4f features was carried out using 

kolXPD software [28]. All peaks were fit with Voigt lineshapes. 

Inductively coupled plasma optical emission spectroscopy (ICP-OES) measurements were 

collected by the Opila research group to support the XPS measurements. A 7 mg geological MoS2 

flake (SPI Supplies) was placed inside a high-purity polypropylene centrifuge (VWR 

International) tube filled with a 13 mL H2O and 2 mL HNO3 acid containing solution. Digestion 

of MoS2 was performed for several days in a 40 °C water bath with intermittent sonication. Upon 

completion of digestion, 3-4 emission lines each from Bi, W, Ag, Cd, Fe Re and Ca were detected 

using ICP-OES (Duo Spectrometer iCAP 6200, ThermoFisher Scientific). The reported 

concentrations (in ppmw) are averages from all emission lines for a given element. 

 

3.4 Results and Discussion 
 

3.4.1 XPS of MoS2 with Bismuth 

 

Shown in Figure 3.3 is a typical XPS spectra of MoS2 with the additional peaks 

corresponding to Bi impurities in the geological crystal. Using a 100 µm X-ray beam spot, peaks 

that are not attributed to MoS2 were sporadically found at approximately 159.5 eV and 164.8 eV, 

which correspond to Bi 4f7/2 and Bi 4f5/2, respectively. Elemental Bi 4f peaks are expected at around 
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157 eV and 162 eV, which are more than 2 eV lower. This suggests that the Bi impurities that have 

been known to exist in geological MoS2, as demonstrated in previous studies [25], are not metallic 

Bi impurities. Based on the peak positions in our XPS analyses, it can be confirmed that these Bi 

impurities exist in the MoS2 as bismuth oxide or bismuth sulfate. 

 

 
Figure 3.3. Mo 3d and S 2p regions of a geological MoS2 crystal showing additional peaks corresponding to Bi. Spectra taken 

with a 100 µm X-ray beam spot size. 

 

3.4.2 XPS Mapping 

 

 The Mo 3d and S 2p regions were taken at 81 spots in an 800 µm x 800 µm XPS map set 

up, as presented in Figure 3.4(a). The results from this 800 µm x 800 µm area is assumed to be 

representative of the entire MoS2 crystal because this area was chosen at random in the middle of 

a region where the MoS2 appeared to be smooth. The distribution of bismuth found through XPS 

mapping reveals that these Bi impurity compounds are present at random localized spots of the 

bulk geological MoS2 crystal. A map of Bi 4f7/2 intensities normalized to the S 2p3/2 peak found 

through XPS is shown in Figure 3.4(b), which clearly exhibits how localized these Bi impurities 

are. Out of the 81 analyzed spots, 12 were seen to have a Bi 4f feature, the majority of which are 
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localized in regions which are a few hundred microns across. The normalized spectra of the 12 

points with detectable Bi presence are shown in Figure 3.4(c). It can be seen that their Mo 3d 

spectra are almost the same except for some peak shifting which is likely due to variable doping 

[14]. However, major differences are evident in the S 2p & Bi 4f region because of varying 

intensities of the Bi 4f features. The spectrum with the highest Bi feature relative to S 2p is shown 

as the blue curve, while the one with the lowest non-zero Bi 4f peak area is shown as the red curve. 

Normalized to the maximum of the S 2p peak (as in Figure 3.4(c)), the Bi intensity of the blue 

curve is almost 50 times greater than that of the red curve. 

 

 
Figure 3.4. (a) Set-up of the array of 81 points spaced 100 µm apart for XPS mapping on an 800 µm x 800 µm surface of 

geological MoS2. (b) Map of normalized Bi intensities obtained through XPS mapping. (c) Normalized spectra of the 12 analysis 

spots that were found to have some amount of Bi. 
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It is worth noting that concentrations calculated using relative sensitivity factors (RSFs) 

assume a homogenous distribution. As will be discussed later, it is likely that all of the Bi clusters 

observed in this work are actually covered with layers of MoS2, therefore their intensities are 

attenuated. Simply averaging all intensities and applying sensitivity factors would result in a gross 

underestimation of the Bi concentration. However, concentrations calculated from each individual 

spot in the XPS map can still give a sense of the amount of Bi detected in the area analyzed. 

The Bi concentration in each of the 12 spots that showed Bi presence in the XPS map 

(Figure 3.4) can be calculated based on the following equation, assuming only Mo, S, and Bi are 

detected in each spot: 

𝐵𝑖	𝑐𝑜𝑛𝑐𝑒𝑛𝑡𝑟𝑎𝑡𝑖𝑜𝑛	(%) = 	
@?"	AB

?"	AB	C!D
@E'	F8

E'	F8	C!DE
@!	$G

!	$G	C!DE
@?"	AB

?"	AB	C!D

× 100  (1) 

where 𝐼K is the intensity of the X core level peak, and the PHI-recommended RSFs, corrected for 

the geometry of the PHI VersaProbe III system used, are as follows: 

Mo 3d RSF = 87.535;  S 2p RSF = 17.497;  Bi 4f RSF = 244.962 

 
Table 3.1. Calculated Bi concentrations in the 12 spots with Bi presence (shown in Figure 3.4) using Mo 3d, S 2p, and Bi 4f peak 

intensities and RSFs. 

Spot 

Number 

(based 

on 

Figure 

3.4(a)) 

𝑰𝑴𝒐	𝟑𝒅 𝑰𝑺	𝟐𝒑 𝑰𝑩𝒊	𝟒𝒇 𝑰𝑴𝒐	𝟑𝒅
𝑴𝒐	𝟑𝒅	𝑹𝑺𝑭

 
𝑰𝑺	𝟐𝒑

𝑺	𝟐𝒑	𝑹𝑺𝑭
 

𝑰𝑩𝒊	𝟒𝒇
𝑩𝒊	𝟒𝒇	𝑹𝑺𝑭

 

Bi 

concentration 

(%) 

2-14 2666 1095 55 30.5 62.6 0.2 0.24 

2-46 9251 3703 237 105.7 211.6 1.0 0.30 

2-58 5359 2109 81 61.2 120.5 0.3 0.18 

2-63 3521 1238 1061 40.2 70.8 4.3 3.76 

2-64 2890 1246 1096 33.0 71.2 4.5 4.11 

2-65 4795 1953 42 54.8 111.6 0.2 0.10 

2-68 3396 1393 27 38.8 79.6 0.1 0.09 
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2-69 2982 1240 287 34.1 70.9 1.2 1.10 

2-78 2711 1025 44 31.0 58.6 0.2 0.20 

2-79 2372 935 71 27.1 53.4 0.3 0.36 

2-80 1728 665 220 19.7 38.0 0.9 1.53 

2-81 2110 768 269 24.1 43.9 1.1 1.59 

 

Averaging the last column over 81, which is the total number of spots analyzed in the XPS 

map, the estimated Bi concentration in the 800 µm x 800 µm area analyzed is approximately 

0.17%. Note that the Bi concentration in all other spots not included in Table 3.1 were assumed to 

be 0%. The average concentration of 0.17% over the entire area in Figure 3.4(b) is close to the 

typical limit of detection of XPS, ~0.1% [26]. This would explain why Bi is not typically detected 

in studies which show XPS spectra of geological MoS2 [5, 9, 12, 14, 17, 25, 29, 30], specifically 

when using conventional spot sizes in the millimeter range, which would average over a larger 

area on the sample surface compared to what we use in this work. 

 

3.4.3 Cluster Size Determination 

 

 It was found that regions with Bi in geological MoS2 are on the order of hundreds of 

microns, however we note that this does not necessarily mean that this is the size of a single 

impurity. This region could be composed of clusters of Bi impurity particles which would be 

indistinguishable from a single large inclusion from our measurements. We are able to estimate 

the size of the clusters by focusing on the Bi cluster and varying X-ray beam spot sizes from 200 

to 9 µm. By doing so, we are able to scan the same central spot on the sample but change the radius 

of the area around it that is scanned with XPS. As we vary the spot size from large to small, we 

expect to see changes in the Bi:S ratio as the percentage of the area being dominated by Bi changes. 

We expect one of three possible changes in this ratio. 1) The Bi:S ratio increases to a point where 

the S signal becomes zero. This would be interpreted as a Bi cluster on top of MoS2. The cluster 

size in this case would be bigger than the X-ray spot size at the point when the MoS2 signal dropped 

to zero. Therefore, the cluster size would be estimated to be between that of the X-ray beam spot 

sizes that could detect and could not detect S. 2) The Bi:S ratio increases to a point and plateaus. 

This would be interpreted as a Bi cluster that is bigger than the spot size at the point when the ratio 
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plateaus, but with the cluster being below some layers of MoS2 (hence the Mo and S signals never 

decay to zero). 3) No change in the Bi:S ratio. This would be determined as a cluster that is bigger 

than 200 µm, but still below MoS2 layers. 

The normalized Mo 3d and S 2p spectra of two different spots in the MoS2 that have Bi 

impurities are shown in Figure 3.5. It is evident in Figure 3.5(a) that the Bi 4f features at small spot 

sizes have comparable intensities, and above a critical spot size, the peak intensity of the Bi 4f 

feature drops relative to the S 2p peak. 

 

 
Figure 3.5. Normalized spectra of (a) analysis spot 1 and (b) analysis spot 2, taken with varying X-ray spot sizes. 



 57 

 

 For Figure 3.5(b), which is a second analysis spot, the Bi feature is composed of two 

chemical states, one of the typical Bi 4f peak positions present in MoS2 as shown in Figure 3.3, 

and a second bismuth peak at higher binding energy. A deconvolution of the spectrum taken with 

the 9 µm X-ray beam spot is shown in Figure 3.6, wherein the presence of two Bi oxidation states, 

Bi3+ and Bi5+, is exhibited. The peaks for Bi3+ are at 159.6 eV and 164.9 eV, while the Bi5+ peaks 

are at 160.9 eV and 166.2 eV, which agree with peak assignments of bismuth oxidation states in 

other reports [31, 32]. Bi2O3 (Bi3+) is the most thermodynamically stable form of bismuth oxide, 

but Bi2O5 (Bi5+) and other oxidation states, Bi2+ and Bi4+, can form from the stable Bi2O3 phase 

when it is heated to 1100-1300 K [33]. Some of the spectra in the S 2p region of Figure 3.5(b) also 

show extra features at around 168 to 169 eV, which indicates the presence of some sulfate. Because 

Bi2O3 and Bi2(SO4)3 both have an oxidation state of Bi3+, their Bi peaks would appear at similar 

binding energies [34]. The presence of sulfate peaks in some of our spectra indicate the possibility 

that some of the bismuth impurities may exist as Bi2(SO4)3 compounds. However, it is important 

to note that XPS only provides information from the surface (5-10 nm) of the clusters, and so the 

chemical state of the Bi within the core of the clusters remains unknown. 

 

 
Figure 3.6. Deconvolution of the S 2p region at analysis spot 2 taken with a 9 µm X-ray beam spot. The solid lines represent the 

binding energies of the Bi3+ peaks found from ref. [32]. The dotted lines represent the binding energies of the Bi5+ peaks found 

from ref. [31, 35]. 
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Table 3.2 shows the Bi intensities, normalized to the maximum S 2p intensity of each 

spectrum, at these different spot sizes, which are also plotted in Figure 3.7. The Bi intensities for 

analysis spot 1 are the normalized intensity of the single Bi peak corresponding to Bi3+, while for 

analysis spot 2, the reported Bi intensities are the sum of the normalized intensities of the Bi3+ and 

Bi5+ states. We assume that the Bi5+ was chemically transformed from Bi3+, and thus assign both 

oxidation states to be part of the same impurity cluster. Table 3.2 and Figure 3.7 clearly show that 

the Bi signal stays about the same at the smaller spot sizes. At these spot sizes where the 

normalized Bi intensities are approximately equal, the X-ray beam spot size must be smaller than 

the impurity cluster size. As the spot size gets bigger, the area that is probed is bigger, and at a 

critical spot size this area probed becomes bigger than the impurity cluster size. This is seen as a 

drop in the normalized Bi intensity because there is more MoS2 that contributes to the signal. For 

analysis spot 1, the first significant drop in the Bi signal is between 20 and 50 µm, while for 

analysis spot 2 the first significant drop is between 15 and 20 µm. From this, it can be implied that 

the size of the impurity analyzed in spot 1 is somewhere between 20 and 50 µm. For analysis spot 

2, the impurity size is somewhere between 15 and 20 µm. 

 
Table 3.2. Normalized Bi intensities found using different X-ray beam spot sizes at analysis spots 1 and 2. 

X-ray Beam Spot 

Size 

Normalized Bi Intensity 

Analysis Spot 1 Analysis Spot 2 

9 µm 0.27 1.67 

15 µm 0.31 1.67 

20 µm 0.30 1.25 

50 µm 0.24 0.82 

100 µm 0.20 0.86 

200 µm 0.02 0.32 
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Figure 3.7. Normalized Bi intensities of analysis spots 1 and 2 plotted against X-ray beam spot size. 

 

A key point is that at low spot sizes, while the Bi intensity has increased and plateaued, the 

detection of MoS2 has never dropped to zero. Assuming approximately spherical clusters, the > 10 

µm diameter can be estimated to imply a > 10 µm depth. This is >> the ~10 nm sampling depth of 

XPS, and so the MoS2 would easily be entirely attenuated by a cluster that was on top of the MoS2. 

Therefore, we speculate that the observed clusters are actually under at least a few layers of MoS2. 

We note that the extreme surface sensitivity of XPS means that clusters underneath anything more 

than ~10 layers of MoS2 are likely not detected at all. 

It is possible to estimate the thickness of the MoS2 covering the Bi cluster. This was 

achieved by comparing the Mo 3d5/2 intensities of analysis spots 1 and 2 with the same core level 

intensities for pure geological MoS2 (i.e., no Bi) scanned using the same XPS settings. The 

integrated XPS intensity, I, of a layer of certain thickness d is given by Eq. 2 [36]. 

𝐼 = 	 𝐼7[1 − exp Q−
1

ℓ23):
R] (2) 

In this equation, 𝐼 is the measured intensity of the overlayer, 𝐼7 is the intensity of a pure, clean, 

bulk sample of the same material as the overlayer, 𝑑 is the overlayer thickness, ℓ is the effective 

attenuation length of a photoelectron traveling through the overlayer, and 𝜃 is the photoelectron 
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take-off angle measured with respect to the surface normal. Manipulating Eq. 2, the thickness of 

the overlayer, 𝑑, is given by Eq. 3. [36] 

𝑑 = 	−ℓ	𝑐𝑜𝑠𝜃	ln(>68>
>6
) (3) 

For our purposes, the core level that we use for these equations is Mo 3d5/2. The effective 

attenuation length, ℓ, of Mo 3d5/2 in MoS2, which is our overlayer, is taken to be 23.815 Å [37]. 

The photoelectron take-off angle, 𝜃, is 45°, as given by the geometry of the XPS system used. The 

𝐼7 used was the Mo 3d5/2 peak intensity from pure MoS2, while 𝐼 was the Mo 3d5/2 peak intensity 

at analysis spot 1 or 2. The peak intensity at analysis spot 1 or 2 is assumed to be the intensity of 

the overlayer whose thickness we are calculating. The intensities that we used for our calculations 

were the intensities at 9 µm, which is the smallest X-ray spot size, in order to ensure that the X-

ray spot is not bigger than the Bi impurity. This is important so that it is safe to assume that all of 

the Mo and S signals are from some thickness, d, of MoS2 on top of the Bi impurity. The calculated 

MoS2 overlayer thickness was 3.17 nm for analysis spot 1, and 0.85 nm for analysis spot 2. The 

thicker overlayer for analysis spot 1 would explain the lower Bi signal, despite it having a bigger 

Bi impurity based on the spot size analysis. 

 These findings obtained from varying the spot size at analysis spots 1 and 2 are summarized 

and represented schematically in Figure 3.8. We show that the size of the X-ray beam spot can 

help estimate the bismuth cluster size. A drop in the Bi:S intensity ratio indicates that the X-ray 

spot size used must be greater than the Bi cluster size, and at X-ray spot sizes where the Bi:S ratio 

is plateaued, the beam spot must be fully within the Bi cluster. We also show that the thickness of 

the MoS2 above a detected Bi impurity can be estimated with XPS. Furthermore, by considering 

this thickness, we can explain why the Bi:S ratio is higher for analysis spot 2 despite the impurity 

being smaller than that in analysis spot 1. 
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Figure 3.8. Diagrams representing the cluster size and MoS2 overlayer thickness determined at (a) analysis spot 1 and (b) 

analysis spot 2. 

 

3.4.4 Impurity Concentrations 

 

The concentration of bismuth in an entire geological MoS2 sample can be estimated based 

on our findings from spatially resolved XPS. Taking the area scanned for XPS mapping, 12 out of 

81 laterally arranged spots were found to have Bi presence; that is, about 15% of that area 

contained some form of Bi impurities. Taking that area to be representative of a chunk of 

geological MoS2, we can assume that an entire natural MoS2 crystal is composed of up to 15% Bi. 

Given that the Bi impurities are not homogenously distributed throughout the material, estimates 

from XPS are anticipated to be unreliable. Therefore, we performed ICP-OES to determine the 



 62 

actual concentration of Bi. The concentration of each element measured with ICP-OES is 

summarized in Table 3.3. 

 
Table 3.3. Results from ICP-OES measurements. 

Element Bi Mo Re S Sb W 

ppmw 102.04 173.32 1.51 19.18 1.38 0.23 

Weight 

(mg) 

1.5305 2.5999 0.0227 0.2876 0.0208 0.0034 

Wt% 21.87% 37.14% 0.32% 4.11% 0.30% 0.05% 

 

 We note that the sum of the weights obtained in the second row of Table 3.3 does not 

amount to 7 mg, which was the initial weight of the geological MoS2 flake digested for ICP-OES 

(see Material and Methods). We speculate two possible reasons for this. First, the aqueous solution 

used for digestion could have reacted with the sample, possibly resulting in volatile species that 

escaped as gaseous products or the formation of precipitates that settled at the bottom of the 

solution. Second, the ICP-MS study conducted by Addou et al. showed other elemental impurities 

in geological MoS2, thus it is possible that other impurities present in the MoS2 were not measured 

in our ICP-OES analysis. Aside from Bi, Mo, Re, S, Sb, and W, as shown in Table 3.3, we also 

checked for the presence of Ag, Ca, Cd, and Fe. We did not detect any Ag, Ca, Cd, and Fe through 

ICP-OES. 

Our ICP-OES composition measurements revealed Bi impurity levels to be ~100 ppmw. 

The entire specimen was dissolved in a 15 mL solution, indicating that ~20 wt% of the geological 

MoS2 crystal was Bi. It can be seen that there is only a small difference between the ICP-OES 

measurement of ~20% Bi and the XPS estimate (from the XPS map) of ~15% Bi, indicating that 

the Bi content in the flakes analyzed were likely within this range. We note that ~100 ppmw is five 

times greater than that reported by Addou et al. [25] (~20 ppmw), however this is likely an 

indication of sample to sample variability which is to be expected from geological samples. 
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3.4.5 Implications 

 

These bismuth impurity compounds have consequences on the properties of the MoS2. It 

would change the chemical bonding environment and electronic properties in its vicinity. 

However, since devices made using exfoliated flakes of MoS2 are typically carried out after visual 

inspection focused on finding ‘clean’ flakes, it is likely that these micron-sized clusters of Bi are 

avoided. This is especially important when micrometer-sized contacts are used with MoS2, which 

is typical in recent studies [2-4, 6, 38-47]. Because we know, through our spot size analysis, that 

the size of these bismuth impurities in MoS2 is in the micrometer range, they could potentially 

dominate the properties of the MoS2 if proper visual inspection and selection of good flakes is not 

performed. The presence of these micron-sized Bi clusters also highlights the difficulty of 

achieving large-area pristine MoS2 without variability when using geological material. 

We also know that these defects are present in clusters rather than uniform distributions, 

suggesting that the substitutional impurity concentration may be significantly lower than worst 

case estimates based on ICP-OES and ICP-MS [25] concentrations. The concentrations of 

substitutional Bi and smaller Bi clusters however, remain an unknown quantity that may be partly 

responsible for the atomic scale defects observed by Addou et al. and may therefore have a 

significant impact on device properties. 

 

3.5 Conclusions 
 

In this work, Bi impurities in geological MoS2 have been spatially resolved with XPS 

mapping. We show that these impurities are localized in certain regions of the bulk MoS2 crystal. 

Majority of the surface is chemically pristine MoS2 as verified by XPS, but as shown in the 

concentration map, there are bismuth-rich areas. It was observed that the size of these impurities 

is in the order of tens of microns. Specific selected points indicate impurity sizes of somewhere 

between 15 to 50 µm. XPS also suggests that any Bi detected in MoS2 are bismuth oxide or sulfate 

compounds (Bi2O3/Bi2O5/Bi2(SO4)3), although these Bi chemical states can only be confirmed for 

the near surface and cannot be determined for the bulk of the clusters. Bi impurities have also been 

confirmed using ICP-OES. The presence of these impurity clusters in geological MoS2 highlights 

the difficulty of obtaining large areas of geological flakes without variation. The abundance of 



 64 

these impurities in geological MoS2 brings to light the importance of developing controlled 

synthesis and growth methods for MoS2 as well as other TMDCs before they can be widely 

integrated into various device applications. 
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4 TMDC-on-Dielectric by Molecular Beam Epitaxy 
 

The main objective of the work in this chapter is to use our group’s established transition 

metal dichalcogenide (TMDC) growth technique via molecular beam epitaxy (MBE), and apply it 

to various dielectric and ferroelectric oxide substrates. This allows us to examine the feasibility of 

depositing semiconducting TMDC channels directly onto dielectric oxides for device fabrication. 

Successful direct TMDC integration through MBE would provide large-area TMDC channels and 

avoid residual contaminants from various polymer-assisted transfer process commonly used for 

“pick and place” device fabrication. Specifically, in this chapter we focus on our prototypical 

growth technique for WSe2 [1]. WSe2 is an attractive channel candidate for next-generation field-

effect transistors (FETs) and low power memory devices [2, 3], in part due to its dominant hole 

conduction properties and enhanced spin-orbit coupling compared to other TMDCs [4-6]. 

In the first part of this chapter, we demonstrate the WSe2 MBE growth process and its effects 

on ferroelectric hafnium zirconium oxide (HZO). This section is geared towards using these 

WSe2/HZO stacks for ferroelectric FET device applications. The second part of this chapter is a 

more general approach, in which we investigate various considerations for using our MBE growth 

technique directly onto device-relevant substrates, such as HZO, SiO2, and HfO2 dielectrics. We 

also highlight growth of our WSe2 material at back-end-of-the-line (BEOL) compatible 

temperatures, as this would provide a route for device fabrication and testing immediately after 

TMDC channel growth, without needing any intermediate transfer steps. We present a process for 

direct semiconductor integration through low temperature MBE, as opposed to the conventional 

“pick and place” method for fabricating device stacks. 

  



 69 

4.1 WSe2 Growth on Hafnium Zirconium Oxide by Molecular Beam Epitaxy: The 

Effect of the WSe2 Growth Conditions on the Ferroelectric Properties of HZO 

 

The following section is adapted from M.G. Sales, S. Fields, S. Jaszewski, S. Smith, T. Mimura, 

W.L. Sarney, S. Najmaei, J.F. Ihlefeld, S. McDonnell; WSe2 growth on hafnium zirconium oxide 

by molecular beam epitaxy: The effect of the WSe2 growth conditions on the ferroelectric 

properties of HZO; 2D Materials, Volume 9, Number 1; Published 21 October 2021; 

https://doi.org/10.1088/2053-1583/ac2d3b. © IOP Publishing. Reproduced with permission. All 

rights reserved. 

 

4.1.1 Abstract 

 

 Direct integration of transition metal dichalcogenides (TMDCs) on a ferroelectric such as 

hafnium zirconium oxide (HZO) using an industrially scalable technique is important for realizing 

various ferroelectric-based device architectures. The interface formed due to the processing 

conditions during direct deposition is the focus of the current study. In this work, molecular beam 

epitaxy (MBE) is used to directly deposit WSe2 on HZO substrates, and the effects of the MBE 

growth conditions, specifically high temperature and a high Se flux, are examined. Anneals of 

HZO under a Se flux, which serve to replicate the conditions during actual WSe2 deposition, result 

in the crystallization of amorphous as-deposited HZO substrates and incorporation of Se into the 

HZO. The crystallinity and composition of the HZO substrates affect the degree of Se 

incorporation. Some of the Se found in the HZO is an adsorbed layer that can be thermally 

desorbed, but it also has a chemisorbed component fully incorporated within the HZO lattice. 

Measurement of the electrical properties of the HZO films did not provide evidence that the 

incorporated Se was detrimental to the functionality of the HZO as a ferroelectric layer. 

 

4.1.2 Introduction 

 

 Ferroelectric field effect transistors (FeFETs) offer a promising route toward more scalable 

and compatible memory devices. Compared to traditional resistive random-access memory 

(RRAM), FeFETs allow operation with an enhanced number of memory states and require fewer 
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accessory circuit elements for integration. In FeFETs, the ferroelectric layer essentially acts as the 

gate dielectric, and its polarization state dictates the device’s threshold voltage and current. [7] A 

key component of an FeFET device is the interface between the ferroelectric and semiconductor 

materials. [8] 

 Ferroelectricity in HfO2 thin films was recently discovered and found to originate from the 

non-centrosymmetric orthorhombic phase of HfO2 [9]. This ferroelectric orthorhombic phase can 

be stabilized in a variety of different ways, such as doping. Some example dopant atoms that have 

been reported previously are Si, Al, Y, Gd, and Zr [10-15]. HfO2 doped with Zr to form Hf1-xZrxO2, 

hafnium zirconium oxide (HZO) offers several advantages, such as a large composition space 

allowing orthorhombic phase formation and low crystallization temperatures [14, 16-20]. In the 

thin film geometry, pure HfO2 crystallizes into the monoclinic phase, while pure ZrO2 crystallizes 

into the tetragonal phase upon heating. Alloying HfO2 with ZrO2 provides a tetragonal to 

orthorhombic phase transition pathway during cooling, thus resulting in the presence of the 

ferroelectric orthorhombic phase in HZO alloys. [14] 

 HfO2-based FeFETs have been realized with the use of transition metal dichalcogenides 

(TMDCs) as the semiconducting channel [21-24]. The choice of TMDCs as the semiconductor in 

FeFETs is gaining interest because of their unique electronic properties that are versatile and 

tunable [25]. TMDCs have a band gap that changes with layer thickness, which offers the potential 

for band gap engineering depending on the specific device application [26-28]. The 2D nature of 

TMDCs, in which the surface is essentially absent of dangling bonds, allows a theoretically sharp 

interface with other materials, leading to improved interface quality and stability compared to 

traditional channel materials such as silicon [29-32]. 

 Reports of TMDCs interfaced with a ferroelectric for FeFETs typically make use of 

exfoliated or chemical vapor deposited (CVD) TMDCs [21-24, 33]. Exfoliated TMDC flakes from 

geological crystals are known to have a variety of defects, leading to non-uniform properties [34-

37], and CVD growth methods for TMDCs require high growth temperatures, i.e., 650-800 °C 

[38-40], that are not compatible with industrially relevant back-end-of-the-line (BEOL) processes 

[41]. Additionally, exfoliated flakes and CVD-grown material require transfer of the TMDC onto 

the suitable device substrate, and such transfer processes introduce residual contaminants that 

result in interfaces that are not pristine and modified electrical behavior of the device [42-46]. 

Direct integration of dielectric oxides on TMDCs has been previously demonstrated through 
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atomic layer deposition (ALD) directly on van der Waals surfaces, and a relatively sharp interface 

between the two materials with no intermixing of constituents has been shown [47-52]. 

Furthermore, the thermal stability of the interface of ALD HZO on MoS2 and WSe2 has been 

shown up to 700 °C [53]. Our present work is focused on the reverse structure – TMDC-on-HZO. 

In this work, we aim to directly integrate TMDCs, specifically WSe2, onto ferroelectric HZO 

substrates using molecular beam epitaxy (MBE). Direct growth of WSe2 films on HZO is 

demonstrated, and the effects of the MBE growth process on the HZO substrates are investigated. 

 

4.1.3 Methodology 

 

 Amorphous HZO thin films, 20 nm thick, were deposited by ALD in a Cambridge 

Nanotech Savanah 100 flow through style reactor at 150 °C in a nitrogen ambient. 

Tetrkis(dimethylamino) zirconium (TDMA-Zr, 75 °C, STREM) and tetrakis(dimethylamino) 

hafnium (TDMA-Hf, 75 °C, STREM) were used as reactants for ZrO2 and HfO2, respectively. 

Water (~30 °C) was used as an oxidant. The composition was controlled by changing the relative 

number of ZrO2:HfO2 cycles in a 10 cycle supercycle. Two HZO compositions were fabricated – 

Hf0.58Zr0.42O2 (58:42 HZO) and Hf0.36Zr0.64O2 (36:64 HZO). Due to the slightly higher growth rate 

per cycle of HfO2, films tended to be Hf-rich with respect to the intended 50:50 and 30:70 

compositions [54]. The HZO thin films were deposited on 20 nm of pulsed DC sputtered TaN onto 

a (001)-oriented Si wafer. 

MBE was used to grow different thicknesses of WSe2 on HZO. The MBE growth chamber 

is part of an ultra-high vacuum (UHV) system described elsewhere [55]. During growth, the HZO 

substrates were maintained at 500 °C, and the Se:W flux ratio was maintained at ~6000:1. WSe2 

growth occurred by exposing the HZO substrates to the W and Se fluxes simultaneously. The 

growth continued uninterrupted with a deposition rate of approximately one WSe2 monolayer 

every 30 minutes. This growth rate was estimated based on the known growth rate of WSe2 on a 

highly ordered pyrolytic graphite (HOPG) substrate, monitored through in-situ reflective high 

energy electron diffraction (RHEED). At the end of the growth, the sample was cooled in a Se flux 

until it reached 275 °C, at which the Se flux was turned off. The sample was allowed to further 

cool down to room temperature. 
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To investigate the effects of exposure of the HZO films to the MBE growth conditions 

(specifically high temperature and Se flux), an annealing experiment simulating WSe2 growth was 

performed. This involved annealing the HZO to 500 °C in the MBE chamber for approximately 3 

h while exposed to a Se flux of approximately 2 ´ 10-6 mbar, which is measured with a beam flux 

monitor in the position of the sample prior to exposure. The 3 h anneal time is chosen to be 

comparable to a multilayer WSe2 growth time. Exposure to a Se flux while heating in the MBE 

chamber is important for simulating the growth conditions because Se is in excess during WSe2 

growth. The typical cooling process during growth, wherein the sample is cooled down in a Se 

flux until a temperature of 275 °C, was performed for these anneals. Each anneal was conducted 

with the two compositions of HZO substrates (58:42 HZO and 36:64 HZO) side-by-side, thus 

ensuring that they were exposed to the exact same conditions for the same annealing experiment. 

In-situ X-ray photoelectron spectroscopy (XPS) was performed on all the samples in the 

same UHV system described previously [55]. XPS spectra were acquired using a monochromated 

Al Ka X-ray source at 300 W and a Scienta Omicron R3000 analyzer at a pass energy of 50 eV. 

Peak fitting of the collected XPS spectra was performed using kolXPD software [56]. All peaks 

were fit with Voigt lineshapes. The structural and chemical morphology of the WSe2 layers and 

HZO substrates (before and after MBE growth) were also examined with a JEOL ARM 200F 

transmission electron microscope (TEM) equipped with an Oxford energy dispersive spectroscope 

(EDS). The cross-sectional samples were mechanically thinned with a tripod polished to ~< 20 µm 

and then ion milled to electron transparency on a liquid nitrogen cooled stage. X-ray diffraction 

(XRD) was performed to further investigate structural changes in the HZO after exposure to the 

MBE growth conditions using a Rigaku Smartlab diffractometer equipped with Cu Kα radiation 

in a grazing incidence geometry with ω angle fixed at 0.7°. For electrical characterization, Pd top 

electrodes were deposited on the samples. We sputtered 50 nm of Pd through a shadow mask, 

using 67 W DC power on a 2” Pd target. Hysteresis loops, measured out to a field of 2.5 MV/cm 

with a period of 1 ms, and positive up negative down (PUND) measurements, made at 2.5 MV/cm 

with a 1 ms pulse width and a 1000 ms pulse delay, were carried out utilizing a Radiant 

Technologies Precision LC II Tester. 
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4.1.4 Results and Discussion 

 

4.1.4.1 WSe2 Growth on HZO 

 

 WSe2 growth was performed on both types of HZO substrates – 58:42 HZO and 36:64 

HZO. The MBE growth on both substrates produced WSe2 as verified by the XPS spectra in Figure 

4.1.1, which shows the Se 3d and W 4f regions. It is noticeable that the peak shapes are similar for 

both 58:42 and 36:64 HZO substrates, indicating consistency in the grown WSe2 films regardless 

of the composition of the HZO substrate used. The binding energy positions of the observed peaks, 

which are further discussed below, correspond to the WSe2 chemical state. Therefore, the grown 

species were chemically verified by XPS, and the WSe2 growth process was successful for both 

58:42 and 36:64 HZO. 

 

 
Figure 4.1.1. Se 3d and W 4f spectra of approximately 5 layers of WSe2 grown on 36:64 and 58:42 HZO. 
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The fitting parameters used for the W 4f and Se 3d spectra in Figure 4.1.1 are tabulated in 

Table 4.1.1 to quantitatively show the similarity in the XPS lineshapes and peak positions of the 

WSe2 films grown on the two HZO substrates. 

 
Table 4.1.1. Fitting parameters used for W 4f and Se 3d spectra of the ~5-layer grown WSe2 films shown in Figure 4.1.1. 

  
Lorentzian 

width 

Gaussian 

width 

Amplitude 

(counts) 
Position (eV) 

W 4f7/2 
36:64 Hf:Zr 0.12 0.41 4194 32.21 

58:42 Hf:Zr 0.12 0.41 3739 32.30 

W 4f5/2 
36:64 Hf:Zr 0.12 0.48 3313 34.35 

58:42 Hf:Zr 0.12 0.47 2954 34.44 

Se 3d5/2 
36:64 Hf:Zr 0.12 0.53 2180 54.47 

58:42 Hf:Zr 0.12 0.51 1883 54.56 

Se 3d3/2 
36:64 Hf:Zr 0.12 0.47 1504 55.32 

58:42 Hf:Zr 0.12 0.47 1299 55.41 

 

Note that the ratio of the total Se 3d amplitude to the total W 4f amplitude is 0.49 for the 

36:64 Hf:Zr substrate and 0.48 for the 58:42 Hf:Zr substrate, which quantitatively shows that we 

produce WSe2 with similar relative amounts of Se/W for both HZO substrates. Accounting for 

relative sensitivity factors of each core level [57], these amplitude ratios correspond to calculated 

Se/W stoichiometries of 2.09 and 2.03 for 36:64 and 58:42 Hf:Zr HZO substrates, respectively, 

which tells us that the material grown was WSe2 with close to the desired 2:1 (Se:W) 

stoichiometry. As a reference sample, we measured a CVT-grown WSe2 crystal (from SPI Supplies 

[58]) with our XPS, and the calculated Se:W stoichiometry using the same relative sensitivity 

factors was 2.24. 

We observe that the W 4f and Se 3d peaks have a constant 0.09 eV shift between our two 

growth substrates, noted by vertical marker lines in Figure 4.1.1. This constant ∆ in the W and Se 

core level binding energies provides us with further evidence that the chemistry of the WSe2 

material grown on both substrates is the same. The 0.09 eV difference could be easily explained 

by either partial grounding of the WSe2 layer via the mounting clips, or shifts in the Fermi level of 
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the HZO depending on the Hf:Zr composition, which would cause differences in band bending at 

the WSe2/HZO interface. After WSe2 growth, the Hf 4f peak positions are 17.58 eV for 36:64 HZO 

and 18.12 eV for 58:42 HZO. 

TEM was performed on the same 5-layer film whose XPS spectra are shown in Figure 

4.1.1. The TEM micrographs, shown in Figure 4.1.2, reveal crystallized domains in the underlying 

HZO substrate, which is likely a result of the high substrate temperature required for WSe2 growth. 

The crystalline phases present in the HZO are discussed later. The WSe2 film has undulations, 

which appear to be conformal to the surface of the HZO substrate. The roughness of the HZO 

surface may be attributed to the crystallization process, as previously noted in prior reports [59-

62]. Also, the HZO layer may be following the roughness of the underlying TaN layer; TEM 

analysis revealed a diffuse interface between the HZO and the underlying TaN (shown in Figure 

4.1.3). 

 

 
Figure 4.1.2. TEM micrographs of 5-layer WSe2 directly MBE-grown on HZO. (a) Crystallized domains of HZO and undulations 

of the HZO and WSe2 are clearly visible. (b) Large-area micrograph showing a continuous WSe2 film across more than 100 nm. 
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Figure 4.1.3. TEM micrograph of the interface between as-deposited HZO and TaN. The as-deposited HZO layer is amorphous, 

and as shown, it does not have a sharp interface with the TaN underlayer. 

 

We report that our directly grown WSe2 film on HZO is continuous across a large area, and 

is composed of large grains on the order of hundreds of nm, as evidenced by the micrographs 

shown. We show that our MBE growth process on HZO produces repeatable high-quality WSe2 

in terms of chemistry and film morphology, regardless of the WSe2 film thickness. The XPS and 

TEM results of a thinner WSe2 sample (approximately 3-4 layers) are shown in Figure 4.1.4. 
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Figure 4.1.4. (a) Se 3d and W 4f spectra before and after growth of approximately 3-4 layers of WSe2 on 36:64 and 58:42 HZO. 

(b) TEM micrograph of the same WSe2 film on 58:42 HZO. 

 

 Figure 4.1.5 shows the polarization-electric field (P-E) loops measured from a 58:42 HZO 

substrate that had similarly grown WSe2 on top of it. As can be seen in this figure, the initial 

response appears dielectric, and with field cycling, the response becomes more ferroelectric. This 

wake-up phenomenon, where the polarization increases with field cycling, is typical of HfO2-based 

ferroelectrics. Both the general shape of the P-E loop and the increase in polarization with wake-

up are evidence that the device is ferroelectric. Nested hysteresis loops are shown in Figure 4.1.6. 
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Figure 4.1.5. P-E loops measured from 58:42 HZO with MBE-grown WSe2 on top. 

 
Figure 4.1.6. Nested hysteresis loop measurements made on 58:42 HZO with MBE-grown WSe2 on top (same device as Figure 

4.1.5). 
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The results of current-voltage (I-V) measurements performed on this device are shown in 

Figure 4.1.7, and we report higher leakage currents measured on the WSe2/HZO device compared 

to blank HZO substrates. We speculate that oxygen vacancies in the HZO layer may be facilitating 

leakage in this WSe2/HZO device. 

 

 
Figure 4.1.7. I-V curves of the same MBE-WSe2 on HZO device as Figure 4.1.5 and Figure 4.1.6. The leakage current values 

shown here appear higher than those shown for blank HZO substrates without WSe2 grown on top (Figure 4.1.14). 

 

EDS measurements shown in Figure 4.1.8 reveal that after MBE growth of WSe2, the 

oxygen concentration in the HZO layer decreases. While we cannot use EDS to accurately quantify 

oxygen concentration, we can use it as a qualitative measure to look at trends of how the amount 

of oxygen changes. It is seen here that the O signal relative to Hf and Zr in the HZO layer is lower 

in Figure 4.1.8(b) compared to Figure 4.1.8(a). This decrease in the oxygen concentration after 

MBE provides qualitative evidence of removal of some oxygen in the HZO film, likely leading to 

the formation of more oxygen vacancies that facilitate leakage through the HZO after WSe2 

deposition. 
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Figure 4.1.8. EDS results of (a) as-deposited amorphous 58:42 HZO and (b) MBE-grown WSe2 on 58:42 HZO. 

 

However, fully understanding the reasons for the high leakage we observe in our MBE-

WSe2/HZO devices requires further investigation. In the current work, the main focus is the effect 

of processing conditions on the properties of the WSe2/HZO interface, and altering the process to 

produce better electrical devices will be the focus of future work. 
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4.1.4.2 Impact of the MBE Growth Conditions 

 

 Direct growth of TMDCs onto dielectrics avoids the introduction of transfer residues, as 

noted above. However, it introduces the potential for the growth process to modify the interface 

that is formed between the two materials. In the specific case of WSe2 deposition on HZO there is 

potential W or Se incorporation into the dielectric layer. Since we see no evidence of W-O bonds 

in our XPS analysis, we acknowledge that any W intermixing with the HZO layer is below our 

limit of detection. It is also less likely to be incorporated in the HZO substrate than Se because the 

W flux used during WSe2 deposition is three orders of magnitude lower than the Se flux. Therefore, 

we focus on potential Se incorporation into the HZO layer as well as the impact of MBE growth 

temperatures on the HZO film. To do this, we performed a 3 h anneal on the HZO at 500 °C, while 

exposed to the same Se flux that is used during actual growth (~2 ´ 10-6 mbar). These annealing 

conditions replicate the conditions during MBE growth of WSe2. The structural, chemical, and 

electrical properties of the samples were investigated. 

Structurally, the substrate annealing conditions required for growth of WSe2, i.e., 500 °C 

in UHV for ~3 hours, allow crystallization of the as-deposited amorphous HZO films. We note 

that prior to this 3-h 500 °C anneal, the HZO substrates were amorphous and would not have 

produced a diffraction pattern, as previously shown [53]. After annealing, a mixed phase 

assemblage composed of the monoclinic, orthorhombic, and tetragonal phases of HZO is observed 

through XRD, as shown in Figure 4.1.9. This provides clear evidence of the WSe2 growth 

conditions crystallizing the HZO substrates into the same three phases, regardless of their 

composition. Based upon peak intensity ratios, the 36:64 HZO composition likely contains more 

non-ferroelectric monoclinic phase than the 58:42 HZO composition. The crystalline HZO phases 

revealed by XRD are in agreement with the appearance of crystallized HZO domains evident in 

the TEM micrographs in Figure 4.1.2. 
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Figure 4.1.9. XRD patterns of 58:42 HZO and 36:64 HZO after annealing at 500 °C for 3 h under a ~2 × 10-6 mbar Se flux. 

Reflections of the monoclinic, orthorhombic, and tetragonal phases are labeled. These XRD measurements were performed with 

a fixed incident X-ray angle of 0.7 °C. 

 

Chemically, we observed that this same anneal in Se flux led to incorporation of Se into 

the HZO films, which was determined by analyzing the Se 3d core level peaks. We note that the 

Zr 4s signal overlaps with Se 3d, and the raw data prior to Zr 4s subtraction is shown in Figure 

4.1.10. The same binding energy region was scanned prior to each anneal in Se flux (shown as 

thinner lines) in order to measure the Zr 4s peak on its own. After annealing in a Se flux, the 

position and area of the Zr 4s feature were referenced to the Zr 3d peak of each sample and 

subtracted from the raw spectra, shown as thicker lines in Figure 4.1.10. The result of this data 

subtraction is plotted in Figure 4.1.11. 
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Figure 4.1.10. Raw data corresponding to the binding energy range where the Se 3d peaks are expected; (a) 58:42 HZO and (b) 

36:64 HZO. 

 

 
Figure 4.1.11. Se 3d spectra of (a) 58:42 HZO and (b) 36:64 HZO after exposure to various annealing conditions. 
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In Figure 4.1.11, the blue spectra represent as-deposited HZO that were exposed to the 

MBE conditions, meaning that these were amorphous films prior to the Se flux anneal. The red 

curves represent HZO that underwent pre-annealing in UHV before annealing in a Se flux. We 

know from our XRD results (Figure 4.1.9) that its pre-annealing condition, 3 h at 550 °C in UHV, 

is sufficient for HZO crystallization prior to the anneal in Se flux. It can be seen that the amorphous 

HZO (blue spectra) is more susceptible to Se incorporation, agreeing with reports of more open 

diffusion paths and higher diffusivities in analogous amorphous SiO2 compared to crystalline silica 

phases [63-66]. 

From Figure 4.1.11, it is also noticeable that HZO with a higher Zr content (36:64 HZO) 

is more susceptible to Se adsorption and incorporation than the lower Zr content HZO sample 

(58:42 HZO). The integrated area of the Se 3d peaks for 36:64 HZO are higher, by a factor of ~2.1, 

than that for 58:42 HZO that underwent the same annealing conditions, indicating a higher amount 

of Se present. We attribute this to a higher number of available sites for Se in 36:64 HZO than in 

58:42 HZO. Assuming that Se, having the same valence as oxygen, occupies oxygen sites in the 

HZO lattice, the oxygen vacancy (VO) concentration is a good indicator of the amount of Se that 

could be incorporated into HZO. It should be noted that thermodynamically, ZrO2 has a lower VO 

formation energy, and thus is expected to have a higher VO concentration at a given temperature, 

than HfO2 [67, 68]. Therefore, since 36:64 HZO has a higher fraction of ZrO2, it would have more 

oxygen vacancies compared to 58:42 HZO. This higher VO concentration allows more Se 

incorporation into the HZO lattice, which explains our observation in Figure 4.1.11. 

Changes in VO concentration result in Fermi level shifts in the HZO. As such, we can use 

XPS binding energy positions as a quantitative measure of Fermi level shifts and an indirect 

qualitative measure of changes in vacancy concentrations. In our XPS tool, all binding energies 

are referenced to the Fermi level at 0 eV; therefore, uniform shifts of XPS peak positions to higher 

binding energies are indicative of the Fermi level shifting closer to the conduction band, i.e., 

increase in n-type charge carriers. Since oxygen vacancies are known to be n-type dopants in HfO2 

[69, 70] and ZrO2 [70], we can qualitatively correlate Hf and Zr binding energy shifts to changes 

in VO concentration. As shown in Figure 4.1.12, a 12-h UHV anneal at 500 °C shifts the Hf 4f and 

Zr 3d peaks to binding energies ~0.3 to 0.4 eV higher than the as-deposited spectra. Such identical 

shifts to higher binding energy of both the Hf and Zr peaks indicate an increase in n-type character 
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and is correlated with an increase in VO [53, 69, 70], which is an expected consequence of 

annealing [71-73]. After this prolonged annealing to induce a high VO concentration, this sample 

was annealed under a Se flux. We observe that the HZO peaks shift to binding energies ~0.3 eV 

lower after a 250 °C anneal in Se, and to even lower binding energies (~0.4 to 0.5 eV) after a 500 

°C anneal in Se. Overall, these binding energy shifts indicate that the oxygen vacancies that were 

initially created during the 12-h UHV anneal were filled after the anneal under a Se flux, thus 

providing evidence that the detected incorporated Se is occupying oxygen sites in the HZO lattice. 

Therefore, it can be said that the susceptibility to Se incorporation is due to an interplay between 

the diffusivity of Se and the oxygen vacancy concentration of the HZO substrate, as gleaned from 

the results shown in Figure 4.1.11 and Figure 4.1.12. 

 

 
Figure 4.1.12. Measured positions of the Hf 4f7/2 and Zr 3d5/2 peaks of 36:64 HZO upon exposure to various annealing steps. 

 

We further investigated the chemical state of this Se incorporated into the HZO. The XPS 

results revealed that the Se detected in the HZO films was composed of two components, as seen 

in Figure 4.1.13, which shows deconvoluted Se 3d spectra (with the overlapping Zr 4s feature 

removed). Based on the binding energies of the fitted peaks in these spectra, their chemical states 
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can be determined. The higher binding energy peaks at 55.4 and 56.2 eV are the Se 3d5/2 and 3d3/2, 

respectively, both corresponding to Se-Se bonds. The lower binding energy peaks at 54.3 and 55.2 

eV are both similarly attributed to a metal selenide (M-Se) or Se-M-O species, wherein the metal 

can be either Hf or Zr from HZO. It is expected that any Se adsorbed on top of the HZO films can 

be thermally desorbed, so we performed an anneal under a Se flux on a 36:64 HZO sample, 

followed by sequential desorption anneals in UHV, without a Se background pressure, at 150-550 

°C for 1 h at each temperature. As shown in Figure 4.1.13, the anneals in UHV progressively 

decreased the amount of the Se-Se component until it was completely removed, unlike the Se-M-

O component, which was not thermally desorbed. We note that after the 550 °C desorption anneal, 

a 33% reduction in the intensity of the Se-M-O component (normalized to the Hf 4f intensity) is 

observed relative to the starting Se-M-O intensity post-anneal in Se flux. However, most of the 

Se-M-O signal remains in the sample even after relatively aggressive anneals in UHV. From these 

results, we can conclude that the Se-Se component is physisorbed, while the Se-M-O component 

is chemisorbed into the HZO. Because some of the Se present after annealing in a Se flux (Se-M-

O component) is actually chemically bonded to the HZO, it is important to investigate if and how 

this affects the electrical properties and functionality of the ferroelectric HZO film. 
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Figure 4.1.13. Deconvolution of the Se 3d spectra of a 36:64 HZO sample after an anneal in a Se flux and after sequential 

desorption anneals in UHV. 

 

 We measured and compared the electrical characteristics of the HZO samples after 

exposure to the various UHV pre-annealing and Se flux annealing conditions. Ferroelectricity was 

observed in these samples, as expected, knowing that all of these HZO films have some fraction 
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transformed into the ferroelectric orthorhombic phase due to crystallization through the anneals. 

Table 4.1.2 shows the remanent polarization (Pr) values of 58:42 HZO and 36:64 HZO after 

undergoing these different thermal treatments. The reported Pr values are taken from PUND 

measurements after field cycling. Note that all UHV anneals indicated in the table are performed 

without a Se background pressure, and all Se flux anneals were performed with the same Se flux 

used during WSe2 growth, which is approximately 2 ´ 10-6 mbar. It was found that exposure to Se 

did not significantly affect Pr. This is evident when comparing the Pr of the UHV-annealed only 

samples and the Se flux-annealed only sample for the same HZO composition. The more 

significant factor affecting Pr was thermal history. It can be seen that UHV+Se flux anneals 

resulted in Pr values that are higher than the corresponding UHV only or Se flux only anneal. We 

note that the effect of thermal history on Pr is more pronounced for 36:64 HZO because of the 

general decrease in required thermal budget for crystallization and oxygen vacancy formation with 

increasing Zr content in HZO. This makes the more Zr-rich sample, i.e., 36:64 HZO, more 

sensitive to changes in annealing conditions. 

 
Table 4.1.2. Remanent polarization (Pr) of 58:42 and 36:64 HZO with different thermal histories. (All values given in µC/cm2.) 

Thermal History 58:42 HZO 

(Hf0.58Zr0.42O2) 

36:64 HZO 

(Hf0.36Zr0.64O2) 

80-min UHV only (600 °C) 5.5 4.1 

3-h UHV only (550 °C) 5.4 3.1 

3-h Se flux only (500 °C) 5.1 2.9 

80-min UHV (600 C°) + 3-h Se flux (500 °C) 6.6 6.7 

3-h UHV (550 °C) + 3-h Se flux (500 °C) 6.4 5.7 

  

 Leakage current measurements of UHV-annealed vs. Se flux-annealed samples were 

acquired, and the I-V plots are shown in Figure 4.1.14. It is noticeable that the leakage current 

response of 36:64 HZO increases more with field cycling, which is an expected result of the ALD 

processing for more Zr-rich HZO compositions. However, for the same HZO composition, the Se 

flux anneal resulted in leakage currents that were up to an order of magnitude lower than the results 

for the UHV anneal. The lower leakage response of the Se flux-annealed samples may be due to 
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the fact that Se diffuses into oxygen vacancy sites, thereby limiting the contribution of oxygen 

vacancies to leakage. 

 

 
Figure 4.1.14. I-V curves of (a) 58:42 HZO and (b) 36:64 HZO before any processing (as-deposited), after a 3-h UHV only 

anneal at 550 °C, and after a 3-h Se flux only anneal at 500 °C. 

 

The electrical results indicate that any incorporated Se in HZO due to the MBE growth 

process is not detrimental to its functionality as a ferroelectric layer. An HZO sample annealed in 

a Se flux exhibits the same Pr as a sample that was UHV-annealed without Se. This shows that in-

situ crystallization of an amorphous HZO substrate during MBE growth presents a feasible 

approach for growing TMDCs on ferroelectric HZO. However, it is also important to note that an 

improved Pr is observed when the HZO is pre-crystallized prior to MBE growth, as demonstrated 
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by the Pr of the UHV+Se flux-annealed samples in Table 4.1.2. In general, our measurements show 

the viability of using HZO thin films, whether amorphous or crystalline, as substrates for TMDC 

growth in order to realize a TMDC-on-ferroelectric stacking configuration for FeFET devices. 

 

4.1.5 Conclusions 

 

In this work, we demonstrated successful MBE growth of chemically homogeneous WSe2 

on two different compositions of HZO substrates (58:42 Hf:Zr and 36:64 Hf:Zr). We showed that 

our MBE growth process is repeatable and produces continuous large-area WSe2 films on HZO. 

The effects of the MBE growth conditions on the HZO substrates were investigated by performing 

anneals in the MBE chamber which replicate the WSe2 growth process. Due to the high 

temperature required for MBE, the HZO substrates crystallized, forming the monoclinic, 

orthorhombic, and tetragonal phases. Chemically, we showed that Se incorporates into the HZO 

during MBE growth. In addition, the susceptibility to Se adsorption and incorporation varied with 

the pre-MBE crystalline state and the composition of the HZO. The amount of incorporated Se is 

attributed to effects of an interplay between Se diffusivity and oxygen vacancy concentration in 

HZO. The Se found in the HZO was composed of a physisorbed and a chemisorbed component. 

The remanent polarization of the HZO substrates annealed under a Se flux was equal to or greater 

than those crystallized under similar conditions but without exposure to Se. This indicates that 

exposure to the high Se fluxes employed during the direct MBE growth of WSe2 does not 

negatively affect the functionality of HZO for use as a ferroelectric layer in FeFETs. While we do 

not observe a more significant impact of the Se on the 20 nm HZO films that we studied, we note 

that the small amount of Se incorporated during the MBE process may have more pronounced 

effects for thinner HZO films, and it remains to be determined whether or not Se plays a role in 

the stabilization of the ferroelectric orthorhombic phase. 
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4.2 WSe2 Deposition on Other Dielectric Oxides: Opportunities and Challenges in 

Integrating Molecular Beam Epitaxy in Device Fabrication 

 

4.2.1 Abstract 

 

Presented in this chapter are further investigations of the effects of our molecular beam 

epitaxy (MBE) WSe2 deposition process on a selection of different dielectric oxides. We first 

discuss the impact of the MBE growth conditions on these dielectric oxides by heating them in our 

MBE chamber under a Se flux, similar to the experiments discussed in section 4.1.4.2. We further 

investigate the nature of the incorporated Se in the same hafnium zirconium oxide (HZO) 

compositions as in Chapter 4.1. We study the temperature dependence of Se 

chemisorption/incorporation, penetration depth of the Se atoms into the HZO film thickness, and 

atmospheric stability of Se-incorporated HZO. We then present similar studies made on two other 

dielectric oxides, SiO2 and HfO2, and investigate impacts on their chemistry and crystallinity. 

Lastly, we demonstrate back-end-of-the-line (BEOL) compatible WSe2 growths on SiO2 and HfO2. 

 

4.2.2 Methodology 

 

For part of this work, we used amorphous hafnium zirconium oxide (HZO) substrates that 

were deposited by atomic layer deposition (ALD) in a Cambridge Nanotech Savanah 100 flow 

through style reactor at 150 °C in a nitrogen ambient. Tetrkis(dimethylamino) zirconium (TDMA-

Zr, 75 °C, STREM) and tetrakis(dimethylamino)hafnium (TDMA-Hf, 75 °C, STREM) were used 

as reactants for ZrO2 and HfO2, respectively. Water (~30 °C) was used as an oxidant. The 

composition was controlled by changing the relative number of ZrO2:HfO2 cycles in a 10 cycle 

supercycle. The HZO thin films were deposited on 20 nm of pulsed DC sputtered TaN onto a 

(001)-oriented Si wafer. 

For section 4.2.3.1.1, the HZO substrates, Hf0.58Zr0.42O2 (58:42 HZO) and Hf0.36Zr0.64O2 

(36:64 HZO) mounted adjacent to each other, were exposed to sequential anneals under a Se flux 

of ~2 × 10-6 mbar. They were sequentially annealed at 250 °C, 325 °C, 410 °C, and 500 °C for 3 

h at each temperature. After each 3-hour anneal, in-situ X-ray photoelectron spectroscopy (XPS) 

measurements were collected using a monochromated Al Ka X-ray source at 300 W and a Scienta 
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Omicron R3000 analyzer at a pass energy of 50 eV. Peak fitting of all collected XPS spectra was 

performed using kolXPD software [56]. 

 To determine how deep the incorporated Se diffused into the HZO layer, depth profiling 

was performed using an ex-situ PHI VersaProbe III XPS system, equipped with a 130 W 

moonochromated Al Ka X-ray source, 100 µm X-ray spot size, and 26 eV pass energy. For this 

depth profiling experiment, we used a 36:64 HZO sample that was Se-annealed at 500 °C in our 

MBE chamber and sputtered it in the PHI VersaProbe III system with a 3 kV Ar+ ion sputter gun. 

XPS measurements were collected after every 1 min sputter cycle. 

 Apart from HZO, we also investigated SiO2 and HfO2 substrates in this work. We used 18 

nm thermal SiO2/Si from the National Institute of Standards and Technology (NIST) and 20 nm 

HfO2 deposited by ALD on a 10 nm SiO2/Si wafer. ALD of HfO2 was performed using a Kurt J. 

Lesker ALD 150LX, with tetrakis(dimethylamido)hafnium (TDMA-Hf) as the Hf precursor and 

H2O as the oxidant, at a substrate temperature of 200 °C. The growth rate per cycle (GPC) of the 

HfO2 ALD recipe, calibrated on a bare silicon wafer, was 0.1 nm/cycle. 

 The main goal of the work on SiO2 and HfO2 was to investigate back-end-of-the-line 

(BEOL) compatible processing temperatures, which helps us determine the feasibility and 

limitations of integrating our TMDC MBE process into wafer-scale device fabrication. In addition, 

SiO2 and HfO2 are studied in this section because they are two of the most common state-of-the-

art dielectric oxide materials currently in the market. 

 The SiO2 and HfO2 surfaces were cleaned by exposure to ultraviolet-ozone (UV-O3) for 5 

min, after which they were immediately loaded into ultra-high vacuum (UHV). To study the 

impact of the MBE growth conditions while maintaining BEOL temperatures, they were annealed 

to 400 °C under a Se flux of ~2 × 10-6 mbar for approximately 3 h. The chemistry of the substrates 

following this Se annealing experiment was investigated with ex-situ XPS using the same PHI 

VersaProbe III system described above. The atmospheric exposure time of these samples prior to 

XPS measurement was approximately 10 min. To assess changes in the structure of the HfO2 

substrate after annealing in the MBE chamber, X-ray diffraction (XRD) was performed using an 

Empyrean X-ray diffractometer equipped with Cu Kα radiation in a grazing incidence geometry, 

with ω angle fixed at 0.7°. 

 We also demonstrated direct WSe2 growth on both SiO2 and HfO2. During WSe2 growth, 

the substrate was maintained at 400 °C, and the Se:W flux ratio was maintained at ~5000:1. 
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Throughout the growth process, the substrate was continuously exposed to both the W and Se 

sources simultaneously. The growth was allowed to continue for 2 h and 30 min, which produced 

approximately 4 layers of WSe2, based on thickness calculations using the attenuation of the 

substrate signal in XPS (i.e., Si 2p for SiO2 or Hf 4f for HfO2). At the end of the 2 h and 30 min 

growth, the sample was cooled in a Se flux until it reached 275 °C, at which point the Se flux was 

turned off. The sample was allowed to further cool down to room temperature. 

 

4.2.3 Results and Discussion 

 

4.2.3.1 Further Investigations of Se in HZO 

 

4.2.3.1.1 Temperature Dependence of Se Incorporation 

 

The same HZO compositions as those discussed in Chapter 4.1 were exposed to sequential 

Se flux anneals at increasing temperatures in order to see how much the degree of Se incorporation 

changed with increasing the substrate temperature. Shown in Figure 4.2.1 are the Se 3d spectra for 

the two HZO samples that we studied. As we discussed in Chapter 4.1, the Zr 4s peak overlaps 

with the binding energy range where the Se 3d peaks are expected, so to better quantify the Se 3d 

intensity, we subtract the Zr 4s contribution from the raw data. 
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Figure 4.2.1. Measured Se 3d curves after each sequential anneal under a Se flux for (a) 58:42 HZO and (b) 36:64 HZO. The top 

panels have the Zr 4s contribution to each curve, and the bottom panels show the spectra after subtraction of the Zr 4s features. 

 

In the top panels of Figure 4.2.1, we show the pre-Se anneal XPS spectra, which was 

collected after an overnight outgas of the samples at 200 °C in UHV. Because this measurement 

was taken before any exposure to Se in the MBE chamber, we can use the post-overnight outgas 

curves as a baseline for the Zr 4s feature of each sample (58:42 and 36:64 HZO). Their position 

and amplitude were referenced to the Zr 3d peak of each spectra, and was then subtracted from the 

measured curve at 52 to 62 eV binding energy after each Se annealing temperature. The results of 



 95 

this curve subtraction, shown in the bottom panels of Figure 4.2.1, can be assumed to only 

represent the Se 3d features, as any contribution to that binding energy range coming from the 

HZO components, i.e., Zr 4s, have been accounted for and subtracted. 

The components of the Se 3d peaks can be determined by fitting each resulting curve, and 

an example is shown in Figure 4.2.2. For both HZO compositions, as the annealing temperature is 

increased, the first Se feature that we detect is a doublet above 55 eV, which we assign to be a 

physisorbed Se-Se component. The position and width of the Se-Se peaks are fixed for each 

subsequent temperature. As the annealing temperature is increased, a second Se chemical state at 

lower binding energy (~54 eV for the Se 3d5/2 peak) is needed to fit the spectral feature. We 

attribute this lower binding energy chemical state to a chemisorbed Se-M-O component that is 

fully incorporated into the HZO lattice (in our Se-M-O notation, M is either hafnium or zirconium, 

and O is oxygen). The chemisorbed nature of this Se-M-O state was previously discussed in section 

4.1.4.2. 

 

 
Figure 4.2.2. Example fitted Se 3d spectrum showing the Se-M-O doublet at 54.1 eV and 54.9 eV, and the Se-Se doublet at 55.3 

eV and 56.1 eV. This fitted spectrum corresponds to the 500 °C curve in Figure 4.2.1 after Zr 4s subtraction. 
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The intensity of the Se 3d5/2 peak for each chemical state as a function of Se annealing 

temperature is plotted in Figure 4.2.3. In this figure, the data for the 58:42 HZO sample are shown 

as solid bars, and the data for the 36:64 HZO sample are shown as hashed bars. It can be seen that 

for both HZO compositions, the amount of incorporated Se increases with increasing substrate 

temperature. For both cases, the Se that is initially adsorbed at lower annealing temperatures is 

composed of only a physisorbed Se-Se state, and the chemisorbed Se component, Se-M-O, is only 

detected above a certain annealing temperature. For 58:42 HZO, this happens after the 500 °C 

anneal, but for the more Zr-rich sample, 36:64 HZO, Se incorporation (Se-M-O chemical state) is 

detected after a lower annealing temperature of 410 °C. This result is expected because ZrO2 has 

a lower oxygen vacancy formation energy than HfO2 [67, 68], which means the generation of 

oxygen vacancies requires a lower temperature for ZrO2 than it does for HfO2. Because of this, it 

is expected that after simultaneously annealing our HZO samples to the same temperature, the 

more Zr-rich HZO sample (36:64) would have more available oxygen vacancy sites for Se than 

the more Hf-rich sample (58:42), resulting in a higher amount of incorporated Se at every 

temperature step that we tested. 

 

 
Figure 4.2.3. Plot of Se 3d5/2 intensity vs. annealing temperature under a Se flux for 58:42 and 36:64 HZO. The Se components 

(Se-Se and Se-M-O) are distinguished based on the color of the bar. 
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4.2.3.1.2 Depth Profiling of Se-Incorporated HZO 

 

We performed Ar+ sputter depth profiling of Se-incorporated 36:64 HZO to investigate 

how far into the 20 nm thick HZO film we can detect the incorporated Se atoms. Sputtering of thin 

films with Ar+ ions is known to induce chemical changes, reduce cation oxidation states in an 

oxide film, displace lattice atoms, and disrupt the crystalline structure of films [74]. Because of 

these ion bombardment-induced effects that may change the chemistry and structure of the film, 

we caveat that the spatial location of different species determined through this sputter depth 

profiling technique should only be taken as an estimated, and not an absolute, location within the 

film. 

Shown in Figure 4.2.4 is the Hf 4f region to illustrate how the chemistry of the Hf atoms 

changes as the HZO film is sputtered. The pre-sputter measurement shows the Hf 4f peaks at 18.0 

eV and 19.7 eV, which correspond to Hf4+ in HZO. It is noticeable that with sputtering, these peaks 

get broader, and a low binding energy shoulder is observed. The development of this low binding 

energy state is indicative of a reduction in the Hf oxidation state to something closer to metallic 

Hf. This observed effect is due to the preferential sputtering of oxygen [74-76], which is a lighter 

and smaller atom compared to the transition metals it is bonded to, i.e., Hf and Zr. 
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Figure 4.2.4. Hf 4f region of a 36:64 HZO film on TaN post-anneal in a Se flux, measured after incremental sputtering with 3 kV 

Ar+ ions. We show the spectra as-received (pre-sputter) and after every 1-min sputtering increment. 
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 Another noticeable result seen in Figure 4.2.4 is the emergence of new peaks on the high 

binding energy side of the Hf 4f peaks after roughly 5 min of total sputtering time. These doublet 

peaks at 22.9 eV and 24.8 eV are from the Ta 4f core level and correspond to the TaN layer 

underneath our HZO film. The emergence and development of the Ta 4f peaks after sputtering for 

> 5 min indicates that we are thinning the HZO material sufficiently to enable detection of the 

underlying TaN layer with increased sputter time. Because these Ta 4f peaks are close in binding 

energy to Hf 4f, the Hf 4f signal is difficult to distinguish at higher sputter times due to the tall Ta 

4f features right next to it. 

 Therefore, we draw our attention to the Zr 3d core level, which is shown in Figure 4.2.5. 

In Figure 4.2.5(a), the spectra as-received (pre-sputter) and after each incremental 1-min sputtering 

step are overlaid on top of each other. We see that the maximum Zr 3d peak intensity is decreasing 

with increasing sputter time, again indicating that we are thinning our HZO material. We also see 

that as the HZO film is sputtered, the Zr 3d peaks are getting broader and shifting to lower binding 

energy, similar to the trend observed with the Hf 4f peaks. This shift to lower binding energy of 

the Zr 3d peaks is indicative of a reduction in the Zr oxidation state towards metallic Zr. After a 

sputtering time of ≥ 8 min, majority of the Zr signal is composed of metallic Zr, Zr0. 
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Figure 4.2.5. (a) Overlaid Zr 3d spectra of Se-annealed 36:64 HZO before and after incremental 1-min sputtering steps. (b) 

Same 8-, 9-, and 10-min post-sputter spectra as in (a), offset and with the y-axis rescaled for better clarity of the low intensity 

peaks. 

 

 In Figure 4.2.5(b), the Zr 3d region after 8, 9, and 10 min of sputtering are plotted offset 

from each other to show when the Zr 3d signal drops to the noise level. Features corresponding to 

Zr0 are noticeable after 8 and 9 min of sputtering, but after a total sputter time of 10 min, we see 

no discernible Zr features in the Zr 3d window. Based on this, we assume that our 20 nm HZO 
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film was completely sputtered after 10 min of Ar+ sputtering at the ion gun conditions that we 

used, which gives us an estimated HZO sputtering rate of approximately 2 nm per min. 

We note that this sputtering rate is a slowest-case estimate, and does not account for the 

bombardment with Ar+ ions possibly driving Zr atoms deeper into the bulk of the HZO film. 

However, we expect any error to be within tenths of a nanometer based on when we first start to 

see Ta features from the TaN substrate (Figure 4.2.4). The effective attenuation length (EAL) of 

Ta 4f electrons in a layer of HZO is 2.16 nm [77, 78], and the information depth of XPS is taken 

to be approximately 3× the EAL of the photoelectrons being measured. Based on this assumption, 

the Ta 4f electrons that we first detect after 6 min of sputtering are traveling through ~6.5 nm (three 

times the EAL of 2.16 nm) of the HZO film remaining. This means that of the 20 nm thick film, 

approximately 13.5 nm had been sputtered off after 6 min, which translates to an estimated 

sputtering rate of 2.25 nm per min. 

 We can use our assumed ~2 nm per min sputtering rate to determine where the Se atoms 

are located within the thickness of the HZO film. After each incremental sputtering step, we also 

measured the Se 3d binding energy window. Figure 4.2.6 shows the Se 3d core level before any 

sputtering step, overlaid with the curves after 1 to 6 min of sputtering (1-min increments). The 

spectra plotted in Figure 4.2.6 are after subtraction of the Zr 4s contribution. We see that all of the 

post-sputter curves overlap with each other at the noise level, and we are only able to measure a 

Se peak before any sputtering step. We do not detect any Se 3d signal in our sample after the first 

(and each subsequent) 1-min sputtering step, informing us that any incorporated Se lies close to 

the surface of the HZO film. Based on our sputtering rate of 2 nm / min, we can assume that within 

XPS detection limits, the incorporated Se atoms are approximately located at the top 2 nm of the 

HZO film. 
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Figure 4.2.6. Se 3d core level of a 36:64 HZO sample annealed at 500 °C under a Se flux. We show the measured Se 3d curves 

before and after each incremental 1-min sputtering step, from 1 to 6 min total sputtering time. For clarity, the Zr 4s features have 

been subtracted from these spectra. 

 

In Chapter 4.1, we discuss that the incorporated Se does not have significant effects on the 

properties of the HZO film; however, in our studies in this chapter, we use 20 nm thick HZO films. 

Ferroelectric HZO is highly scalable, with ferroelectricity being demonstrated in films as thin as 1 

nm [79]. Given our result that incorporated Se is within the top ~2 nm of our HZO films, only 10% 

of the film has been modified. Incorporated Se atoms may have more significant electrical effects 

for applications using ultrathin HZO layers, where the Se-incorporated region will make up a 

greater fraction of the total film. 

 

4.2.3.1.3 Stability of Incorporated Se 

 

We also study the atmospheric stability of this incorporated Se, which is important to know 

in case ex-situ processing and/or ex-situ measurements are employed after a growth or annealing 
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step is performed in the MBE chamber. Since we know that the Se atoms are localized close to the 

surface, we expect them to be susceptible to atmospheric effects. 

We first examine the stability of Se-incorporated 36:64 HZO, shown in Figure 4.2.7. With 

increasing air exposure, we see that the Se 3d peaks decrease in intensity, indicating loss or 

volatilization, and shift to higher binding energy, indicating Se oxidation. In this figure, vertical 

marker lines are drawn to show the binding energy position of the Se 3d5/2 peak for different Se 

chemical states: the chemisorbed component incorporated in the HZO film, Se-M-O, the 

physisorbed component, Se-Se, and the most stable oxide of Se, SeO2. 

 

 
Figure 4.2.7. (a) Measured Se 3d spectra of Se-annealed 36:64 HZO after increasing amounts of time in atmosphere. (b) Same 

spectra as in (a), but with the y-axis rescaled to clearly show the low intensity peaks. All curves shown are post-subtraction of the 

overlapping Zr 4s features. 

 

 In Figure 4.2.7(b), the y-axis of the plot is rescaled to clearly show the differences in the 

post-air exposure Se 3d curves. After only 30 min in atmosphere, we do not detect the chemisorbed 

Se-M-O component, and the only Se chemical state that we detect is elemental Se-Se. With longer 

air exposures, we observe that the Se oxidizes, based on the appearance of the SeO2 peak and the 

decreasing intensity of the Se-Se peak. 
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 We report that there are several effects at play here. The rapid decrease in intensity of the 

Se 3d peaks within minutes of air exposure shows loss of some of the Se. Because Se is known to 

be highly volatile [80], it makes sense that our ultrathin physisorbed Se, estimated to be only ~1-

2 Å thick based on the attenuation of the Hf, Zr, and O peaks, readily evaporates. 

In addition, we also see that our incorporated Se (Se-M-O state) is not detected after 

minutes in air; after a 30-min air exposure, we only measure a peak corresponding to Se-Se. We 

have shown in section 4.1.4.2 that for the Se-M-O state, Se atoms fill oxygen vacancy sites in 

HZO, so they are bonded to either a Hf or Zr atom. Upon atmospheric exposure, these 

substitutional Se atoms are likely displaced by oxygen from atmosphere because the formation of 

Hf-O and Zr-O bonds, which results in local O-Hf-O and O-Zr-O bonding environments, is much 

more favorable than the Hf and Zr atoms being bonded to one Se and one O atom (i.e., Se-Hf-O 

or Se-Zr-O). This is supported by the bond energies and enthalpies of formation of selenides vs. 

oxides of Hf and Zr. Thermodynamic investigations show that the enthalpies of formation of HfO2 

and ZrO2 are more negative (i.e., more thermodynamically favorable) than diatomic Hf and Zr 

selenide. [81, 82] Furthermore, it has also been shown that thermodynamically stable 

dichalcogenides of Hf and Zr, i.e., HfSe2, ZrSe2, rapidly oxidize in air [83-85], providing more 

evidence of the favorable formation of Hf-O and Zr-O bonds over Hf-Se and Zr-Se. 

The discussed thermodynamic arguments and bond energetics provide a reason for the 

disappearance of the Se-M-O state in atmosphere, accompanied by the segregation of the 

remaining detectable Se atoms into an elemental Se-Se chemical state for 36:64 HZO. However, 

for 58:42 HZO, Se is completely absent based on XPS after 30 min in atmosphere, as shown in 

Figure 4.2.8. As discussed in sections 4.1.4.2 and 4.2.3.1.1, our lower Zr content HZO, 58:42, has 

less incorporated Se than 36:64 HZO. After a 500 °C anneal in a Se flux, based on our spectral 

fits, the Se-M-O peak intensity for 58:42 HZO is ~3.5× smaller than that for 36:64 HZO, as 

depicted visually in the bar graph shown in Figure 4.2.3. Since there is a smaller amount of 

incorporated Se atoms in 58:42 HZO, we expect that their segregation into elemental Se and 

subsequent oxidation and/or volatilization in air is a much faster process than what we observed 

for 36:64 HZO; based on our results in Figure 4.2.8, this occurs within 30 minutes in atmosphere. 

We note that Se can be volatilized from both the elemental Se state or the oxidized (SeO2) state, 

as both species are known to have high vapor pressures [80, 86-88]. 
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Figure 4.2.8. Measured Se 3d spectra of Se-annealed 58:42 HZO after increasing amounts of time in atmosphere. All curves 

shown are post-subtraction of the overlapping Zr 4s features. 

 

For the following section on SiO2 and HfO2, all of the measurements post-annealing/post-

MBE processing were performed ex-situ, so the lack of atmospheric stability of any incorporated 

Se, as discussed in this section, should be taken into account. We also note that for all of our studies 

where we only perform an anneal in the MBE chamber, i.e., no WSe2 growth on the dielectric, we 

do not have a protective layer on top of our Se-incorporated dielectric/ferroelectric, making them 

susceptible to atmospheric effects. This issue of instability in air could be circumvented by 

implementing in-situ contact deposition for future electrical testing of bare Se-incorporated oxides. 

Additionally, for actual TMDC channel growth using MBE, the TMDC, i.e., WSe2, grown on top 

of the dielectric will prevent the Se-incorporated oxide surface from chemically reacting with 

oxygen in air. This is expected to be true even for a thin WSe2 barrier between the oxide surface 

and atmosphere, as oxidation of WSe2 is self-limiting at the monolayer level, i.e., in ambient 

conditions, oxygen species have a high diffusion barrier across a layer of oxidized WSe2 [89-92]. 

Chapter 5.2 of this dissertation presents studies where we investigate the mechanisms of deliberate 

oxidation of WSe2. 
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4.2.3.2 Impact of the MBE Growth Conditions on SiO2 and HfO2 

 

In addition to our work on interfaces between TMDCs and ferroelectrics, we have also 

investigated TMDCs interfaced with linear dielectrics, focusing specifically on SiO2 and HfO2. 

We limit these studies to BEOL-compatible temperatures because in order to properly assess the 

feasibility of integrating our MBE technique into the fabrication of real devices, we have to ensure 

that pre-fabricated stacks are not damaged by our process. To do this, we maintain processing 

temperatures of 400 °C, which is compatible with BEOL complementary metal-oxide-

semiconductor (CMOS) fabrication [93], for all of the following sections. 

Similar to the process used for earlier sections on HZO, we annealed our SiO2 and HfO2 

samples at 400 °C for 3 h under a Se flux of 2 × 10-6 mbar, in order to replicate the substrate 

temperature and Se overpressure that these samples would undergo during actual WSe2 growth. 

For this section, XPS measurements were performed ex-situ, and the Se-annealed SiO2 and HfO2 

samples were in air for 10 min during transfer to the XPS analysis chamber. 

 

4.2.3.2.1 Chemistry 

 

For SiO2, we show the Si 2p and O 1s XPS features in Figure 4.2.9. We see that the only 

observable change in these spectra is a slight shift of the peaks after surface cleaning with UV-O3. 

After the anneal in Se flux, the peaks overlap with the peaks measured after the UV-O3 surface 

cleaning step. 
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Figure 4.2.9. Si 2p and O 1s spectra of SiO2 measured as-received, after surface cleaning with UV-O3, and after annealing under 

a Se flux in the MBE chamber. 

 

We also measured the Se 3d region, which is shown in Figure 4.2.10. It is evident from this 

figure that we do not detect any peaks corresponding to Se on the SiO2 surface. The results shown 

in Figure 4.2.9 and Figure 4.2.10 indicate that within the limits of our ex-situ XPS measurements, 

SiO2 is robust to the temperature and Se pressure used during WSe2 growth. This means that the 

use of MBE for direct deposition of a 2D semiconducting channel, i.e., WSe2, on SiO2 is a 

promising route for transistor device fabrication that does not alter the properties and chemistry of 

the SiO2 dielectric. 
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Figure 4.2.10. Se 3d binding energy region measured from SiO2 as-received, after surface cleaning with UV-O3, and after 

annealing under a Se flux in the MBE chamber. 

 

We performed this same annealing experiment (400 °C, 3 h) in a Se flux on two HfO2 

samples: one that was not pre-cleaned (annealed as-received) and one that underwent the same 

surface cleaning procedure as SiO2 (annealed post-5-min UV-O3 cleaning). The Hf 4f and O 1s 

spectra of these samples are plotted in Figure 4.2.11. Based on the general shape and position of 

these peaks, we do not observe any extra chemical features that do not correspond to the Hf-O 

chemical bonding environment in HfO2. We note that the high binding energy hump in the O 1s 

region is assigned to non-lattice oxygen [53, 94-96] present in the HfO2 film. 

 



 109 

 
Figure 4.2.11. Hf 4f and O 1s spectra of HfO2 before and after annealing under a Se flux in the MBE chamber. 

 

As seen in Figure 4.2.11, there are subtle shifts in the peaks from sample to sample. We 

quantify these peak shifts by fitting each curve and plotting the binding energy positions of the Hf 

4f7/2 and O 1s peaks. This is plotted in Figure 4.2.12, which shows that the peak shifts are mostly 

within the error of our measurement. The only shift that is bigger than our window of error is the 

uniform shift of both Hf and O peaks to higher binding energy after annealing as-received HfO2 

under a Se flux in our MBE chamber. 
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Figure 4.2.12. Plot of Hf 4f7/2 and O 1s binding energy positions for HfO2 samples. 

 

As discussed in Chapter 4.1, oxygen vacancies are n-type dopants in HfO2 [69, 70], and in 

XPS core level spectra, n-type doping manifests as a uniform shift of the HfO2 peaks to higher 

binding energy (further from the Fermi level at 0 eV). We demonstrated this in section 4.1.4.2 by 

deliberately creating oxygen vacancies in a film of HZO, after which we measured a uniform 

higher binding energy shift in the XPS core level peaks of Hf and Zr. The similar trend of the Se-

annealed as-received HfO2 sample shown in Figure 4.2.12 may be indicating that the anneal in a 

Se flux created oxygen vacancies in this film. 

This increase in number of oxygen vacancies is the opposite of what we would expect if 

Se was being incorporated in HfO2 through the anneal under a Se flux. Incorporated Se atoms 

would occupy oxygen vacancy sites, and therefore an increase in vacancy concentration would not 

be expected. However, in measuring the Se 3d region of our Se flux-annealed HfO2 samples (both 

as-received and pre-cleaned), shown in Figure 4.2.13, we see no evidence of incorporated Se in 

the HfO2 films. One caveat with this is that due to oxidation and volatilization in air, as discussed 
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in section 4.2.3.1.3, it is possible that any physisorbed/chemisorbed Se is outside the limit of 

detection of our ex-situ XPS measurements, as the samples were in air for 10 min during transfer 

to the XPS analysis chamber. 

 

 
Figure 4.2.13. Measured Se 3d region of the Se-annealed HfO2 samples (with and without a pre-clean). 

 

The findings presented in Figure 4.2.12 and Figure 4.2.13 – the measured n-type shift of 

the HfO2 film along with the lack of a detectable Se peak following an anneal in a Se flux – indicate 

that the Se flux anneal in our MBE chamber created oxygen vacancies in our as-received HfO2 

sample. This highlights that only the high temperature in a UHV environment had an effect on the 

HfO2 film, and not the high Se flux that it was exposed to. Annealing to 400 °C in UHV reduced 

the HfO2 film, thereby creating more oxygen vacancies. However, at this substrate temperature of 

400 °C, which is deliberately lower than the temperatures used in Chapter 4.1 in order to maintain 

BEOL compatibility, the Se atoms impinging on the HfO2 surface likely did not have enough 

energy to be chemisorbed or incorporated into the sample. Our results in section 4.2.3.1.1 support 

this argument; as shown in Figure 4.2.3, our Hf-rich HZO (58:42 HZO, the closer of the two HZO 

samples to HfO2 stoichiometry) only resulted in a very small amount of physisorbed Se, and no 
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chemisorbed Se-M-O component, after annealing to ~400 °C under a Se flux. Our results on the 

HfO2 samples indicate that HfO2 behaves similarly with mild heating in Se. 

 

4.2.3.2.2 Crystallinity 

 

In a device, leakage through a dielectric layer is known to occur along the grain boundaries 

of a crystallized dielectric. We can potentially mitigate this problem by ensuring that during the 

MBE growth process, the substrate temperature is maintained to be below the crystallization 

temperature of the amorphous dielectric. 

Amorphous SiO2 crystallizes at temperatures > 1000 °C [97], so we know that for the Se 

flux anneal performed in our MBE chamber (400 °C for 3 h), we are well below the temperature 

required for forming grains of crystalline SiO2. For HfO2 thin films, crystallization is more 

nuanced. Various groups have shown that the crystallization temperature of HfO2 can depend on 

several factors, such as its thickness, substrate, and deposition conditions, among others. Prior 

reports show a range of HfO2 crystallization temperatures: 250-275 °C for HfO2 deposited on a 

GaAs(100) substrate [98], 400 °C (with onset of crystallization observed at 300 °C) for HfO2 

deposited by plasma-enhanced ALD [99], 450-550 °C for rapid thermal annealing (RTA) in 

nitrogen [100], and 550-600 °C depending on the O/Hf ratio of the HfO2 film [101]. 

For our annealing experiments under a Se flux, our 20 nm HfO2 films were heated to 400 

°C for 3 h in a UHV environment. We observe that after this anneal, the Hf 4f peaks that we 

measure with XPS are narrower than the peaks measured before heating the sample. This is evident 

in Figure 4.2.14, where the Hf 4f peaks of a HfO2 sample as-received and after annealing in a Se 

flux are normalized and aligned. From this plot, it can be seen that at around 18.5 eV, the valley 

between the Hf 4f doublet dips lower for the Se-annealed sample compared to the as-received 

sample. This is a visual indicator that its full width at half maximum (FWHM) is smaller, i.e., its 

peaks are narrower. Narrowing of XPS peaks, as observed here, can be indicative of several 

phenomena, such as inducing a more uniform Hf-O bonding environment with desorption of 

adventitious species (i.e., OH), or inducing a higher degree of atomic order in the HfO2 film. In 

Chapter 5, we have similar XPS observations and further experiments that show that such 

narrowing of core level peaks can indicate at least an onset of crystallization (nucleation of grains) 

in the sample. 
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Figure 4.2.14. Normalized and aligned Hf 4f spectra of HfO2 measured as-received and post-anneal in a Se flux. 

 

To differentiate between nucleation of grains vs. full crystallization, we carried out grazing 

incidence XRD (GIXRD) on the same Se-annealed sample as in Figure 4.2.14. The result of that 

measurement is shown in Figure 4.2.15, where we did not detect any diffraction peaks from the 

orthorhombic (111), tetragonal (101), monoclinic (1o11), or monoclinic (111) reflections of HfO2. 

The marker lines drawn on the plot indicate the 2𝜃 angles at which the reflections resulting from 

these phases would have been expected. 
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Figure 4.2.15. GIXRD pattern of a 20 nm HfO2 thin film that was annealed for 3 h at 400 °C under a Se flux. 

 

The absence of any diffraction peaks provides evidence that our 3-h 400 °C Se flux anneal 

does not result in large grains in our HfO2 dielectric. While we may be inducing some amount of 

short-range order based on our XPS measurements (Figure 4.2.14), the lack of a diffraction pattern 

through GIXRD suggests that any increased order in the film is likely from very small nuclei, 

possibly from early onset of crystallization. However, we did not fully crystallize our HfO2 sample. 

The lack of large crystalline grains in our HfO2 thin film provides promising implications 

for the applicability of our BEOL-compatible MBE growth technique. Because we have shown 

that the dielectric HfO2 layer is not crystallized in-situ, we expect to avoid grain boundary 

contributions to dielectric leakage; however, this hypothesis remains to be tested in a real 

fabricated device. 

 

4.2.3.3 BEOL-Compatible WSe2 Growths on SiO2 and HfO2 

 

In this section, we demonstrate that we are able to grow WSe2 on SiO2 and HfO2 at a 

substrate temperature of 400 °C. We performed the same growth process and deposited 

approximately 4 layers of WSe2 on both dielectric substrates. The W 4f and Se 3d spectra of these 

MBE-grown samples are shown in Figure 4.2.16. 
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Figure 4.2.16. W 4f and Se 3d spectra of 4-layer WSe2 films directly deposited on SiO2 and HfO2 at a substrate temperature of 

400 °C. 

 

We can see that the measured W 4f and Se 3d peaks match what we would expect for 

stoichiometric and chemically homogeneous WSe2. We do not observe the presence of any 

additional chemical states, suggesting that the 400 °C substrate temperature maintained for these 

growths is sufficiently within the “Goldilocks zone” of temperatures that produces stoichiometric 

semiconducting WSe2, as we have previously described in another report [1]. 

We note that at 400 °C, we are close to or at the lower limit of temperatures that allows the 

growth of the stable semiconducting WSe2 phase. WSe2 has a metastable phase, called 1T’, that is 

metallic in nature. Our group has demonstrated growth of this metallic 1T’ phase at a substrate 

temperature of 375 °C during MBE [1]. Other reports have shown that 1T’ WSe2 undergoes a 

phase transition into a more stable phase at 400 °C [102, 103]. Therefore, by maintaining our 

substrate temperature at 400 °C throughout the whole growth process, we are able to avoid the 

formation of the 1T’ phase in our WSe2 films, while staying within BEOL temperature limits for 

device fabrication. 

While we have demonstrated successful BEOL-compatible growths of WSe2 and directly 

deposited them onto dielectric substrates that are relevant to transistor device structures, the 
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electrical properties and device performance of our directly grown WSe2 channels have yet to be 

studied. This will be the subject of suggested future work, as discussed in Chapter 6. 

 

4.2.4 Conclusions 

 

In this section, we reported on our investigations of different considerations needed to 

integrate our MBE WSe2 growth process as a step in device fabrication. We studied the 

temperature dependence of Se incorporation in HZO and quantified the amount of physisorbed vs. 

chemisorbed Se in our HZO substrates as a function of temperature. We found that anneals in a Se 

flux carried out at lower temperatures did not result in incorporated/chemisorbed Se atoms in HZO, 

and the temperature limit that prevents Se chemisorption varied depending on the HZO alloy 

composition. We report that incorporated Se atoms reside in the top ~2 nm of the HZO film, and 

because of their proximity to the surface, the chemisorbed Se state is not stable in atmosphere. 

We demonstrated the effects of our MBE growth conditions on two state-of-the-art 

dielectric oxides, SiO2 and HfO2. For these studies on SiO2 and HfO2, we specifically maintained 

BEOL compatibility of our substrate temperatures during MBE processing. We show that the SiO2 

and HfO2 chemistries are not affected by the substrate temperature and Se flux used during growth. 

We also did not observe in-situ crystallization of either substrate in the MBE. Finally, we 

demonstrated successful direct WSe2 growth on these dielectric substrates at a BEOL-compatible 

growth temperature of 400 °C, as we have shown with measurements of the surface and interface 

chemistry. Overall, these studies highlight the feasibility of using this MBE technique to deposit 

TMDC channels directly onto a device. 
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5 Dielectric-on-TMDC by Atomic Layer Deposition 
 

In this chapter, we present studies involving the direct deposition of dielectric/ferroelectric 

oxides on transition metal dichalcogenides (TMDCs) by atomic layer deposition (ALD). The 

dielectric-on-TMDC stack is of particular relevance for top-gated metal-oxide-semiconductor 

field-effect transistor (MOSFET) device design, in which the gate oxide is on top of the TMDC 

channel. Additionally, even in cases where the device structure is not a top-gated MOSFET, 

TMDC channels are still sometimes encapsulated with a dielectric layer for protection from 

atmospheric degradation, especially during device operation [1-4]. Thus, achieving high-quality 

dielectric-on-TMDC interfaces is important for TMDC-based devices, regardless of the FET 

gating scheme. However, the direct deposition of oxides on TMDCs and subsequent processing 

for the specific device application presents some challenges in terms of achieving uniform and 

ultrathin dielectric films and ensuring stability of the dielectric/TMDC interface during processing 

and device operation. 

We aim to address some of these challenges in this chapter, which is divided into two sections. 

The first part of Chapter 5 will discuss the interface between ferroelectric hafnium zirconium oxide 

(HZO) and TMDCs – MoS2 and WSe2. We report on the thermal stability of these HZO/TMDC 

interfaces at temperatures relevant for crystallization of HZO, which is a critical fabrication step 

to form the ferroelectric phase of HZO and make it applicable in ferroelectric FETs. The second 

part of Chapter 5 focuses on challenges associated with direct ALD on TMDCs, specifically WSe2. 

In this section, we explore the technique of ultraviolet-ozone (UV-O3) functionalization of WSe2 

in order to improve the nucleation of HfO2 on the WSe2 surface and result in smooth and uniform 

thin HfO2 films deposited by ALD. 
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5.1 Thermal Stability of Hafnium Zirconium Oxide on Transition Metal 

Dichalcogenides 

 

The following section is adapted from M.G. Sales, S.T. Jaszewski, S.S. Fields, P.M. Litwin, J.F. 

Ihlefeld, S.J. McDonnell; Thermal stability of hafnium zirconium oxide on transition metal 

dichalcogenides; Applied Surface Science, Volume 546, 149058; Published 19 January 2021; 

https://doi.org/10.1016/j.apsusc.2021.149058. © Elsevier. Reproduced with permission. All rights 

reserved. 

 

5.1.1 Abstract 

 

Ferroelectric oxides interfaced with transition metal dichalcogenides (TMDCs) offer a 

promising route toward ferroelectric-based devices due to lack of dangling bonds on the TMDC 

surface leading to a high-quality and abrupt ferroelectric/TMDC interface. In this work, the 

thermal stability of this interface is explored by first depositing hafnium zirconium oxide (HZO) 

directly on geological MoS2 and as-grown WSe2, followed by sequential annealing in ultra-high 

vacuum (UHV) over a range of temperatures (400-800 °C), and examining the interface through 

X-ray photoelectron spectroscopy (XPS). We show that the nucleation and stability of HZO grown 

through atomic layer deposition (ALD) varied depending on functionalization of the TMDC, and 

the deposition conditions can cause tungsten oxidation in WSe2. It was observed that HZO 

deposited on non-functionalized MoS2 was unstable and volatile upon annealing, while HZO on 

functionalized MoS2 was stable in the 400-800 °C range. The HZO/WSe2 interface was stable until 

700 °C, after which Se began to evolve from the WSe2. In addition, there is evidence of oxygen 

vacancies in the HZO film being passivated at high temperatures. Lastly, X-ray diffraction (XRD) 

was used to confirm crystallization of the HZO within the temperature range studied. 

 

5.1.2 Introduction 

 

Ferroelectrics have been utilized in non-volatile memory devices owing to their bi-stable 

and reversible polarization states and low power consumption [5]. The most common ferroelectrics 

in such devices, such as lead zirconate titanate, however, suffer from size scaling effects [6] that 
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limit the accessible technology node to 130 nm [7]. The relatively recent discovery of 

ferroelectricity in sub-20 nm thick, crystalline silicon-doped HfO2 [8] offers a potential pathway 

toward continued device scaling [9] and development of new devices utilizing the switchable 

polarization. Such devices include ferroelectric field effect transistors (FeFETs) [10, 11] and 

negative differential capacitance FETs [12, 13]. The ferroelectric response in HfO2-based materials 

has been attributed to a metastable non-centrosymmetric orthorhombic phase, with space group 

Pca21 [14]. This orthorhombic phase may be stabilized over the equilibrium centrosymmetric 

monoclinic phase through reduced film thickness and/or constrained grain size [15, 16], biaxial 

stress [17-19], oxygen vacancies [20, 21], and dopants, such as Si, Al, Y, Gd, and Zr [8, 22-25]. 

Zr substitution for Hf to form hafnia zirconia alloys is particularly promising for device 

applications, as these alloys exhibit low crystallization temperatures [26], possess ferroelectric 

properties that are resistant to degradation with annealing [27], and demonstrate a large 

composition space that enable ferroelectric phase formation [23]. 

 Some of the potential ferroelectric-based memory devices, such as FeFETs, require contact 

between the ferroelectric oxide, acting as a gate dielectric, and a semiconducting channel [28-32]. 

A poor interface between ferroelectric materials and silicon presents a challenge in integration 

with traditional semiconductor technology. Some issues include interdiffusion of constituents 

across the interface, and the presence of an interfacial dielectric layer (SiO2) between the 

ferroelectric and silicon [33, 34]. Thus, a potential alternative would be to use transition metal 

dichalcogenides (TMDCs) as the semiconducting material in FeFETs. Due to their 2D van der 

Waals nature, TMDCs have strong in-plane covalent bonds with no out-of-plane dangling bonds, 

thus providing high in-plane chemical stability, leading to an improved interface quality with the 

ferroelectric without intermixing or interfacial chemical species [35]. In this work, we consider the 

thermal stability of this interface, which is important for identifying potential processing 

limitations. 

Hafnium zirconium oxide (HZO) films deposited by atomic layer deposition (ALD) are 

typically amorphous and require annealing at temperatures ranging from 400-800 °C for 

crystallization [18, 19, 36]. Thus, the ferroelectric/TMDC heterostructure must be able to 

withstand these temperature excursions. Exposing ferroelectric/TMDC heterostructures to high 

temperatures in the fabrication of ferroelectric-based devices has been shown in previous work 
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[30], with the focus being mainly on the device fabrication and not on the interface itself. The 

present study is limited to the direct interface between the ferroelectric and the TMDC. 

In this study, we explore HZO as our ferroelectric, and examine its interface with 

semiconducting TMDCs, MoS2 and WSe2. While it is conventional to prepare HZO on an 

electrode (e.g. TiN) [23], doing so would require transfer of the TMDC onto the HZO after the 

HZO is prepared. It is known that transfer processes introduce contaminants by leaving behind 

residues that could affect the interface and device properties [37-41]. Thus, in this work, we 

directly grow HZO on TMDCs through ALD, and show differences in the efficacy of the ALD 

process depending on the TMDC and its functionalization. The focus of this work is to study how 

the interface changes at anneal temperatures that are conventional to crystallizing HZO films (i.e., 

400-800 °C). 

 

5.1.3 Methodology 

 

Two types of geological MoS2 (SPI Supplies [42]) substrates were used – untreated and 

ultraviolet-ozone (UV-O3) treated. The untreated sample was mechanically exfoliated with Scotch 

tape in order to remove the topmost layers of MoS2 and expose a clean surface. The UV-O3 treated 

sample was a similarly exfoliated sample that underwent UV-O3 treatment in air for 30 s using a 

UV grid lamp connected to a 3 kV, 0.03 A power supply (BHK, Inc.). Prior work has shown that 

UV-O3 enhances ALD nucleation on MoS2 and leads to more uniform growth of Al2O3 and HfO2 

[43, 44]. Previous reports have used UV-O3 treated MoS2 in transistors [45, 46], and have shown 

that this UV-O3 functionalization of MoS2 allowed deposition of a continuous HfO2 dielectric layer 

with low leakage [47]. 

 WSe2 was grown on a 1 x 1 cm square of highly ordered pyrolytic graphite (HOPG) from 

SPI Supplies [42] using molecular beam epitaxy (MBE) in an ultra-high vacuum (UHV) system 

described elsewhere [48]. The HOPG crystal was outgassed for approximately 12 h in the MBE 

chamber at 250 °C. The WSe2 growth was performed at 550 °C with a Se:W flux ratio of 7500:1. 

An initial ripening step was carried out wherein the sample was periodically exposed to the W flux 

for 30 s in 90 s intervals while the Se flux was kept constant. This interrupted growth technique is 

adapted from literature [49, 50]. Additionally, the use of a ripening step has also been demonstrated 

in other reports [51, 52]. The ripening step was conducted for a total of 38 min, after which the 
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sample was cooled in a Se flux until it reached 375 °C. At this temperature, the Se flux was 

terminated, and the sample was continuously cooled to below 100 °C. The sample was then 

reheated to growth temperature. An uninterrupted growth followed, in which the W and Se fluxes 

were kept constant for 2 h 40 min. The growth rate was monitored through in-situ reflective high 

energy electron diffraction (RHEED), and the growth was ended when approximately 4 layers of 

WSe2 were formed on the substrate. At the end of the growth, the sample was cooled to 275 °C in 

a Se flux to minimize chalcogen vacancies. At 275 °C the Se flux was turned off to avoid Se 

adsorption on the surface, and the sample was further cooled to room temperature. This employed 

MBE growth procedure results in repeatable WSe2 chemistry as has been characterized in a number 

of publications [53-55]. 

The untreated MoS2, UV-O3 treated MoS2, and as-grown WSe2 were all loaded side-by-

side into an Oxford FlexAL II ALD instrument for deposition of HZO. ALD was conducted at 

150 °C utilizing Tetrakis(ethylmethylamido)hafnium (TEMA-Hf) and 

tetrakis(ethylmethylamido)zirconium (TEMA-Zr) precursors in a 1:1 dose ratio with H2O as an 

oxidant and argon as a carrier gas. The precursor temperatures were 70 °C for TEMA-Hf and 85 

°C for TEMA-Zr. For HZO deposition, unless otherwise stated, the deposition sequence was such 

that the TEMA-Hf precursor was introduced first, followed by oxidant, and then the TEMA-Zr 

precursor, followed by oxidant. The pulse and purge times were 1 s and 3 s, respectively, for 

TEMA-Hf, and 1.5 s and 6 s, respectively, for TEMA-Zr. Following each precursor dose, the H2O 

oxidant was pulsed for 20 ms and evacuated for 16 s. The growth rates per cycle for HfO2 and 

ZrO2, calibrated on bare silicon substrates, were approximately 1.2 Å/cycle and 1.4 Å/cycle, 

respectively. In addition, we note that these ALD conditions are optimized for uniformity across a 

100 mm wafer, and the three samples loaded were all placed within this 100 mm diameter. A film 

thickness of approximately 1 nm (4 total Hf and Zr cycles) was targeted for samples for interface 

chemistry studies using X-ray photoelectron spectroscopy (XPS). The 1 nm film thickness allows 

measurement of the XPS core levels of both the underlying TMDC substrate as well as the HZO 

film on the surface. 

 Sequential heating and XPS were performed on the HZO/TMDC samples in the same UHV 

chamber described previously [48]. XPS spectra were taken using a monochromated Al Ka X-ray 

source at 300 W with a Scienta Omicron R3000 analyzer at a pass energy of 50 eV. XPS binding 

energy calibration was performed by aligning the Au 4f peak of a clean reference gold sample to 
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83.96 eV [56]. XPS measurements were acquired after HZO deposition, after annealing in UHV 

for 20 min at 400 °C, and after annealing in UHV for 40 min each at 500 °C, 600 °C, 700 °C, and 

800 °C. The anneals at each temperature were performed on all three samples simultaneously, 

meaning that the three samples were maintained at the same temperature for the same amount of 

time for each annealing step. Spectral analysis of XPS results was carried out using kolXPD 

software [57]. All peaks were fit with Voigt lineshapes. 

In addition to the samples for XPS studies, two separate samples with thicker layers of 

HZO were prepared for X-ray diffraction (XRD) measurements to assess crystallization. 

Approximately 10 layers of WSe2 was MBE-grown on an AlN/Si (111) substrate using the same 

method described for the WSe2 growth on HOPG. After MBE growth, ~20 nm thick HZO (83 total 

Hf and Zr cycles) was deposited on the WSe2 by ALD under the same conditions as described 

above. Note that for these samples for XRD, AlN/Si (111) was used as the substrate instead of 

HOPG because the (002) peak of HOPG at 26.6° in 2θ would interfere with the signal of HZO, 

whose peaks of interest are within the 2θ range of 26-33°. A Rigaku Smartlab X-ray Diffractometer 

using Cu Kα radiation in a parallel beam configuration with a fixed incident angle of 0.7° (greater 

than the critical angle for total external reflection) was used for grazing-incidence X-ray diffraction 

(GIXRD) measurements to assess crystallinity and phase assemblage. GIXRD measurements were 

performed in the 2θ range of 26-33° as this region possesses reflections of the possible 

polymorphs: the monoclinic P21/c1 phase, tetragonal P42/nmc phase, and orthorhombic Pca21 

phase. 

 

5.1.4 Results and Discussion 

 

5.1.4.1 HZO Atomic Layer Deposition Efficacy 

 

Figure 5.1.1 shows the XPS spectra of the TMDC substrates immediately following HZO 

deposition. The detected features correspond to the expected peaks based on the chemical bonding 

environment of MoS2 and WSe2 (Mo-S and W-Se bonds, respectively). We note that for the WSe2 

sample, oxidation of W (W-O bonds) from the ALD process was evident, and this is discussed 

further in section 5.1.4.3. No additional features were observed after ALD on MoS2. A non-

covalent interface between the TMDCs and HZO film is expected, as a smooth interface without 
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intermixing between TMDCs and oxides such as HfO2 [44, 58-60], ZrO2 [61], and Al2O3 [43, 60, 

61] have been observed through photoemission spectroscopy and electron microscopy techniques 

in previous reports. 

 

 
Figure 5.1.1. XPS spectra of the TMDC substrates after HZO deposition: (a) untreated MoS2, (b) UV-O3 treated MoS2, and (c) 

WSe2 grown via MBE. The different core levels and chemical states are labeled. 

 

Shown in Figure 5.1.2 is the Hf 4f region for all three samples after HZO deposition. The 

peak intensities are related to the amount of HZO deposited on each sample. It should be noted 



 130 

that the ALD conditions used were optimized for uniformity across a 100 mm wafer, indicating 

that any differences in thickness are not attributable to ALD processing nonuniformities. Since 

HZO deposition was performed with all three samples in parallel, and all were exposed to air for 

the same amount of time between the ALD process and XPS characterization, the differences in 

peak intensities can be confidently assumed to indicate differences in the efficacy of the same HZO 

deposition process on these different TMDC substrates. 

 

 
Figure 5.1.2. Hf 4f spectra after ALD of HZO on as-grown WSe2, UV-O3 treated MoS2, and untreated MoS2. 

 

The untreated MoS2 sample resulted in the lowest Hf 4f peak intensity after HZO 

deposition. It is likely that the HZO deposited on untreated MoS2 is composed of islands, rather 

than a uniform HZO film. A poor ALD oxide film morphology on a non-functionalized MoS2 

surface has been shown previously in other works [43, 58]. 

The UV-O3 treated MoS2 sample resulted in the highest Hf 4f peak intensity. Prior research 

has shown that UV-O3 treated MoS2 results in a functionalization of the surface that increases the 

number of nucleation sites for ALD of oxides on MoS2, which leads to uniform film deposition 

[43]. The functionalization of the MoS2 surface through UV-O3 exposure, as reported by Azcatl et 

al. [43], is achieved by forming bonds between sulfur and oxygen atoms adsorbed on the surface, 

without breaking the Mo-S bonds. The oxygen-terminated surface provides ideal nucleation sites 
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for ALD, leading to good film morphology and uniformity. However, long exposures of MoS2 to 

UV-O3 have also been found to oxidize the Mo, which compromises the MoS2 [41, 62]. In this 

work, the process developed by Azcatl et al. has been found to be transferrable to a bench-top UV 

lamp, with 30 s of UV-O3 exposure in air. XPS results showing the differences between as-

exfoliated (untreated) MoS2 and UV-O3 treated MoS2 can be found in Figure 5.1.3. XPS shows 

that a 30 s UV-O3 treatment provided S-Oads bonds without breaking Mo-S and forming Mo-O. 

 

 
Figure 5.1.3. Mo 3d and S 2p spectra of MoS2: (a) as-exfoliated/untreated, and (b) after UV-O3 exposure in air for 30 s. Through 

UV-O3 treatment, the MoS2 is functionalized by adsorbed oxygen atoms on the surface, forming S-Oads bonds that are confirmed 

with XPS. 
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As shown in Figure 5.1.2, this functionalization allowed improved nucleation and growth 

of HZO by ALD, as evidenced by the increased Hf 4f peak intensity for the UV-O3 treated sample. 

The ALD was found to be most optimal for UV-O3 treated MoS2, and least optimal for untreated 

MoS2. The intensities of the Hf 4f peaks for the as-grown WSe2 and untreated MoS2 samples are 

similar, but it will be shown later that the HZO film on untreated MoS2 is highly unstable at 

elevated temperatures, whereas the HZO film on as-grown WSe2 is comparatively stable. 

Furthermore, it was shown previously that UV-O3 treatments of WSe2 can lead to etching of the 

WSe2 [44], so this was not employed here. 

 

5.1.4.2 HZO Thermal Stability on MoS2 

 

To demonstrate the difference in the thermal stability of HZO on non-functionalized 

(untreated) vs. functionalized (UV-O3 treated) MoS2, Figure 5.1.4 shows the evolution of the Hf 

4f spectra on both types of MoS2 at varying anneal temperatures, conducted under UHV 

conditions. 

 

 
Figure 5.1.4. Hf 4f spectra of HZO deposited on (a) untreated MoS2 and (b) UV-O3 treated MoS2 after ALD and after each 

annealing step. 
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For the non-functionalized MoS2 sample as shown in Figure 5.1.4(a), the Hf 4f features at 

approximately 17 eV and 19 eV decrease in intensity after the 400 °C anneal. At the higher 

temperature anneals, the Hf 4f peak intensities decrease further. This suggests that the HZO film 

is removed with heating the untreated MoS2 sample. We acknowledge that a decrease in XPS peak 

intensity could be interpreted as diffusion of the HZO components into the bulk, but this is unlikely 

when decreasing peak intensities are not observed for the parallel sample (UV-O3 treated MoS2). 

The decreasing trend can also be observed with the Zr 3d spectra of the untreated MoS2 sample 

(shown in Figure 5.1.5(a)), and there are no discernable Zr 3d peaks for anneal temperatures higher 

than 400 °C, further elucidating the removal of the HZO film on untreated MoS2 at high 

temperatures. 

 

 
Figure 5.1.5. Zr 3d spectra of HZO deposited on (a) untreated MoS2 and (b) UV-O3 treated MoS2, after ALD and after each 

annealing step. For untreated MoS2, the Zr 3d peaks significantly decrease in intensity after annealing, and are no longer 

discernable after annealing to 500 °C and higher. For the spectra of both samples, note that the peaks for the 400 °C anneal 

curves (maroon) are shifted to higher binding energy (~0.3 eV higher), exhibiting a similar trend as the Hf 4f spectra. This shift 

to higher binding energy after the first annealing step is attributed to a loss os oxygen in the HZO with initial heating. 
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Because there are no detectable Zr 3d features remaining at anneal temperatures of 500 °C 

and higher, while small Hf 4f peaks are still detected, this suggests that the Zr species are desorbed 

before the Hf species. To verify that this is not an effect of the order in which the ALD precursors 

were deposited, a separate HZO on untreated MoS2 sample was prepared wherein the deposition 

order of the precursors was reversed, i.e., TEMA-Zr was the first precursor introduced to the 

growth chamber followed by oxidant and then TEMA-Hf. The results for this additional sample 

are shown in Figure 5.1.6 and reveal the same behavior of near complete reduction of Zr 3d signals 

and significant reduction of Hf 4f peaks. 

 

 
Figure 5.1.6. Zr 3d and Hf 4f spectra of an additional HZO on untreated MoS2 sample. For this sample, the Zr precursor was 

deposited before the Hf precursor, which is the opposite deposition order for the other HZO samples discussed in this chapter. It 

can be seen that even with the order of the precursors reversed, the Hf species are still retained on the sample surface better than 

the Zr species. The Zr 3d doublet (seen at ~183 eV and ~186 eV in the black curve) is not present after the 400 °C anneal, 

indicating loss of the Zr species, but detectable peaks are still evident in the Hf 4f spectra (~17 eV and ~19 eV), which are 

indicative of Hf species remaining on the sample. 

 

Reasons for preferred sticking of HfO2 over ZrO2 on MoS2 are not clear at this time and 

will require further investigation. Atomic force microscopy (AFM) characterization, as shown in 

Figure 5.1.7, reveals no major difference in the film morphology of HZO on untreated MoS2 post-

annealing, regardless of the order of HZO precursor deposition. An analysis describing the 
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correlation of the surface coverage in these AFM micrographs and the measured HfO2 XPS peak 

intensities is presented in Appendix A. 

 

 
Figure 5.1.7. AFM micrographs and line profiles of HZO on untreated MoS2 samples after annealing. For (a), TEMA-Hf 

precursor was deposited first, and for (b), TEMA-Zr precursor was first during ALD of HZO. These micrographs indicate no 

major differences in the film morphology regardless of the order of precursor deposition during ALD. It is known from XPS that 

the remaining material after annealing of HZO on untreated MoS2 is HfO2. These HfO2 clusters seen in AFM are estimated to be 

~1.4 nm tall based on the average peak height from the line profiles. 

 

The removal of HZO from the untreated MoS2 surface at temperatures > 400 °C is 

consistent with the model for ALD on MoS2 proposed in earlier work [58]. In that work, it was 

suggested that depositions on MoS2 did not occur through reactions with the substrate, but instead 

relied on reactions between the precursors in physisorbed states on the substrate surface. The 

reaction products were assumed to be less volatile than the unreacted precursors at the deposition 

temperature of 200 °C, and it was still assumed to be lacking covalent bonds to the surface as 

evidenced by the lack of observable changes in the XPS core level spectra of the Mo or S features. 

This assumption of weakly bonded species that were less volatile than individual precursors would 
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seem to be consistent with our present observations of thermal desorption at higher temperature; 

however, it cannot exclude that the presence of Zr in the present study may also play a role in the 

instability. 

HZO on a functionalized MoS2 substrate, as shown in Figure 5.1.4(b), exhibits a different 

trend. The initial 400 °C anneal shows an increase in Hf 4f intensity compared to the as-deposited 

curve. This is consistent with adventitious carbon or hydroxide species being desorbed with 

heating, thus reducing attenuation effects and increasing the signal coming from the HZO film. 

Note that the desorption of adventitious contaminants also occurs for the non-functionalized MoS2 

sample, but the removal of the HZO film dominates over the effects of removing contaminants, 

with the overall result being the decrease in the Hf 4f intensity. It is observed that with increasing 

the anneal temperature, the Hf 4f intensity in Figure 5.1.4(b) stays consistent, indicating that most, 

or all adsorbates on top of the HZO film were likely removed from the initial 400 °C anneal. 

Further, by comparing the relative intensities of Hf 4f in Figure 5.1.4(b) with those of Zr 3d in 

Figure 5.1.5(b), we observe no clear trend. The ratio of the Hf 4f to Zr 3d intensities are plotted in 

Figure 5.1.8 to illustrate this. 

 

 
Figure 5.1.8. Plot of intensity ratio of Hf 4f (from Figure 5.1.4(b)) to Zr 3d (from Figure 5.1.5(b)) at the different annealing steps 

for HZO deposited on UV-O3 treated MoS2. The red line denotes the average of the six data points. 
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Fluctuations ≤ 6% of the average value are observed and are attributed to fitting errors 

which are enhanced by the S 2p loss feature that overlaps with the Zr 3d region. This indicates that 

the amount of HZO is not reduced with high temperature anneals, suggesting that the HZO on 

functionalized MoS2 is thermally stable for the full temperature range used in this study. AFM 

micrographs of as-deposited and annealed HZO on functionalized MoS2, shown in Figure 5.1.9, 

highlight this as well. 

 

 
Figure 5.1.9. AFM micrographs of HZO on UV-O3 treated MoS2: (a) as-deposited, and (b) after 400-800 °C anneals in UHV. 

 

Figure 5.1.9 shows AFM micrographs and line profiles of 5 nm HZO films, which are of 

comparable thickness to the work of Azcatl et al. [43]. We show uniform HZO deposition on 

functionalized MoS2 and highlight the thermal stability of the deposited material, as shown by the 

unchanging general film morphology pre- and post-annealing. Furthermore, we demonstrate 

repeatability of the effects of MoS2 functionalization from previous work [43], in which conformal 

growth and full coverage, based on the absence of 5 nm pinholes, are achieved. 
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This emphasizes the importance of functionalization for oxide growth on MoS2. As well as 

exhibiting low coverage, island growth, and a non-ideal interface, as shown previously [43, 58], 

this present study also demonstrates that ALD of an oxide on a non-functionalized MoS2 surface 

will produce a thermally unstable film. Other than changes in intensity, it is also notable that the 

400 °C curve in Figure 5.1.4(a) and (b) are shifted to higher binding energy. These peak shifts will 

be discussed in section 5.1.4.4. 

 

5.1.4.3 HZO Thermal Stability on WSe2 

 

To examine the thermal stability of the HZO film deposited on MBE-grown WSe2, the 

evolution of the Hf 4f curves after ALD of HZO and after sequential annealing is shown in Figure 

5.1.10. The intensities of the Hf features do not change significantly within the temperature range 

studied. When compared to MoS2, these results demonstrate that HZO deposited on non-

functionalized WSe2 has superior thermal stability over a non-functionalized MoS2 substrate. 

 

 
Figure 5.1.10. Hf 4f spectra of HZO deposited on as-grown WSe2 after ALD and after each annealing step. 

 

We now turn our attention to changes in the WSe2 itself at the different annealing 

temperatures. The normalized W 4f spectra after ALD and after each anneal are plotted in Figure 
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5.1.11(a). It is evident that following ALD of HZO, the W is partially oxidized, based on the 

presence of high binding energy peaks corresponding to WO3 (~35.6 and 37.8 eV). The WO3 peaks 

are observed to decrease in intensity with increasing anneal temperature, as discussed in section 

5.1.4.4. The presence of this oxide indicates that excess oxygen in the ALD process, i.e., water 

vapor and impurities in the carrier gas, have oxidized the tungsten. A higher density of defects 

such as step edges in the as-grown WSe2 sample makes it more susceptible to reaction with oxygen 

sources in the ALD chamber, thus forming WO3. It is important to note that atmospheric exposure 

was minimized in transferring this WSe2 sample between the ALD and analysis chambers, so 

oxidation of the underlying WSe2 film due to a few minutes of atmospheric exposure pre- and 

post-HZO deposition is unlikely. The W 4f spectra of a similarly grown WSe2 sample before and 

after 20 minutes of atmospheric exposure is shown in Appendix B. It is noted that this brief 

exposure to atmosphere did not lead to the emergence of any significant tungsten oxide peaks, 

which is consistent with a previous report showing similar WSe2 exposure data [63]. 

Another noteworthy observation from the normalized W 4f spectra is the emergence of a 

sub-stoichiometric (WSe2-x) state after the 800 °C anneal. This state is seen as an asymmetry at the 

low binding energy side for the 800 °C curve, which has also been observed for MBE growths of 

WSe2 using low Se:W flux ratios [55]. The spectral deconvolution of the post-800 °C anneal W 4f 

spectrum is shown in Figure 5.1.11(b). In this figure, the low intensity portion of the spectrum is 

enlarged and emphasized, in order to clearly depict the WSe2-x peaks. The main WSe2 peaks are 

present at 32.2 eV and 34.4 eV (green peak fits), while the sub-stoichiometric peaks are at 31.5 eV 

and 33.7 eV (magenta peak fits). The appearance of the sub-stoichiometric state, WSe2-x, shows 

that annealing to temperatures as high as 800 °C volatilizes some of the Se in the WSe2 film, which 

makes it selenium-deficient and thus may affect its properties. This result shows that our as-grown 

WSe2 is not thermally stable beyond 700 °C. Similar decomposition of MBE-grown WSe2 above 

700 °C has been shown in other work [64]. For the annealing time used in this experiment (20-40 

min), we report a thermal budget of 700 °C for the HZO/WSe2 interface. At 700 °C and below, 

both the HZO and the WSe2 appear to be thermally stable. After annealing this sample to 800 °C, 

decomposition was observed in the TMDC. Some Se was driven off of the WSe2, leaving behind 

a sub-stoichiometric component in the film as shown in Figure 5.1.11. 
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Figure 5.1.11. (a) Normalized W 4f spectra after ALD of HZO and after each annealing step. (b) Spectral deconvolution of 800 

°C W 4f spectrum (red curve in (a)). Three chemical states are present: WO3, WSe2, and WSe2-x. Note that the WSe2 and WSe2-x 

peaks have similar peak widths. The WO3 features are broader because the oxide state is expected to be more disordered. 

 

We also utilized Raman spectroscopy after each process performed on the TMDCs to 

further characterize any changes caused by our HZO deposition and annealing conditions. Raman 

spectra for WSe2 and MoS2 as-grown and as-received, respectively, after ALD of HZO, and after 

annealing treatments in UHV, are shown in Figure 5.1.12. In the Raman spectra, no major changes 

are observed in the peak positions and relative intensities between the as-grown/as-received 

material, post-ALD, and post-annealing (500 °C) steps. 
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Figure 5.1.12. Raman spectra of (a) WSe2 and (b) MoS2 substrates used for ALD of HZO. 

 

5.1.4.4 Oxygen Vacancies in HZO 

 

The Hf 4f spectra presented above (Figure 5.1.4 and Figure 5.1.10) show that the 400 °C 

spectra for all three samples (untreated MoS2, UV-O3 treated MoS2, and as-grown WSe2) are 

shifted to higher binding energy (+0.3 eV) with respect to their positions from the as-deposited 

spectra. It should also be noted that at 400 °C, the Zr 3d peaks (Figure 5.1.5) shift to higher binding 

energy together with the Hf peaks. Such identical shifts in both Hf and Zr are indicative of an 

electronic change such as charging or Fermi level shifts. These shifts can be attributed to a loss of 

oxygen in the HZO with initial heating. Shifts to higher binding energy after one annealing step is 

consistent with previous observations on TiO2, HfO2, and ZrO2 deposited on Si (100) [65, 66]. 

It has been reported previously that heating of oxide films causes a loss of some oxygen 

[65-67], which corresponds to introduction of oxygen vacancies. Oxygen vacancies can serve as 

n-type dopants in HfO2 [68, 69] and ZrO2 [69]. However, after anneals at 500 °C and higher, the 

Hf 4f peaks shift back to lower binding energy, which signifies that the Fermi level moves closer 

to the valence band, and is thus characteristic of a decrease in n-type charge carriers. Therefore, 
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this shift to lower binding energy at the high temperatures is attributed to passivation of oxygen 

vacancies in the HZO film. This requires a source of atoms responsible for oxygen vacancy 

passivation, and we propose two possibilities: one using oxygen atoms and the other using 

chalcogen atoms. We discuss both possibilities in this section. 

We first discuss the proposed vacancy passivation mechanism involving oxygen atoms. 

Figure 5.1.13 shows the O 1s spectra of HZO on functionalized MoS2 at different annealing stages. 

For comparison, the O 1s spectra of the other two samples (untreated MoS2 and WSe2) are shown 

in Figure 5.1.14. The peaks seen in the O 1s spectra can be classified into three main features, as 

labeled in the figure. The high intensity oxygen peak at the low binding energy side corresponds 

to metal oxide; the intermediate peak between 532-533 eV is assigned to non-lattice oxygen (O2-) 

present in the material [70-72]; and the high binding energy feature is from adventitious oxygen 

species adsorbed on the surface, likely from residual hydroxide from the ALD process as well as 

atmospheric exposure after HZO deposition. 

 

 
Figure 5.1.13. O 1s spectra of HZO on the functionalized MoS2 sample. 
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Figure 5.1.14. O 1s spectra of HZO on (a) untreated MoS2 and (b) WSe2 at different annealing stages. We note that for the 

untreated MoS2 sample, there are no discernable features in the O 1s spectra at anneals higher than 400 °C because of removal 

of adventitious contaminants and most of the HZO overlayer film (non-lattice oxygen and metal oxide components). 

 

We draw attention to the non-lattice oxygen feature. Here we note that the as-deposited 

HZO films are amorphous and therefore do not have a lattice arrangement of atoms. Crystallization 

of these films is discussed in section 5.1.4.5. In the case that the HZO does not have a lattice, it 

should be noted that the non-lattice oxygen component corresponds to oxygen atoms that are 

coordinated differently. For HfO2, the oxygen atoms can have a coordination number of 3 or 4 

[73]. We assume non-lattice oxygen to have a non-threefold and non-fourfold coordination. We 

report that after the HZO deposition, there is an excess of oxygen anions in the material, based on 

the large non-lattice oxygen peak. Negatively charged excess oxygen after oxide deposition has 

been previously reported by Fulton et al. [65, 66]. Although some amount of non-lattice oxygen is 

removed from the film after the first anneal at 400 °C, there is still O2- remaining after this initial 

anneal. It is known that non-lattice oxygen can react with oxygen vacancies, ultimately passivating 

the defects and neutralizing charge [70, 71], so it is possible that the non-lattice oxygen is being 

consumed by the HZO film to passivate oxygen vacancies. We thus speculate that the remaining 
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non-lattice oxygen, or O2- anions, after an initial UHV anneal are more tightly bound to the oxide 

film, and could act as an oxygen source for passivating oxygen vacancies. 

 We note that for the HZO on WSe2 sample, the WO3 could also be playing a role in vacancy 

passivation. As mentioned earlier, it is seen in Figure 5.1.11(a) that the WO3 features decrease in 

intensity with increasing temperature. Thus, another potential oxygen source for passivating 

oxygen vacancies at the higher temperature anneals is this WO3 at the HZO/WSe2 interface. 

Sowinska et al. [72] and Bertaud et al. [74] have shown that oxygen vacancies in HfO2 are 

passivated by a metal oxide (TiOy) interfacial layer between their HfO2 film and a Ti top electrode. 

In the present study, it is possible that the oxygen from the WO3 is being consumed to passivate 

oxygen vacancies, which makes the HZO less n-type after higher temperature anneals (500-800 

°C). 

For both HZO on MoS2 and HZO on WSe2, a second potential source for passivating atoms 

is the TMDC underlayer. Because the HZO is in contact with a TMDC, it cannot be discounted 

that the chalcogen atoms from the TMDC substrate could be diffusing into the HZO film and 

passivating any oxygen vacancies in it. Sulfur (from MoS2) and selenium (from WSe2) have the 

same valence as oxygen, making them both a likely candidate for being a substitutional atom for 

oxygen in the HZO lattice. For this proposed vacancy passivation mechanism, we speculate that 

at 400 °C, there is not enough thermal energy for diffusion of excess S or Se from the TMDC into 

the HZO. This is why the HZO becomes more n-type, signifying an increase in oxygen vacancies, 

at this annealing temperature. The vacancy passivation occurs at higher temperature anneals, 

wherein any excess chalcogen atoms, such as interstitials or intercalants in the TMDC, may have 

enough energy to diffuse away from the TMDC substrate and into the HZO. We report that changes 

in the widths of the XPS features due to this potential phenomenon are not detected in these 

samples because the concentration of oxygen vacancies is outside the detection limit of XPS. 

Based on our XPS data, it is not possible to differentiate between oxygen or chalcogen atoms as 

the source of vacancy passivation. 

 

5.1.4.5 Crystallization of HZO 

 

Crystallization of the amorphous as-deposited HZO is expected to occur within the 

temperature range used in this work. With a 10 nm Hf0.5Zr0.5O2 film, Park et al. report a mixture 
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of the orthorhombic and tetragonal phases after annealing at 400-500 °C, and a mixture of the 

monoclinic, orthorhombic, and tetragonal phases after annealing at 600-700 °C. They state that the 

start of crystallization occurs with the formation of the tetragonal phase, followed by the 

transformation of some grains into the orthorhombic phase because of a two-dimensional stress 

effect. At higher temperatures, the monoclinic phase is formed, primarily from the tetragonal 

phase, as the grain size increases. [36] A study by Hsain et al. confirms these phase transitions 

through in-situ high-temperature XRD, which allowed them to study the phases present in 30 nm 

films of different HZO compositions as they develop during heating and cooling. Additionally, 

they revealed that for annealing temperatures of 500-1000 °C, the monoclinic phase fraction 

increases linearly with increasing temperature. [75] 

Using XPS, we have found the HZO to show qualitative signs of ordering after annealing 

at 500 °C and higher. Figure 5.1.15 shows the Hf 4f data from Figure 5.1.4(b) normalized and 

energy corrected. It is clear from the peak-to-valley ratio, which is the ratio between the maximum 

intensity and the value between the doublet feature, that the full width at half maximum of the 

individual components has decreased after annealing at temperatures of 500 °C and higher. This 

sharpening of the peaks typically indicates some degree of increased ordering of the material. We 

report that this ordering phenomenon is because of the onset of crystallization of the HZO. 

 

 
Figure 5.1.15. Normalized and overlaid Hf 4f spectra of HZO on functionalized MoS2 (from Figure 5.1.4(b)). 
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All three samples discussed above comprised a very thin layer (~1 nm) of HZO, which is 

much thinner than typical HZO films used in devices, as these samples were primarily used for 

XPS interfacial studies. These 1 nm HZO films were also too thin to get sufficient XRD signal, 

therefore, thicker HZO samples were required to obtain strong and meaningful diffraction peaks 

that show crystallization. We thus fabricated two separate samples for XRD. Approximately 10 

layers of WSe2 was MBE-grown on an AlN/Si (111) substrate using the same method described 

for the WSe2 growth on HOPG. After MBE growth, nominally 20 nm of HZO was deposited on 

top of the WSe2 through ALD. 

The first sample (HZO/WSe2/AlN sample 1) was subjected to a series of anneals in UHV 

for 40 min at each of the following temperatures: 400 °C, 500 °C, and 600 °C. This annealing 

procedure replicates that of the samples in the XPS study. GIXRD measurements were performed 

after each annealing step. No peaks were observed in any of the diffraction measurements; the 

pattern measured after the 600 °C anneal is shown in blue in Figure 5.1.16. 

The second sample (HZO/WSe2/AlN sample 2) was subjected to a 600 °C anneal in UHV 

for 80 min rather than 40 min to allow more time for grain growth. The GIXRD pattern for this 

sample after the 600 °C anneal is shown in black in Figure 5.1.16. The pattern indicates that the 

HZO has crystallized and demonstrates mixed phase assemblage due to the presence of both 

monoclinic and orthorhombic and/or tetragonal peaks. The peak at 30.5° presents challenges in 

indexing due to similar d-spacings of the orthorhombic and tetragonal phases; therefore, this peak 

could be the result of the orthorhombic (111) reflection, the tetragonal (101) reflection, or both. 

The peak at 31.7° can be attributed to the monoclinic (111) reflection. It is interesting to note that 

the monoclinic (1o11) reflection at 28.3° is of much lower intensity than the monoclinic (111) 

reflection, suggesting that some degree of crystallographic texture exists, or that the strain state of 

the film has resulted in preferred orientation of the monoclinic phase, as the (111) and (1o11) 

reflections represent planes of the same family that are related by a ferroelastic transformation. 
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Figure 5.1.16. GIXRD patterns of the 20 nm thick HZO on WSe2 samples. For these measurements, the X-ray incident angle was 

fixed at 0.7°, and the 2θ range of 26-33° was measured. Markers designate reflections for tetragonal, orthorhombic, and 

monoclinic phases. 

 

We note that while a 40 min anneal, used for HZO/WSe2/AlN sample 1, was sufficient to 

observe peak narrowing by XPS, it did not yield detectable peaks in XRD (blue curve in Figure 

5.1.16). We speculate that 40 min was sufficient to generate short-range atomic order, possibly in 

the near-surface region to which XPS is most sensitive, but was insufficient to suitably coarsen 

them. In previous work, it was shown that newly formed grains in 2.8 nm thick HfO2 were ~1-2 

nm in size [67]. These grain sizes would be expected to produce peaks that are too broad (~10 

degrees in 2θ) to be observable by XRD. For HZO/WSe2/AlN sample 2, the anneal time was longer 

to allow grain coarsening, such that XRD peaks are observable (black curve in Figure 5.1.16). In 

Chapter 5.2 (section 5.2.4.2.1), we present further evidence of the relationship between XPS peak 

widths and crystallization onset, observed with electron diffraction, for HfO2 thin films that were 

similarly deposited through ALD. 
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5.1.5 Conclusions 

 

 We have examined the thermal stability of HZO grown directly atop TMDCs (MoS2 and 

WSe2) of interest for next generation non-volatile memories and advanced low power transistors. 

For MoS2, the importance of functionalizing the MoS2 prior to ALD, in order to produce a high-

quality and thermally stable oxide film, was demonstrated. The HZO film deposited on a non-

functionalized MoS2 substrate was unstable with temperature, wherein removal of the HZO 

overlayer began at a 400 °C anneal. ZrO2 species were fully removed after a 500 °C anneal, leaving 

behind trace amounts of hafnium oxide, which shows that HfO2 sticking on the MoS2 surface is 

preferred over the sticking of ZrO2. HZO on a functionalized UV-O3 treated MoS2 substrate, on 

the other hand, did not show signs of decomposition, and both the HZO and the MoS2 were stable 

between 400-800 °C. For the as-grown WSe2 film, a thermal budget of 700 °C is reported. The W 

4f spectra showed an asymmetry in the low binding energy side after an 800 °C anneal, which 

signifies the appearance of a sub-stoichiometric state, WSe2-x. We also report on possible 

mechanisms for passivating oxygen vacancies in the HZO. Lastly, crystallization of the HZO was 

examined, and the monoclinic, tetragonal, and orthorhombic phases were observed via XRD after 

annealing for 80 min at 600 °C, demonstrating that functional crystalline films can be directly 

integrated on TMDCs. 
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5.2 Effects of Atmospheric UV-O3 Exposure of WSe2 on the Properties of the 

HfO2/WSe2 Interface 

 

5.2.1 Abstract 

 

In device applications, transition metal dichalcogenides (TMDCs), such as semiconducting 

WSe2, are typically interfaced with a high-quality dielectric layer. The unreactive basal plane of 

TMDCs makes the standard technique for deposition of dielectric oxides, atomic layer deposition 

(ALD), challenging on TMDC surfaces. In this work, we make use of atmospheric ultraviolet-

ozone (UV-O3) exposure of WSe2 to functionalize its surface and promote uniform ALD of HfO2. 

We report two classifications depending on the UV-O3 exposure time. Low exposures do not result 

in detectable WSe2 surface oxidation, while high exposures result in a self-limiting and amorphous 

tungsten oxyselenide top layer. Following ALD of HfO2, low exposure samples have an abrupt 

HfO2/WSe2 interface with no interfacial oxide, while high exposure results in an interfacial WO3 

layer between the HfO2 and the WSe2, as well as evidence of two doping states observed in the 

underlying WSe2. Despite differences in the interface chemistry, both low and high exposures 

result in uniform and smooth HfO2 films directly deposited by ALD. We report that our 

atmospheric UV-O3 exposure technique on WSe2 is an avenue for allowing direct ALD of thin 

uniform oxide films on WSe2, and the UV-O3 exposure time provides unique tunability and 

flexibility in interface design within devices. However, top-gated device fabrication using UV-O3 

functionalization of WSe2 requires further process optimization. 

 

5.2.2 Introduction 

 

Transition metal dichalcogenides (TMDCs) are a class of two-dimensional (2D) layered 

materials, in which each layer is held in-plane by strong chemical bonds but held in the out-of-

plane direction by weak van der Waals forces. WSe2 is a semiconducting TMDC offering 

fundamentally unique charge carrier and transport properties, such as its propensity for p-type 

doping and its enhanced spin-orbit coupling compared with other TMDCs [76-78]. These attributes 

make WSe2 an attractive channel candidate for use in various applications, such as field-effect 

transistors and low power memory devices. [79, 80] 
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In an electronic device, TMDC channels, like WSe2, are typically capped in the gate region 

with a high-quality dielectric layer, where ultrathin (sub-5 nm) dielectric thicknesses are desired 

to achieve sufficient gate-to-channel electrostatic coupling. Atomic layer deposition (ALD) is a 

widely adapted method for depositing dielectric films, and it is a technique that is compatible with 

semiconducting manufacturing processes. ALD offers excellent film conformality, low roughness, 

good uniformity, and precise thickness control due to the layer-by-layer nature of the deposition. 

[81, 82] However, since initial nucleation during ALD relies on the precursors reacting with the 

growth substrate, i.e., the channel surface, ALD of uniform and conformal films is hard to achieve 

on 2D materials due to their unreactive basal plane [58, 83, 84]. Some ways to circumvent this 

issue of non-uniform ALD on 2D materials include the use of buffer layers [85-87], plasma-

enhanced ALD (PEALD) [88, 89], surface treatment with O2 plasma [90, 91], and 

functionalization with ultraviolet-ozone (UV-O3) [43, 44, 62]. 

Azcatl et al. [44] have compared the properties of different UV-O3 exposed TMDCs, 

including WSe2. They studied the characteristics of the ALD oxide and the interface chemistry 

following ALD of HfO2 on these UV-O3 exposed TMDCs. Uniform ALD on the UV-O3 exposed 

WSe2 surface was not achieved in that study. The ALD proceeded in a triangular cluster growth 

mechanism, which was attributed to “self-cleaning” [92] reduction reactions during ALD. Since 

their starting WSe2 surface consisted of WOx and SeOx species, these W and Se oxides were 

reduced or eliminated by reacting with the ALD precursor/s and subsequently volatilizing. This 

partial etching of the surface produced triangular hole-like structures on the WSe2, which then 

acted as preferred nucleation sites for the ALD growth, thus resulting in the triangular island 

morphology of the deposited HfO2 after ALD. 

However, in Azcatl et al.’s study, the UV-O3 exposure was performed in ultra-high vacuum 

(UHV), and the optimal UV-O3 exposure time for the best WSe2 surface conditions for ALD were 

not investigated. Hence, investigating how the extent of WSe2 functionalization affects the ALD 

process of oxide films (i.e., HfO2) on WSe2 has not been explored. 

In this work, we aim to study the extent of UV-O3 functionalization of WSe2, achieved by 

varying the UV-O3 exposure time. Low and high exposure times result in different WSe2 starting 

surfaces for ALD. At high exposures, the WSe2 top surface is oxidized, and we also investigate 

the properties of this oxidized layer, such as its thickness, structure, air stability, and thermal 
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stability. We then perform ALD of HfO2 and study the resulting interface chemistry, HfO2 film 

morphology, and electrical properties at the different WSe2 exposure times. 

 

5.2.3 Methodology 

 

Clean surfaces of bulk WSe2 crystals (2D Semiconductors [93] and SPI Supplies [94]) were 

exposed by removing the topmost layers through mechanical exfoliation with Scotch tape. The 

freshly exposed crystal surfaces were then exposed to UV-O3 in atmosphere. We previously 

showed that the UV-O3 treatment in UHV demonstrated by Azcatl et al. [43, 44] can be adapted 

to a tabletop UV lamp in atmosphere [95], demonstrating the transferability of the 

functionalization process to ambient conditions. In the current study, a custom-built UV-O3 tool, 

which consisted of a UV grid lamp connected to a 3 kV, 30 mA power supply (BHK, Inc.), was 

used in the saturation and air stability experiments (Figure 5.2.5, Figure 5.2.6, Figure 5.2.10, and 

Figure 5.2.11). For all other UV-O3 exposure experiments discussed here, a UVOCS UV-O3 

system [96] was used. Following UV-O3 treatment, the surfaces were analyzed with X-ray 

photoelectron spectroscopy (XPS) using a monochromated Al K𝛼 X-ray source. For Figure 5.2.1, 

Figure 5.2.3, and Figure 5.2.12, XPS spectra were collected with a PHI VersaProbe III system 

using a 130 W X-ray source, 100 µm X-ray spot size, 26 eV pass energy, and standard lens mode 

settings. All other XPS spectra in this work were collected using a 300 W X-ray source, a 0.8 mm 

slit, and a Scienta Omicron R3000 analyzer at a pass energy of 50 eV. This same Scienta Omicron 

UHV system, which is described elsewhere [48], was used for low energy electron diffraction 

(LEED) analysis. Atomic force microscopy (AFM) measurements were also carried out on the 

UV-O3 treated WSe2 surfaces using a Bruker Dimension Icon AFM. 

 ALD of HfO2 was performed using a Kurt J. Lesker ALD 150LX. 

Tetrakis(dimethylamido)hafnium (TDMA-Hf) and H2O were used as metal precursor and oxidant, 

respectively. The ALD was performed at 200 °C, and to stabilize the substrate temperature at the 

start of the ALD process, the growth substrate was held at 200 °C for 10 min before any precursor 

pulse. The growth rate per cycle (GPC) of the HfO2 ALD recipe, calibrated on a bare silicon wafer, 

was 0.1 nm/cycle. For XPS measurements of the HfO2/WSe2 interface, approximately 3 nm of 

HfO2 (30 ALD cycles) was deposited. For AFM characterization of the deposited film, 60 HfO2 

ALD cycles were deposited on the WSe2 samples. AFM images of the HfO2 films were obtained 
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using a Hitachi AFM 5300 in ambient mode. Cross-section samples were prepared for transmission 

electron microscopy (TEM) using a ThermoFisher Helios G4 UX dual beam focused ion beam-

scanning electron microscope (FIB-SEM). Prior to FIB preparation, the samples were sputter 

coated with 2 nm of IrOx to improve surface conductivity and prevent charging. TEM 

characterization was performed using a probe-corrected JEOL ARM200F operated at 200 kV. 

 For electrical characterization, targeted lithography was performed via e-beam lithography 

(Vistec EBPG 5000+) using poly(methyl methacrylate) (PMMA) (950A4, MicroChem) and a base 

dose of 750 µC/cm2. Samples were developed in methyl isobutyl ketone / isopropyl alcohol (10 

mL / 25 mL) for 75 seconds, then dried with nitrogen. Metals were deposited by thermal 

evaporation (Bi at 1 Å/s) or e-beam (Pd at 2 Å/s) at 10-6 to 10-7 Torr, followed by lift-off in acetone. 

Devices were tested in a Lake Shore vacuum probe station using a Keithley 4200-SCS. 

 Spectral deconvolution of XPS data was performed using kolXPD software [97]. All peaks 

were fit with Voigt lineshapes. Gwyddion software [98] was used to process AFM images and 

generate line profiles. 

 

5.2.4 Results and Discussion 

 

5.2.4.1 Atmospheric UV-O3 Exposure of WSe2 

 

5.2.4.1.1 Extent of UV-O3 Functionalization 

 

To determine how the extent of UV-O3 exposure affects the chemistry of the WSe2 surface, 

we exposed four different WSe2 samples to UV-O3 for different amounts of time – 10 min, 13 min, 

17 min, and 20 min. Overlaid XPS spectra for these four exposure times are shown in Figure 5.2.1. 

 



 153 

 
Figure 5.2.1. W 4f and Se 3d spectra of different WSe2 samples that underwent different amounts of UV-O3 exposure. All times 

indicated are single exposures. 10 min and 13 min are classified as low exposure, while 17 min and 20 min are classified as high 

exposure. 

 

With XPS, we found two distinct results which allow us to classify the UV-O3 

functionalization into two categories. With lower exposure times (10 and 13 min), we observe no 

oxide formation, and higher exposure times (17 and 20 min) result in tungsten oxyselenide layer 

formation. Shown in Figure 5.2.2 are the O 1s spectra of the same samples, where it can be seen 

that low and high UV-O3 exposure times result in different oxygen signatures. 
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Figure 5.2.2. O 1s spectra of the same samples in Figure 5.2.1. 10 min and 13 min are classified as low exposure, while 17 min 

and 20 min are classified as high exposure. 

 

Oxygen species accumulate on the surface for both low and high exposures, but the O 1s 

peak intensities (indicative of amount of oxygen) and binding energy positions (indicative of 

oxygen chemical state) differ with exposure time. The position of the oxygen peak for low 

exposures (10 and 13 min) is approximately 2 eV higher than the peak position expected for metal 

oxide, so this oxygen cannot be attributed to WOx or SeOx species. This agrees with what we 

observe in the W 4f and Se 3d spectra (Figure 5.2.1), where no tungsten or selenium oxide is 

detected for 10 and 13 min. We speculate that the oxygen species detected on the low exposure 

samples occupy Se vacancies, step edges, and other defect sites on the WSe2 surface. In contrast, 

for high UV-O3 exposures (17 and 20 min), the O 1s intensity is ~5 times higher than the low 

exposure signal, and their binding energy position at 530.9 eV matches that of metal oxide. This 

tall metal oxide feature makes sense since as shown in Figure 5.2.1, we know that high UV-O3 

exposures result in the formation of tungsten and selenium oxides on the surface. Further 

differences between our low and high exposure classifications are seen by deconvoluting the W 4f 

and Se 3d spectra, as shown in Figure 5.2.3. 
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Figure 5.2.3. W 4f and Se 3d spectral fits and schematic representation of the surface/interface structure for as-exfoliated, low 

exposure, and high exposure WSe2 samples. More details on the spectral deconvolution can be found in Appendix C. The 

different WSe2 components are classified based on their binding energy positions. In order of highest to lowest binding energy, 

the W 4f7/2 peak for WSe2 (1) is at ~33.3 eV, WSe2 (2) is at 32.9 to 33.0 eV, WSe2 (3) is at ~32.3 eV, and WSe2 (4) is at ~31.9 eV. 

Drop lines are a guide to more clearly visualize the 0.1 eV shift to lower binding energy of WSe2 (2) in the low exposure spectra. 

 

Through spectral deconvolution, we see that with low UV-O3 exposure, there are two WSe2 

components. The lower intensity component, “WSe2 (1)”, is located 0.4 eV above the main higher 

intensity component, “WSe2 (2)”. As can be seen by the drop line in Figure 5.2.3, WSe2 (2) in the 
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low exposure spectra is shifted to slightly lower binding energy (~0.1 eV lower) than WSe2 (2) in 

the as-exfoliated spectra. The equal shift of both the W 4f and Se 3d peaks to lower (or higher) 

binding energy means that the core levels and valence band of that WSe2 component are closer to 

(or further from) the Fermi level, which serves as evidence that the WSe2 is p-type (or n-type) 

doped relative to the as-exfoliated material. 

We report that at the initial stages of UV-O3 exposure pertinent to low exposure times, the 

UV-O3 likely interacts with both adventitious surface contaminants and the WSe2 material. We 

show C 1s spectra in Figure 5.2.4, where it can be seen that UV-O3 exposures reduce the amount 

of carbon on the surface. 

 

 
Figure 5.2.4. C 1s region of the same samples in Figure 5.2.1 and Figure 5.2.3. In general, the amount of carbon on the surface 

of the WSe2 is reduced upon exposure to UV-O3. We note that the shape of the background is due to a broad Se LMM Auger 

feature that overlaps with the C 1s region. 

 

Surface hydrocarbons are known to be p-type dopants in 2D materials [99], so cleaning off 

these surface contaminants can induce an n-type shift in the WSe2, which may be a reason for the 

appearance of the small WSe2 (1) component for low UV-O3 exposure. However, the slight shift 

of the primary component, WSe2 (2), relative to the as-exfoliated curve is p-type in nature. We 

attribute this to an onset of the doping effect induced by the UV-O3 interacting with the WSe2. In 
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addition, we do not see any detectable tungsten or selenium oxide formation with low exposure. 

We note that the chemical detection limit of XPS is ~0.1 to 1 atomic % [100]; however, it is able 

to detect Fermi level shifts and electronic changes arising from interfacial defects, dopant atoms, 

vacancies, etc., that may be below this chemical/elemental detection limit. This makes us more 

sensitive to Fermi level shifts than to changes in the chemical bonding environment, especially 

close to the limit of chemical resolution. The schematic picture of the functionalized surface in 

Figure 5.2.3 shows the different WSe2 components labeled with colors matching the colors of their 

respective peaks in the XPS fit. 

In contrast, high UV-O3 exposures resulted in tungsten and selenium oxides, as well as a 

uniform ~1 eV shift to lower binding energy of the two sets of W 4f and Se 3d peaks. As shown 

in the high exposure spectra in Figure 5.2.3, the lower intensity WSe2 component is classified as 

“WSe2 (3)”, and the WSe2 state that is observed at the lowest binding energy is assigned “WSe2 

(4)”. Based on the shift of the WSe2 peaks to even lower binding energies, we can say that high 

exposure WSe2 is even more p-type doped than low exposure. Also evident from the XPS spectra 

of high exposure samples is the presence of WOx and SeOx. We assume these oxides to be WO3 

and SeO2 based on their binding energy positions [95, 101-103]. The phenomenon of p-doping 

and oxide formation that we observe with high exposures is similar to what has been previously 

shown in other literature reports, for both WSe2 and MoS2. Previous studies have reported this p-

type shift in WSe2 and MoS2 upon oxidation of the top layer. Yamamoto et al. [104] showed this 

with O3-oxidized WSe2; Addou et al. [105] showed this p-type shift in aged WSe2 which has 

formed WO3; Hoffman et al. [103] and Lin et al. [106] demonstrated this in WSe2 oxidized using 

O2 plasma; Nipane et al. [107] showed a p-type shift in WSe2 with a tungsten oxyselenide layer 

formed through UV-O3 exposure; Zhu et al. [108] reported a similar effect for MoS2 that was 

exposed to remote O2 plasma. It is noted that this p-type doping that is observed upon oxide 

formation is likely due to electron transfer from the WSe2 (MoS2) to the top WOx (MoOx) oxide 

layer [104, 105, 108]. 

 We also observed that with high exposure, the thickness of the oxide layer has a saturation 

point. Figure 5.2.5 shows the W 4f and Se 3d spectra of a sample exposed to UV-O3 for 30 min, 

overlaid with the spectra of two samples with doubled UV-O3 exposure times (60 min). The ratio 

of the intensity of the W-O peak to the W-Se peak (and/or Se-O to Se-W) can be used as a measure 

of how much of the bulk WSe2 crystal was oxidized. It is seen in Figure 5.2.5 that the intensities 
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of the W-O and Se-O peaks relative to the WSe2 peaks are constant across the different samples. 

The doubled exposure time did not result in more WO3/SeO2 formed on the sample surface, 

indicating that a maximum/saturation point in the oxide thickness was reached at 30 min. 

 

 
Figure 5.2.5. W 4f and Se 3d spectra of samples exposed to 60 min of UV-O3, overlaid with spectra of a 30-min exposed sample, 

showing that doubling the UV-O3 exposure time did not create more WO3/SeO2. 

 

We note that this oxide thickness saturation is repeatable, as we show with different 30 min 

UV-O3 exposures all resulting in the same amount of oxide formed (see Figure 5.2.6). The 

saturated tungsten oxyselenide layer thickness was calculated and found to be 1.11 ± 0.05 nm, 

assuming a compound overlayer of WO3-SeO2. This is the average of the six thicknesses found for 

each of the spectra in Figure 5.2.6, which are outlined in Table 5.2.1. Details of this calculation 

can be found in Appendix D. These findings agree with other studies that have shown that 

oxidation of WSe2 is self-limiting. This is because once the first layer is oxidized, the vertical 

diffusion barrier for oxygen and/or oxygen radicals is high, preventing them from penetrating 

through the top oxide layer and reacting with the underlying WSe2 layers. [104, 106, 107, 109] 
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Figure 5.2.6. W 4f and Se 3d spectra of various WSe2 samples all exposed to a total of 30 min of UV-O3 exposure. The amount of 

W-O and Se-O formed is independent of the number of UV-O3 exposure steps and WSe2 vendor; all 30-min exposures resulted in 

nominally the same amount of tungsten oxyselenide. 

 
Table 5.2.1. Calculated effective WO3 and SeO2 thicknesses and compound tungsten oxyselenide layer thickness for each of the 

spectra shown in Figure 5.2.6. 

Spectra from Figure 5.2.6 

Effective 

WO3 

Thickness 

(𝒅𝑾𝑶𝟑, Å) 

Effective 

SeO2 

Thickness 

(𝒅𝑺𝒆𝑶𝟐, Å) 

Compound 

Overlayer 

Thickness (𝒅𝑾𝑶𝟑 + 

𝒅𝑺𝒆𝑶𝟐, Å) 

single exposure on SPI 

Supplies 
8.0 3.3 11.3 

6 exposure steps on SPI 

Supplies (XPS after each step) 
7.4 3.2 10.6 

6 exposure steps on SPI 

Supplies (no XPS between 

steps) 

7.6 3.8 11.4 
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6 exposure steps on 2D 

Semiconductors (no XPS 

between steps) 

7.9 3.9 11.8 

19 exposure steps on SPI 

Supplies (no XPS between 

steps) 

7.4 3.3 10.7 

19 exposure steps on 2D 

Semiconductors (no XPS 

between steps) 

7.3 3.8 11.1 

 

5.2.4.1.2 High Exposure: Properties of the Tungsten Oxyselenide Layer 

 

We examined the structure, air stability, and thermal stability of this tungsten oxyselenide 

layer. We found through TEM and LEED that the oxide layer formed through UV-O3 exposures 

is amorphous. Figure 5.2.7 shows a cross-sectional TEM micrograph of a WSe2 crystal exposed to 

30 min of UV-O3. This UV-O3 exposure time was sufficiently long to form a saturated tungsten 

oxyselenide layer, which our TEM micrograph reveals to have a disordered structure. 
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Figure 5.2.7. Cross-sectional TEM of a WSe2 crystal exposed to UV-O3 for 30 min showing the disordered nature of the tungsten 

oxyselenide layer (WO3/SeO2). 

 

LEED images are shown in Figure 5.2.8. We see with LEED that the hexagonal diffraction 

pattern from the symmetry of the WSe2 crystal is no longer present after 30 min of UV-O3 

exposure. Since the probing depth of LEED is ~1 nm or less [110], we know that after the 30 min 

UV-O3 exposure, only the oxide layer formed will have contributions to the LEED image, and the 

absence of a diffraction pattern after UV-O3 is indicative of an amorphous surface oxide layer. 

 

 
Figure 5.2.8. Low energy electron diffraction (LEED) images of (a) an as-exfoliated WSe2 sample, and (b) a WSe2 sample after a 

straight 30-min UV-O3 exposure. 
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Additionally, AFM characterization of as-exfoliated and UV-O3 treated WSe2 (Figure 

5.2.9) also reveals that the WSe2 surface has an increased roughness after oxidation with UV-O3. 

Our findings agree with prior reports that have also shown the amorphous nature of an oxide layer 

formed by O3 exposure of WSe2 without UV illumination [104], O2 plasma oxidation of WSe2 

[103, 109], UV-O3 exposure of WSe2 [106], and remote O2 plasma treatment of MoS2 [108]. 

 

 
Figure 5.2.9. Atomic force micrographs of (a) as-exfoliated WSe2, and (b) WSe2 after a straight 30-min UV-O3 exposure. The 

tungsten oxyselenide layer formed after UV-O3 exposure results in an increased surface roughness. 

 

We show through atmospheric exposure of a UV-O3 oxidized sample (30 min exposure) 

that the tungsten oxyselenide layer is stable after 3 h, 1 day, and 6 days in ambient. It should be 

noted that a bare WSe2 crystal does not easily oxidize in atmosphere, similar to what has been 

reported for MoS2 [111]; the XPS spectra of as-exfoliated WSe2 left in air for 3 h is shown in 

Figure 5.2.10 for reference. 
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Figure 5.2.10. W 4f and Se 3d spectra of a WSe2 crystal left in air for 3 h after mechanical exfoliation. Aside from the expected 

peaks for WSe2, no other W or Se chemical states are detected. O 1s and C 1s spectra are shown as insets, where we see some 

adventitious carbon, but no oxygen, on the surface after the 3 h air exposure. 

 

The W 4f and Se 3d spectra of a UV-O3 exposed sample that was left in air for increasing 

amounts of time are shown in Figure 5.2.11, wherein the inset shows a plot of the calculated 

tungsten oxyselenide overlayer thickness. The average thickness of the four data points shown in 

Figure 5.2.11 is 1.07 nm ± 0.02 nm, which is within the error of our reported saturated oxide layer 

thickness in section 5.2.4.1.1. The calculated tungsten oxyselenide thicknesses after various air 

exposures only vary by less than 0.1 nm, as shown in Figure 5.2.11, so we report that this surface 

oxide layer is stable in atmosphere for the length of time we investigated. Despite the atmospheric 

stability of the high exposure WSe2 surface, adventitious contamination still builds up on the 

surface when left in air. Therefore, for subsequent ALD after UV-O3 exposure, which is discussed 

later, the samples are immediately transferred into the ALD load lock following UV-O3 treatment 

to minimize adventitious carbon build-up. 
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Figure 5.2.11. W 4f and Se 3d spectra of a WSe2 sample after 30 min of UV-O3 exposure and after subsequent increasing lengths 

of air exposure. Inset shows a plot of the compound oxide overlayer thickness as a function of time in atmosphere. 

 

We also studied the thermal stability of this oxide layer and found that it changes upon 

heating to the ALD temperature for HfO2 deposition. Figure 5.2.12 shows the spectra of a 30-min 

UV-O3 exposed sample that was subsequently annealed in the ALD chamber at 200 °C, which is 

the substrate temperature for the HfO2 ALD recipe used in section 5.2.4.2. Note that for this HfO2 

ALD recipe, as mentioned in the Methodology, the samples are held at deposition temperature for 

10 min prior to any pulse step, so the 10-min anneal performed in this experiment mimics that of 

real pre-deposition conditions. This allowed us to examine the actual WSe2 starting surface that 

exists just prior to the first HfO2 ALD precursor pulse. 
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Figure 5.2.12. W 4f and Se 3d spectra of a WSe2 crystal after 30 min of UV-O3 exposure and after a subsequent 10-min anneal in 

the ALD at 200 °C (HfO2 deposition temperature used in section 5.2.4.2). The calculated thickness of the tungsten oxyselenide on 

the surface for each spectrum is also noted in the figure. The % WO3 and % SeO2 indicated represent the percentage of the 

tungsten oxyselenide thickness coming from the effective WO3 and effective SeO2 thicknesses, respectively. We note that these 

spectra were collected at a photoelectron take-off angle of 60°. 

 

It is evident that after this thermal treatment, there is less tungsten oxyselenide on the 

surface, and there is less SeO2 relative to WO3 within this tungsten oxyselenide layer. Based on 

thickness calculations using intensity ratios (as described in Chapter 2 and Appendix D), we report 

an approximate 0.6 nm reduction in the tungsten oxyselenide thickness after annealing. We also 

observe that the amount of both tungsten and selenium oxide decreased, but SeO2 was removed at 

a faster rate than WO3. In addition, we observe Fermi level shifts in the WSe2, as seen by the 

different WSe2 components present before and after the 10-min ALD anneal. This annealing 

experiment informed us of the chemical and electronic changes that take place with high exposure 

WSe2 between the UV-O3 functionalization and the HfO2 deposition steps. In the following 

section, we report on ALD of HfO2 on UV-O3 functionalized WSe2 and discuss the properties of 

the HfO2 film and the interface chemistry between the HfO2 film and underlying WSe2. 
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5.2.4.2 HfO2 ALD on UV-O3 Functionalized WSe2 

 

5.2.4.2.1 Interface Chemistry and Structure 

 

To study the interface between ALD HfO2 and WSe2, we used bulk WSe2 crystals and 

exposed them to a range of UV-O3 exposure times: 10, 17, and 30 min under identical conditions 

to those discussed in section 5.2.4.1.1. Along with a “control” untreated sample, the bulk WSe2 

crystals were then immediately transferred to the ALD chamber and loaded side-by-side in order 

to ensure that they all underwent the same HfO2 deposition conditions. UV-O3 start times were 

staggered, and the “control” sample was exfoliated right before loading into the ALD to ensure no 

differences in air exposure times between treatment and ALD. 

We first discuss the interfacial characteristics of the WSe2 based on XPS, as shown in 

Figure 5.2.13. For low exposure (10 min UV-O3), it is noticeable that the W 4f and Se 3d features 

after ALD are comparable to the non-functionalized WSe2 surface, in terms of both 

linewidth/lineshape and peak position. As seen in the deconvoluted spectra in Figure 5.2.13(b), we 

only see one WSe2 component in the W 4f and Se 3d features, WSe2 (2). Also, the ALD on a low 

exposure WSe2 surface results in no interfacial WO3 layer. On the other hand, the high exposure 

surface (17 min and 30 min UV-O3) after ALD has an interfacial WO3 layer and multiple WSe2 

related features, which can be seen in the lineshape of the W 4f and Se 3d peaks. Spectral 

deconvolution (Figure 5.2.13(b)) reveals that there are two WSe2 states for high UV-O3 exposures 

post-ALD – WSe2 (2) and WSe2 (3). We know that these two sets of W-Se peaks are not due to a 

change in the chemical bonding environment of W or Se because both components have a Se/W 

stoichiometry consistent with the WSe2 peaks for 0 min and 10 min UV-O3. The presence of WSe2 

(2) and WSe2 (3) on the same sample is thus the result of variable doping states in the WSe2. The 

0.4 eV separation between these two doping states is consistent with the separation of the two 

WSe2 components in the as-UV-O3 exposed XPS (Figure 5.2.3) and the ALD-annealed XPS 

(Figure 5.2.12). 
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Figure 5.2.13. (a) W 4f and Se 3d spectra after ALD of HfO2 on WSe2 exposed to UV-O3 for different amounts of time. (b) 

Deconvoluted spectra from (a) and accompanying pictorial representation, showing the post-ALD characteristics of a low and 

high exposure WSe2 surface. 

 

We investigated the HfO2 films deposited on our samples by comparing their Hf 4f peaks. 

We note that there is a difference in the peak-to-valley ratio of the Hf 4f core level spectra between 

the four WSe2 samples exposed to different amounts of UV-O3 before HfO2 deposition. This can 

be seen in the plot where the maximum intensity of each spectrum is aligned and normalized to 1, 

as shown in Figure 5.2.14(a). The peak-to-valley ratio is the ratio of the maximum intensity of the 
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Hf 4f7/2 peak at ~18 eV to the value between the Hf 4f doublet (valley at ~19 eV), and this ratio is 

a visual indicator of the full width at half maximum (FWHM) of the individual Hf 4f components. 

We plot the measured FWHM as a function of the UV-O3 exposure time in Figure 5.2.14(b). It is 

evident in Figure 5.2.14 that the FWHM of the 0 min and 10 min samples (untreated and low 

exposure) are wider than the 17 min and 30 min samples (high exposure). XPS peak narrowing, 

as we observe in the high exposure samples, is typically indicative of increased order in the 

material. We hypothesize that this is due to the onset of crystallization of the deposited HfO2 film 

on the 17 min and 30 min samples. This interpretation of the XPS FWHM is consistent with our 

prior report which showed the onset of hafnium zirconium oxide crystallization through the 

sharpening of the Hf 4f peaks [95]. 

 

 
Figure 5.2.14. (a) Hf 4f spectra of HfO2 films deposited on WSe2 samples that were exposed to varying amounts of UV-O3 prior 

to HfO2 ALD. (b) FWHM of the Hf 4f7/2 peaks for each UV-O3 exposure time in panel (a). 

 

This hypothesis is supported by the TEM diffraction patterns shown in Figure 5.2.15. For 

the diffraction patterns of HfO2 on untreated and low exposure WSe2, only the diffraction spots 

for WSe2 are visible, but for HfO2 deposited on high exposure WSe2, the presence of other weak 

diffraction spots, attributed to the presence of some HfO2 crystallites, can be observed. 
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Figure 5.2.15. TEM diffraction patterns of HfO2-on-WSe2 samples (same samples as Figure 5.2.17). The WSe2 underwent 

different amounts of UV-O3 exposure prior to HfO2 ALD: (a) no UV-O3 exposure, (b) 10 min UV-O3, and (c) 30 min UV-O3. 

 

The diffraction spots for Figure 5.2.15(a) and (b) correspond to the WSe2 layers and the Si 

substrate. All patterns show spots consistent with the [1o10] Si zone axis. The WSe2 layer is not on 

zone axis for (a) and (b), but we can see diffraction from their (0002) hexagonal growth direction 

planes in line with the (002) Si planes. In (c), we see the growth direction WSe2 spots as well as 

those resulting from the WSe2 being oriented closer to its [21o1o0] zone axis; there are also 

additional weaker diffraction spots (labeled with orange triangles), which provide evidence for the 

onset of crystallization of the HfO2 film deposited on high exposure WSe2. 

 

5.2.4.2.2 HfO2 Film Morphology 

 

We investigated the surface morphology of the deposited HfO2 film using AFM. Few-layer 

WSe2 flakes were exfoliated onto SiO2 wafers, which then underwent UV-O3 exposure and 

subsequent ALD of HfO2. Consistent with our methodology for the XPS studies, all of these 

samples were adjacent to each other during ALD in order to ensure that they all underwent the 

exact same deposition conditions. Shown in Figure 5.2.16 are 2 𝜇m × 2 𝜇m AFM micrographs of 

the WSe2 flakes on SiO2 after HfO2 deposition. We also show line profiles across the flake edge 
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to compare the uniformity of the HfO2 film on-flake vs. off-flake (on the SiO2 substrate). It is clear 

that all UV-O3 exposed WSe2 surfaces had a smooth and uniform HfO2 film deposited on top, 

which all have nominally the same uniformity as the deposited film on bare SiO2 (off-flake). This 

contrasts with the AFM image and line profile for the untreated sample, which shows non-

uniformities and pinholes across the entire WSe2 flake surface, showing incomplete HfO2 

coverage. For the untreated WSe2, the dips in the line profile are ~5 nm deep, which was the 

targeted HfO2 film thickness, so this reveals that these non-uniformities are indeed discontinuities 

in the film that result in exposed WSe2 areas. 

 

 
Figure 5.2.16. AFM micrographs and line profiles of ~5 nm of HfO2 deposited on WSe2/SiO2. Line profiles are drawn across the 

WSe2 flake edge. Prior to ALD, the WSe2 flakes were UV-O3 functionalized for different amounts of time: (a) control/untreated, 

(b) 10 min UV-O3, (c) 17 min UV-O3, (d) 30 min UV-O3. 
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Cross-sectional TEM was also performed on an equivalent set of samples, and the 

micrographs are shown in Figure 5.2.17. It is evident that both low and high UV-O3 exposures of 

WSe2 resulted in a sharp interface with the deposited HfO2 film and a uniform thickness of the 

HfO2. From the micrographs collected, the average HfO2 thickness was 5.4 ± 0.5 nm for low 

exposure WSe2 and 5.4 ± 0.8 nm for high exposure WSe2. The uniformity of HfO2 on these 

functionalized WSe2 surfaces is shown to be true across a large area, which we show up to at least 

150 nm across (see Appendix E). 

 

 
Figure 5.2.17. Cross-sectional TEM micrographs of ~5 nm of HfO2 deposited on WSe2 which underwent different pre-treatment 

conditions: (a) control/untreated, (b) 10 min UV-O3, and (c) 30 min UV-O3. The IrOx layer was sputter deposited to make the 

surface conducting, and the Pt was deposited in the FIB as a surface protection layer. 
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We note that for the high exposure WSe2 sample, the WO3 layer which we observe with 

XPS (Figure 5.2.13) is not clearly distinguishable in cross-sectional TEM (Figure 5.2.17(c)). 

Thickness calculations using XPS indicate that this interfacial WO3 layer between high exposure 

WSe2 and HfO2 is only 4.8 Å thick. We note that this thin layer is difficult to distinguish in the 

cross-sectional TEM micrograph because at the interface, the image is an average of the WSe2, 

WO3, and HfO2 layers. The amorphous nature of both the WO3 and HfO2 layers make them 

difficult to differentiate from each other, and in addition, the contrast from the highly ordered 

nature of the WSe2 overwhelms the signal at the interface. Nonetheless, consistent with the AFM 

micrographs, TEM shows that this WO3 layer on the high exposure WSe2 surface promotes smooth 

and uniform ALD of HfO2. 

For HfO2 deposited on untreated WSe2, the roughness and non-uniformity of the ALD 

HfO2 is evident in Figure 5.2.17(a). The IrOx layer was deposited to make the surface conductive, 

and we note that the IrOx deposition was performed before any other processing steps for TEM 

sample preparation. Thus, we know that the IrOx layer conforms to the true surface of the HfO2 

layer. Figure 5.2.17(a) clearly shows the roughness of the HfO2 film deposited on untreated WSe2, 

which is apparent based on the roughness of the IrOx layer on top. This roughness of the HfO2 is 

shown to be true across a large area (at least 180 nm) in the micrographs of the same sample shown 

in Figure 5.2.18(b). Additionally, in Figure 5.2.18(a), we also show evidence that the interface 

between the HfO2 and the untreated WSe2 is not sharp, unlike that shown for HfO2 on UV-O3 

functionalized WSe2. 
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Figure 5.2.18. Cross-sectional TEM of ALD HfO2 deposited on untreated WSe2. (a) Smaller field of view micrograph showing 

that the HfO2/WSe2 interface has some roughness associated with it. (b) Larger field of view micrograph demonstrating the non-

uniformity of the HfO2 film across a large area of at least 180 nm. 

 

 These observations from TEM agree with our findings from AFM. The top-down AFM 

image for HfO2 on untreated WSe2 (Figure 5.2.16(a)) reveals random discontinuities in the 

dielectric film across the entire surface over the 4 µm2 area. We note that based on Figure 5.2.16(a), 

the widest discontinuities are in the order of tens of nm in width, and since cross-sectional TEM 

micrographs show an average along the beam direction (along ~100 nm of sample thickness), we 

never see areas with complete absence of HfO2 in our TEM analyses. Instead, this discontinuous 

film morphology, when averaged along the beam direction, manifests itself as a rough layer, as we 
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see in Figure 5.2.17(a) and Figure 5.2.18. We caveat this statement with a reminder that the field 

of view allowed by TEM is substantially smaller than AFM. 

Discontinuities in the ALD oxide film will present leakage issues when used as a dielectric 

layer in a device. Our investigations of the HfO2 film morphology (through AFM and TEM) show 

us that WSe2 processing using atmospheric UV-O3 is an avenue for achieving uniform oxide films 

deposited by ALD on WSe2. Additionally, we present two different routes for achieving a uniform 

ALD oxide film on WSe2, depending on the desired interfacial properties between the WSe2 and 

the oxide film. Low UV-O3 exposures will result in a direct interface between WSe2 and HfO2, 

while high exposures will provide an interfacial WO3 layer. The HfO2-on-WO3 stack, i.e., the high 

exposure interface, has been used in metal oxide-based electro-chemical random-access memory 

[112] and protonic programmable resistor devices [113]. Our atmospheric UV-O3 exposure 

technique thus provides unique flexibility in device design and pathways for the realization of 

various electronic and memory devices. 

 

5.2.4.3 Electrical Characterization 

 

We investigated the impact of the extent of UV-O3 functionalization on the electrical 

properties of WSe2 via the fabrication and characterization of field-effect transistors (FETs) using 

multilayer WSe2 as the semiconducting channel. Initial FETs (Figure 5.2.19(a)) were fabricated 

using Bi/Au contacts and were tested after drain/source metal deposition without exposure to UV-

O3 or ALD (back-gated), and after top-gate metal (Ni/Au) deposition following UV-O3 exposure 

and ALD of HfO2 (top-gated). UV-O3 exposure times prior to ALD of HfO2 were varied. We 

fabricated untreated (0 min UV-O3), low exposure (10 min UV-O3), and high exposure (30 min 

UV-O3) WSe2 FETs. As seen in Figure 5.2.19(b), without any UV-O3 exposure, the IDS-VGS curves 

(back- and top-gated) demonstrated predominantly n-type conduction with an on/off ratio greater 

than 106. Additionally, linear IDS-VDS behavior (Figure 5.2.20(a)) was exhibited without any UV-

O3 exposure. However, with UV-O3 exposure, the IDS-VGS characteristics change to show p-type 

conduction and a reduced on/off ratio (Figure 5.2.19(b)), along with a nonlinear IDS-VDS 

relationship (Figure 5.2.20(b)). 
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Figure 5.2.19. (a) Schematic of FETs fabricated with WSe2 exposed to varying UV-O3 treatment times prior to HfO2 ALD. (b) 

Measured back-gated and top-gated IDS vs. VGS curves at a VDS of 100 mV. 

 

 
Figure 5.2.20. Example back-gated IDS-VDS curves for a device with Bi/Au contacts (a) before and (b) after a 10-minute UV-O3 

exposure and HfO2 deposition, highlighting the change in low-field conduction from linear IDS-VDS behavior to a non-linear 

relationship. 

 

This agrees with results in the literature [114-116], however, those studies did not 

investigate the role of seeding an ALD dielectric or top-gated FET performance. To achieve large 

on/off ratios, either selective doping of only the contact region [114, 117] or removing the layer 

exposed to UV-O3 with an etching process [115] was performed. 
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Since our AFM data show improved HfO2 nucleation with increased UV-O3 exposure, 

there may be a fundamental trade-off between dielectric scalability and electrical performance of 

the FET. Given the Schottky IDS-VDS behavior and p-type transfer curve, we changed our contact 

metal to Pd/Au. More UV-O3 exposure times (0, 5, 7.5, 10, and 30 min) were investigated, along 

with a thinner HfO2 layer (10 nm) to explore the potential trade-off described above. 

A trend in gate leakage, consistent with our AFM results, was observed as every device 

with exposure times of 0 or 5 min leaked and every device with 10 or 30 min of UV-O3 exposure 

could withstand +/- 2 V on the gate (Figure 5.2.21). However, although the switch to Pd/Au 

contacts increased the current measured in the p-type FETs, poor switching behavior was generally 

observed in devices that did not suffer from gate leakage. This implies that selection of UV-O3 

exposure time alone may not resolve the issue of low on/off ratios, prompting additional study into 

treatments such as annealing [118]. Nucleating HfO2 ALD on WSe2 via UV-O3 without degrading 

the top-gated semiconducting characteristics is an area for further exploration. 

 

 
Figure 5.2.21. Maximum gate current measured within the VGS range of +/- 0.5 V. 
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Prior work on the fabrication of top-gated MoS2 FETs using UV-O3 functionalization have 

had success with achieving low leakage currents at scaled dielectric thicknesses (at least 6 nm) and 

linear IDS-VDS curves [119]. Zhao et al. demonstrated that the high-𝜅/MoS2 interface was highly 

improved, and the devices exhibited ultralow gate leakage and excellent on/off ratio when UV-O3 

functionalization was performed in-situ on few-layer MoS2 [47] as opposed to ex-situ on bulk 

MoS2 [45]. Additionally, Zhao et al. [120] and Bolshakov et al. [46] showed improved dielectric 

leakage, I-V hysteresis, and interface trap density of the high-𝜅 interfaces by annealing the devices 

in UHV and in forming gas. For future applicability of UV-O3 functionalization of WSe2 in FETs, 

some of these techniques that have been used to improve the performance of top-gated UV-O3 

treated MoS2 may be adapted for improved WSe2 FET performance. 

 

5.2.5 Conclusions 

 

In this work, we demonstrated the effects of atmospheric exposure of WSe2 to UV-O3. 

Based on XPS results, with low exposure times, we observe an onset of WSe2 doping without 

formation of any tungsten or selenium oxide. Higher exposure times result in the formation of a 

top layer of tungsten oxyselenide and more heavily p-doped WSe2 underneath. We found that this 

tungsten oxyselenide layer has a thickness saturation, is non-crystalline, is stable in ambient, but 

is unstable at the ALD deposition temperature of 200 °C. 

 We found that after ALD of HfO2 on these functionalized WSe2 surfaces, low exposure 

WSe2 remained unoxidized, but the WSe2 changed from having two doping states (following UV-

O3 exposure), to only one after ALD was performed. In contrast, after ALD on high exposure 

WSe2, there was an interfacial WO3 layer between the WSe2 and the deposited HfO2 film. For high 

exposures, the WSe2 also appeared to retain the two doping states that were induced by the UV-

O3 exposure – two WSe2 components with a binding energy difference of 0.4 eV in XPS. We 

found that high exposure WSe2 resulted in a higher degree of order in the HfO2 film compared to 

low exposure WSe2. Lastly, we note that ALD HfO2 deposited on both low and high exposure 

WSe2 resulted in a smooth and uniform film free of discontinuities. We demonstrate the feasibility 

of using our atmospheric UV-O3 functionalization technique as a way to directly deposit oxide 

films on WSe2 through ALD. Additionally, the different exposure times allow for tunability of the 
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interface chemistry between WSe2 and HfO2, providing unique flexibility in the design and 

fabrication of WSe2-based devices. However, to fabricate top-gated WSe2 FETs with good 

switching behavior, further process optimization using the UV-O3 functionalization technique is 

required. 
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6 Conclusions, Implications, and Future Work 
 

6.1 Conclusions and Implications of This Work 

 

6.1.1 Overall Goal and Motivation: Spectroscopic Studies of TMDC Crystals 

 

The general goal of this dissertation is to study the interfaces formed through direct 

deposition methods for the fabrication of 2D semiconductor/oxide stacks for field-effect transistors 

(FETs), particularly FET devices with applications in memory and data storage. To assess the 

feasibility of using these material systems and processes in real-world devices, we investigated 

direct integration techniques that are scalable to wafer processing. 

Our work presented in Chapter 3 motivates the need for direct growth methods for 2D 

transition metal dichalcogenides (TMDCs). We performed spectroscopic studies that showed the 

presence of large clusters of bismuth impurities in geological MoS2. We showed that random spots 

across the MoS2 surface can contain bismuth with measured concentrations ranging from 0.1 to 

4%. Laterally, these bismuth clusters were in the order of tens of microns in approximate diameter. 

Through chemical analysis, we concluded that they exist as bismuth oxide or bismuth sulfate 

compounds in the MoS2 crystal. While bismuth and other impurity elements have been known to 

exist in geological MoS2, our published report stemming from this chapter is the first in literature 

to show their presence in large micron-scale clusters. This finding has important implications in 

electronic devices where micrometer-sized contacts are used on geological MoS2 flakes, as the 

unintended presence of a bismuth impurity in the MoS2 channel can potentially dominate the 

measured device properties. This chapter demonstrates the difficulty of obtaining large areas of 

geological MoS2 without chemical variation, shedding light on the importance of developing 

controlled synthesis methods for high-purity TMDCs with uniform properties. 

 

6.1.2 TMDC-on-Dielectric by Molecular Beam Epitaxy 

 

In Chapter 4, we present our work using one such growth technique, molecular beam 

epitaxy (MBE), to deposit semiconducting TMDCs directly onto various dielectric and 
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ferroelectric oxides. For the work in this chapter, we focused on another prototypical 

semiconducting TMDC material, WSe2, for which we had previously established a growth process 

in our MBE system. In Chapter 4.1, we demonstrated that we can successfully and repeatably 

deposit large-area, chemically homogeneous WSe2 films on hafnium zirconium oxide (HZO) 

substrates. We show this for both 58:42 Hf:Zr and 36:64 Hf:Zr compositions of HZO. We also 

studied the impact of the MBE growth conditions on the structure, chemistry, and electrical 

properties of HZO. The high substrate temperature (500 °C) required during WSe2 growth resulted 

in in-situ crystallization of the amorphous as-loaded HZO substrates into a mixed phase 

assemblage of the monoclinic, tetragonal, and orthorhombic phases. Due to the presence of the 

orthorhombic phase responsible for ferroelectricity, we measured a ferroelectric response in our 

HZO substrates post-MBE processing. We also observed that the MBE growth process resulted in 

Se incorporation into the HZO, as Se atoms filled oxygen vacancy sites in the HZO lattice. The 

amount of incorporated Se was affected by both the Hf:Zr content of the HZO film and its 

crystallinity prior to MBE processing; these two factors were important because they dictated the 

oxygen vacancy concentration and Se diffusivity in the HZO film, respectively. We found that the 

presence of Se in the HZO films did not have detrimental effects on its remanent polarization or 

leakage current. Overall, the work presented in Chapter 4.1 successfully validated the feasibility 

of using our MBE WSe2 process on device-relevant stacks, without compromising the device 

properties. This work was our first demonstration of direct MBE deposition to fabricate TMDC-

on-dielectric structures for use in an FET device. 

Chapter 4.2 discussed further investigations of the opportunities and challenges with this 

MBE WSe2 process on HZO and other dielectric oxides. In this chapter, we showed the 

temperature dependence of Se incorporation in HZO, and we found that lower MBE substrate 

temperatures inhibit the incorporation or chemisorption of Se into HZO. We performed depth 

profiling studies and determined that the incorporated Se atoms are found near the top surface of 

the HZO, and they are not stable in ambient conditions. We note that a WSe2 film deposited on 

top of the HZO through MBE likely acts as a protection barrier for the underlying Se-incorporated 

HZO, which means that when actual TMDC growth is performed, we expect the incorporated Se 

to be more robust with air exposure. The latter part of Chapter 4.2 discussed studies of state-of-

the-art linear dielectrics, SiO2 and HfO2, as substrates for MBE WSe2. The studies on SiO2 and 

HfO2 were performed at 400 °C to maintain back-end-of-the-line (BEOL) compatibility of the 
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MBE process. We showed that the MBE growth conditions at 400 °C did not have a significant 

effect on the chemistry of SiO2 and HfO2. Further, we note that the 400 °C MBE process does not 

induce crystallization of our dielectric substrates. Leakage through a dielectric layer is known to 

occur along grain boundaries, so the absence of large grains in our dielectric substrate potentially 

eliminates this leakage contribution in a real device. Lastly, we showed that at this 400 °C substrate 

temperature, we can successfully deposit chemically homogeneous WSe2 on both SiO2 and HfO2. 

The results from our studies on these linear dielectric substrates point towards the potential of this 

MBE process as a BEOL-compatible 2D channel growth technique that can be integrated into 

wafer-scale device fabrication. 

 

6.1.3 Dielectric-on-TMDC by Atomic Layer Deposition 

 

In our last experimental chapter, we flip the TMDC/dielectric stack and instead explore 

dielectric-on-TMDC interfaces formed by atomic layer deposition (ALD) of dielectric oxides 

directly onto 2D TMDCs. The dielectric-on-TMDC structure is of relevance for top-gated TMDC-

based FETs as well as other device designs utilizing a dielectric layer to encapsulate a TMDC 

channel for environmental protection. 

In the first part of this chapter, Chapter 5.1, we deposit HZO thin films directly onto MoS2 

and WSe2 and examine the thermal stability of the interfaces formed. This is important for 

ferroelectric FET (FeFET) applications because HZO films typically require an annealing step 

post-deposition in order to induce the ferroelectric orthorhombic phase. Our studies of the interface 

between HZO and MoS2/WSe2 as a function of temperature (400-800 °C) have implications for 

device fabrication processes requiring HZO deposition on top of a TMDC channel, where exposure 

of the HZO/TMDC interface to these elevated temperatures necessary for HZO crystallization 

would be inevitable. Through our results in Chapter 5.1, we report on the importance of surface 

functionalization of geological MoS2 for improved thermal stability of an ALD oxide film directly 

deposited on top. We demonstrated that HZO on ultraviolet-ozone (UV-O3) functionalized MoS2 

was stable at all temperatures investigated, but HZO on an untreated MoS2 surface resulted in 

desorption of HZO starting at 400 °C. We also examined the thermal stability of HZO deposited 

on our MBE-grown WSe2 material, and we report that our HZO/WSe2 interface has a thermal 

budget of 700 °C; above this temperature, we observe evidence of some Se being driven off of the 
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WSe2, forming a sub-stoichiometric WSe2-x component in the film. In this work, we also 

demonstrate the annealing parameters necessary for nucleation and growth of grains in HZO that 

is crystallized in an ultra-high vacuum (UHV) environment. We showed that 400-600 °C anneals 

for 40 min each only resulted in short-range atomic order suggested by X-ray photoelectron 

spectroscopy (XPS) measurements, but doubling the annealing time (80 min) at 600 °C resulted 

in large grains that can be measured with X-ray diffraction (XRD), and includes a phase fraction 

of the orthorhombic phase responsible for ferroelectricity. Our work in Chapter 5.1 successfully 

demonstrates that functional crystalline ferroelectric films can be directly integrated onto TMDC 

channels for FeFET applications. 

The second part of the chapter, Chapter 5.2, has implications not limited to FeFETs, but 

has more general applications to most FET device architectures. In this work, we investigate direct 

ALD of dielectric HfO2 onto UV-O3 exposed WSe2. Direct ALD onto van der Waals surfaces, 

such as TMDCs, are known to be a challenge without the use of surface functionalization methods 

or buffer layers that help promote ALD film nucleation. Without these techniques, ALD on 2D 

materials results in extremely rough and discontinuous oxide films without full coverage of the 

underlying 2D material. In Chapter 5.2, we demonstrate the use of atmospheric UV-O3 exposure 

to functionalize the WSe2 surface for oxide ALD. We show two distinct resulting WSe2 surfaces 

based on UV-O3 exposure time; low exposures resulted in an onset of WSe2 doping, and high 

exposures resulted in a tungsten oxyselenide top layer due to surface oxidation, as well as more 

dramatic p-doping of the underlying WSe2. The tungsten oxyselenide layer for high exposure 

WSe2 saturates at a thickness of ~1 nm, is amorphous, is stable in atmosphere, but is unstable and 

exhibits thinning when exposed to the 200 °C deposition temperature during HfO2 ALD. Despite 

differences in their surface chemistry, we show through multi-scale characterization of directly 

deposited HfO2 films that both low and high exposure WSe2 provide an optimal surface for ALD 

that results in a smooth and uniform large-area HfO2 film. Because of this improved film 

uniformity at scaled thicknesses, lower gate leakage is demonstrated by these HfO2 gate oxides 

deposited on UV-O3 exposed WSe2. Furthermore, our low vs. high exposure conditions provide 

unique flexibility in interfacial design in devices, as low exposure results in an abrupt HfO2/WSe2 

interface, while high exposure results in an interfacial tungsten oxide layer between HfO2 and 

WSe2, i.e., HfO2/WO3/WSe2. We demonstrate that our low and high UV-O3 exposures of WSe2 



 190 

can provide pathways for the realization of different interfaces needed for a range of electronic 

and memory devices. 

 

6.2 Future Work 
 

6.2.1 Material – Device Gap 

 

A general area for future work involves closing the gap between materials characterization 

and device performance. In between the deposition techniques for fabricating our 

oxide/semiconductor layers and actual electrical testing, there are a multitude of processing steps 

that our fabricated TMDC-on-dielectric or dielectric-on-TMDC stacks have to undergo for 

effective measurement of their performance in a device. For instance, typical metal contact 

deposition performed by our collaborators at the Army Research Laboratory (ARL) is a multi-step 

process that involves spin-coating of poly(methyl methacrylate) or PMMA, mild annealing, 

electron beam lithography for patterning, soaking in developer solutions, and PMMA liftoff in 

solvents, among others. All of these intermediate steps could introduce variables that result in 

discrepancies between the expected electrical result based on measured material properties, and 

the actual measurement from a fabricated device. The impact of each of these lithography process 

steps on our deposited TMDC or oxide can be investigated through various surface and interface 

characterization techniques. 

 

6.2.1.1 TMDC-on-Dielectric Stack 

 

Furthermore, tweaking and optimization of the deposition conditions should be performed 

based on measured electrical properties from a device. For Chapter 4.1, devices fabricated from 

MBE-WSe2/HZO showed high leakage, potentially due to oxygen vacancies in the HZO layer. 

Ways to circumvent this, such as annealing the HZO substrate under a Se flux prior to WSe2 

growth, should be explored. Knowing that incorporated Se passivates oxygen vacancies in HZO, 

this pre-growth Se flux anneal would potentially minimize oxygen vacancy-mediated leakage and 

improve device characteristics. 
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In Chapter 4.2, we demonstrated successful BEOL-compatible WSe2 growth on common 

linear dielectric oxides, SiO2 and HfO2. However, our BEOL-compatible WSe2 material has yet to 

be tested as a channel in an FET. This directly grown channel should be benchmarked against our 

“best” WSe2 material, which is grown on an ideal single-crystal growth substrate, and then 

transferred onto an FET device for electrical testing. 

 

6.2.1.2 Dielectric-on-TMDC Stack 

 

For the devices fabricated in Chapter 5.2, poor switching behavior was demonstrated by 

top-gated WSe2 FETs that underwent UV-O3 exposure, suggesting a potential tradeoff between 

improving ALD nucleation and maintaining good semiconducting behavior. Strategies that have 

been used for improving the characteristics of top-gated UV-O3 functionalized MoS2 FETs can be 

adapted to our UV-O3 WSe2 devices. Examples of such strategies include in-situ UV-O3 

functionalization rather than UV-O3 exposure in atmosphere, use of few-layer TMDC channels 

rather than bulk thicknesses, and post-annealing of the devices for improved interface quality. 

Another avenue for improving these UV-O3 exposed WSe2 FETs is to explore the effect of 

UV-O3 exposure on the existing device structure (i.e., back-gated) that the WSe2 channel is on. 

Specifically, interface chemistry studies could be performed to examine how the drain/source 

contacts interfaced with the WSe2 are affected by the UV-O3 functionalization step. 

 

6.2.1.3 Direct Measurement of Band Alignments 

 

All of the processes described and used in this dissertation result in varied interfacial 

qualities between our semiconducting TMDC and dielectric oxide. These processes may induce 

different kinds of interfacial defects, slightly different oxygen:metal ratios in the dielectric oxide, 

or varied WSe2 grain size and roughness, among others. These variables would result in changes 

in the band alignment at these oxide/semiconductor interfaces, which would then have 

consequences on FET performance. Band alignments of fabricated interfacial stacks can be 

experimentally measured spectroscopically, and this would allow determination of the valence and 

conduction band offsets of these interfaces, which dictate leakage and translate to device 

performance. Band alignments measured as a function of different growth/processing conditions 
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would potentially provide a direct explanation for the measured electrical properties of fabricated 

FET devices. 

 

6.2.2 Dielectric-on-TMDC-on-Dielectric Multi-Step Integration 

 

The work presented in this dissertation discussed various integration techniques for 

TMDC-on-dielectric and dielectric-on-TMDC structures. While the studies for these two stacking 

configurations were performed exclusively, providing proofs of concept for our 

oxide/semiconductor deposition and processing methods, this does not mimic real-world device 

fabrication, in which fabrication steps are highly interdependent and required to be compatible 

with each other. A logical step moving forward is to combine our most important findings from 

the processes we studied in Chapters 4 and 5. For instance, the atmospheric UV-O3 exposure 

technique can be used on our MBE WSe2 material to investigate if it results in the same marked 

improvement in the quality of ALD oxide films directly deposited on top, as observed with 

commercial single-crystal WSe2. 
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Appendix A Surface Coverage Analysis and Correlation with XPS 

Intensities 
 

We now analyze the surface coverage of the remaining HfO2 clusters on untreated MoS2 

seen with AFM and correlate it with the Hf 4f peak intensity from XPS. The integrated intensity 

of the Hf 4f peak from a HfO2 overlayer, as in our case, is given by Eq. 1 [1]: 

𝐼PQ($,Q%-+ = 𝐼PQ($
7 [1 − exp Q− 1

ℓ23):
R] (1) 

In this equation, 𝐼PQ($
7  is the intensity of Hf 4f from bulk HfO2, 𝑑 is the thickness of the HfO2 

overlayer, ℓ is the effective attenuation length (EAL) of a Hf 4f7/2 photoelectron traveling through 

the overlayer, for which we use 2.6 nm [2], and 𝜃 is the photoelectron take-off angle with respect 

to the surface normal, which is 45° for the geometry of our XPS system. Eq. 1 assumes a uniform 

coverage of HfO2. For incomplete HfO2 coverage, as seen with the untreated MoS2 surface post-

anneal (Chapter 5.1), the right-hand side of Eq. 1 is multiplied by the fraction of the surface 

covered by the clusters, 𝑥. Taking the ratio of the equation for clusters, 𝐼PQ($,2-/)#.0), and the 

equation for a complete layer, 𝐼PQ($,Q%-+, gives the surface coverage estimated with XPS (Eq. 3). 
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The Hf 4f XPS intensities were obtained by fitting the pertinent Hf 4f spectra with Voigt 

lineshapes using kolXPD software. 𝐼PQ($,2-/)#.0) was the Hf 4f intensity of the remaining HfO2 

clusters on untreated MoS2 after annealing, and 𝐼PQ($,Q%-+ was taken from a separate thicker as-

deposited film that fully covered the MoS2 substrate. The thickness of the film, 𝑑Q%-+, was 

estimated as 5 nm based on the growth rate per cycle of the ALD recipe. The thickness of the 

clusters was obtained from the average peak heights in the line profile. 

Using Eq. 3, we calculate an expected surface coverage of 7% based on the HfO2 XPS 

signal. We obtained an actual surface coverage of approximately 27% by analysis of the AFM 

micrograph using Gwyddion software. The discrepancy between our calculated value using XPS 

and our actual value from AFM can be due to several reasons: 1) In the XPS intensity equations, 
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the EAL is assumed to be a known value, but the EAL that was used from the NIST database [2] 

is actually a result of modeling the experimental XPS setup. 2) The equation for 𝐼PQ($,2-/)#.0) 

assumes a uniform cluster thickness, which we know from the AFM line profiles is not true. 

Clusters thinner than the average cluster thickness may significantly be affecting the calculation 

due to the exponential dependence of the intensity on the thickness, resulting in a vastly reduced 

calculated surface coverage, x. 3) AFM was performed ex-situ after several hours of atmospheric 

exposure of the samples. This could result in adventitious contaminants adsorbed on the surface 

which are seen with AFM, but not accounted for in our in-situ XPS measurements. 
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Appendix B Atmospheric Stability WSe2 Grown on HOPG by MBE 
 

 
Figure B.1. W 4f spectra of MBE-grown WSe2 before and after 20 minutes of atmospheric exposure. It is shown that a brief 

exposure to atmosphere does not cause significant oxidation of the WSe2 film. 
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Appendix C Details of Spectral Deconvolution in Chapter 5.2 
 

Table C.1. Binding energy positions of fitted peaks in W 4f and Se 3d spectra of WSe2 samples after UV-O3 exposure. 

 W 4f7/2 / Se 3d5/2 W 4f7/2 Se 3d5/2 

 WSe2 (1) WSe2 (2) WSe2 (3) WSe2 (4) W-O Se-O 

As-exfoliated  
32.97 eV / 

55.22 eV 
    

10 min UV-

O3 

33.27 eV / 

55.56 eV 

32.88 eV / 

55.18 eV 
    

13 min UV-

O3 

33.25 eV / 

55.54 eV 

32.86 eV / 

55.14 eV 
    

17 min UV-

O3 
  

32.27 eV / 

54.51 eV 

31.86 eV / 

54.10 eV 
35.70 eV 58.95 eV 

20 min UV-

O3 
  

32.28 eV / 

54.54 eV 

31.85 eV / 

54.08 eV 
35.71 eV 58.98 eV 

 
Table C.2. Binding energy positions of fitted peaks in W 4f and Se 3d spectra of WSe2 samples after HfO2 ALD. 

 W 4f7/2 / Se 3d5/2 W 4f7/2 Se 3d5/2 

 WSe2 (1) WSe2 (2) WSe2 (3) WSe2 (4) W-O Se-O 

0 min UV-O3  
32.94 eV / 

55.20 eV 
    

10 min UV-

O3 
 

33.04 eV / 

55.31 eV 
    

17 min UV-

O3 
 

32.87 eV / 

55.15 eV 

32.45 eV / 

54.74 eV 
 36.05 eV  

30 min UV-

O3 
 

32.89 eV / 

55.17 eV 

32.47 eV / 

54.73 eV 
 36.12 eV  
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In all of the figures where we show deconvoluted spectra in Chapter 5.2, the backgrounds 

of the spectra were also fit, but were subtracted in the plots for clarity. All of our spectra were fit 

with Shirley backgrounds, with the exception of the SeO2 component. 

 Because of a loss feature from the W 4f that overlaps with the Se 3d region, specifically in 

the region between the Se-W and Se-O components, a Shirley background cannot fit the entire 

spectrum from 52 to 62 eV binding energy. In order to properly capture the background, the 

features from 52 to 57 eV (WSe2 components) were fit with a Shirley background, and the features 

from 57 to 62 eV (SeO2 component) were fit with a linear background, as shown in Figure C.1. 

 

 
Figure C.1. High UV-O3 exposure Se 3d spectrum from Chapter 5.2.4.1. Shown in black is the raw data, and in red is the 

background that was subtracted in the figure showing the fitted spectrum. 
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Appendix D WO3-SeO2 Compound Overlayer Thickness 

Calculation 
 

We find with XPS that UV-O3 exposures result in the formation of both WO3 and SeO2 on 

the WSe2 surface. We assume these oxide components to be homogeneously mixed within the 

same layer rather than being stacked on top of each other. Overlayer thickness calculations using 

XPS results are typically performed using the ratio of the overlayer intensity (i.e., SiO2) to the 

substrate intensity (i.e., Si) taken from the same core level spectrum [1, 3]. This overlayer to 

substrate intensity ratio is proportional to the overlayer thickness. In our case with the assumption 

of a compound oxide overlayer (WO3-SeO2), we have to account for the fact that our WSe2 signal, 

in both the W 4f and Se 3d regions, are attenuated by both WO3 and SeO2, whose signals come 

from two different core level spectra. To calculate our compound overlayer thickness, we use two 

separate equations for the overlayer/substrate intensity ratios – one for WO3 on WSe2, and one for 

SeO2 on WSe2, as shown in Eq. 4 and 5, respectively. In these equations, we have an “effective” 

WO3 thickness, 𝑑Z(F, and an “effective” SeO2 thickness, 𝑑'.($. We take our compound oxide 

overlayer thickness to be the sum of these two effective thicknesses. 
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Here, 𝐼S represents the measured XPS intensity of specie x, ℓZ	]Q/'.	_1	%`	S is the effective 

attenuation length (EAL) of the specified core level photoelectrons traveling through an overlayer 

of specie x, and 𝜃 is the photoelectron take-off angle with respect to the surface normal, which is 

45° in the XPS system we used. 

The EALs that we used in our calculations were obtained from the NIST EAL database [2, 

4]. Given our 45° take-off angle, the EALs used were 23.388 Å for ℓZ	]Q	%`	Z(F, 31.178 Å for 
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ℓZ	]Q	%`	'.($, 30.739 Å for ℓ'.	_1	%`	'.($, and 23.073 Å for ℓ'.	_1	%`	Z(F. One of the XPS 

measurements we discuss was performed at a photoelectron take-off angle of 60°, as noted in the 

appropriate figure caption. For these spectra, the EALs that we used in our thickness calculations 

were specific to a 60° take-off angle: 22.688 Å for ℓZ	]Q	%`	Z(F, 30.653 Å for ℓZ	]Q	%`	'.($, 30.212 

Å for ℓ'.	_1	%`	'.($, and 22.372 Å for ℓ'.	_1	%`	Z(F. 

The ratio 
>'()*+,-)*
6

>12314*,4)
6 , commonly referred to as 𝑅3, is the intensity ratio of an “infinitely thick” 

pure overlayer to an “infinitely thick” pure substrate material, which can be experimentally 

measured if pure bulk samples of the materials of interest are available. For our calculations, we 

used a theoretical 𝑅3 value. Using the equation for 𝑅3 provided by Seah and Spencer [5], we 

calculated an 𝑅3 of 1.25 for Eq. 4 (WO3 on WSe2) and 1.92 for Eq. 5 (SeO2 on WSe2). It is known 

that, for the case of SiO2 on Si, theoretical and experimental 𝑅3 values differ by more than 50%. 

However, we should note that such an error is systematic, and as such will impact the accuracy, 

but not the precision of our measurement. 

 To calculate the overlayer thickness, 𝑑, we use an iterative process. We start with an 

educated guess for 𝑑'.($ to use in Eq. 4, and an educated guess for 𝑑Z(F to use in Eq. 5. Eq. 4 is 

used to solve for 𝑑Z(F, and Eq. 5 is used to solve for 𝑑'.($. The calculated separate effective 

thicknesses (𝑑Z(F and 𝑑'.($) are then plugged into Eq. 5 and 4, respectively, and the procedure is 

repeated until the two equations have consistent effective thickness values. 
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Appendix E Supplementary Transmission Electron Microscopy 

(TEM) Results for Chapter 5.2 
 

Low UV-O3 Exposure of WSe2 

 
Figure E.1. Large field of view cross-sectional micrograph of ALD HfO2 deposited on low exposure WSe2 (10 min UV-O3 

functionalization). The HfO2 film is shown to be smooth with a uniform thickness of 5.4 ± 0.5 nm across a large cross-sectional 

area. 
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High UV-O3 Exposure of WSe2 

 
Figure E.2. Cross-sectional TEM of ALD HfO2 on high exposure WSe2 (30 min UV-O3). The HfO2 film is shown to be smooth 

with a uniform thickness of 5.4 ± 0.8 nm. 
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