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Abstract
Semiconducting β-FeSi2 is a candidate thermoelectric material whose constituents are abundant
and eco-friendly, but significant improvements in thermoelectric properties are needed before it
becomes viable in applications. Nanostructuring of the β matrix and Si1-xGex lamellae, via control
of eutectic solidification and eutectoid decomposition, has been shown in the literature as an
effective method to reduce thermal conductivity. This dissertation research investigated processing
methods to engineer hierarchical structures, characterized the consequent microstructures, and
related these features to thermal conductivity and independent thermal scattering contributions of
heterointerfaces.
The binary Fe-Si system was first investigated as a means to understand the eutectoid
decomposition (α-FeSi2 → β-FeSi2 + Si). We characterized the nucleation modes of the binary
system, showing that nucleation of eutectoid colonies occurs preferentially on cracks. Nucleation
can also occur on eutectic Si microconstituents, but is only observed only at small undercoolings,
when Si diffusion to the eutectic particles creates a large local chemical driving force for β
nucleation. Low temperature aging of binary samples produced cooperatively-grown Si lamellae,
which decomposed into nanowires and spheroids via Rayleigh instability upon further aging. The
growth velocity (v) and interlamellar spacing (λ) of pearlitic colonies obeys a relation of the type
vλn = f(T). This bounds the activation energy for the diffusion, although the exact mechanism could
not be specified from the data. We also found that the eutectoid Si are polycrystalline with
interfaces primarily being twin boundaries on the {111} planes.
We then alloyed small quantities of Ge to the system (now a ternary Fe-Si-Ge) to enhance
thermoelectric properties and widen the design space. Eutectic solidification (L → α-FeSi2 + Si1-
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zGez)

was used to create meso-scale lamellae. Eutectic morphology and Ge disposition amongst

the product phases can be controlled through the solidification rate. By increasing the rate from
ambient cooling in a chilled hearth (~102 ˚C/s), to melt-spinning, (~106 ˚C/s), eutectic lengthscales
can be reduced by over two orders of magnitude, while the Ge concentration in the lamellae and
matrix roughly doubles. Subsequent aging produced eutectoid decomposition (α-FeSi2 → β-FeSi2
+ Si1-yGey) where the additional diamond cubic product is interleaved with the eutectic lamellae,
creating a hierarchical structure.
Preliminary work exploring ultra-rapid solidification rates, ~109 ˚C/s, was performed via pulse
laser melting (PLM) with a high-power UV laser. Although this surface-melting technique raised
the solidification rate vis-à-vis melt-spinning, there are numerous sample processing challenges to
overcome before routine synthesis is possible. Furthermore, PLM artifacts such as the small depth
of melting and surface cracking rendered characterization of thermal or electrical transport
effectively impossible. Nonetheless, SEM micrographs of PLM samples show potential for
developing an optimized microstructure for maximal thermal scattering.
The Si-rich region of the Fe-Si-Ge ternary phase diagram, which was previously unexplored, has
been mapped through Rietveld analysis and differential scanning calorimetry. Compositional
ranges for α-FeSi2 + ε-FeSi + Si1-zGez and β-FeSi2 + ε-FeSi + Si1-yGey three-phase regions were
experimentally determined for both 1000 ºC and 900 ºC sections. Ge additions were found to have
a negligible effect on the lattice parameters of intermetallic phases, but have a moderate effect on
phase transformation temperatures. Although our composition resolution was not fine enough for
differential scanning calorimetry to resolve liquidus surface features, we were able to estimate the
position of the ternary eutectic point and the ε-FeSi/SiGe cotectic line.
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Microstructural characterization was performed, in part, as a means to discover a relationship
between hierarchical structuring and thermal conductivity. For the binary sample, process
conditions were exploited to create morphological extremes (nanostructured versus coarse
particles) and then compared them to investigate the degree of thermal scattering imposed by the
β/Si heterointerface. Nanostructuring of the eutectoid Si increased the density of heterointerfaces
by 40x vis-à-vis coarse Si equiaxed particles, with a concomitant reduction in thermal conductivity
of only 2x. For ternary alloy specimens, melt-spinning and low temperature aging significantly
lowered thermal conductivity, which decreased from 22.8 W m-1 K-1 down to 8.3 W m-1 K-1. We
analyzed the thermal conductivity in terms of a series thermal resistance model, via Matthiessen’s
rule, and showed that Ge composition has a significant effect on phonon scattering at the βFeSi2/Si1-xGex heterointerface. By increasing Ge concentration from 0 to 30 at%, the thermal
boundary conductance is reduced by an order of magnitude.
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TEM: Transmission Electron Microscope
TKD: Transmission Kikuchi Diffraction
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UV: Ultra-Violet
V: Volume
f: Volume Fraction
XRD: X-Ray Diffraction
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1 Introduction
1.1 Motivation
Current means of energy production are highly inefficient. Research from the Lawrence Livermore
National Laboratory estimates that ~68% of the energy the United States produced yearly, from
2015 to 2017, was rejected as waste heat [9]. The last decade has seen a societal push for
technologies to increase power efficiency and seek renewable, sustainable, and eco-friendly energy
production means. One such direction is direct energy conversion via thermoelectric materials.
These materials are solid-state “generators” that convert a thermal gradient into an electrical

Figure 1.1: Diagram from Zhao et al. [1], demonstrating that hierarchical optimization at several
lengthscales could significantly improve thermoelectric efficiency. We investigated the following
lengthscales with their corresponding features: meso-scale through eutectic solidification, nano-scale
through eutectoid decomposition, and atomic scale through Ge disposition control.
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current without moving parts. If thermoelectric devices collected even 10% of the annual waste
heat, it could provide enough electricity to power 180 million homes. However, modern
thermoelectrics do not have the efficiency suitable for commercial use and are rarely used beyond
niche applications such as satellite power generators and Peltier coolers [10].
To create a viable thermoelectric material, we sought to optimize the Fe-Si-Ge alloy system. We
chose this alloy system because it is eco-friendly, and made from inexpensive and abundant
constituents. In this work, we only investigated atomic-scale, nano-scale, and meso-scale
structuring and their effects on thermal conductivity; these microstructural lengthscales can be
seen in Figure 1.1. The Fe-Si-Ge alloy systems provide opportunities for hierarchical structuring
by exploiting a strategy combining both liquid and solid-state processing. Eutectic solidification
(L → α-FeSi2+δ + Si1-zGez) leads to meso-scale structuring of Si1-yGey lamellae and the lamellar
spacing further controls eutectoid colony grain size. Subsequent eutectoid decomposition (αFeSi2+δ → β-FeSi2 + Si1-yGey), results in a nanoscale structural inhomogeneity, interleaved within
the eutectic lamellae. Atomic-scale structuring occurs through the control of Ge disposition inside
nanoinclusions via eutectic and eutectoid processing, and will be shown to have the strongest effect
on phonon scattering.
1.2 Background
1.2.1 Thermoelectrics
Thermoelectrics are solid-state materials that can convert a temperature gradient into an electrical
current. Figure 1.2 depicts a diagram of a thermoelectric generator, which consists of a p-type
(excess holes, h+) and n-type (excess electrons, e-) semiconductor connected to a heat source (Thot)
and a heat sink (TCold). Charge carriers behave like a diffuse gas and diffuse down the temperature
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Figure 1.2: Diagram of a thermoelectric generator, a solid-state device that utilizes the movement of charge
carriers, both holes and electrons, along a thermal gradient to produce an electrical current.

gradient; it is this coordinated movement of holes and electrons that creates an electrical current
(I). For a thermoelectric to be efficient, it is necessary to have good charge carrier density and
mobility. It is imperative that the material does not reach thermal equilibrium quickly, removing
the driving force and terminating current production. One modern strategy for an ideal
thermoelectric is described as the “phonon glass/electron crystal” [11]; where electrons flow
unimpeded like in a periodic crystal lattice, but phonons are heavily scattered like in an amorphous
glass. Simultaneously maximizing electrical conductivity while minimizing thermal conductivity
is a nontrivial materials science challenge.
A material’s thermoelectric efficiency is quantified by a dimensionless figure of merit:
𝑧𝑧𝑧𝑧 =

𝑆𝑆 2 𝜎𝜎𝜎𝜎

𝜅𝜅𝑒𝑒 +𝜅𝜅𝑙𝑙

1-1

where S is the Seebeck coefficient – the magnitude of the induced voltage per temperature gradient
and is related to the average energy of charge carriers, σ is the electrical conductivity, and together
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S2σ is known as the power factor. There are two mechanisms by which thermal conduction occurs:
heat can be carried by charge carriers (𝜅𝜅𝑒𝑒 ), and by lattice vibrations called “phonons” (𝜅𝜅𝑙𝑙 ). Phonons

and heat transfer will be discussed in more detail later in this chapter. T is the temperature, noting
that the materials properties are themselves temperature dependent. Figure 1.3

shows the

efficiency of several zT values as a function of heat source temperature, as well as the efficiencies
of other forms of energy production [2]. It is only been recently that a zT > 2 at 923 K has been
achieved [12], but significant improvement must be made if they are to be as efficient as other
energy production technologies.
Individual optimization of these parameters is nontrivial as they are inextricably connected. This
dissertation specifically investigated how to reduce 𝜅𝜅𝑙𝑙 and is undoubtedly doing so at the expense
of σ; crystal defects, such as impurity atoms and interfaces, are scattering sites for electrons as

well as phonons. With precise doping it is possible to improve S2σ [3], and mitigate and overcome
the disadvantage caused by crystal defects. As shown in Figure 1.4, the increase in carrier density

Figure 1.3: A graph plotting efficiency vs heat source temperature for different values of zT. Data points
denote efficiencies and operating temperatures of other energy production means. [2]
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improves electrical conduction due to the greater number of charge carriers, however, the new
carriers also lower S. This is because the Seebeck coefficient is proportionally dependent on:
𝑚𝑚∗

S ~ 𝑛𝑛2/3

1-2

where m* is the effective mass and n is the carrier concentration. Heavy carriers have lower
mobilities and thus low electrical conductivities. The increase in σ is caused by an increase in

Figure 1.4: Graphs depicting the relationship between thermoelectric properties and charge carrier density.
Ranges indicating typical values of S, σ, 𝜅𝜅𝑒𝑒, and 𝜅𝜅𝑙𝑙 for insulators, semiconductors and metals are denoted
as well [3].
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lighter, lower energy carriers [11]. Maximization of S2σ can be achieved by careful doping;
however, this is beyond the scope of this dissertation.
1.2.2 Modern Thermoelectric Research
Most modern, high efficiency thermoelectric materials seek to increase thermoelectric efficiency
by pursuing the phonon glass-electron crystal model. A review from Snyder et al. [13] describes
some of the strategies to obtain a phonon glass-electron crystal material: 1) create disorder within
the unit cell via alloying with isoelectric cation and anions, which does not reduce σ but does
reduce κ; 2) exploit materials with large, complex crystal structures [11][3], such as PbTe [14][15]
and Bi2Te3 [16][17]-based alloys, which have inherently low 𝜅𝜅𝑙𝑙 and high S; and 3) synthesize

nanostructured two-phase materials, for example, made by either eutectoid decomposition or

powder processing, which creates large heterointerface densities [18] and small grain sizes [11].
Other approaches are possible; for example, Zebarjadi et al. show improvement S2σ via “electron
screening” caused by metallic nanoparticles donating electrons and acting as scattering sites for
low energy electrons [19][20][21].
Our approach to improve thermoelectric efficiency was inspired by Zhao et al. [1], which suggests
that hierarchical control and careful optimization across multiple lengthscales could significantly
improve thermoelectric efficiency, Figure 1.1. This paper is also the inspiration for our hierarchical
approach. Recent work performed by the Kanatzidis group on PbTe-SrTe alloys demonstrates the
potential of the hierarchical structuring approach [1]. They employed nonequilibrium
solidification techniques to supersaturate PbTe with Sr. This allowed for hierarchical structuring
along the following lengthscales: 1) atomic-scale: utilizing doping and alloy scattering from Na
doping and Sr; 2) nano-scale: through precipitation of copious nanoscale SrTe precipitates; 3)
meso-scale: fine grains via powder processing; and 4) bandgap engineering: valence band
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convergence of PbTe due to Sr alloying and valence band alignment between the precipitate and
matrix. This emphasis on hierarchical structuring has successfully increased zT to an
unprecedented 2.5 at 923 K [12].
1.2.3 Phases Present in the Fe-Si Based Thermoelectric
Figure 1.5 [4] shows the Si-rich region of the ternary phase diagram, along with the crystal
structures of the four phases encountered over the course of this project: α-FeSi2, β-FeSi2, ε-FeSi,
and Si1-xGex which we also refer to as diamond cubic (DC).
α-FeSi2 is the metallic, high temperature iron disilicide phase. It has a tetragonal lattice, P4/mmm
space group, and 1 formula unit per unit cell. α-FeSi2 is a nonstoichiometric phase; with a Fe

Liquid

Si

Figure 1.5: Si-rich region of the binary Fe-Si phase diagram [4]. The eutectic solidification at 73.5 at% Si
and the eutectoid decomposition at 70.5 at% Si are marked with a blue and red arrow respectively. The unit
cell for pertinent phases (made in CrystalMaker) are displayed to the right of the diagram.
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vacancy concentration that can be as large as 13-18% [22][23], and is stable over a wide
compositional range. The α phase is often referred to as α-FeSi2 or α-Fe2Si5 [24][25]. However, it
would be more accurately expressed as α-FeSi2+δ, where δ is the “excess” Si caused by Fe
vacancies. The reason we do not refer to the phase as α-Fe2Si5 is because the ideal unit cell has 1
Fe and 2 Si atoms. This phase is stable at high temperatures, but decomposes through a eutectoid
isotherm at 937 ºC to stoichiometric β-FeSi2 and Si [4].
β-FeSi2 has many appealing properties for a potential thermoelectric material. It is one of the few
semiconducting transition metal silicides with an indirect bandgap of Egap = 0.78 eV [26]. β is a
stoichiometric line compound that occurs at low temperatures. The complex orthorhombic crystal
structure, Cmca space group with 16 formula units per unit cell, contributes to a naturally high
Seebeck coefficient and low thermal conductivity [27]. It is oxidation resistant up to 900 K, made
from inexpensive constituents, and is easily synthesized. However, the thermoelectric performance
is limited by poor electrical conductivity [24].
Pure Si

Pure Ge

Figure 1.6: Matlab generated plot showing 𝜅𝜅𝑙𝑙 of bulk Si-Ge alloys as a function of Ge fraction; the
reduction in 𝜅𝜅𝑙𝑙 is due to alloy scattering.
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The ε-FeSi phase has a B20 crystal structure and P213 space group with 4 formula units per unit
cell [28]. It is often referred to as a metallic phase [29] but is actually a narrow bandgap
semiconductor (~0.1 eV) [28][30] and only exhibits semiconductor properties at low temperatures.
Since it acts like a poor metal at elevated temperatures, copious nucleation of ε inclusions were
avoided whenever possible as it can have deleterious effects on thermoelectric properties. The ε
phase is predominantly a concern in our ternary Fe-Si-Ge experiments, where it occurs over a
broad compositional range along with the disilicide and DC phases.
Any Si (Fe-Si binary alloys) or Si,Ge (Fe-Si-Ge ternary alloys) rejected by the intermetallic phases
form a completely miscible Si1-xGex alloy as a diamond cubic microconstituent. It should be noted
that Fe also has negligible solubility in Si and Ge. The literature establishes SiGe as an efficient
thermoelectric material; an n-type Si80Ge20 can have a zT of 1 with maximum efficiency at 900 ˚C
[11]. There are two immediate benefits to compositing this alloy into the β-FeSi2 matrix. Ge
alloying can reduce thermal conductivity via alloy scattering of phonons [5]. As seen in Figure
1.6, alloy scattering has a profound effect on thermal conductivity; even small concentrations of
Ge efficiently minimize thermal conductivity to ~12 W/mK, as opposed to 149 W/mK and 58
W/mK for pure Si and Ge respectively. The DC bandgap can also be tuned by Ge concentration
[31][32], however band-gap engineering as a hierarchical structuring approach was beyond the
scope of this project.
1.2.4 Eutectic and Eutectoid Processing
As shown in Figure 1.5, the Si-rich region has liquid and solid-state phase transformations that aid
in the hierarchical structuring of Fe-Si based alloys. Eutectic solidification occurs when two solid
phases with different crystal structures grow simultaneously from an undercooled liquid. This
growth often occurs cooperatively and creates periodic and alternating lamellae/lathes/rods when
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the liquid/solid interface is quasi-planar. Lamellar spacing (λ) is determined by the diffusion length
of solute, and temperature, at the solidification front. Faster cooling rates result in a smaller
diffusion distances that in turn result in finer eutectic lengthscales. It can also be viewed in
thermodynamic terms, where the undercooling provides the energy to create heterointerfaces
[33][34]. If the reaction front moves faster than the diffusion of solute in the liquid phase then it is
possible for phases to become supersaturated beyond the normal solubility limit, which is called
solute trapping [35]. This is cause by extreme solidification rates like those achieved by meltspinning and pulse laser melting. Both meso-scale and atomic-scale structuring are also dependent
upon solidification rate. We explored a range of solidification rates ranging from 102 ˚C/s (ambient
cooling) to 106 ˚C/s (melt-spinning) to 109 ˚C/s (pulse laser melting).
The eutectoid decomposition is analogous to eutectic solidification except it is an entirely solidstate transformation. Like the eutectic, the fine lamellar morphology can result from the
cooperative growth of product phases. As will be discussed in Chapter 3, uncoupled or “divorced”
eutectoid is also possible, and occurs when the matrix phase grows faster than the other; this
typically forms finely dispersed spheroids in a continuous matrix phase. Lamellar spacing is
governed by the degree of undercooling, and can also be viewed as caused by either temperaturelimited diffusion lengths or the undercooling providing energy to create additional heterointerfaces
[33].
Eutectoid decomposition results in a pearlitic microstructure consisting of DC lamellae in a βFeSi2 matrix. Manipulation of the pearlitic microstructure provides a route for hierarchical
structural control determined by composition, processing methodology, and aging parameters. By
controlling the eutectoid decomposition kinetics, we can vary lengthscales and morphology of the
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Si phase. This allows for the modification of phonon scattering by tailoring the β-FeSi2/Si
heterointerface density and the β-FeSi2/Si grain size distribution.
1.2.5 Prior Work on Binary Fe-Si Alloys
The β-FeSi2 phase is a well-studied semiconductor, and its thermoelectric properties have been
well documented. Single-phase β has only a modest zT, with the best reported value being zT =
0.4 for Co-doped β-FeSi2 [36]. Several effective dopants have been identified for p-type and ntype doping on substitutional Fe [27][37] and Si [38] sites. Alloying with isoelectric and
isostructural elements such as Ru, Os, and Ge has also been shown to improve properties [39][26].
Several methods have been explored for synthesizing single-phase β material. The previous
references synthesized their samples by powder processing, from either previously arc-melted
material or stoichiometrically weighed powders of Fe and Si, via high-energy ball milling and
spark plasma sintering (SPS). There are benefits to powder processing as opposed to casting: the
SPS process can circumvent densification issues which will be discussed in the follow chapters,
and creates fine α grains which in turn refine the β grain size [40]. Yamauchi et al. [41] used
suction casting of stoichiometric β-FeSi2. β is a line compound and achieving a single-phase
material is nontrivial, as often times slight compositional variations give rise to ε or Si inclusions.
They sought to minimize the ε nucleation upon solidification by alloying with Cu. From this work,
they have shown that ε provides low-energy nucleation sites for β grains and enhances the
nucleation rate; however, it was also shown that the peritectoid transformation (ε + α → β) is
sluggish and they were not able to solutionize the ε particles. Other papers attempting to utilize the
peritectoid

reaction

(α-FeSi2

+

ε-FeSi

→

β-FeSi2)

to

reduce

β

grain

size

[41][41][41][41][37][40][42] also found that complete transformation cannot be achieved in
reasonable timescales. Cu was shown to suppress primary ε nucleation during the synthesis
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process. A Johnson-Mehl-Avrami (JMA) analysis revealed that Cu accelerates the eutectoid
decomposition., speeding up phase transformation by Cu.
Another route to enhance β-FeSi2 is to introduce an additional phase by exploiting the eutectoid
decomposition (α-FeSi2 → β-FeSi2 + Si) found at 70.5 at% Si in Fe-Si binary system, Figure 1.5.

Figure 1.7: The effect of aging conditions on thermoelectric properties as a function of temperature: a)
thermal conductivity, b) electrical conductivity, c) Seebeck coefficient, and d) the figure of merit. Changes
in properties are caused by lengthscale differences of the two-phase β + Si microstructure. Data taken from

[6].
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The addition of the Si phase increases the power S2σ and reduces 𝜅𝜅𝑙𝑙 through interface density. Ail
et al., measured thermoelectric properties of α-FeSi2 samples aged at 600-850 ˚C for prolonged

times; this produced coarsened Si quasi-equiaxed particles varying lengthscales. They
demonstrated that the Si morphology is dependent on aging conditions and that κ decreases with
diminished lengthscales [43]. In another paper, Redzuan et al. measured the thermoelectric
properties of a sample, made by powder processing, and decomposed at 700 and 800 ˚C. The
resulting β/Si composites showed that the presence of Si greatly improves the figure of merit.
However, their aging parameters were problematic, as at least one data point was only partially
transformed and the others produced coarsened Si particles. From Figure 1.7 [6], we can see that
the presence of Si increased κ. This is caused by the high Si volume fraction, coarseness of Si
inclusions, and facile heat transfer through Si (𝜅𝜅𝑆𝑆𝑆𝑆 = 149 W/mK). However, the figure of merit was

still greatly enhanced and was most likely due to the major improvement in the Seebeck coefficient

[6]. These papers suggest that the β + Si composite can have superior thermoelectric properties
and that properly nanostructuring Si through low temperature aging can enhance thermoelectric
efficiency.
Nagase et al. [44] performed melt-spinning on Fe-Si compositions of the eutectoid (70.5 at% Si)
and eutectic (73.5 at% Si). They found that rapid solidification of Fe29.5Si70.5 and Fe26.5Si73.5
engendered eutectic microstructures of ε + α and α + Si, respectively. They used JMA analysis to
show that the fine eutectic lamellae and Si-rich α phase accelerated the eutectoid decomposition.
Aging produced fine eutectoid lamellae between the eutectic structures, but neither composition
was analyzed for their thermoelectric properties.
1.2.6 Prior Work on Ternary Fe-Si-Ge Alloys
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As previously mentioned, alloying the Fe-Si system with Ge provides an additional degree of
freedom to enhance thermoelectric properties. However, research into β/Si1-xGex composites is
sorely lacking in the literature, with only three reports of which we are aware. Mohebali et al.
showed that spark plasma sintering P-doped SiGe with Co-doped β-FeSi2 (consists of 75 at% of
sample) yields a sharp increase in power factor and zT, as shown in Figure 1.8 [7]. It should be
noted that the increase in 𝜅𝜅𝑙𝑙 is once again attributed to the larger bulk thermal conductivity of the

Figure 1.8: Plots comparing thermoelectric properties of powder processed and P-doped β-FeSi2 and βFeSi2 + SiGe composites: a) electrical conductivity, b) Seebeck coefficient, c) thermal conductivity, d)
power factor, and e) figure of merit. Data taken from [7].
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coarse SiGe particles. When compared to the control sample, the Ge additions increased zT by
nearly 2x with a final value of 0.54 [7]. Abudakka et al. synthesized a P-doped Si80Ge20 matrix
(consisting of 95 at% of the sample) with β-FeSi2 particles. These samples were made with lowgrade Fe, Si, and GeO2 powders that were reduced with C during successive induction melts. This
material achieved a zT of 0.8 at 950 ˚C which is comparable to high-purity SiGe materials [45]. A
similar approach was taken by Nozariasbmarz et al [46] with the addition of an Ag impurity
(sintering aid) and achieved a zT of 1.2. This is due partly to the high-volume fraction of SiGe,
which is already an efficient thermoelectric; it has been shown in the binary Fe-Si system that Si
volume fraction greatly controls properties of the bulk materials [47]. However, these papers did
not compare properties against a similarly made single-phase SiGe control, so the benefits of the
β inclusions were not defined.
The papers from Redzuan et al. and Mohebali et al. reported significantly lower thermal
conductivities from their base Fe-Si materials than we obtained through our hierarchical
structuring, and the reason is not immediately clear. Both groups used lower grade elements (3N),
Co doping, and powder processing techniques, which should result in additional thermal scattering.
However, these components alone might not account for their exceptional thermal conductivities.
Si-rich Fe-Si-Ge ternary alloys are potential materials for future semiconductor technologies;
nanocomposites of semiconducting β-Fe(Si,Ge)2 and Si1-xGex have been explored for use as
thermoelectrics [7][45], solar cells [48], and optoelectronics [49][50]. Even so, the ternary phase
diagram of Fe-Si-Ge components is still largely unknown. Precise engineering of compositions
and volume fractions are hampered without this information. Previous work has mapped the Ferich region [51], but the Si-rich region, which is important for semiconductors, has not been
explored. Scarce thermodynamic data, especially for the Fe-Ge binary system, frustrates modeling
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programs such as FactSage and Thermocalc from creating ternary phase diagrams that agree with
experimental data.
1.2.7 Thermal Conductivity
Heat transfer through a solid material behaves analogously to atomistic diffusion; heat carriers
diffuse along a temperature gradient from hot to cold. When a heat source is placed next to the
material, a change in temperature from one side to the other can be modeled by the differential
equation;
𝜕𝜕𝜕𝜕
𝜕𝜕𝜕𝜕

where 𝑐𝑐

𝜅𝜅

𝑝𝑝 𝜌𝜌

=

𝜅𝜅

𝑐𝑐𝑝𝑝 𝜌𝜌

𝛻𝛻 2 𝑇𝑇
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is the thermal diffusivity, which represents the ability of the material to conduct heat per

its ability to store heat. Note that κ is the thermal conductivity (typical units of W/m-k), ρ is the
density and Cp is the heat capacity (J/g-K). In analogy to the mass diffusivity, the thermal
diffusivity has units of m2/s. This is the thermal analog (Newton’s Law of Cooling) of Fick’s 2nd
law. Fourier’s law describes the flow of heat in this system;
𝑞𝑞 = −𝜅𝜅𝜅𝜅𝜅𝜅

1-4

where q is the heat flux and 𝛻𝛻𝛻𝛻 is the thermal gradient. This is the thermal analog to Fick’s 1st law

and is the constitutive equation that defines the thermal conductivity.

According to the kinetic theory of energy transport, thermal conductivity (κ) is proportional to
κ ~ cvvλ

1-5

where cv is the volumetric heat capacity, v the group velocity of the heat carrier, and λ is the mean
free path between (phonon) scattering sites. While cv and v are intrinsic material properties that are
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specific to each material, λ is dictated by microstructure and the spacing between crystal defects
such as alloy impurities and interfaces.
Heat transfer through solid matter occurs through two mechanism: charge carriers and lattice
vibrations. Due to the naturally low carrier concentration of semiconductors, 𝜅𝜅𝑙𝑙 is the major
contributor to thermal conductivity. Many different vibration modes can be permitted along a
crystallographic direction simultaneously, this superposition of waveforms creates a quantized
wave packet or “phonon”. These vibrations are transmitted through crystalline matter via
transverse or longitudinal waves, and depending on whether neighboring atoms move in-phase or
out-of-phase are referred to as acoustic or optical phonons respectively [52].
As phonons travel through the crystal lattice, any break in periodicity, i.e., any crystal defect, can
result in phonon scattering, Figure 1.9. In this work, two principle scattering mechanisms are of
interest: 1) phonon-impurity (alloy) scattering where high frequency phonons with mean free paths
on the order of lattice spacings are scattered by a solute element, 2) and phonon-boundary
(boundary or interface) scattering where low frequency phonons scatter off interfaces such as grain
boundaries and heterointerfaces. High frequency phonons scatter more readily due to their shorter
mean free path, which leaves low frequency phonons to carry the majority of heat [53].
Heat transfer across a solid material creates a continuous thermal gradient; however, when heat
flows across an interface there is a discontinuous drop in temperature on either side of the interface.
We attribute this temperature drop to the thermal boundary conductance (TBC); which relates to
heat flux by the equation;
𝑞𝑞 = ℎ𝑘𝑘 ΔT

1-6
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Figure 1.9: Simplified diagram depicting phonon scattering mechanisms in a crystalline material: phononboundary scattering at interfaces, phonon-impurity scattering at impurity atoms, and phonon-phonon
scattering caused by interactions between phonons.

where ℎ𝑘𝑘 is the TBC and ΔT is the change in temperature on either side of the interface. Significant

thermal scattering occurs due to the high interface density of nanostructured composites, and it is
crucial to understand the phonon scattering contribution caused by each β-FeSi2/Si1-xGex

heterointerface for further optimization. Boundary scattering is caused by differences in
vibrational properties on both sides of the interface, due to different bonding strengths, atomic
configurations, and Debye temperature. We used thermal boundary conductance (TBC) to describe
the scattering contributions of the heterointerface. We used Matthiessen’s rule,
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𝜅𝜅𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇
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𝑓𝑓𝐵𝐵
𝜅𝜅𝐵𝐵

+

𝜌𝜌𝐴𝐴/𝐵𝐵

ℎ𝑘𝑘,𝐴𝐴/𝐵𝐵
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where 𝜅𝜅𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇 is the total thermal conductivity of the system, 𝑓𝑓𝐴𝐴,𝐵𝐵 is the volume fraction of phase

A or B, 𝜅𝜅𝐴𝐴,𝐵𝐵 is the thermal conductivity of phase A or B, 𝜌𝜌𝐴𝐴/𝐵𝐵 is the interface density, and ℎ𝑘𝑘,𝐴𝐴/𝐵𝐵

is the thermal boundary conductance of the A/B interface. This rule states that the total resistivity

Figure 1.10: Plot of thermal boundary conductances as a function of temperature for various
heterointerfaces and bond types. Red lines indicate the highest and lowest values observed in the phonondominated regime of thermal boundary conductance. [8]
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of a material is a sum of all resistive elements [54]. Figure 1.10 [8] compares TBC values for
various metallic/metallic, semiconductor/semiconductor, and metallic/semiconductor interfaces
with black lines indicating the thickness of SiO2 needed to have an equivalent conductance. The
lowest TBC was measured from the Bi/diamond interface and is caused by the differences in heat
transport carriers (electrons vs phonons, respectively), poor phonon coupling caused by
mismatched Debye temperatures (low-frequency phonons vs high-frequency phonons,
respectively), and mass mismatch [55]. Ideally the TBC should be as low as possible, and we will
show in Chapter 4 that atomic-scale structuring, specifically of the DC nanowires, significantly
increases boundary scattering.
Thermal boundary conductance is not the only model that can describe the reduction in thermal
conductivity caused by nanostructured materials. The Callaway-Debye model ascribes the lower
thermal conductivity to a “size effect”, caused by the phonon mean-free-path being longer than the
width of the nanowire. We did not explore this model deeply, but more information about it is
discussed in Chapter 3.3.3.
1.3 Thesis Organization
This dissertation is organized in the following way. Chapter 2 details the synthesis and
characterization techniques used over the course of this project. Chapter 3 discusses investigations
of the binary Fe-Si alloy system, focusing on understanding the eutectoid decomposition (α → β
+ Si) and resultant microstructure, and relating thermal conductivity measurements to the observed
morphology. Chapter 4 expands the work done by the previous chapter by exploring the
engineering space of the ternary Fe-Si-Ge alloy, emphasizing the determination of how Ge
distributes in the structure, dependent of the processing conditions and microstructural
lengthscales. Thermal conductivity and thermal boundary conductance are directly related to DC
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nanowire composition and eutectoid interface density. Chapter 5 shows results from exploratory
experiments into ultra-rapid solidification of ternary alloys. We successfully reduced the
microstructural lengthscales below that obtained by melt-spinning, but due to inherent challenges
with laser processing we were unable to collect thermal conductivity or microstructural data. The
conclusion of my work on this project, Chapter 6 assesses part of the ternary Fe-Si-Ge phase
diagram, using various sample compositions made throughout my dissertation. Key results and the
directions of future research are summarized in Chapter 7.
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2 Material Processing and Characterization Methods
2.1 Sample Fabrication
Alloy synthesis took place in either a large-capacity arc-melter/melt-spinner or a small-capacity
arc-melter. Although the design and capabilities for each arc-melter is different, the overall process
is similar. A charge of high purity elements was carefully weighed to ±1 mg of the predetermined
weight, and cleaned by a 15-minute sonication in acetone followed by an ethanol and DI water
rinse. The charge is partitioned so that small lightweight pieces, and low melting temperature
elements, are beneath larger pieces, and conducting elements are separated from insulating
elements. A high-current electrical arc discharges from the tip of a sharpened tungsten stinger. The
W stinger is “stirred” about 2-4 cm above the charge until it is fully melted and a sessile drop is
formed. Another crucible is devoted to ~20g of Ti to act as an O-getter. Both arc-melters are
capable of achieving at least ~1500 °C, as Fe is easily melted, without pushing the power output.
The power can safely go as high as to melt surface oxide (SiO2) at ~1700 °C, but for safety reasons
the power should not be kept that high for prolonged times and could be dangerous above this
point.
2.1.1 Large-Capacity Arc-Melter/Melt-Spinner
The first stage of pumping was performed by a roughing pump and evacuates the chamber to ~50
mTorr followed by a diffusion pump evacuating to ~1*10-5 Torr. The chamber is backfilled to
~500 Torr Ar atmosphere, but Ar is not cycled again due to chamber size. The arc is initially struck
on the Ti O-getter and kept there until the Ti has fully melted to further minimize the partial
pressure of Oxygen (pO). A ~50 g charge was melted consecutively via a high-current arc until a
liquid boule forms; to ensure complete homogenization the boules were flipped (after solidification
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Figure 2.1: a) Schematic of the large-capacity arc-melting chamber and b) the layout of the Cu hearth.

and cooling) and the underside was remelted. A large boule could require 1-2 remelts to reach
homogenization. Afterward, the melt was then allowed to ambiently cool (cooling rate of order
102 º C/sec) to room temperature on the water chilled Cu crucible.
In order to evaluate the effects of cooling rate on microstructure, ~15-25g of a boule would be
sectioned off for melt-spinning. Re-melting was performed in the same chamber under the same
initial conditions, but with a Cu crucible that was fitted with a 2 mm diameter BN aperture leading
to a rotating Cu plate, Figure 2.1. The boule was re-melted and capillary forces contain the melt in
place, sealing the aperture and effectively dividing the chamber in two. Ar gas was backfilled into
the upper chamber until a pressure differential of ~380 Torr was reached, forcing the melt through
the aperture onto the Cu plate, rotating at 1200 rpm, and the solidified ribbon was thrown into a
collection arm. The resulting ribbons are ~50 μm thick and are extremely brittle; fine
microstructures are caused by the rapid solidification rate, estimated to be on the order 106 º C/sec,
2.1.2 Small-Capacity Arc-Melter
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Figure 2.2: a) Schematic of the small-capacity arc-melting chamber and b) the layout of the Cu hearth. The
Red x’s mark crucibles that cannot be used for melting.

The small-capacity arc-melter has a smaller chamber, Figure 2.2.a, and a single crucible can only
hold ~12g of a Si-rich charge. As shown in Figure 2.2.b, the hearth has multiple crucibles, and
four cigar shaped crucibles that were not used, and can melt successive charges of identical or
varying composition. Crucibles marked with a red x are directly below the Ar inlet valve and
cannot be used due to the influx of gas blowing the smaller constituents of the charge away. The
single roughing pump evacuates this chamber to ~70 mTorr. To remedy this relatively high
pressure, two cycles of pumping and Ar backfilling was performed before a final backfill to ~500
Torr. The arc is quickly struck on the Cu hearth before being moved to melt the Ti O-getter and
charges.
2.1.3 Oxide Surface Layer and Partial Pressure of Oxygen
According to the Ellingham diagram [56], Fe will not oxidize at pO below ~10-6 Torr assuming
that the melt is kept around 1600 °C. Both arc-melters are shown to be able to melt 99.99% pure
Fe without producing a noticeable oxide surface layer, however there is observable oxide on the
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surface of Si-rich alloys and is more prominent with small-capacity arc-melter produced samples.
The estimated pO of the large-capacity arc-melter is below ~2x10-6 Torr, taking into account that
air is ~21% O, with the Ti O-getter further reduces the pO below ~10-6. The small capacity chamber
can only pump to pO of ~15x10-3 Torr, but the multiple Ar backfills and Ti O-getter result in a
comparable pO as the large-capacity chamber. It should be noted that boules in the smaller
chamber can only be remelted once before the oxide layer becomes too thick and requires higher
power to melt. The surface oxide layer can be easily polished off, and generally does not pose a
major concern.
2.1.4 Pulse Laser Ablation (PLA)
Pulse laser ablation was explored as a technique to further reduce eutectic lengthscales; this
technique sought to utilize a high-powered, UV laser (KrF, 248 nm wavelength, 25 ns pulse) to
quickly melt and resolidify a Fe-Si-Ge sample. This produces a solidification rate between 1091012 °C/s. Figure 2.3 shows a simplified diagram depicting the apparatus. The excimer laser first
passes through an aperture, to limit the beam size, and then it is focused so that the sample surface
is the focal point. The incident beam was ~1 mm thick by ~1 cm and would span the beyond length
of the sample. Depending on the experiment, the excimer laser was used for pulse laser melting
(PLM) of a sample surface or for liquid pulse laser ablation (LPLA) of powders; these are labeled
Path1 and Path 2 respectively. The samples rested on a programable surface stage that was capable
of movement, so that even though the laser was stationary the sample surface could be rastered.
The stage was programmed to raster the sample at small increments so each location would be
melted multiple times. It was found that two pulses per area at 2.5 J/cm2 fluence produced optimal
microstructures.

53

Figure 2.3: Simplified diagram of the pulse laser set-up. Samples were either pulse laser melted with the
laser following Path 1, or a mirror could be inserted to direct the laser along Path 2 onto the immersed
sample.

A fine (sub 25 μm), homogeneous microstructure was required as a starting sample, as limited
diffusion lengthscales make homogenization of large DC grains difficult. Ideal samples were made
via high-energy ball milling or melt-spinning and were polished and cleaned before processing.
Artifacts from the laser pulse make subsequent characterization difficult.
2.1.5 Sample Encapsulation in Inert Atmosphere
Each sample was encapsulated in a fused quartz ampoule to avoid oxidation and contamination.
Fused quartz tubes 4 ft long with an inner diameter of 10.5 mm were first “cut” in half using an
oxyhydrogen torch. An appropriately sized sample is carefully slid into the tube until it reaches
the bottom. Then the tube is heated again around the circumference ~ 10 cm from the tip. Once
the tube had sufficiently softened, it is pulled until the heated section stretched into a narrow
“neck”. A folded strip of Zr foil (~3 cm x 3 mm) was inserted into the tube and another neck was
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made ~ 3 cm from the previous one. This forms an ampoule with two chambers, one for the sample
and another for the Zr O-getter. This keeps the materials physically separated while sharing the
same atmosphere and pO. The ampoules are evacuated to ~5 mTorr and then backfilled with
desiccated Ar to ~300 mTorr. This is cycled three times, with the second to last including a slight
heating of the quartz tube, in order to remove residual water vapor. The final Ar backfill was to a
pressure of ~180 Torr; lower pressures are possible but when the tube is broken the sudden pressure
change obliterates melt-spun ribbons. The second neck is then heated by the torch again and then
sealed and separated from the rest of the tube. Water submersion can be used for leak checks, but
the tubes must be completely dry before placed into a furnace. Water trapped in cavities at the tips
can quickly vaporize and expand; cracking the cavities and exposing the ampoule interior to
atmosphere.
2.1.6 Isothermal Heat Treatments in Tube Furnace
The ampoules were fed into the hot-zone of tube furnaces for isothermal aging. Heat treatments
for Fe-Si and Fe-Si-Ge samples were isothermal as dynamic aging caused additional cracking due
to differences in thermal expansion between the β matrix and DC inclusions. Temperatures were
set according to an external thermocouple at the sample location, and were checked daily and
adjusted as needed. The ampoules were pulled out of the furnace and immediately quenched in
water. The neck of the ampoule could be quickly broken for bulk samples, but the ribbon
containing ampoules were not broken as the influx of water would disintegrate the ribbons.
2.1.7 Sample Mounting in Epoxy
Samples meant for SEM or TDTR required mounting in epoxy. Epoxy was made with Buehler
epoxy and hardener mixed in a 2:5 ratio. Due to the samples being semiconducting, a Ni
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conducting filler was added, equal to the weight of epoxy, to reduce electron charging. Samples
were placed into a 1” diameter cylindrical mold and covered with ~ 1 cm of the mixture. Due to
their brittle nature and low weight, ribbons required a specific mounting process. Specific details
can be found in the Appendix 1.
2.2 Characterization Techniques
2.2.1 X-Ray Diffraction (XRD)
XRD data was obtained from a PANalytical X'Pert Pro MPD and PANalytical Empyrean, using a
Cu Kα source, for phase identification and crystallographic characterization. Powder samples were
prepared via mortar and pestle; powders were then sieved and reground until powder size was
below 40 μm in diameter. Due to the limited availability of ribbon samples, only ~4 cm length of
ribbon was devoted to any heat treatment. This amount produced enough powder for clear XRD
peaks, but sieving for a homogenous particle size was not possible. The resultant powder was
carefully collected on a clean ~1 cm by ~1 cm strip of double-sided tape. The strip was then fixed
to a quartz zero diffraction plate and then placed in the sample holder. High-resolution data was
obtained by scanning from 15 - 100°, encompassing a large breadth of peaks, and taken at the
smallest step size (0.008° 2θ). The PANalytical HighScore Plus program along with the PDF4
catalog was used for spectrum analysis.
2.2.1.1 Rietveld Refinement
The Rietveld refinement function of the PANalytical HighScore Plus program takes crystal
structure data, in this case Wyckoff positions (Table 2.1) which denote the element and position
in the crystal lattice, for each phase to create a theoretical spectrum. Variables related to
background, peak position, peak intensity and peak width are varied and refined to actual data by
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Table 2.1: Wyckoff numbers for phases present in the Si-rich region of the Fe-Si-Ge ternary phase diagram.

Phase Element X
α-FeSi2
β-FeSi2
ε-FeSi
DC

Y

Z

sof

Wyckoff

0.0000
0.5000
0.0000
0.3086
0.2746
0.0450
0.3865
0.0926

Fe
Si
Fe
Fe
Si
Si
Fe
Si

0.0000
0.5000
0.2146
0.5000
0.1282
0.3727
0.3865
0.0926

0.0000
0.2500
0.0000
0.1851
0.0512
0.2261
0.3865
0.0926

1
1
1
1
1
1
1
1

1a
2h
8d
8f
16g
16g
4a
4a

Si

0.0000 0.0000 0.0000

X

Ge

0.0000 0.0000 0.0000

1-X

8a
8a

the least squares method. The procedure for Rietveld Refinement can be found in the Appendix 2.
The goodness of fit (GOF) describes how well the theoretical spectrum fits the measured data and
must be watched carefully, along with the fit line, to ensure that each refined variable is improving
the agreeance between spectra. Data was considered accurate if the GOF under a value of 4 [57].
The order of refinement was based on the procedures found in the literature [57][58]; variables
such as peak position, peak intensity, and then peak shape are refined separately and sequentially
to reduce the GOF value to its minimum. Data was taken from 15-100 °2θ for 2 hours to ensure a
broad spectrum with high signal-to-noise ratio. There were no significant differences in data
between the 2 hr, 8 hr, and 10 hr scan times, so it was concluded that 2 hours was sufficient for
Rietveld analysis of Fe-Si-Ge alloys.
2.2.1.2 Lattice Parameter and Composition, Vegard’s Law
Ge composition of eutectic and eutectoid lamellae (diamond cubic solution phase, Si1-xGex) can
be determined by Vegard’s law, which states that the lattice parameter of an alloy increases as a
function of the solute concentration. Figure 2.4.a shows the evolution of the SiGe peak position
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Figure 2.4: a) XRD spectrum showing compositional change in the SiGe (111) peak position, lower 2θ
equates to greater Ge concentration. b) Plot showing differences in experimental and theoretical lattice
parameter as a function of composition.

towards lower 2θ (increasing lattice parameter) as Ge concentration increases. SiGe lattice
parameters do not behave as an ideal linear function; it has been shown experimentally that the
line has negative curvature (Figure 2.4.b). This bowing has been well explored and the function is
described by [31]
aSiGe = 0.02733x2 + 0.01992x + 0.5431 (nm)

2-1

and plotted along with Vegard’s law in Figure 2.4.b. The experimental relationship between lattice
parameter and composition was used in our Rietveld analysis.
2.2.2 Scanning Electron Microscope (SEM)
Prior to scanning electron microscopy (SEM), all samples were polished to mirror finish; the
process can be found in the Appendix 3. Over the course of polishing, ~1-2 mm of material was
removed from the bulk samples and ~10-20 μm for ribbons. This distance eliminates possible
oxide contaminates and possible surface effects on microstructure. SEM was performed in a FEI
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Quanta 650 operated at 10 KV and spot size 4, primarily in backscatter detection mode (BSE) for
enhanced compositional contrast.
2.2.2.1 Energy Dispersive Spectroscopy (EDS)
EDS was used to chemically characterize individual microconstituents, however resolution was
insufficient to directly distinguish between nanoscale eutectoid β and DC lamella. Chemical
composition of a single phase was determined by areal sampling, and integrating composition over
that area; these measurements were then averaged with measurements from the same phase in
different areas of the same sample. This provides a much broader dataset than would be achieved
by point analysis, and is more indicative of the actual composition. Complete maps of the
microstructure were often scanned and then the compositions of areas of interest were later
analyzed in Oxford Instrument’s AZtec program. EDS measurements were taken at 15 keV and
spot size 6 which was provided sufficient signal and gave bulk results similar to those of ICP (see
below).
2.2.2.2 Electron Backscatter Diffraction (EBSD)
Select samples were further examined using electron backscatter diffraction (EBSD) to obtain
eutectoid colony size and crystallographic orientation. To remove surface deformation prior to
EBSD scans, these samples were finished with a vibratory polish with 5 μm colloidal silica. This
was done for 2 hours and the frequency was tuned for the sample to make ~10 complete rotation
per minute. Colloidal silica sticks to the surface, so it is important to gently clean the surface with
a clean polishing cloth for several minutes under flowing water.
Crystal structure data must be manually created for each phase, and utilized the Wyckoff positions
found in Table 2.1. Scans were taken at 30 keV and spot size 5 which provided the best diffraction
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pattern and a reasonable scan time. Individually identifying the fine β + Si eutectoid microstructure
was not possible due to the fine DC nanowire lengthscale. The high heterointerface density
contributed to a degraded signal, although the FEI software was generally able to detect the
Kikuchi patterns of the dominant β-FeSi2 phase. No such difficulties existed with coarsened or ascast samples.
EBSD maps were processed with TANGO to remove false signals and fill in null points. Abnormal
spikes were removed and null points were “filled in” by the surrounding grain orientation. The a
and b axes of the β grain were often confused by TANGO making each grain identified as a
patchwork of areas 90° rotated from each other; the software can be programed to recognize
rotations in grain orientations, such as twinning, and group them as a single grain if the degree and
direction of rotation is known. For this case, a single β grain consisted of all 90° rotations along
the a and b.
2.2.2.3 Linear Intercepts Method
SEM and EBSD images were used to determine the lengthscales of microconstituents, grain size,
and interface density by the method of linear intercepts. Representative micrographs from each
microstructure were drawn with 45 randomly oriented lines. The length of the lines and the number
of heterointerfaces or homointerfaces were recorded and averaged. Lengthscale analysis was
performed in ImageJ.
2.2.2.4 Transmission Kikuchi Diffraction (TKD)
Transmission Kikuchi diffraction (TKD) [59] is a technique that uses an SEM to perform
transmission microscopy. As shown in Figure 2.4, the electrons pass through the thinned, electron
transparent sample and the electrons that scatter 70° are collected by the EBSD forescatter detector.
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TKD probes thicker regions (optimum patterns are collected from 75-200 nm [59]) than TEM and
it is the bottom sample surface that are imaged. Because the detector is 70° off from the sample
plane, a larger interaction volume is needed for electrons to scatter into the detector and these
scattering events typically occur near the bottom surface, Figure 2.5. Like TEM, it is able to capture
high magnification images and can also determine the composition and orientation of
microconstituent phases, at lengthscales much finer and at a faster rate than SEM-EDS and SEMEBSD.
Melt-spun ribbons were used, as their 50 μm thickness, and lack of cracks, made sample
preparation possible, whereas bulk samples did not have the integrity to reach electron
transparency. A sufficiently large, aged ribbon was fixed onto a Cu specimen mount with a 2 mm
aperture, and ion milled (Gatan, Precision Ion Polishing System) for ~3 hours with guns at 10°
(top) and 5° (bottom). After a hole pierced the sample, the angles were reduced to 5° and 2°

Figure 2.5: Schematic of the SEM in transmission mode, depicting the set-up required for TKD analysis.

61

respectively, and the sample was milled for another hour. The stage was cooled with liquid
nitrogen to suppress beam-induced phase transformations.
2.2.3 Inductively Coupled Plasma – Optical Emission Spectroscopy (ICP-OES)
Bulk compositional analysis was performed on as-cast samples by Inductively Coupled Plasma –
Optical Emission Spectroscopy (Thermo Scientific iCap 6200). A piece from a sample of interest,
typically about 40 mg, was digested in a 3:2 solution of HNO3 and HF for 24 hours. The solution
was then diluted to 200-400 ppm with DI water. Three solutions were made from each was
analyzed three times in order to determine error. The bulk composition for binary alloys were
found to be Fe28.4Si71.6 and Fe27Si73 and ternary alloys were Fe28Si68Ge4, FeSiGe5 and FeSiGe10.
The solutions were compared against Fe, Si, Cu, Ti, and W standards, where Cu, Ti, and W are
possible contaminants from arc-melting. The error from this method was found to be ~1 at% for
all components.
2.2.4 Differential Scanning Calorimetry (DSC)
A differential scanning calorimetry (DSC) determined the temperature of solid/solid and
solid/liquid phase transformations [60][61][62]. The DSC goes through a preprogrammed thermal
treatment and measures the heat flux between a sample and control. The machine was calibrated
using Zn, Sn, Ag, In, and Al in Al203 cups, and background scans were run weekly to ensure high
quality data.
Roughly 60 mg was taken from the center of each boule and was loaded into Al203 cups and loaded
into a Nietzch STA 499 F1 Jupiter. For each scan, the temperature was initially ramped up to 1250
°C to melt the sample, then the sample was cooled by 5 °C/min to 800 °C and held there for 2.5
hours, in order to decompose the α phase. Then the sample was heated at 5 °C/min to 1250 °C.
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The machine continually flowed 10 mL/min of Ar to reduce oxidation. Three heating and cooling
cycles were performed on each sample and the phase transformation values were averaged for each
composition. Analysis of the hearting curves were performed in Proteus Analysis, the Nietzch
analysis software.
2.2.5 Time Domain Thermoreflectance (TDTR)
Thermal conductivity was measured via (TDTR) [63][64][65] at room temperature. TDTR is an
optical pump-probe measurement technique that utilizes a train of ultra-fast laser pulses to induce
a modulated heating event and measure the temperature dependent change in reflectance of the
sample surface between pulses. The heat capacity of the two-phase material was determined by a
weighted sum of β-FeSi2 [66] and Si [67], according to their volume fractions. The heat capacities
of Si and Ge are nearly equivalent, so the Si value was used for thermal conductivity calculations
for all Si1-xGex. The small spot size and shallow penetration depth of the incident beam make it an
ideal technique for thermal conductivity measurements of challenging samples, such as epoxy
mounted ribbons, where the beam can be positioned to avoid fractures in the slow-cool sample,
which would otherwise bias the measured thermal conductivity.
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3 Binary Fe-Si Alloy
3.1. Binary Fe-Si Alloys
The goal of this chapter is to investigate the eutectoid decomposition, α-FeSi2 → β-FeSi2 + Si, as
a means to modify microstructure and control thermal transport. The eutectoid phase
transformation is analogous to the pearlite transformation in Fe-C alloy systems, in terms of also
being a eutectoid decomposition, but the kinetic processes by which α → β + Si phase
transformation occur are not as well-known. Understanding the eutectoid decomposition is
imperative to optimize β-FeSi2 + Si for thermoelectric applications.
Two binary Fe-Si alloys were characterized with different intents. A Fe27Si73 composition was
used to characterize the eutectoid phase transformation. Incomplete aging experiments show that
nucleation of eutectoid colonies occurs preferentially on cracks, while at smaller undercooling,
nucleation also could also nucleate on eutectic Si particles. Initially eutectoid Si grows as lamellae,
but later coarsen into nanowires via the Rayleigh instability. Aging samples at various
temperatures found that the growth velocity (v) and interlamellar spacing (λ) of the pearlitic
colonies obey a relation of the type vλn = f(T). While this sets bounds on the activation energy
for the specific diffusion mechanism, the exact mechanism cannot be identified from our data.
Further similarities to pearlite, such as divorced eutectic, were found to occur at high temperatures.
A hypereutectoid, Fe28.4Si71.6, alloy was used to explore the relationship between microstructure
and thermal conductivity. Fine eutectoid Si increases the density of heterointerfaces by 40x as
compared to highly coarsened (analogous to spheroidite) samples, and resulted in a 2x reduction
in thermal conductivity. The thermal boundary conductance was determined for the β-FeSi2/Si
heterointerface, which shows that the interface is a weak scatterer of phonons.
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3.1.1 Solidification of Molten Fe27Si73 and Fe28.4Si71.6 Boules
After the arc-melting process, the melted boules were cooled to room temperature in a waterchilled crucible. Solidification begins at the chill zone where the boule contacts the Cu hearth. The
α nuclei phase grows unabated in the columnar zone and form plates that can grow the entire height
of the boule. It is not uncommon to observe shrinkage porosity in a solid boule, caused by the
decrease in density from solidification. Both Fe28.4Si71.6 and Fe27Si73 compositions exhibit
extensive cracking due to stresses associated with thermal gradients during cooldown; an example
of this in Fe28.4Si71.6 can be seen in Figure 3.1. This hypereutectoid composition (Fe28.4Si71.6) had
no evidence of as-cast eutectic microconstituents and was a single α-FeSi2 phase. The α phase
solidifies congruently, and as such, micro and macro-segregation was not found to be an issue for
the Fe28.4Si71.6 sample. EDS corroborates insignificant compositional variation from top to bottom
of the boule or within a single grain. To avoid Si precipitation in a possibly supersaturated α phase,
a high temperature homogenization of as-cast material was not performed before aging.

Thermal
Cracking

Solidification
Direction

α/α
Interfaces

α-FeSi2

Figure 3.1: As cast microstructure from Fe28.4Si71.6 alloy viewed perpendicular to the axis of growth; the
red arrow denotes the direction of solidification. a) Optical micrograph showing single phase α-FeSi2 and
cracks caused by solidification. b) EBSD map showing the α grain size and columnar structure.
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As-cast, the hypoeutectic sample contains coarse bands of proeutectic α interleaved with eutectic
+ Si. The hypoeutectic Fe27Si73 alloy has a striking, irregular (faceted) eutectic morphology, Figure
3.2.a, and will be discussed in the following chapter. Significant macro-segregation is present in
hypoeutectic Fe27Si73; the eutectic α + Si volume fraction increases and proeutectic α decreases as
a function of boule height as shown in Figures 3.2.b and Figure 3.2.c. The initial molten boule is
Fe-rich. As proeutectic α nucleates and grows the melt depletes in Fe and the liquid phase evolves
towards the eutectic composition. This results in larger α + Si volume fraction as solidification
continues.
3.1.2 ICP Determined Compositions and the Effect of Cu Impurity on Decomposition Rate
Aging the Fe28.4Si71.6 and Fe27Si73 compositions with the same thermal treatment, 567 °C for 56
hours, does not result in a similar fraction of transformation despite having ostensibly the same αFeSi2 compositions. Where the former composition completely decomposed and coarsened to β +
Si, the latter composition only had 3.4% decomposition. Since both compositions produce α phases
of similar compositions, we expected that the decompositions would proceed at similar rates. The
hypoeutectic sample, despite having copious α/Si heterogeneous nucleation sites, had a
significantly slower transformation rate than the Fe28.4Si71.6 sample.
ICP analysis of both binary compositions show that the Fe28.4Si71.6 sample has trace amounts of
Cu, W, and Ti contaminants not present in the Fe27Si73 sample. These contaminants are the
consequence of improper arc-melting. Fe28.4Si71.6 was found to contain 0.07 at% Cu impurity, and
prior work has shown trace Cu to have a profound effect on accelerating the eutectoid
decomposition process [68][41]. The ageing parameters and transformation rate agrees with the
0.2 at% Cu samples explored by Yamauchi, et al., albeit to a lesser degree, and is designated in
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Figure 3.2: As-cast microstructure of the hypoeutectic Fe27Si73 alloy. SEM-BSE micrographs of a) the

irregular eutectic α + Si microstructure and microstructural cross-sections showing the macrosegregation
from b) top and c) bottom of the boule as evidenced by differences in the microconstituent fractions. All
images are viewed along the solidification direction.
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Figure 3.3 as a red circle. There is also a small amount of W in this sample, but the effect of W on
decomposition has not been explored in the literature.
The detailed mechanism of Cu in enhancing the eutectoid transformation is not well understood.
However, in comparing the β grain size of our samples with and without Cu, the grain size in
Fe27Si73 is much larger, even in early stages of transformation, since the nucleation density is low.
This suggests that Cu has a potent effect on activating nucleation of pearlitic colonies.
Furthermore, Cu appears to effect lamellae spacing and size on samples aged at 800 °C; as will be
shown later, the Fe27Si73 samples have thicker truncated lamellae, and the Fe28.4Si71.6 sample
produces finer Si lamellae. This was not explored in-depth, but it appears that Cu also equalizes β
and Si growth rates and promotes cooperative growth.

Figure 3.3: Time-temperature-transformation (TTT) diagram for the (α → β + Si) eutectoid decomposition
for pure and Cu contaminated [21]. The red circle indicates the aging parameters for the Fe28.4Si71.6 sample.
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These observations have serious implications for eutectoid processing, suggesting that eutectoid
decomposition proceeds too slowly at large undercoolings and complete decomposition would not
be achieved in a reasonable timeframe. The α/Si interface is not a facile nucleation site. In order
to produce fine eutectoid, decomposition must be instigated by either: 1) impurities such as Cu to
act as an accelerant, 2) powder processing which has high free surface densities, or 3) or as will
be discussed later in Chapter 4, Si1-xGex lamellae.
3.2 Hypoeutectic Fe27Si73 – Mechanism of Eutectoid Decomposition
3.2.1 Nucleation Mechanisms for Eutectoid Decomposition
Specimens from the Fe27Si73 composition were aged at four different temperatures (Table 3.1),
with aging times adjusted so that the nascent stages of transformation could be characterized. Two
preferred nucleation sites for pearlitic colonies were observed. Colonies were easily identified by
their contrast difference in SEM-BSE. At 587 and 680 °C, β/Si colonies were found to only
nucleate on cracks, while at 800 and 910 ºC, nucleation occurred on both cracks and eutectic Si
particles. Extensive areal surveys in the SEM confirm the nucleation mechanism for each case;
Figure 3.4 shows examples. In many eutectoid reactions, colony nucleation is found to occur at

Table 3.1: Aging parameters used with Fe27Si73 samples to produce intermediate stages of decomposition.

Temperature Time
(°C)
(hr)
567
680
800
910

56
2
1
10
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grain boundaries, e.g., in austenite for the Fe-C archetypal system. In the current specimens,
however, the grain size (on the order of 1 mm) is much larger than either the mean crack spacing
(≈17 μm), or the spacing between eutectic Si particles (≈5 μm). Hence it is not surprising that
internal free surfaces due to cracks act as alternative potent nucleation sites. Despite the higher

Nascent
β + Si
Colony

Eutectic Si

Eutectic
α-FeSi2

Nascent
β + Si
Colony

Eutectic
α-FeSi2

Eutectic Si

Figure 3.4: BSE-SEM micrographs depicting our two suggested nucleation modes. Colony nucleation
occurring on a) cracks at 680 °C, with blue arrows showing the growth direction, and b) an example of the
proposed mechanism of eutectic Si assisted nucleation at 800 °C.
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α/Si interface density, no colonies were found to nucleate on the eutectic Si at lower aging
temperatures. At temperatures closer to the eutectoid isotherm, aging occurs in the regime where,
according to simple linear extensions of the solvi (Figure 3.5.a), diamond cubic Si has the larger
driving force to form. High temperatures allow Si atoms in the metastable α-matrix to rapidly
diffuse to nearby eutectic Si particles and attach epitaxially: Si growth on eutectic Si can be clearly
seen at the α, β, and Si interface in Figure 3.5.b. The local Si composition of the adjoining α phase
is reduced, as indicated in Figure 3.5.a). While the overall energy gain in transforming to the

b)

a)

Eutectic
α-FeSi2
Nascent
β + Si
Colony

Eutectic Si
Epitaxial
Growth

15 μm
Figure 3.5: a) Schematic illustrations of the eutectoid region and the Gibb’s free energy diagrams showing
the evolution of Si depletion in the α phase and the resulting effect on chemical driving force for β
nucleation. b) SEM micrograph indicating epitaxial growth of eutectoid Si growing on eutectic Si.
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equilibrium β+Si is given by the distance XX (for any particular composition), the driving force
to nucleate the first β particles is actually given by the distance YY [69]. As the composition of α
becomes more Fe-rich, the driving force rapidly increases, causing homogeneous nucleation of βphase. Cooperative growth of Si lamellae in the β-matrix then ensues in a fashion similar to that
discussed for Fe-C pearlites [69].
3.2.2 Eutectoid Microstructure of β/Si Colonies
Pearlitic colonies are composed of Si wire-like features embedded in the β-matrix, as shown in the
images of the growth fronts in Figure 3.6. Isothermal aging at lower temperatures produces
lamellae that are extended in length vis-à-vis their thickness, and locally parallel. With increasing
aging temperature, the lamellae become more compact and assume a wider range of local

β + Si
Colony

Reaction
Front

Eutectoid Si
β-FeSi2

α-FeSi2
Figure 3.6: The reaction front of β–FeSi2 + Si colonies for Fe27Si73 samples partially aged at: a) 567 ˚C,
b) 680 ˚C, c) 800 ˚C, and d) 910 ˚C.
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Table 3.2: Determined growth rate and interlamellar spacing found for each aging temperature found in
Figure 3.6.

T (°C)
567
680
800
910

λ (nm) v (nm/min)
54 ± 4
18 ± 1
107 ± 22 433 ± 22
157 ± 12 2217 ± 130
1246 ± 80 115 ± 61

orientations. Both the lamellar thickness and the interlamellar spacing (λ) increase with increasing
aging temperature; the latter was measured for each temperature at the boundaries of growing
colonies (e.g., Figure 3.6), using the method of linear intercepts. This was specifically done for
regions at the transformation boundaries where the interlamellar spacing was smallest, to crudely
account for the orientation of the lamellae relative to the 2D section. Growth rate (v) was measured
for each sample by measuring the diameter of the five largest β colonies in each sample, assuming
that they nucleated near the beginning of the heat treatment, (e.g., see the blue arrows in Figure
3.4.a) and dividing by the total aging time. This will clearly underestimate the true interfacial
velocity, since we do not account for any incubation time and we ignore growth in the third
dimension. Results of these measurements are summarized in Table 3.2. As expected, the lamellar
spacing and colony growth increases with increasing temperature; however, the growth rate of the
910 °C does not fully follow the trend and will be discussed later.
Resolving Si orientation through EBSD was a nontrivial challenge, caused by fine lengthscales,
signal degradation from the high interface density, and difficult sample preparation. In Figure 3.7,
we can clearly observe that lamellar spatial alignment and spacings are not indicative of colony
boundaries: however, they do engender strain in the nascent β matrix, Figure 3.7.b. Matrix strain
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SEM-BSE

β + Si
Colony

SEM-EBSD

Eutectic Si
α-FeSi2
Figure 3.7: a) SEM and b) EBSD images of the same nascent β + Si nucleus. The color denotes orientation.
The β matrix (light blue) has indications of strain caused by the spatial alignment of Si lamellae, and this
is observed as color variations.

was not observed in fully aged samples, where the strain could have been relaxed through
annealing and the migration of defects to interfaces.
TKD-EBSD was performed on melt-spun Fe28Si68Ge4 ribbons from Chapter 4: the orientation of
the SiGe nanowire will be discussed here as it pertains to this investigation into eutectoid
microstructure. The TKD-EBSD was not able to index the entirety of a nanowire (the indexed parts
are colored and the unindexed parts are dark grey and black) but enough was indexed to identify
several abrupt changes in orientation, Figure 3.8. Preliminary TEM, Appendix 4, suggests that
these unindexed areas could be the result of amorphization during ion milling. Pole figures of these
nanowire sections show that the change in orientation is caused by twinning of the {111} planes,
specifically we have observed twinning of (111) and (111) planes with 180˚ rotations about the
[111] and [111] directions respectively. It is clear that a single nanowire is polycrystalline, but we
were unable to ascertain the Si grain size. Our limited survey discovered four such events, so it is
likely that Si/Si twin interfaces are quite common; however, since we were unable to determine t
heir interface density, they were excluded from our thermal boundary conduction calculations. It
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TKD-EBSD Maps

β-FeSi2
DC
nanowires

β-FeSi2

Figure 3.8: Two TKD-EBSD maps showing eutectoid morphology, with corresponding nanowire pole
figures. These pole figures clearly show a 180 ˚ rotation around the plane normal for (111) and (111) planes,
which is characteristic of twinning in FCC lattices. Each plane is labeled; we assigned the plane most
parallel to the surface sample as (111).

should be mentioned that a sample prepared for TKD can also be used in a transmission scanning
microscopy (TEM); this technique was not used for general characterization but the preliminary
data can be found in Appendix 4.
3.2.3 Rayleigh Instability of Eutectoid Microstructure
Interpreting the morphology of eutectoid Si from 2D SEM cross-sections is nontrivial. The existing
literature often refers to eutectoid Si as “nanowires”, and fully decomposed samples do exhibit
both length-wise and edge-on nanowires. However, incompletely aged samples never exhibit
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colonies with edge-on nanowires, instead they always appear as continuous lamellae. Confirmation
of Si morphology was obtained by examining ion-milled cross-sections on under and overaged
samples. 90° cross-sections clearly show that the eutectoid Si initially form as long, irregularly

Lamellar Si

Ledge

α-FeSi2

Eutectic
Si

Nanowire and
Spheroid Si

Ledge

Figure 3.9: SEM micrographs of ion cross-section of a) underaged and b) overaged Fe27Si73 samples. The
surface and milled edge surfaces are perpendicular.
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shaped lamellae that are continuous in all orientations, Figure 3.9.a. As aging continues, the
lamellae decompose to ribbons, nanowires, and culminating as spheroids, as shown in Figure 3.9.b.
Figure 3.10 shows micrographs obtained from Fe28.4Si71.6 both at the growth interface and far
behind the interface. The lamellae break up into wire-like structures behind the propagating
interface, and eventually spheroidize. We emphasize that this must occur after the growth front
has passed and is not the result of a divorced eutectoid. The fragmented lamellae are thicker than
those at the growth front, and measurements of the eutectoid Si microconstituent show a decrease
in the area fraction. In an extension of Lord Rayleigh’s instability theory for wires [70], Werner
showed that surface area can decrease when finite and semi-infinite lamellae disintegrate into

β-FeSi2 + Si
Colony

Lamellar Si

Eutectic Si

α-FeSi2
α-FeSi2

Nanowire
and
Spheroid
Si

Figure 3.10: SEM micrographs depicting the effects of Rayleigh instability on eutectoid Si close to
(Lamellae), and far away (Nanowire and Spheroid), from the reaction front. These images come from the
Fe28.4Si71.6 samples.
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narrow ribbons [71]. SEM inspection shows that this process occurs across the range of
investigated temperatures on the same timescale as the eutectoid decomposition itself. At shorter
timescales, there does not appear to be Ostwald ripening, i.e., there is no decrease in the number
density of features via competitive coarsening. This implies that Si diffusion along the β/Si
interface is faster than diffusion through the β-matrix, which would foster ripening.
3.2.4 Activation Energy of Eutectoid Decomposition
Eutectoid decomposition can be controlled by different kinetic processes including volume
diffusion in either the parent or parent + product phases [72][73][74][75], or it can be controlled
by diffusion in the advancing interphase interface [76][77]. Many treatments of eutectoid
decomposition arrive at a relation between the interface velocity and interlamellar spacing of the
form νλ2 = QD, ν and λ values are found in Table 3.2. It is usually necessary in deriving this to
assume an “optimization condition” such as a relation to the minimum spacing or to maximum
entropy production. Shapiro and Kirkaldy (S-K) [78] argued for a relation of the form:
𝑣𝑣𝜆𝜆3 = 𝐴𝐴(𝑇𝑇)𝐷𝐷(𝑇𝑇)(𝐾𝐾 − 1)

3-1

The coefficient A will in general contain terms related to the driving force (or undercooling), the
relevant solidi in the binary phase diagram, local concentrations, phase volume fractions and
interfacial energies. D is the effective diffusivity and K is a constant > 1 related to the choice of
optimization condition. S-K gave specific form to eqn. (1) for kinetics controlled by diffusion in
the growth interface, and assuming a simple symmetric eutectoid. S-K suggested that the
temperature dependence of the diffusion kinetics could be obtained from Arrhenius plot of ln(νλ3)
vs. 1/T, but that the resulting value would overestimate the real activation energy if the temperature
dependence of A is ignored. As such, Figure 3.11 shows Arrhenius plots for νλ3 and νλ2 which
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Figure 3.11: Arrhenius plot of ln(𝑣𝑣𝜆𝜆𝑛𝑛 ) vs 1/T, where the activation energy for the eutectoid decomposition
occurs via interface or volume diffusion mechanisms. Bounds for the activation energy are defined by
plotting both interface and volume limited growth kinetics (n = 2 or 3, respectively).

should effectively bound the activation energy of the dominant kinetic mechanism. The result
gives an activation energy bounded by 2.03 – 2.73 eV.
These values do not definitively identify the dominant kinetic mechanism, but are reasonable in
magnitude. The observation discussed above that Si diffuses through the α-phase to grow on the
eutectic Si indicates that volume diffusion can occur at these temperatures. Diffusivities of Si in
the α and β phases are not known. d’Heurle and Gas noted in a review that Si diffusion in metal
silicides has relatively low activation energy compared to metal self-diffusion of similar
homologous temperature. This may result either from grain boundary diffusion or due to
intrinsically large vacancy concentrations associated with structure or stoichiometry [79]. For
example, silicon diffusion in MoSi2 (Tm = 2600 K) has an activation energy of only 2.2 eV, whereas
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the activation energy for self-diffusion of Mo in Mo (Tm = 2900K) is 4.4 eV. Furthermore, the αFeSi2 phase has a very high level of intrinsic vacancies (~14%) attributed to the Fe sublattice,
associated with the off-stoichiometry composition [23][22]. However, we cannot rule out
boundary diffusion. Taking the activation energy of grain boundary self-diffusion in Si as a proxy,
this has been reported as 2.4 eV [80], also within the bounded range from Figure 3.11. In Figure
3.11, potential systematic errors in the measurement of v and λ will affect the activation energies
are as follows. The most likely systematic error in measuring λ would be to overestimate the
spacing, but this is not likely to be an error much larger than the random error noted in Table 2,
hence we do not consider this further. The most likely systematic error in measuring v is to
underestimate the velocity, as described above. This is not likely to be significant at large
undercooling, but could be significant in the sample aged at 910 ºC, where the uncertainty in the
start time is largest. For example, if we arbitrarily increase v by an order of magnitude at 910 ºC,
the resulting bounds on activation energy change to 2.51 – 3.2 eV. These bounds on activation
energies are larger than what seems likely given the mechanisms described above, hence we
believe our error in the velocity is not nearly as large as an order of magnitude.
3.2.5 Divorced Eutectoid Decomposition in High-Temperature Conditions
Examining the data in Table 3.2, it is apparent that the sample aged at 910 ºC behaves
quantitatively different from samples aged at lower temperatures. The velocity increases with
aging temperature until 910 ºC, where there is a marked decrease. At the same time, the
interlamellar spacing increases by an order of magnitude compared with aging at 800 ºC. The
lamellae at this temperature tend to be very coarse and rather short. Furthermore, inspection of
colonies at this temperature, unlike those formed at lower temperatures, shows significant
heterogeneity. As shown in Figure 3.12, near the center of the colony, where nucleation is
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Fe27Si73 – 910 ˚C
α-FeSi2
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Eutectoid
β-FeSi2 + Si
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Eutectic Si

20 μm
Figure 3.12: SEM micrograph of the transient degenerate pearlite (fine spheroids) prior to achieving steady
state lamellae propagation, in the Fe27Si73 sample aged at 910 °C.

presumed to have occurred, the microstructure is much finer and more equiaxed. This is not due
to breakup of lamellae due to an instability, as is discussed previously, which leads to coarser
structures.
This fine-scale, spheroidal microstructure is attributed to transient degenerate pearlite, arising from
initially uncoupled, competitive growth of microconstituents in the early stage of colony
development [81][82][83]. Si spheroids nucleate with small spacings and are occluded by faster β
phase growth. Screening the particles from the α phase initially limits the transformation
lengthscales [84], and requires Si to repeatedly nucleate at the reaction front. This may explain the
apparent decrease in colony growth rate observed at 910 °C, as the growth rate is only a maximum
when cooperative growth is achieved. The degenerate microstructure depends on the ratio of the
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growth rate of β and Si, Vβ and VSi respectively. When Vβ/VSi is much greater than unity, the
decomposition produces fine spheroids whose spacing can be an order of magnitude smaller than
that arising from lamellar growth [84]. Uncoupled growth is a transient mode, and as the
interlamellar spacing increases and Vβ decreases, the microstructure evolves from spheroid to
truncated lamellae to lamellae (cooperative growth). The change from fine lamellae at high
undercooling to ribbons at low undercooling suggests either Vβ is inherently greater at high
temperatures or the colonies had yet to reach steady state.
3.3 Fe28.4Si71.6 - Effect of Eutectoid Structure on Thermal Transport
3.3.1 Density of Heterointerfaces
The Fe28.4Si71.6 sample was used to observe microstructural and thermal conductivity differences
caused by thermal processing extremes. One sample was aged at 567 ºC for 56 hours and produce
fine lamellar eutectic. Ageing at 910 ºC for 120 hours deeply overaged the sample, resulting in
heavily spheroidized and coarsened Si. Figure 3.13 compares the two samples; the lowtemperature aging produced Si nanowires with mean diameter of 29 ± 5 nm and mean spacing 106
± 20 nm, and the high-temperature aging produced highly coarsened particles 984 ± 883 nm
diameter quasi-equiaxed particles that were spaced 2429 ± 1697 nm apart. The 2D β/Si interface
density for both samples was determined by the linear intercepts method and was found to be ρint
= 11.0 and 0.3 interfaces/μm for the 567 ºC and 910 ºC samples, respectively.
The mean colony size was obtained using EBSD and the method of linear intercepts. The lowtemperature grain size was 16±15.3 μm while the sample overaged at high-temperatures had grain
size of 29.7±25.1 μm, Figure 3.14.a and Figure 3.14.c. In both samples, the grain size distributions
show a large positive skew, almost tending towards bimodality, Figure 3.14.b and Figure 3.14.d.
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Fe28.4Si71.6 – 567˚C/56hrs
Fine Eutectoid
β-FeSi2 + Si

Fe28.4Si71.6 – 900˚C/120hrs
Coarsened
β-FeSi2 + Si

Figure 3.13: Fe28.4Si71.6 samples aged at a) 567 °C for 56 hours to produce high β/Si heterointerface density,
and b) 910 °C for 120 hours to produce low β/Si heterointerface density. The lighter phase in both images
is the β matrix and the darker phase is the Si phase.
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Fe28.4Si71.6 – 567˚C/56hrs

Fe28.4Si71.6 – 900˚C/120hrs

a)

b)

c)

d)

Figure 3.14: EBSD micrographs for Fe28.4Si71.6 sample aged at a) 567 °C for 56 hours and c) 910 °C for
120 hours, with respective colony diameter distributions b) and d).

Higher-resolution EBSD from the 910 ºC sample shows that, within a single large b grain, multiple
equiaxed Si particles have similar orientations.
3.3.2 Thermal Conductivity
Given the large differences in the lengthscales and morphology of the microstructures, these two
samples were subjected to time domain thermoreflectance (TDTR) measurements for thermal
conductivity. The Fe28.4Si71.6 sample aged at 910 ºC for 120 hours had a thermal conductivity of
23 ± 5 W/m/K. For the sample aged at 567 ºC for 56 hours, the thermal conductivity decreased to
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12 ± 1 W/m/K. The fractures observed in the sample have a sufficiently low density that they are
widely spaced compared to the volume probed by the TDTR pulse. Hence the cracks have no
influence on the results for thermal conductivity. The absolute thermal conductivities measured
here agree with those reported in references [43].
3.3.3 Thermal Boundary Conductance
We consider two general methods that can be employed to account for the effects of interfacial
phonon scattering on the thermal conductivity. The first is rooted in the Callaway-Debye model
for thermal conductivity [85], an approach that specifically considers how phonon transport
depends on the size of a structure, such as the diameter of free-standing SiGe nanowires, relative
to the phonon mean free path. When the phonon bulk mean free path (MFP) is longer than
nanowire diameter, low frequency phonons are additionally scattered by the boundary and become
a significant factor in thermal conductivity of SiGe nanowires [86][87]. This lowers the SiGe
nanowire thermal conductivity below the alloy limit [88]. We also note this approach has been
well studied for polycrystalline/nano-grained materials [89][90][91][52], and has demonstrated
reasonable agreement in describing reductions in thermal conductivity due to grain boundaries in
a chemically homogeneous material [92][93]. Thermal conductivity predictions made from this
model can be found in the Appendix 5.
However, the application of this phonon-interface scattering rate approach towards predicting
heterogeneous composites, including those that contain internal interfaces that separate
heterogeneous materials, or even different phases of the same material, is questionable. This, in
part, is due to the finite temperature drop that can exist across an interface or interfacial region that
separates two different materials. This temperature drop, which is quantitatively related to the TBC
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across the interface [94], is driven by the differing phonon energies, group velocities, and
dispersions in the different materials, along with localized defects and impurities [8][95].
Thus, a conceptually simpler model to account for additional phonon thermal resistances due to
the presence of internal interfaces directly considers this boundary as an additional resistance [95].
Having determined the thermal conductivity for each sample, it is clear that the β/Si interface
contributes significantly to phonon scattering; however, we can assume from the order of
magnitude increase in interface density and modest reduction in thermal conductivity that the β/Si
interface is not efficient at scattering phonons. The β/β interface was deemed to be an insignificant
contributor to thermal scattering in our samples, since the grain size is very large and hence the
interface density is orders of magnitude smaller. Trace Cu contamination was also considered to
have insignificant alloy scattering due to its low concentration.
Additional insight into the individual thermal scattering contributions can be obtained from
modeling the system as a simple thermal circuit in series (Matthiessen's rule [52]),
𝟏𝟏

𝜿𝜿𝑻𝑻

=

𝒇𝒇𝜷𝜷

𝜿𝜿𝜷𝜷

𝒇𝒇

+ 𝜿𝜿𝑺𝑺𝑺𝑺 +
𝑺𝑺𝑺𝑺

𝝆𝝆𝜷𝜷/𝑺𝑺𝑺𝑺

𝒉𝒉𝒌𝒌,𝜷𝜷/𝑺𝑺𝑺𝑺
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where 𝜅𝜅𝑇𝑇 , 𝜅𝜅𝛽𝛽 , 𝜅𝜅𝑆𝑆𝑆𝑆 , 𝑓𝑓𝛽𝛽 , 𝑓𝑓𝑆𝑆𝑆𝑆 , ℎ𝑘𝑘,𝛽𝛽/𝑆𝑆𝑆𝑆 , and 𝜌𝜌𝛽𝛽/𝑆𝑆𝑆𝑆 are the total measured thermal conductivity, the thermal

conductivities of β and Si, the volume fraction of β and Si, the β/Si thermal boundary conductance,
and β/Si interface density respectively. The bulk value of 𝜅𝜅𝑆𝑆𝑆𝑆 is well documented and is used here,
while 𝑓𝑓𝛽𝛽 and 𝑓𝑓𝑆𝑆𝑆𝑆 were taken directly from Rietveld analysis. There are, however, differences

between interface densities measured using linear intercepts from a 2D micrograph, and the actual
interface density in 3D. As a first-order approximation, a simple geometric model is used here to
compare the length of interface per area from micrographs and the 3D surface area per volume, at
constant volume fraction of β and DC phases. The aspect ratios of planar lamellae were varied
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such that the geometry evolved from sheet to lath to wires. A 2D to 3D correction factor was
determined from the model that estimates the interface density is a factor of 2 larger for idealized
nanowires vs. planar lamellae. A similar model was made for equiaxed particles approximated by
spheres in 3D vs. projected circles in 2D. These geometry correction factor models can be found
in the Appendix 6.
The only unknowns in this equation are 𝜅𝜅𝛽𝛽 and ℎ𝑘𝑘,𝛽𝛽/𝑆𝑆𝑆𝑆 . Using data acquired from both 910 ºC and

567 ºC samples, we were able to simultaneously solve the two equations/two unknowns problem.
The result gives 𝜅𝜅𝛽𝛽 = 19.8 ± 4 W/m-K and ℎ𝑘𝑘 = 571 ± 51 MW/m2-K. The thermal conductivity of

β is larger than other reported values, 12.8 [37] and 14.2 [47] W/m-K. These prior investigations
used powder processing and created significantly smaller β grain sizes compared to our samples
that may reduce the overall thermal conductivity. The thermal boundary conductance is near the
upper limit of the phonon-dominated thermal conductance regime [8], implying that the β/Si

interface is an inefficient scatterer of phonons. This high TBC corroborates with values observed
in other transition metal silicide/silicon interfaces, such as CoSi2, TiSi2, and NiSi [96][97].
3.4 Summary
We examined the mechanisms for the α-FeSi2 → β-FeSi2 + Si eutectoid transformation with a
hypoeutectic sample. Nucleation of pearlitic colonies occurred only on cracks at high
undercoolings. At low undercoolings colonies also appear to nucleate on eutectic Si, and we
suggest that facile diffusion of Si creates a large chemical driving force for β nucleation. However,
we cannot be certain that unseen cracks are not responsible for colony nucleation, and tomography
experiments are required to determine whether the α/Si interface is a distinct nucleation mode.
Regardless, coaxing nucleation at high undercoolings is nontrivial and requires a facile
heterogeneous nucleation sites, and will be further discussed in the following chapter. The
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temperature-dependence of the interlamellar spacing and colony growth rate were obtained, setting
bounds on the activation energy for Si diffusion. Since these bounds are consistent with either
(anticipated) volume diffusion of Si in α, or boundary diffusion, we cannot be more specific on
mechanism without further information. At temperatures well below the eutectoid isotherm, the
transformation proceeds cooperatively producing parallel wavy lamellae of Si in the β matrix. At
small undercooling there is indication that growth is close to becoming decoupled. Facile diffusion
of Si at the β/Si interface leads to coarsening of Si lamellar into rods and spheroids behind the
growing decomposition front.
The Fe28.4Si71.6 sample was used to create extremes in heterointerface density through lowtemperature and prolonged high-temperature agings. A 2x reduction in thermal conductivity was
associated with a 40x increase in β/Si heterointerface density; and we have shown that the β/Si
interface is an inefficient phonon scatterer. Aging at greater undercoolings could promote higher
β/Si interface density, but the transformation rate becomes unreasonable at lower temperatures.
Hierarchical structuring of eutectoid and eutectic Si could be favorable due to the increased volume
fraction of Si, but would not be desirable for thermal scattering. Ultimately, the binary Fe-Si alloy
does not offer enough degrees of freedom to optimize thermoelectric properties. In order to
continue reduce the thermal conductivity of the nanocomposite, and perhaps to tailor the electronic
properties as well, the addition of isostructural elements such as Ge will be explored in the next
chapter.
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4 Fe-Si-Ge Ternary Alloy
As discussed in Chapter 3, the β-FeSi2/Si semiconducting nanocomposite is a promising
thermoelectric system with eco-friendly materials, but improvement of the properties requires
additional flexibility to further increase phonon scattering, ideally without significant degradation
of the power factor. Here we will explore how relatively small additions of Ge to the system can
enhance the thermoelectric properties and widen the design space, if Ge content and spatial
disposition can be controlled. We investigated the use of solidification combined with solid-state
transformations to reduce the thermal conductivity via hierarchical modification of microstructure,
specifically of the meso-scale eutectic. Solidification of Fe28Si68Ge4 alloys leads to a eutectic
lamellar microstructure comprised of hyperstoichiometric α-FeSi2+δ phase and diamond cubic
(DC) Si1-xGex. The eutectic lengthscales can be varied over two orders of magnitude depending on
solidification rate. Subsequent aging of the eutectic produces eutectoid decomposition, α-FeSi2 →
β-FeSi2 + Si1-yGey, where the nano-scale DC product is interleaved with the eutectic DC lamellae.
By controlling both the frequency of β-FeSi2/diamond cubic heterointerfaces, as well as the degree
of Ge segregation into the eutectoid microconstituent, the thermal conductivity of the composite
was varied from 22.8 W m-1 K-1 down to 8.3 W m-1 K-1. We analyze the thermal conductivity in
terms of a series thermal resistance model, including thermal boundary conductances at
heterointerfaces, and show that the thermal boundary conductance is reduced by at least an order
of magnitude when the diamond cubic microconstituent is enriched from 0 to 30 at% Ge (atomicscale structuring). Avenues for additional microstructural improvements towards thermoelectric
applications are discussed.
4.1 Microstructural Lengthscales Induced by Solidification
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4.1.1 Eutectic Microstructure of Fe28Si68Ge4 alloy
In this chapter, the Fe28Si68Ge4 alloys will be referred to by their processing methodology: we will
refer to samples made by direct arc-melting as “slow-cool” and those produced from melt-spinning
as “rapid-cool”. The mean cooling rate of the melt-spun material is estimated as 106 ºC/s, vs. 102
ºC/s from the ambient cooling arc-melt. There are also two different DC phases arising from
solidification and solid-state transformations, and will be referred to as eutectic and eutectoid SiGe,
respectively.
As-cast, the slow-cool sample exhibits eutectic microstructure with an α-FeSi2+x matrix containing
eutectic SiGe lamellae (Figure 4.1.a). Close examination of the lamellae show that copious
amounts of ε-FeSi are entrained within them (Figure 4.1.b). Like the binary alloys, fractures are
present throughout the sample, but the intralamellar regions have a lower crack density than the
surrounding α phase. Fracture is likely caused by large thermal gradient stresses generated during
cooling of the boule. The relatively slow cooling rate promoted growth of coarse eutectic
microstructures, where the interlamellar spacing is equivalent to α grain size: eutectic SiGe
lamellae exhibit thicknesses of 44±11 μm and interlamellar spacing of 131±44 μm, based on linear
intercept analysis. This results in an effective density of DC/α-FeSi2+x interfaces of 0.01
interfaces/μm. The low interface density, presence of metallic ε-FeSi, and high crack density are
deleterious to the thermoelectric properties.
Melt-spun, or rapid-cool, ribbons solve most of these issues. The 50 μm thick, melt-spun, although
brittle, do not exhibit cracking. Formation of the ε phase was suppressed, only appearing in small
amounts on the ribbon surface. The melt-spun sample increased the solidification rate four orders
of magnitude vis-à-vis the slow-cooled sample. As can be seen in Figure 4.1.c, the faster rate
significantly reduced eutectic lengthscale: the average lamella thickness was 129 ± 60 nm with an
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Figure 4.1: Micrographs of Fe28Si68Ge4 alloy. a) Optical micrograph of the coarse, slow-cool eutectic
microstructure, and BSE-SEM micrographs of b) a single Si1-xGex lamella with entrained ε-FeSi. c) BSESEM micrograph showing the rapid-cool eutectic microstructure. In all three images, the darkest phase is
α-FeSi2+x while the lightest phase is DC.
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interlamellar spacing of 1.5 ± 0.5 μm. The morphology appears more ordered due to the
interlamellar lengthscales now being smaller than the α grain. As a result of the finer lengthscales,
the DC/α interface density increased fifty-fold, to 0.54 interfaces/μm. However, the ribbons pose
their own set of challenges. Characterization is nontrivial as their diminutive size, brittle nature,

α-FeSi2
Grains

α-FeSi2
Grains

Figure 4.2: EBSD maps of Fe28Si68Ge4 alloys produced by a) slow-cool and b) rapid-cool techniques.
Heavy black lines indicate grain orientations that differ more than 15°, light black lines are differences
greater than 5° and also denote the location of eutectic SiGe lamella. Insets show respective Z axis pole
figures.
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and sample curvature (an artifact of melt-spinning, the ribbon is curved both lengthwise and
widthwise) preclude techniques that require large sample areas or physical contact, such as
electrical conductivity measurements.
As-cast microstructures from the rapid-cool and slow-cool samples were analyzed with EBSD,
and are shown in Figure 4.2. The slow-cool sample has a fairly tight distribution of α grain
orientations ranging from (110) to (010) planes and are rotated around the surface normal. During
solidification, nascent nuclei are randomly oriented across the casting surface; however,
competitive growth between the erratically oriented nuclei ensures that only the fast-growing
directions parallel to the heat flux dominate. This suggests that <100> and <110>, and those
directions in between, are the fast growth directions since they have oriented themselves along the
thermal gradient. The (001) plane to can only run parallel, and the [001] direction perpendicular,
to the thermal flux. This results in the texture observed in Figure 4.2. The rapid-cool sample shows
that the grains have a broader distribution and are rotated out of the surface plane; this is most
likely caused by the cross-section not being perpendicular to the axis of growth and fast growth
directions did fully assert themselves.
We also observed that the eutectic SiGe lamellae only grow along the (001) habit plane of
tetragonal α-FeSi2+x, Figure 4.3. This EBSD map shows α colony orientations, denoted by color
and marked with the orientation of the unit cell. The resolution was too poor to accurately image
SiGe lamellae, but their position was detected by signal degradation (caused by the
heterointerface) which are the dark lines in the α grain. This clearly demonstration that the SiGe
lamellae grow only along (001) habit plane; however, no specific in-plane orientation relation
between the DC and α phases could be identified.
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α-FeSi2

Eutectic
Lamellae

Figure 4.3: EBSD Map of the rapid-cooled Fe28Si68Ge4. Differences in color denote changes in the α
orientation, and the dark striations mark the location of SiGe lamellae. Inlays of α-FeSi2 crystal orientations
show that SiGe lamellae are found singularly along the α (001) habit plane.

4.1.2 Ternary Eutectic Microstructure
Suprisingly, the addition of Ge changes eutectic morphology from what was previously observed
in the Fe-Si system, Figure 4.4. Croker et al [98], suggested that the different eutectic morphologies
can be described by volume fraction (f) and the nondimensional entropy of fusion (

Δ𝑆𝑆𝑓𝑓
𝑅𝑅

, where R is

the gas constant). The volume fraction, in part, influences whether a eutectic grows in a cooperative
mode; when the volume fractions are roughly equal, the two phases grow as interweaved lamellae,
otherwise divorced eutectic (ribbons, rods, or spheroids) can form. The enthalpy of fusion is a
good predictor of crystallization behavior: low values tend to be non-faceted, as isotropic growth
occurs favorably; and high values tend to form facets due to anisotropic growth occurs favorably
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Figure 4.4: SEM-BSE micrographs showing a) the faceted eutectic ribbons of Fe27Si73 (black), and b) the
eutectic lamellae of Fe28Si68Ge4 (white) and the faceted α phase.

along certain directions [99]. If there is a low entropy of fusion phase and a high entropy of fusion
phase,

Δ𝑆𝑆𝑓𝑓𝑏𝑏
𝑅𝑅

equivalent,

< 2 <
Δ𝑆𝑆𝑓𝑓𝑏𝑏
𝑅𝑅

≈

Δ𝑆𝑆𝑓𝑓𝑎𝑎

, then faceted eutectic is formed; if the entropies of fusion are low and

Δ𝑆𝑆𝑓𝑓𝑎𝑎

< 2, then non-faceted eutectic forms [98][100].

𝑅𝑅

𝑅𝑅
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The Fe-Si alloy has a striking faceted eutectic morphology, Figure 4.4.a, where it is clear that the
eutectic Si is faceted within the α matrix. The Fe-Si-Ge alloy has what appears to be non-faceted
eutectic morphology, Figure 4.4.b; however, if it was truly non-faceted then there would not be a
consist (001) bounding plane for the Si1-xGex lamellae. This suggests that that Si is the high entropy
of fusion, faceted phase for the Fe-Si system, and that α is the high entropy of fusion phase for the
Fe-Si-Ge phase. The exact reason for the reversal in entropy of fusion magnitudes is not fully
understood. It is possible that as Ge is principally incorporated into the DC phase, the entropy must
increase through entropy of mixing and effects a lower total change in entropy upon melting. This
information, while not providing concrete values for entropy of fusion, illuminates the differences
resulting in these two microstructures.
4.1.3 Eutectoid Microstructure
Subsequent isothermal aging caused eutectoid decomposition of the α phase into pearlitic colonies
of β + Si1-xGex. This decomposition appears to proceed similarly to that observed in the Fe-Si
binary system under similar aging conditions, resulting in eutectoid lamellae with comparable
dimensions, interface density, and morphologies. Alloying with Ge does not noticeably change the
eutectoid transformation rate, beyond creating heterogeneous nucleation sites at the interfaces with
eutectic SiGe. Aging the slow-cool sample at 567 °C does not result in full decomposition;
however, the rapid-cool sample does completely decompose in that amount of time. The eutectic
SiGe provides potent nucleation sites and, as will be shown later, constrains colony size.
4.1.4 Size of β + Eutectoid SiGe Colonies
The coarse eutectic structures in the slow-cool sample do not constrain pearlitic colony size, and
they provide a negligible area fraction for heterogeneous nucleation sites; hence a longer time is
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required to obtain compete transformation, ~120 hours at 567 °C. While the average colony
diameter was not measured for the slow-cooled sample, it is likely that the value is similar to a
binary (Fe-Si) sample aged at 567 °C for 56 hours, with an average diameter on the order of 16.0
μm. However, the melt-spun samples have a significantly higher nucleation rate for pearlitic
colonies, where the fine eutectic lamellae provide facile and abundant nucleation sites (Figure 4.5).
When aging is initiated below the eutectoid isotherm in this sample, Si locally diffuses to
epitaxially grow on the eutectic lamellae, which leaves Si-depleted regions adjacent to the eutectic
lamellae. These regions have a higher chemical driving force for β nucleation, which initiates
cooperative lamellar growth [69]. This is similar to the eutectic Si nucleation mechanism discussed
in Chapter 3.2.1, but here it occurs at lower temperature due to the increased heterointerface
density. As a result, the eutectoid transformation reaches near complete decomposition at 567 °C

567˚C/56hrs - SEM-EBSD

DC
Lamellae
β + DC
Colonies

Figure 4.5: EBSD Euler orientation maps, with the colony diameter distributions shown inset, for the binary
slow-cool + 567 °C/56Hr. Black lines between grains depict crystal misorientation of 15°, and white grains
are eutectic SiGe lamellae.
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for 56 hours, without requiring a Cu accelerant [25]. The mean pearlitic colony size is only 800 ±
490 nm, due to both the higher nucleation density and to steric restrictions on growth due to the
fine eutectic lamellae.
4.2 How Processing Determines Ge Disposition
4.2.1 Silicide Phase Compositions
The disposition of Ge through the hierarchical eutectic/eutectoid decomposition process is of great
interest as the interplay between phases and their composition is important for thermal and
electronic transport. When the velocity of the solidification front is comparable to solute diffusion,
as it is for rapid solidification, solute uptake into the solid can exceed equilibrium concentrations
[35][101]. Melt-spinning not only reduces eutectic length scales, but also changes the composition
of the microconstituents, as shown in Table 4.1. EDS-SEM shows that the composition of the ascast, slow-cool α phase was on average Fe24.6Si73.8Ge1.6. By comparison, the Ge content of the
rapid-cool ribbon nearly doubled to Fe24.8Si72.2Ge3.0. Prolonged aging above 1000 °C (above the
eutectoid isotherm) caused the α composition to evolve to ~1.6 at% Ge as determined by EDS; the
combined results suggest that the solid solubility limit of Ge in the α–phase is 1.6 at% near 1000

α-FeSi2+x
β-FeSi2
Eutectic Lamellae
Eutectoid Nanowire
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ºC. The composition of the α phase is important because the β phase has a lower Ge solubility and
the amount of entrained Ge governs the composition of the DC lamellae after eutectoid
decomposition. Chemical analysis of the β phase was performed on the rapid-cool + 567 °C/56 hr
sample by TKD-EDS. This technique maps composition with finer spatial resolution than is
possible with standard SEM-EDS. Figure 4.6 illustrates the disposition of Ge after the eutectoid
decomposition. As the α phase transforms to β, both the entrained Ge and excess Si were ejected
along into the eutectoid DC nanowires, leaving the composition of the β phase as Fe35.0Si64.4G0.6
as determined by EDS. Preliminary TEM-EDS map data, Appendix 4, corroborates that the
eutectoid microstructure consists of Ge-rich nanowires and Ge poor β-FeSi2. SEM-EDS was also
performed on the much larger β grains of the rapid-cool + 900 °C/216 hr sample, and composition
was found to be Fe34.7Si64.8Ge0.6. Both of these values agree with other measurements of Ge solid
solubility in β [39].

567˚C/56hrs - TKD-EDS

DC

β-FeSi2

Figure 4.6: TKD-EDS composition map illustrating large amounts of Ge partition into eutectoid nanowires,
with limited Ge remaining in the β matrix. The overlay in the center shows the transmission micrograph of
the same area.
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4.2.2 Eutectic and Eutectoid SiGe Compositions
Local chemical analysis of individual DC eutectoid lamella by EDS is nontrivial, owing to their
small lengthscales and the enveloping β matrix, which invariably contributes a Si signal that
confounds the measurement. Instead, we performed Rietveld refinement of high resolution XRD
data to calculate the distinct lattice parameters from the eutectoid and eutectic microconstituents.
Since the dependence of the Si1-xGex lattice parameter on composition is well known [102], DC
composition can be readily extracted from these data. A representative XRD spectrum for the aged
samples can be found in Figure 4.7, which shows the major peak positions of constituent phases
and clearly distinguishes between eutectic and eutectoid SiGe compositions. Rietveld refinement
of these spectra shows that the specimens aged at 567 °C entrain a significant fraction of the total
Ge present within the eutectoid lamellae, increasing from 6 at% Ge in the slow-cool + 567 °C/120
hr sample to ab out 18 at% for the rapid-cool + 567 °C/56 hr sample. The reduced Ge content in

Figure 4.7: Representative XRD spectrum of an aged rapid-cool sample with the highest intensity peaks
labeled.
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the eutectoid DC of the slow-cool + 567 °C/120 hr sample is consistent with the lower Ge content
in the as-cast α phase of this specimen. As seen in Figure 4.8, melt-spinning is effective at
increasing the Ge content in both the eutectic and eutectoid lamellae. These values are significant.
For example, it has been shown that as little as 10% Ge in Si reduces the thermal conductivity by
an order of magnitude via alloy scattering of phonons [87] [103] [91]. At the same time, the
bandgap is reduced by about 100 meV [104], and more closely aligns with the 0.78 bandgap of β
[26]. The DC phase in the rapid-cool + 900 °C/216 hr sample had a composition of Si69Ge31, which
is close to the equilibrium composition and will be discussed later.
There is also a small difference in the lattice parameter of pure Si and the Si produced via eutectoid
decomposition. A 0.009 Å decrease in Si lattice parameter was consistently measured in aged
samples and the pure Si had the accepted lattice parameter of 4.431 Å. Both samples underwent
the same powder processing (hand-milled and sieved to have particle sizes below 40 μm) and
mounting, and this suggests that the issue is not due to measurement errors or Rietveld refinement

Figure 4.8: Diagram depicting the lattice parameters and composition of DC phases determined by Rietveld
refinement. Liquid and solid state processing controls the Ge disposition of DC nanoconstituents.
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but is an actual change in lattice parameter. It is possible that this is due to trace incorporation of
Fe into the Si crystal structure, and the Fe concentration is too low for EDS to detect. Another
explanation could be hydrostatic stain caused by the Si nanowire being entombed by the β matrix.
However, the cause of the lattice parameter reduction was not pursued.
In order to convert DC lattice parameter to Ge concentration, experimentally measured data [102]
for Si1-xGex lattice parameters were used. By performing XRD scans and refinement on different
samples of the same processed material, it was determined that the measurement variance is ± 1.5
at% Ge and ± 2.5% for the volume fractions of the phases. We can compare Rietveld refinement
with EDS areal measurements of the composition of the eutectic DC lamellae, which are large
enough that EDS measurements are not significantly affected by spurious signals from the
surrounding silicide. As measured by Rietveld refinement, the compositions of the eutectic
lamellae were found to be Si67Ge33 for slow-cool and Si36Ge64 for rapid-cool, while by EDS they
were determined to be Si70Ge30 and Si28Ge72, respectively. EDS and Rietveld refinement values
for composition of the eutectic lamella do not agree perfectly due to systematic error of both
techniques, but do indicate significant Ge uptake by the eutectoid lamellae, especially at high
cooling rates.
4.3 Thermal Transport
4.3.1 Thermal Conductivity of Hierarchically Processed Fe28Si68Ge4
Three samples with different eutectic + eutectoid processing regimens were used to explore the
effects of hierarchical structuring and Ge on thermal conductivity. The slow-cool (Figure 4.9.a)
and the rapid-cool (Figure 4.9.b) samples were aged at 567 °C for 120 hours (“slow-cool + 567
°C/120 hr”) and 56 hours (“rapid-cool + 567 °C/56 hr”) respectively, to fully decompose the α
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β + Si94Ge06

Si36Ge64
Lamellae
β + Si18Ge82

β + Si69Ge31

Figure 4.9: BSE-SEM micrographs of β + DC pearlitic colonies in the interlamellar regions of samples
aged at 567 °C: a) slow-cool and b) rapid-cool samples. c) Rapid-cool sample aged at 900 °C with
homogeneous dispersion of spheroidized particles.
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phase into pearlitic β + Si. At these aging temperatures the eutectic lamellae do not significantly
coarsen or evolve. This results in a local, 2D interface density of ~11.0 β/DC interfaces/μm for
each sample; however, the composition of eutectoid SiGe differs between the samples. An
additional melt-spun ribbon was aged at 900 °C for 9 days (rapid-cool + 900 °C/216 hr) to produce
a coarsened, spheroidized microstructure (Fig. 4.10.c) with the microconstituents ostensibly at
their equilibrium compositions. For temperatures above ~ 700 °C [105] the eutectoid interlamellar
spacing exceeds the eutectic interlamellar spacing; hence the Si and Ge atoms released by eutectoid
decomposition diffuse directly into the pre-existing eutectic lamellae. Simultaneously, the lamellae
also break up into quasi-equiaxed particles. The DC particles have average 1.0 ± 0.9 μm diameter
and are spaced 2.4 ± 1.7 μm apart. The coarsened particles present a 2D interface density of 0.86
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± 0.33 int/μm. Room temperature characterization of thermal conductivity by TDTR was
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Figure 4.10: Thermal conductivity plotted as a function of mean interface spacing. The symbols

circled in red were aged at 567 °C and are similar in terms of microstructure.
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performed for each of the three aged samples: slow-cool + 567 °C/120 hr, rapid-cool + 567 °C/56
hr, and rapid-cool + 900 °C/216 hr, each having a DC microconstituent with at% Ge of 6, 18, and
31 respectively. The data for the binary Fe28.4Si71.6 samples obtained in the previous chapter are
also shown. Figure 4.10 depicts the four samples plotted according to their thermal conductivity
vs. the β/DC heterointerface spacing in the eutectoid structure only. The samples aged at 567 °C,
which are circled in the figure, have similar lengthscales for the eutectoid Si1-xGex nanowires in
the β matrix, irrespective of the different eutectic Si1-yGey lamellae arising from the casting
conditions. Despite the similar lengthscales, the thermal conductivity of the eutectoid
microstructure decreases by almost 2x, associated with the increasing at% Ge in the DC phase.
The phonon scattering efficiency of Ge-rich DC inclusions is further demonstrated by examining
the rapid-cool + 900 °C/216 hr sample: despite having an order of magnitude higher interface
spacing, the thermal conductivity is approximately the same as the rapid-cool + 567 °C/56 hr
sample, 8.9 ± 0.6 and 8.3 ± 0.7 W m-1 K-1, respectively. This reduction cannot be fully attributed
to enhanced alloy scattering [88], and will be discussed later. In order to understand these effects,
we analyze the role of the Ge content on the thermal boundary conductance (TBC) associated with
the eutectoid β-FeSi2/Si1-xGex heterointerfaces.
4.3.2 Phonon Scattering of β/DC Heterointerface
Here, we will use the TBC-based thermal conductivity approach (Chapter 3.3.3) to analyze the
phonon thermal transport in our samples; thus, in this context, we examine how TBC varies with
Ge content in the diamond cubic phase, yielding insight into the role of alloy composition on TBC.
This alloy composition effect on TBC has only been observed previously for interfaces in metallic
alloys [106]. In metallic systems, thermal transport is dominated by electrons, and thus, electron
effects (such as electron-phonon coupling in interfacial regions) may not be easily dismissed [107]
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[108][109][110]. Therefore, our present analysis on alloy composition on non-metal/non-metal
interfaces offers more direct, unique insight into the role of alloy composition on phonondominated TBC.
Similar to our TBC calculations in Chapter 3, it is assumed that scattering events in the bulk and
at the interfaces of each phase are independent, and the system can be modeled as a thermal circuit
with series resistances (via Matthiessen’s rule [52]), given by
𝟏𝟏

𝜿𝜿𝑻𝑻

=

𝒇𝒇𝜷𝜷

𝜿𝜿𝜷𝜷
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𝒇𝒇𝑫𝑫𝑫𝑫

𝜿𝜿𝑫𝑫𝑫𝑫

+
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𝒉𝒉𝒌𝒌,𝜷𝜷/𝜷𝜷

𝝆𝝆

+ 𝒉𝒉 𝜷𝜷/𝑫𝑫𝑫𝑫

𝒌𝒌,𝜷𝜷/𝑫𝑫𝑫𝑫
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where the f’s and κ’s are the volume fractions and thermal conductivities for the β and DC (Si1xGex)

phases, respectively. Two interface types were considered: β/β grain boundaries and β/DC

heterointerfaces which each have an accompanying 3D interface density (𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 ) and thermal

boundary conductance (hk).

The phase volume fractions fi were obtained from Rietveld analysis of the XRD data. The thermal
conductivity of the β-FeSi2 phase is taken as 19.8 W/m-K; this value was determined in the
previous chapter [105]. The thermal conductivities of Si1-yGey alloys as a function of Ge content
were taken from ref [88]. Figure 4.11 shows the thermal conductivities measured by TDTR at
room temperature, and compares these with the bulk thermal conductivities only (i.e., the sum of
the first two terms on the right side of Eq. (1)). Clearly, the bulk resistances alone, even with alloy
scattering in the diamond cubic microconstituent, cannot account for the observed reductions in
thermal conductivity. This again indicates the importance of considering the TBC at the βFeSi2/Si1-xGex interfaces, as we discussed above.
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Figure 4.11: The thermal conductivity as a function of DC phase composition. The open symbols are
values predicted by Mattheissen’s rule by only accounting for bulk and alloy scattering. The solid symbols
are the measured values. We attribute this discrepancy to additional scattering at the heterointerfaces.

Table 4.2 summarizes relevant data and calculation results for the samples of interest. The
following assumptions were made in order to determine how thermal boundary conductance of the
β/DC interface depends on Ge content from eqn. 1. For all the samples, the grain size, manifested
in the 𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 ,β/β term of eqn. 1, was ignored. In most of the samples this is justified by the relatively
large grain size, such that grain boundary scattering contributes negligibly to the measured thermal

conductivity. However, for the rapid-cool + 567 °C/56 hr sample, ignoring the 800 nm grain size
implies there will be some grain boundary scattering contributions to 𝜅𝜅𝑙𝑙 that will not be accounted

for. In all samples, the eutectic lamellae are also ignored. In the samples with coarse lamellae, the
TDTR probe was positioned between the lamellae and only measured the eutectoid structure
anyway, so the resistance analysis must also exclude the lamellae. However, the fine scale lamellae
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Table 4.2: Summary of relevant data for and results of the Mattheissen's rule calculations.

(cf. Figure 4.1.c) are included in the TDTR measurement. Their exclusion from the analysis of
eqn. 1, via both interfacial and bulk effects, is justified by (1) their small interface density and thus
small contribution to TBC and (2) the relatively small variation of the bulk thermal conductivity
of Si1-xGex alloys in the range x = 0.23 – 0.81 [88] . For the rapid-cool + 900 °C/216 hr ternary
alloy, the sample has two distinct particle sizes, so all measurements are an average of the two.
With these simplifications, the last column of Table 4.2 summarizes the resultant hk’s, which are
plotted vs. Ge content in Figure 4.12. The largest source of error in this calculation comes from
the uncertainty of the interface density and in the measured thermal conductivities.
By using Matthiesen’s rule, the β/Si interface was calculated to have a TBC of 554 ± 22 MW m-2
K-1. Compared to the TBC of other semiconductor/semiconductor interfaces, this value is close to
the upper limit of measured TBC’s in the phonon-dominated regime [8]. However, the Ge content
of the DC phase has a significant effect on the TBC at this heterointerface, as seen in Figure 4.12.
It is interesting to consider the rapid-cool + 900 °C sample. The extended high-temperature anneal
coarsened and spheroidized the DC phase, producing Si69Ge31 particles with diameters ranging
from 1-10 μm. As such, the application of Mattheissen’s Rule, Eq. (1), seems particularly
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Figure 4.12: Thermal boundary conductance for the β/Si1-xGex heterointerface, calculated from
Mattheissen's rule, as a function of Si nanoconstituent composition.

reasonable. For example, the TBC across the β/Si69Ge31 yields a TBC of 49±16 MW m-2 K-1, an
order of magnitude lower than that across the β/Si interface. Even with the potential uncertainties
in the interface density, the presence of 31% Ge in the DC phase appears to significantly reduce
the thermal boundary conductance of the β/DC heterointerface.
4.4 Future Directions
It should be recognized that a series resistance model wherein bulk thermal conductivities and a
single-valued thermal boundary conductance are taken as independent is clearly an
oversimplification. Future work should compare these predictions with diffuse-mismatch
modeling, and with re-interpretation of the data in terms of the Callaway-Debye picture. This more
rigorous modeling approach is beyond the scope of this current work. However, our experimental
results, and the simple series resistance model, do point to a clear and important role of atomic-
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scale structuring of Ge content in both bulk alloy scattering, and in enhancing boundary scattering
effects associated with the heterophase structure.
These results suggest that minimum thermal conductivity in the β-FeSi2/DC composite requires a
nanostructured DC phase with ~30 at% Ge to take full advantage of alloy scattering and TBC
effects, as well as potential benefits of reduced bandgap in the DC phase. Figure 4.13 uses
Mattheissen’s rule and the data collected for the β/Si69G31 heterointerface to model the change in
thermal conductivity as a function of volume fraction and interface density. Assuming that the DC
lengthscale is comparable to nanowires produced at 567 °C, the predicted thermal conductivity is
~2 W/mK and results in nearly a 4-fold reduction from the nanostructured Si82Ge18, and may have
advantages in the thermoelectric power factor. Thermal conductivity steeply declines before
leveling off at high interface densities, and suggests that ultra-fine lengthscales might not be

Figure 4.13: Theoretical curve derived from Mattheissen’s rule, showing the change in κTotal, with Si69G33
nanoinclusions, as a function of volume fraction and interface density. The yellow dot denotes κ for 25 nm
wide nanowire with a TBC of 49 MW m-2 K-1.
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required to produce a large decrease in thermal conductivity. Similar graphs for other measured
compositions can be found in the Appendix 6.
Eutectoid decomposition efficiently creates nanowires and large heterointerface densities, but Ge
entrainment in eutectic lamellae impedes our ability to segregate Ge into the finer-scale eutectoid
nanowires. It is not likely that we can bypass the eutectic by choice of ternary composition.
However, finer eutectic lengthscales and greater solute trapping are possible with even faster
solidification rates. As will be shown in the subsequent chapter, pulse laser melting is capable of
achieving these rates. Subsequent low temperature conversion promotes eutectoid decomposition,
α→β+Si, and if the eutectic interlamellar spacings can be retained on the nanoscale, the eutectoid
Si would simply diffuse to the lamellae, but without significant coarsening.
4.5 Conclusions
Ge additions to the Fe-Si system provide significant flexibility for modifying the structure and
properties of Fe-Si-based thermoelectrics. Hierarchical microstructure was produced by
combining eutectic and eutectoid decomposition in Fe28Si68Ge4 alloys, ultimately producing a
nanocomposite structure of β-FeSi2 with embedded SiGe alloys of varying alloy composition.
Rapid solidification of Fe-Si-Ge was shown to (1) reduce the lengthscales of eutectic lamella by
two orders of magnitude, (2) eliminate the unwanted ε-FeSi phase, and (3) increase the final Ge
content in the nano-scale eutectoid nanowires. Meso-scale structuring caused by eutectic
solidification did not have a significant effect on thermal conductivity. The Ge concentration of
DC inclusions (atomic-scale structuring) may be the most important, in this system, for reducing
overall thermal conductivities; since we found that the hierarchical eutectoid + eutectic structure
did not significantly reduce thermal conductivity vis-à-vis the coarser Ge-rich particles. It should
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be noted that that the Si69Ge31 inclusions were possible due to solute trapping caused by rapid
solidification.
We analyzed the thermal conductivity of the composite structure in terms of the effects of a Gedependent thermal boundary conductance associate with the β-FeSi2/Si1-yGey heterointerfaces.
While the β-FeSi2/Si interface exhibits a relatively high thermal boundary conductance of 554 ±
22 MW m-2 K-1, this value drops markedly with the inclusion of Ge into the diamond cubic,
eutectoid microconstituent. By incorporating 30 at% Ge into DC particles by taking advantage of
rapidly-solidified eutectic combined with eutectoid decomposition, the thermal conductivity of the
system is reduced to 8.3 +/- 0.6 MW m-1 K-1, which we quantify as a reduction in thermal boundary
conductance across the β-FeSi2/Si69Ge31 interface. This thermal boundary conductance was
determined to be 49 +/- 29 MW m-2 K-1, an order of magnitude lower than that across the β-FeSi2/Si
interfaces, which we ascribe to the change in phononic properties of the Si-Ge alloy due to the
varying alloy composition. Noting that the overall Ge content is still only 4 at%, the abundance
and low toxicity of the primary components, Fe and Si, suggest that further pursuit of
thermoelectric optimization through microstructure control in the dilute ternaries is warranted.
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5 Ultra-Rapid Solidification via Pulse Laser Processing
Chapter 4 showed that rapid thermal processing by melt-spinning dramatically reduced
lengthscales and increased Ge solute trapping in α-FeSi2. This ultimately led to a beneficial (for
thermoelectrics) reduction in thermal conductivity through reduction of the thermal boundary
conductance (TBC) by increasing the Ge concentration of diamond cubic (DC) nanoinclusions. In
order to further increase solidification rates, we explored laser-based melting and resolidification;
in particular we used an Excimer UV laser for pulse laser melting (PLM). Due to the rapid pulse
duration and high energy concentration, PLM achieves a faster solidification rate vis-à-vis meltspinning, and is on the order of 109 - 1012 ˚C/s [111][112]. The enticing resultant microstructures,
high interface density, and supersaturated phases suggest that further pursuit could yield a
promising thermoelectric material. While a comprehensive investigation is beyond the scope of
this dissertation, the goal of this chapter is to establish the potential for PLM as an avenue for
future research and development in this materials system.
5.1 Processing Parameters for Base Materials
5.1.1 Additional Fe-Si-Ge Alloys
Two new Fe-Si-Ge alloy compositions, Fe22.5Si67.5Ge10 and Fe23.5Ge71.5Ge10, in addition to preexisting samples of Fe28Si68Ge4, were synthesized by melt-spinning (“rapid-cooling”). These new
compositions were not used for thermal conductivity measurements, but were important for PLM
and assessing the ternary phase diagram, which will be discussed in the following chapter. All the
rapid-cool samples have Ge-rich eutectic SiGe (as will be seen later in Figures 5.2.a,b,c) but the
Fe22.5Si67.5Ge10 composition also has copious amounts of ε-FeSi. Unfortunately, due to difficulties
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with the melt-spinning of these new samples, only small amounts of material were produced,
limiting the scope of experimental iterations
5.1.2 Challenges of Pulse Laser Melting
A major aspect of this part of the project was to develop processing techniques to synthesize viable
starting materials suitable for PLM. There are three main process challenges that must be overcome
to produce samples that are amenable to subsequent aging (to produce eutectoid decomposition)
and characterization of thermal conductivity. The first challenge is that the excimer laser is unable
to homogenize coarse eutectic structures, due to the short pulse duration and ultra-rapid
solidification rate. To exemplify this, Figure 5.1 shows a “splat-cooled” Fe28Si68Ge4 sample, where
the melt dripped onto the bottom of the arc-melter chamber and cooled at an intermediate rate.
This sample was pulsed twice with a fluence of 2.5 J/cm2. The original microstructure is still
apparent, although the morphologies are smeared as the interfaces became more diffuse. This
suggests that at least partial melting occurred, but with insufficient extent (or time) to permit proper
mixing in the liquid. In the splat-cool sample, DC lamellae with widths ~5 μm wide did not
homogenize during PLM. However, a rapid-cool Fe22.5Si67.5Ge10 sample with lamellae ~1 μm wide
did homogenize during melting. In addition to the smaller lengthscales for intermixing the more
facile homogenization could be caused by the larger DC volume fraction in this sample. SiGe [113]
could have a higher UV absorption coefficient than α-FeSi2 (it has never been explored) and might
absorbs more energy per pulse, raising the overall sample temperature. The key point, however, is
that the initial DC microconstituent lengthscales should be ≤ 1 μm for excimer-based PLM to
effectively intermix in the liquid state, so that subsequent solidification structure is not biased by
the pre-existing structure from melt-spinning.
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Figure 5.1: Splat-cooled Fe28Si68Ge4 sample pulsed twice with 2.5 J/cm3 fluence. The laser-pulsed region,
which is noted as having a large number of cracks and diffuse DC microconstituents, is bounded by black
lines.

The second challenge is that the melt-depth associated with excimer PLM is shallow. An ionmilled cross-section shows that the melt-depth created by two excimer pulses is on the order of 1
μm deep, which agrees with depths measured for Si [114]. Chemical and/or phase identification
of the melted region via XRD or SEM-EBSD is not possible as the signal is overwhelmed by the
underlying, unmodified material. SEM-EDS (at 5 kV) was performed for these samples and shows
a significant amount of Ge entrained within the α phase, but was not able to resolve individual
phase compositions.
The third challenge is that the re-solidified material is too damaged for TDTR measurements of
thermal conductivity. The laser melted and re-solidified regions exhibit extensive fracturing, see
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Fig. 5.1. The inter-crack “islands” of α phase ranged in diameter of 5 – 40 μm. Unfortunately,
increasing the number of laser pulses only further damages the surface. One experiment was
performed to observe the effects of over-melting by rastering a sample multiple times with 2.5
J/cm2 fluence at 10 Hz for 30 minutes; A large pulse count (~18,000 distributed over the entire
sample) caused the surface to actually bead up; this is most likely caused by the melt not wetting
the substrate and the influence of surface tension causing spheroidization; the literature suggests
that lowering the pulse frequency could mitigate this effect [115].
Despite these challenges, we were able to examine aspects of how laser-based, or other pulseoptical processing techniques, might be used to effectively reduce structural lengthscales and
increase Ge incorporation in the DC phase.
5.1.3 Excimer Laser Parameters
Laser fluence was calculated from the integration of energy across multiple pulses and the area of
the incident beam. A range of fluences were initially tested from 0.5 to 2.5 J/cm2, as well as the
number of pulses per area. It was found that higher fluences, from 1.5 to 2.5 J/cm2, efficiently
melted the sample surface. The incident laser does not have a uniform energy density throughout
the width of the beam, and a range of temperature gradients and distinct morphologies can be
identified from the center to the edge. In order to produce a homogenously treated sample, we
rastered the laser across a region so that each area effectively received two pulses. From optical
microscopy, the macrostructure appeared homogenous; however, there are diverse nano-scale α +
DC morphologies observed within even a single “island” (localized region defined by surrounding
cracks). This will be discussed with greater detail in the following sections. All experiments in the
following sections were performed with two pulses at 2.5 J/cm2 fluence in an Ar atmosphere.
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5.1.4 Sample Processing Routes
Synthesizing a viable sample was nontrivial due to the challenges discussed earlier, and several
attempts were made with varying levels of success. The large and sudden temperature gradient
caused by the laser creates sufficient internal stresses to shatter a brittle ribbon unless it is firmly
mounted into epoxy. Mounting is actually beneficial as the ribbons can then be easily polished to
expose a homogenous microstructure. However, once the ribbon is mounted it cannot be removed
or aged for eutectoid decomposition; heating the mount destroys both the epoxy and the ribbon.
Samples made using this method were analyzed by SEM to characterize the PLM microstructure.
We attempted mounting in a dissolvable material, Crystalbond, which allowed for ribbons to be
polished, laser-pulsed, and extracted; however, the 10-30 μm thick ribbons were extremely brittle
and disintegrated before they could finish the aging process. A method for aging an intact, single
ribbon was not successfully developed, and will have to be the subject of future work. However,
the need for pre-mounting could be eliminated if a large-area optical source was used.
Another approach to create mechanically robust samples was to use spark plasma sintering (SPS)
to create a semi-dense disk. Ribbons were hand-powdered in a mortar and pestle and sieved to
retain particle diameters below 40 μm. The powders were then spark plasma sintered by my
groupmate, Naiming Liu, using the Poon group’s SPS setup. Thermal budgets in SPS were limited
to avoid structural coarsening. As a result, fully dense disks were not produced. Nonetheless, the
disks were sufficiently robust to survive subsequent polishing and thermal treatments. The SPS
samples were aged before PLM to establish a clear distinction between the base vs. melted
material.
Yet another approach was considered and attempted in limited fashion. We considered PLM of
powders themselves, which if successful, could then be spark plasma sintered. The motivation was
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the consideration that ultra-rapid solidification of micron-sized powder would avoid fracture due
to reduced mechanical constraint. We attempted liquid pulse laser ablation (LPLA) [116][117] on
powders and SPS disks; with about 5g of aged powders were submerged (the suspension was given
a day so that the powder could settle) in ~30 mL of ethanol (DI water oxidized the sample surface).
Unlike in PLA, the plasma plume is constrained by the liquid medium (see Appendix 8), as the
plume cools and condensates a part of it will condense and deposit on the sample surface and the
other part condenses and forms ultra-fine nanoparticles suspended, and oftentimes floating on the
medium [117]. After the ethanol evaporates, this powder was collected.

However, neither

approach produced sufficient material to obtain a detectable XRD signal. Data gathered from
LPLA can be found in Appendix 8.
5.2 Microstructure Resulting from PLM
5.2.1 Supersaturated α-FeSi2
Ribbons from the three compositions (Fe28Si68Ge4, Fe22.5Si67.5Ge10 and Fe23.5Ge71.5Ge5) were
mounted in epoxy, polished, and pulsed twice at 2.5 J/cm2 fluence. The initial rapid-cool
microstructure produced by melt-spinning can be seen in Figures 5.2.a,b,c. After PLM, we
observed several distinct microstructures, including both single-phase α regions, and regions with
two-phase α + DC having different morphologies. The two-phase microstructure will be discussed
in the following section. Solute trapping [35] caused by the rapid solidification front engendered
a homogeneous Si/Ge-supersaturated α-FeSi2 phase, and is shown in Figures 5.2.d,e,f next to their
corresponding pre-PLM counterparts. SEM-EDS indicated that Ge were concentrations near that
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Figure 5.2: BSE-SEM micrographs of rapid-cooled a) Fe28.4Si71.6Ge4 aged at 567 ˚C for 56 hrs showing
eutectic and eutectoid DC, b) Fe22.5Si67.5Ge10 with eutectic DC + ε lamellae, and c) Fe23.5Ge71.5Ge5 with Sirich proeutectic and Ge-rich eutectic phases. PLM microstructure of a) Fe28.4Si71.6Ge4, b) Fe22.5Si67.5Ge10,
and c) Fe23.5Ge71.5Ge5 alloys showing complete DC solid solubility in α-FeSi2.

of the overall system composition, which is a far larger supersaturation than what was achieved by
melt-spinning. The Si,Ge/Fe ratio of α-FeSi2 phases, with compositions of Fe28.4Si71.6 (Fe28.4Si71.6
– Slow-cool) and Fe24.8Si72.2Ge3.0 (Fe28Si68Ge4 – Rapid-cool), have increased from ~2.5 to ~3.5
vis-à-vis the Fe22.5Si67.5Ge10 (Fe22.5Si67.5Ge10 – PLM) α composition. If we assume that the α-FeSi2
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crystal structure is conserved, and that the nonstoichiometric nature is facilitated by Fe vacancies,
then there would have to be an increase in Fe vacancy from ~22% up to ~41%, respectively.
However, maintaining a stable crystal structure with nearly half of the Fe atoms missing does not
seem likely. There is a clear relationship that Fe at% decreases with increasing Ge concentration;
it is possible that Ge is partially substituting on Fe sites. The covalent radii of Fe and Ge (132 and
120 pm, respectively) are more similar in size than Si (111 pm) [118]. Ge is lower in the Group
IV column and has decreased electron affinity and a more metallic character, so it is possible that
Ge preferencially fills Fe vacancies. Further experiments on lattice parameter deviations from
Rietveld refinement and density measurements are required to better understand the atomic
disposition of supersaturated α-phases.
The supersaturated α phase has many interesting implications for our thermoelectric research.
Based on the results in Chapter 4, we anticipate that appropriate low-temperature aging should
produce fine, Ge-rich eutectoid nanowires. For a system composition of Fe22.5Si67.5Ge10, the
equilibrium phases at 900 ºC are β + Si60Ge40 (see Chapter 6); the β/Si60Ge40 interface (the highest
achievable in the β + DC two-phase existence region) would take advantage of low TBC and high
density, and could have exceptional phonon scattering efficiency. Unfortunately, due to
insufficient material for powder processing, only the Fe28Si68Ge4 sample was aged and
characterized. Ge-rich compositions should be explored for future PLM experiments.
5.2.2 α + DC Microstructures from PLM
Along with the supersaturated single-phase α regions, two-phase α + DC microstructures were also
observed. It is currently unclear what causes the significant microstructural inhomogeneity
occurring on 5-10 μm lengthscales, shown in Figure 5.3. Although the eutectic microstructures
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Figure 5.3: Fe22.5Si67.5Ge10 ribbon after PLM (2 pulses at 2.5 J/cm2), depicting the close proximity of
different α + DC microstructures. The blue outlines highlight α + DC colonies and the yellow lines mark
the spatial alignments of DC inclusions. The different microstructures are described in the text.

typically are found along the island edges, it is clear from spatial alignment of DC lamellae that
the cracks formed after solidification and are therefore not directly responsible for eutectic
nucleation. The blue outlines emphasize regions where DC inclusions have formed an ordered
“criss-cross” pattern; inclusion run along one of two perpendicular direcions which are marked by
the yellow perpendicular lines. Clearly, these regions have the same inclusion alignment because
the α matrix has the crysallographic oriention; these regions are α + DC colonies. Considering the
ultra-fast solidification rate, these colonies are fairly large and can range from 5-10 μm in diameter.
In this micrograph, there are three similarly marked alignments, not outlined in blue, that also
contain different morphologies (what we are calling ribbon and cloudy). It is not clear if these are
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the same colony or a coincidence of orientation; it is possible that their morphologies are connected
by similar mechanisms. The relationship between microstructural variations and composition,
initial surface morphology, substrate morphology, or solidification rate is not understood. A more

Eutectic
α + DC

Figure 5.4: Micrographs depicting different α + DC microstructures commonly observed in PLM samples:
a) nascent Si-rich dendrites, and b) two periodic eutectic micrographs showing variations on colony
morphology. These micrographs were taken from Fe28Si68Ge4 ribbons that were pulsed twice at 2.5 J/cm2.
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systematic approach to characterizing fluence and solidification rate (preferably on homogenized
base samples) is required before a proper connection can be determined.
There are four types of α + DC microstructures that appear throughout the different compositions
and sample process histories, however the mechanisms of their formation are not well understood.
The DC phase in Figure 5.4.a are clusters of nascent Si-rich dentrites that solidified initially from
the melt. Figure 5.4.b has microconstituents that appear to have formed cooperatively, and
indicates that ultra-rapid solidification has pushed lamellar lengthscales to the nano-scale. Two
different images are shown here so to encompass the entirety of observed eutectic colony
lengthscales. The linear intercepts method was used to characterize these lamellae; the 2D interface
density of the eutectic structure is 6.6 ± 1.2 interfaces/um, average lamellar width is 51.9 ± 8.4 nm,
and an interlamellar spacing of 175.1 ± 26.9 nm.
The α + DC two-phase region in Figure 5.5 has an odd morphology – which is notable for its
highly diffuse interfaces vis-à-vis the sharp α/DC interfaces we typically observe. It has long
“wavy” inclusions and cloudy diffuse regions, and for a lack of a better term, we will refer to this
as cloudy morphology. The Ge-rich, diffuse interface is similar to what was observed in Figure
5.1; the PLM processing caused partial mixing of coarse DC structures. The Ge atoms rapidly
diffused through the melt and froze before unmixed structure could form, suggesting the diffuse
interface here is also caused by large amounts of Ge frozen in the matrix. The overlay in Figure
5.5 shows the same location that was processed by a Fourier bandpass filter (filters high
frequencies to suppress contrast differences and low frequencies to enhance edges, processed in
ImageJ) to remove contrast caused by the diffuse interface. This image processing revealed that
the “cloudy” regions actually consist of DC spheroids (~30 nm wide and spaced ~50 nm apart) in
a Group IV-rich diffuse interface. Although these regions have “wavy lamellae” it does not appear
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Figure 5.5: Micrograph of Fe28Si68Ge4 depicting the cloudy morphology. An overlay made from image
processing via bandpass filter shows the particles within the diffuse interface. Wavy DC inclusions and
clouds are shown to align themselves along perpendicular directions.

to be the result of cooperative growth or by classical nucleation. It is odd that in this Group IVrich diffuse regions Group IV elements have diffused up the concentration gradient into DC
particles, and didn’t nucleate α-FeSi2 particles in a DC matrix instead. Could these Group IV-rich
regions be continuously ordering along the manner of a pseudospinodal decomposition, and the
froze before unmixing reached completion? As shown in the next section, the cloudy morphology
is also aligned along two perpendicular directions, granted that the inclusions are wavy and not as
periodic as those seen in Figure 5.6
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Figure 5.6: SEM micrograph a single, large eutectic colony with ribbon morphology, ribbons are shown
to align along two perpendicular directions.

The DC phase in Figure 5.6 will be referred to as “ribbons”, as they would appear as ribbons
(truncated lamellae) if extended into the 3rd dimension. These ribbons are believed to be eutectic
in origin as : 1) heat would not have been retained long enough to cause solid-state precipitation
and 2) primary DC solidifies out of the melt as dendrites. It is clear that the ribbons are aligned
along one of two perpendicular directions and are encapsulated by a single orientation of α. It is
unlikely that the DC inclusions are bounded by the α (001) habit plane as they are in other eutectic
morphologies. This is clearly the case, as the two spatial alignments are not possible with the single
habit plane. We have ruled out the possibility of ultra-fine α grains oriented so that the habit plane
is facing a ribbon, as it is unlikely that periodicity would be maintained for over 10 μm.
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It is possible that the faceting has changed, perhaps due to lattice parameter changes or in entropy
of fusion caused by supersaturation. The micrograph suggests against eutectic DC nanorods
growing along perpendicular planes, (100), (010), and (001), with the short rods being viewed end
on and the long rods view lengthwise. If this morphology is truly caused by a eutectic
solidification, then all the rods should be growing along the thermal gradient and long horizontal
rod growth perpendicular to the gradient would not be feasible. If α is still the faceted phase, then
perhaps the plane normal is the (001) plane and the ribbons are bounded by the {100} habit planes.
It is also possible that the α phase is no longer faceted (see Chapter 4.1.2), and the DC ribbons
have become the faceted phase. Like the eutectic Si in the Fe27Si73 sample, this would produce
periodic, orderly inclusion inside of a single colony. In order to resolve this microstructure we
need to: 1) know the orientation of the α grain and DC inclusions if possible, and 2) how the
microstructure evolves in 3D via focused ion beam (FIB) microscopy. It should be noted, that the
Figures 5.5 and Figure 5.6 have similar lengthscales: 1) 2D interface densities of 6.3 ± 1.6
interfaces/um, 2) average lamellar widths of 71.6 ± 7.1 nm, and 3) interlamellar spacing of 180.0
± 35.4 nm. Both of these microstructures are approaching the eutectoid lamellar lengthscale.
5.2.3 Fast Fourier Transform of DC inclusions
A fast Fourier transform (FFT) takes repetitive elements from the initial micrograph, in our case
the periodic Ge-rich lamellae, and converts them into the frequency domain. This allows for
quantification of spatial alignments. Figures 5.7.a and b both show microstructures that arose from
eutectic solidification albeit with different solidification rates. Unsurprisingly, PLM engendered a
much finer lengthscale and has similar morphology to slow-cool and rapid-cool eutectics. The FFT
graph of global morphology (Figure 5.7.a) shows that there is no global preferred alignment, and
each colony is randomly oriented from nucleation. The FFT graph from a single eutectic colony
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Figure 5.7: Micrographs depicting different α + DC microstructures commonly observed in PLM samples
and fast Fourier transforms quantifying eutectic spatial alignment: a) global eutectic microstructure, b) a
single eutectic colony highlighted in blue, c) a single ribbon eutectic colony, and d) a single colony with
cloudy morphology.

clearly shows a single spatial alignment per colony. Figure 5.7.c and d both have four cloved
pattern in FFT, and suggest that the DC inclusions from both morphologies are aligned
crystallographically along two perpendicular directions within their α matrix. This suggests that
both morphologies are ordered by the same mechanism and that they are inherently different from
the lamellar microstructures we have previously observed. In should be noted that FFT graph of
Figure 5.7.d does not have sharp peaks due to the “wavy” and “cloudy” nature of the DC
inclusions.
5.3 Microstructures of PLM Samples After Aging
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The solidification structures just described were observed in both ribbon and SPS samples, but
only the powdered processed SPS samples could be aged. Aging the PLM Fe28Si68Ge4 SPS
samples at 567 °C produced a divorced phase transformation, see Fig. 5.8. Without phase
identification, it may not be prudent to assume that the microstructure is results from a divorced
eutectoid (α → β + DC) transformation. The α phase is supersaturated well beyond the equilibrium
composition and it is possible that Si,Ge must be ejected before eutectoid decomposition is to
proceed. This could mean that the lamellar features shown in Figure 5.8 might actually result from
a discontinuous precipitation process, αss → αeq + DC. Both transformations produce similar
lamellar microstructures, nucleate and grow in similar manors, and can be nontrivial to
differentiate [34]. Typically, when imaged with BSE-SEM the β phase has a much lighter contrast
than the surrounding α phase, but the contrast difference is not easy to identify in these micrographs
(Figure 5.5). For the sake of this chapter this transformation will be referred to simply as a
“decomposition”. Even if this was a discontinuous precipitation, the small lengthscales and Gerich nanoinclusions would be conserved after the proper eutectoid decomposition, and should not
be detrimental to thermal properties. We also do not believe that these transformations result in
any metastable iron silicide or germanide phases. If a process scheme can be devised to produce
samples of sufficient volume to perform XRD, then phase identification will be straightforward.
5.3.1 Decomposition in Supersaturated α Regions
In Figure 5.8, we can see the reaction front as it moves into the supersaturated α phase; the DC
microconstituent appear as spheroids and truncated nanowires close to the reaction front, which
suggests that the reaction is a divorced transformation rather than by Rayleigh coarsening of
nanowires. The resulting nanoinclusions are finer than eutectoid nanowires engendered in the
Fe28.4Si71.6 and Fe28Si68Ge4 compositions via melt-spinning (rapid-cool), even when aged under
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Figure 5.8: PLM Fe28Si68Ge4 sample (SPS disk) aged at 567 ˚C for 56 hrs. a) and b) Depicting unknown
decomposition that occurs in DC supersaturated α phase. The reaction front between the supersaturated α

and the disilicide + DC region is clearly defined.
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identical conditions. The 2D silicide/SiGe interface density was increased to 29.8 ± 3.2
interfaces/μm, almost 3x the 2D interface density obtained in the previous chapters; this due to
finer particle widths, 24.2 ± 1.9 nm, higher interface per volume ratio of spheroid nanoinclusions,
and finer interparticle spacings (48.5 ± 3.9 nm). This fine microstructure coupled with Ge-rich
nanoinclusions would be ideal for thermal scattering.
5.3.2 Decomposition in Eutectic α + DC Regions
In the eutectic lamellae regions, the phase transformation proceeds in a different manner. As
mentioned in Chapter 3.1.4, when the eutectoid lamellar spacing is on the same order of magnitude
as the eutectic lamellar spacing, Si,Ge atoms diffuse directly to the α/DC interface and eventually
homogenize into the lamellae. Figure 5.9.a shows Ge-rich eutectic lamellae decorated by numerous
dark dot-like features; the overlay uses a Fourier bandpass filter to highlight compositional
contrasts. These dots are not believed to be SiO2 from O solutionized during PLM, as they
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Figure 5.9: PLM sample aged at 567 ˚C for 56 hrs, with a range of decomposition morphologies: a) Gerich lamellae decorated by epitaxial Si-rich DC particles, inlay uses a bandpass filter to highlight
composition contrasts, b) darkening contrast of lamellae as homogenization dilutes Ge concentration, and
c) range of decomposition morphologies ranging from the supersaturated α (rightmost), to homogenizing
lamellae, to the leftmost area where recent decomposition is still limited to epitaxial particles.

131

homogenize into the lamellae as shown by Figure 5.9.b but they do not form globally as would be
expected from classical precipitation. These decorations are believed to result from the Si and Ge
atoms, darker because they are Si-rich, diffusing out of the α phase to grow epitaxially on eutectic
DC lamellae.
There are a few hypotheses as to why spherical particles are decorating eutectic interfaces, if we
treat this as a solid-state analog of epitaxial thin film growth. Perhaps because of the lattice
mismatch caused from Ge-rich “substrate” and the Si-rich epitaxial growth, quantum dots (QD)
form to relieve lattice strain and minimize interfacial energy. This would be analogous to VolmerWeber growth, as Si-rich “QD” form directly without an obvious wetting layer [119]. The QD
appear to be situated in concavities. It is possible these concavities are the result of sinusoidal
perturbations inherent to the lamellar surface and are artifacts of solidification. Or Rayleigh
instability, during the aging process, could be exacerbating surface oscillations. The interface
diffusion of Ge-rich Group IV elements could be moving toward local maxima, while creating a
large number of steps for facile growth. Although why the Si-rich Group IV adatoms would diffuse
against the flow of Rayleigh instability is not understood. After continued aging, these QD
homogenize with the Ge-rich lamellae, lowering the Ge concentration. This is observed as a
darkening of lamellar contrast, Figure 5.9.b.
The progression of aged microstructures can be seen in Figure 5.9.c as the transformation front
began in the supersaturated α region (DC nanowires) on the right and moved towards the left of
the micrograph. Once the reaction front moved into the α + DC region, and Si-rich particles start
decorating the eutectic lamellae. As time progresses, they began to homogenize with eutectic
lamellae, and precipitation of QD appear in recently transformed areas. No clear reaction front was
observed in the α + DC regions; this might be more evidence for discontinuous precipitation. As
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we do not see a contrast change in the disilicide despite the clear ejection of Group IV elements.
The homogenized lamellar microstructure might not be as visually appealing as the hierarchical
eutectic/eutectoid microstructure of the melt-spun ribbons, but the small lengthscales and high Ge
concentrations could be as ideal as the supersaturated α phase in terms of reduced thermal
conductivity.
5.3.3 Transformation Rate
Aging the laser-pulsed microstructure at 567 °C for 56 hrs did not result in complete decomposition
as it did with the melt-spun ribbons. Like the hypoeutectic Fe27Si73 sample, colonies did not
nucleate on the copious DC eutectic microconstituents during low temperature aging, and
decomposition here was chiefly facilitated by cracks. Despite observing in Chapter 4.1.4 that
eutectic lamellae provided facile heterogeneous nucleation sites, the two-phase regions here did
not exhibit a higher colony nucleation density. It appears that the supersaturation slows Si and Ge
diffusion into the DC nanoinclusions: this divorced transformation precedes slower than
cooperative growth and could explain part of the sluggish transformation rate.
5.4 Future Directions
A possible solution to the cracked surface could be through composition control. My own
exploratory experiments into PLM of a melt-spun Si90Al10 alloy, has shown that Si-rich alloys are
not necessarily predisposed to surface cracking. It may be possible to minimize surface cracking
by increasing the DC volume fraction.
Aging laser-pulsed samples has shown a cooperative phase transformation with lengthscales finer
than what was achieved in the previous chapters and have, and presumably, a higher Ge
concentration. Although the α/DC heterointerface did not seem to accelerating the decomposition
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Eutectic
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Figure 5.10: Powder processed Fe28Si68Ge4 samples that were melted with an IR laser for ~600 pulses. a)
Heterogeneous microstructure consisting of eutectic lamellae, spheroids, and DC phase forming an
apparently continuous layer in the α grain boundaries. b) Higher mag image depicting the fine eutectic
lamellae.
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at 567 ˚C, it could be worthwhile to age at greater undercoolings to determine whether finer
eutectoid nanowires could be grown between eutectic lamellae.
There are still, however, several challenges that need to be overcome in order to make pulse laser
processing viable technique for producing bulk thermoelectric materials. The excimer laser is not
the ideal tool to achieve this, it is not able to produce a melt volume required to perform proper
characterization. My groupmate, Naiming Liu, preformed similar experiments with an IR fiber
laser using much longer (100 μsec) pulses (~600 pulses, 20Hz over ~30s), Figure 5.10. Although
the surface was still highly damaged, this shows that a 25 nsec pulse duration is not necessary to
achieve finer microstructures. This suggests that alternative optical sources such as flash lamps,
could be used. Flashlamps also can produce sub-msec pulses, but can illuminate areas up to square
meters. Longer pulse durations might be more favorable, as the melt will have more for time for
homogenization and greater absorption creates a larger melt volume. Once processing has been
developed, the material should be fully characterized by XRD and thermal characterization.
5.5 Summary
The preliminary exploration of using PLM has shown that this technique is capable of producing
microstructures not obtainable by melt-spinning. The resultant laser-pulsed microstructure
produced ultra-fine α + DC two-phase regions and, in some cases, completely homogenized α
phase. This demonstrates that the α phase is able to support a metastable composition up to at least
Fe22.5Si67.5Ge10. This is exciting, as this composition would yield fine two-phase β + Si60Ge40
microstructure and could have exceptional thermal scattering properties. Aging caused a divorced
transformation, either eutectoid decomposition or discontinuous precipitation, with fine
lengthscales and Si-rich nanoinclusions that are optimal for thermal scattering properties.
However, we were unable to find a viable processing method and were unable to fully characterize
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the PLM microstructure. We have shown that PLM is a promising processing route for future
research into Fe-Si-Ge thermoelectrics, but still requires significant development.
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6 Fe-Si-Ge Ternary Phase Diagram
Although nanocomposites of semiconducting β-Fe(Si,Ge)2 and Si1-xGex diamond cubic (DC)
phases have been explored for use as thermoelectrics [7][45][120][121], solar cells [48], and
optoelectronics [49][50][122][123], the Si-rich region of the Fe-Si-Ge ternary phase diagram has
not been investigated. Previous work only mapped the Fe-rich region relevant to transformer core
materials [51]. The use of modeling programs such as FactSage and Thermocalc is frustrated by
scarce thermodynamic data, especially for the Fe-Ge binary system. We found that both programs
were unable to produce theoretical phase diagrams that agreed with our experimental data.
Samples made in the previous chapter, as well as powder processed samples made by lab-member
Naiming Liu, and new compositions melted and melt-spun by Naiming and myself, were
repurposed to investigate the Fe-Si-Ge ternary phase diagram. The nonequilibrium processing
techniques were required to produce fine microstructures, and to avoid formation of ε-FeSi, so as
to reach equilibrium in a reasonable amount of time.
6.1 Key Isothermal Sections in the Si-rich Region
Understanding the extent of the phase coexistence regions, and the phase compositions, is critical
for controlling Fe-Si-Ge alloy properties. Chapter 4 has shown that, through bulk composition and
processing, the composition of Si1-xGex nanoinclusions can be systematically varied. This imparts
greater flexibility in controlling and optimizing the thermoelectric properties. In this chapter, two
key isothermal sections, above and below the α → β + Si eutectoid isotherm, were investigated
due to their importance towards microstructural engineering of the thermoelectric alloys.
A subset of our compositions was found to be in the three-phase coexistence region, where each
phase has an invariant composition with only a change in volume fraction to maintain system
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stoichiometry. These data points are of particular interest because their phase compositions at
equilibrium fix the invariant points of the three-phase triangle, and can be easily used to map the
ternary phase diagram. The compositions of the α, β, and ε phases were obtained by EDS and were
found to be Fe24.6Si73.8 Ge1.6, Fe35.0Si64.4Ge0.6, and Fe49Si51 respectively. Systematic error for the
Quanta 650 EDX detector is about ± 1 at% when checked against a compositional standard, and is
the main source of error in these measurements. As with our prior work, we found Rietveld
refinement to be an indispensable technique for compositional analysis of DC inclusions. Through
this technique we are also able to observe lattice parameters and volume fractions over a broader
volume fraction vis-à-vis EDS to ensure equilibrium has been achieved. As we will discuss later
in this chapter, the silicide phases do not follow Vegard’s law and compositional analysis through
XRD is not possible. Details of the refinement process are given in Appendix 2.
In order to establish whether our samples were truly at equilibrium, we utilized volume fractions
and DC composition computed via Rietveld Refinement. Equilibrium was reached when the XRD
spectrum showed that various DC compositions (proeutectic, eutectic, eutectoid, etc.) merged into
a singular, sharp peak, and DC lattice parameters and volume fractions no longer shift as a function
of aging time. Of the slow-cool compositions, only Fe23.5Si71.5Ge5 reached equilibrium within the
longest aging times use here -- 9 days. The slow approach to equilibrium in the unequilibriated
specimens is due to the presence of the ε phase; aging in the β + DC two-phase region for 30 days
was not able to dissolve ε particles. The powder processed and ribbon samples, due their fine
microstructures, reached equilibrium before this time, but all samples were over aged to ensure
equilibrium was met.
At 1000 °C the invariant composition for SiGe inclusions were found to be 32.3 ± 0.6 at% Ge
when in equilibrium with α and ε phases, summarized in Figure 6.1.a. Achieving equilibrium at
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a)

b)

Figure 6.1: Fe-Si-Ge ternary phase diagram in the Si-rich region, with isothermal sections at a) 1000 °C
and b) 900 °C. Red lines denote tie lines connecting the FeSi2 and DC compositions for measured
compositions (black dots).
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900 °C was difficult due to the significantly slower kinetics. This necessitated the use of melt-spun
ribbons and/or powder-SPS samples that produced fine-scale microstructures, and facile
equilibration in a reasonable time frame. It was particularly important that base materials were
initially free of ε. As previously mentioned, the ε-FeSi → β-FeSi2 is a time-consuming
transformation, but the β-FeSi2 → ε-FeSi is not; reaching equilibrium is easier to allow ε to form
than to age it out. The equilibrium SiGe inclusion composition in the β + ε + DC coexistence region
increased to 43.5 ± 0.5 at% Ge at 900 °C, summarized in Figure 6.1.b. As discussed in the previous
chapter, the 900 ˚C value has implications for β + Si1-xGex nanocomposites as this sets the
maximum attainable Ge incorporation in the DC phase, for the β + DC two-phase region. The red
lines on Figures 6.1.a and 6.1.b are tie lines of measured compositions for data points in the twophase region. There is a reasonable agreement between the measured and calculated fractions and
the mole fractions predicted from tie lines. This suggests that out approach correctly characterizes
the ternary phase diagram; the principal error in these measurements are due to uncertainties in
ICP bulk sample composition, the Rietveld-derived SiGe composition, and the silicide
composition determined by SEM-EDS. A complete index of all compositions and volume fractions
are shown in Table 6.1.
6.2 Lattice Parameters of Iron Silicides with Ge Incorporation
Lattice parameters of the diamond cubic phase were determined using Rietveld analysis on the
nominally equilibrated samples from the previous section, which in turn determines the
composition of the diamond cubic solution phase. We also examined whether Ge incorporated in
the silicide parent phases (α, β, and ε) affected the nominal lattice parameters. The low solubility
of Ge in the intermetallic phases prevents analysis by Rietveld refinement. Ge is isoelectronic with
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Table 6.1: Rietveld Refinement data for all compositions and homogenization treatments. The “f” values
are the volume fractions of the respective phases.

Si and presumably substitutes on Si sites in the α, β, and ε crystal structures. We find that dilute
incorporation of Ge has little effect on the averaged lattice parameters of the intermetallic phases,
see Table 6.2. This table includes our results for binary Fe-Si alloys, which serve as an internal
calibration for Ge substitution of Si. The tetragonal α phase was found to entrain the largest amount
of Ge, up to ~3.0 at% for rapidly-solidified melt-spun samples [120][35], changing the
composition from Fe28.4Si71.6 to Fe24.8Si72.2Ge3. The Group IV:Fe ratio shows that for every Fe
atom there are 2.5 Group IV atoms in the binary system, and 3.0 Group IV atoms in the ternary
system. It is possible that rather than the Fe vacancy % changing with added Ge, it could be
possible that Ge is substituting on Fe sites. Despite this larger quantity of The Group IV element,
the α phase did not show a significant increase in lattice parameter. On average there is a 0.008 Å
expansion of the c-axis relative to the Ge-free α phase, however this difference barely exceeds the
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Table 6.2: Rietveld Refinement determined lattice parameters of iron silicides of all baseline and Ge
alloyed compositions. Units are in Å.

error. The orthorhombic β phase has a limited solubility of ~0.6 at % Ge [120][39], and the solute
does not have a noticeable effect on lattice parameter. Note that Rietveld analysis does show a
wider variation across the various Fe-Si-Ge samples, as embodied in the standard deviations shown
in Table 6.2. Nonetheless, the average lattice parameter is within error of Fe-Si values. The εphase, which has B20 crystal structure, is present in both Fe-Si and Fe-Ge equilibrium phase
diagrams: ε-FeSi is stable up to 1410 ºC where it congruently melts, while ε-FeGe undergoes
peritectoid decomposition at 748 ºC. It is possible to form miscible solutions ε-Fe(Si1-xGex) at
temperatures below 748 °C, with at least one report showing Ge incorporation of up to x=0.23
[124]. However, we found no evidence of Ge incorporation in ε at 900 °C or 1000 °C. Our lattice
parameter agrees with existing data for the ε phase as reported in the latest PDF-4 datasets from
the International Center for Diffraction Data (http://www.icdd.com) such as PDF4 04-004-3037.
6.3 DSC Analysis
6.3.1 Temperature of Phase Transformations
We mapped two isothermal sections of the Si-rich region of the Fe-Si-Ge system by finding the
chemical composition of equilibrium phases via Rietveld refinement. However, this information
did not illuminate the effects of Ge on eutectic and eutectoid phase transformation. To complete
crucial information about the ternary phase diagram, we utilized differential scanning calorimetry
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(DSC) to identify the temperature of key phase transformations. Several new compositions were
made so that more information about the liquidus surface could be obtained.
Figure 6.2 shows the DSC heating curves (see Chapter 2 for descriptions of the measurements) for
compositions both close to, and far away from, the L  α-FeSi2 + ε-FeSi + Si1-xGex eutectic point.
The peaks are endothermic (heat absorption). The peaks in the heating curves for the two
compositions show a clear difference in liquidus temperatures as well as an increase in volume
undergoing eutectic solidification. It should be noted that the DSC indicates, via heat release or
absorption, what temperature phase transformations occur, but is cannot itself indicate the nature
of the transformation, hence additional information is used to determine the transformations. We
used Proteus Analysis, the Nietzch DSC analysis software, to derive the temperatures of the

DSC Curves
Eutectoid Peak
Eutectic Peak

Liquidus Peak
Heating Rate = 5 °C/min

Figure 6.2: DSC curves of samples, Fe22.5Si67.5Ge10 (Red) and Fe23.5Si71.5Ge5 (Black) which are the
compositions with the largest and smallest change in enthalpy due to L  α-FeSi2 + ε-FeSi + Si1-x eutectic
solidification, respectively.
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eutectoid and eutectic isotherms, and the liquidus temperature. The eutectoid and eutectic isotherm
temperatures are determined by the onset of their corresponding peaks, which is the temperature
at which the phase transformation begins. Peak onset was determined by the intersection of the
extended baseline and maximum peak slope. The peak position of the highest temperature peak is
considered to be the liquidus, where the sample is fully molten. Data obtained from DSC curves
can be found in Table 6.3. Error bars were calculated by the average value taken from DSC curves
of three successive thermal cycles. The eutectic isotherm occurred at 1147.5 ± 2.6 °C and was
consistent for all compositions. Ge has clearly lowered the eutectic isotherm temperature from the
1210.1 ± 0.2 °C isotherm measured for the hypoeutectic Fe27Si73 sample. A small peak
corresponding to the eutectoid isotherm was present in most compositions. Despite going through
the same thermal treatment, the peak corresponding to the eutectoid decomposition is missing in a
few compositions and it is not clear why eutectoid formation isn’t occurring. This suppression
could arise from the inherent sluggish nature of the eutectoid decomposition, despite the long

Table 6.3: Compiled DSC data for all compositions.

Sample
Enthalpy Change Eutectiod Temp. Eutectic Temp. Liquidus Temp.
938.7 ± 0.0
1210.1 ± 0.2
1237.5 ± 0.7
Fe27Si73
21.2 ± 2.0
971.3 ±1.0
1143.1 ± 0.4
1198 ± 0.6
Fe28Si68Ge4
50.4 ± 1.5
978.4 ± 0.4
1148.1 ± 0.5
1188.2 ± 0.4
Fe22Si66.5Ge11.5
90.5 ± 3.7
977.5 ± 0.7
1149.3 ± 0.4
1178 ± 0.3
Fe26Si59Ge15
37.4 ± 2.1
974.9 ± 0.8
1146.6 ± 0.3
1179.9 ± 0.9
Fe15Si70Ge15
49.3 ± 2.5
965.4 ± 1.3
1147.4 ± 0.3
1171.8 ± 0.5
Fe15Si65Ge20
56.0 ± 1.2
977.5 ± 0.7
1145.9 ± 0.14
1182.3 ± 0.6
Fe20Si65Ge15
24.0 ± 0.4
978.7 ± 0.2
1148.9 ± 0.7
1194.2 ± 0.2
Fe32Si63Ge5
48.1 ± 0.6
1149.8 ± 0.3
1182.9 ± 0.9
Fe31Si59Ge10
113.6 ± 4.6
1150.1 ± 0.1
1174.8 ± 0.4
Fe20Si60Ge20
0.6
±
0.3
968.4
±
0.2
1141.7
±
0.9
1209.4
± 0.8
Fe23.5Si71.5Ge5
50.8 ± 1.7
1149.7 ± 0.1
1187.2 ± 0.2
Fe27Si63Ge10
110.3 ± 4.9
1149.9 ± 0.1
1181.8 ± 0.1
Fe22.5Si67.5Ge10
974.1 ± 4.8
1147.5 ± 2.6
Aveage Fe-Si-Ge
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isothermal age at an optimized decomposition temperature. Whereas the eutectic isotherm shifts
to lower temperatures with Ge addition, the eutectoid isotherm temperature increases significantly
from 938.7 °C to 974.1 ± 4.8 °C. Some of the liquidus peaks have anomalous, high-temperature
shoulders. The cause is not clear, and could be caused by a discontinuity in thermal contact caused
by the molten boule attaching itself to the wall of the Al2O3 cups. The shoulders do not appear to
be caused by an addition phase transformation and do not change the interpretation.
6.3.2 Liquidus Surface and Microstructure of As-Cast Alloys
The liquidus surface, as shown in Figure 6.3, was determined through DSC measurements and
extrapolation of known liquidus temperatures from binary phase diagrams for Fe-Si [4], Fe-Ge [4],
and Si-Ge [102] alloys. The ternary contour maps extend past our measured compositions to show
general trends; however, these regions were not experimentally determined.
In the Fe-Si binary phase diagram, the α phase congruently solidifies and has two peritectic α + L
shoulders which occur over a narrow temperature but broad compositional range, see Chapter
1.2.2. The path of the two shallow eutectic valleys (α + DC and α + ε) on either side of the
congruent α dome merge at a relatively small concentration of Ge, and form a cotectic (α + ε) line
whose bounds are proposed in Figure 6.3.b. SEM micrographs of as-cast microstructures of
compositions on either side of these lines corroborate the singular presence of proeutectic ε (Figure
6.4.a) or DC (Figure 6.4.b). The two microstructures shown here, along with the Fe28Si68Ge4 and
other ternary compositions, have a ternary eutectic morphology (L → α + ε + DC). Ignoring the
proeutectic phases, the α + DC lamellae clearly have grown in a coupled manner along with
cooperatively grown ε + DC at the lamellar exterior. The ε + DC do not penetrate deep into the
lamellae. This is due to compositional changes (ε + DC colonies growth
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a)

b)

Figure 6.3: a) 3D and b) 2D ternary surface plots of liquidus temperatures. Data points were taken from
experimental measurements and Fe-Si, Si-Ge, and Fe-Ge binary phase diagrams. The blue curves bound
the location of the ε + DC cotectic line, above the upper line proeutectic ε forms and proeutectic DC forms
below the lower line. The white oval indicates our estimate for the ternary eutectic point.
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a)

Fe27Si63Ge10

Proeutectic ε

Eutectic DC

Fe22.5Si67.5Ge10

Proeutectic DC

b)

Eutectic DC

Eutectic α + ε

500 μm
Figure 6.4: SEM micrographs of as-cast microstructures of a) Fe27Si63Ge10 showing the proeutectic ε and
b) Fe22.5Si67.5Ge10 showing the presence of proeutectic DC. Inset shows the eutectic α + ε microstructure
found at the edge of the eutectic DC lamellae. The cross sections were taken from the top of each boule.

ejects Ge into DC lamella until composition becomes unfavorable for coupled growth) and low ε
volume fraction; we estimate the composition of the ternary eutectic point to be within the white
oval, for reasons we will discuss in the following section. The liquidus in this region appears
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analogous to the flat region in the Fe-Si binary phase diagram; such broad and narrow features
make resolving liquidus surface features nontrivial.
6.3.3 Tammann Triangle
The Tammann triangle method [62][60] was used to estimate the ternary eutectic composition.
The magnitude of the change in enthalpy (area of the ternary eutectic solidification peak) relates
to the volume of the melt undergoing eutectic solidification; the closer the composition is to the
ternary eutectic point the larger volume and the change of enthalpy [62]. By examining the change
in enthalpy for several compositions, it is possible to extrapolate the composition that results in
the highest change. Figure 6.5.a shows a ternary surface plot of the Tammann triangle. The change
of entropy grows larger as more Ge is added to the system, as Ge content increases the volume of
proeutectic decreases as the liquidus approaches the ternary eutectic isotherm, as shown in Figure
6.5.b. One sample, Fe22.5Si67.5Ge10, has an unexpected increase in the change of enthalpy, Figure
6.5.a, which suggests that a larger volume of eutectic solidified than the data points around it. The
same composition has a drop in liquidus temperature and lies near our bounds for the cotectic line,
which runs into the ternary eutectic point. This composition was analyzed three consecutive times
with identical results with identical conditions as the rest of the DSC scans, and is not believed to
be caused by instrumental error. We estimate the ternary eutectic point to be within the bounds of
the white oval, which is centered at Fe25Si65Ge10. However, due to the low resolution of
compositions, it is not possible to obtain a more accurate location.
6.3.4 Conclusion
In this chapter, we mapped key phase transformations and regions of the Si-rich Fe-Si-Ge ternary
phase system. Three-phase regions at 1000 °C and 900 °C were experimentally characterized, and
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Figure 6.5: a) Truncated ternary surface diagram of the Tammann triangle, the color gradient relates to the
change in enthalpy. b) 3D diagram depicting the measured liquidus surface (ranging from red to purple) as
it slopes towards lower temperatures in respect to the eutectic isotherm (yellow plane).
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were found to have invariant DC compositions of 32.3 ± 0.6 at% and 42.5 ± 0.5 at% Ge
respectively. The latter represents the upper Ge concentration limit of the DC phase in the β + DC
two-phase region, implying that larger Ge contents cannot be obtained via close-to-equilibrium
methods. The intermetallic phases only incorporated small amounts of Ge; Rietveld analysis of
these phases show that lattice parameters are not affected by the entrained Ge, and are all within
error of known and measured binary Fe-Si values. Ge is also shown to depress the L  α-FeSi2 +
ε-FeSi + Si1-xGex eutectic isotherm temperature from 1210.1 ± 0.2 °C to 1147.5 ± 2.6 °C and
heighten the eutectoid isotherm temperature from 938.7 °C to 974.1 ± 4.8 °C. The bounds for the
location of the ε + DC cotectic line has been found through SEM micrographs. The exact location
of L  α-FeSi2 + ε-FeSi + Si1-xGex ternary eutectic point was not found, however evidence
suggests that the cotectic line could be near Fe22.5Si67.5Ge10.
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7 Conclusion
7.1 Summary
This dissertation discusses the hierarchical structuring of Fe-Si based alloys for the improvement
of thermoelectric efficiency. Meso-scale to atomic-scale structuring was achieved via controlled
eutectoid + eutectic process conditions that were optimized to enhance thermal scattering. We have
shown that fine nano-scale/meso-scale structuring (eutectoid interweaved between eutectic
lamellae) improved thermal scattering as we had hypothesized; however, it was the atomic-scale
(Ge concentration of Si1-xGex nanowires) that had the greatest impact on thermal conductivity.
This dissertation had two main emphases, characterize the effects of processing on microstructure
and relate the microstructure to thermal properties. If the thermoelectric figure of merit is to be
improved, then it will require absolute control over microstructure.
From the binary Fe-Si alloy system, we characterized the eutectoid microstructure and phase
transformation mechanisms. The nucleation of β + DC colonies at high undercoolings (567 ˚C) is
energetically unfavorable and requires cracks, DC lamellae, or Cu impurities to facilitate
nucleation in a reasonable time-frame; this temperature was found to create a fine nanocomposite
of DC nanowires in a β-FeSi2 matrix. Two processing extremes were chosen to produce samples
with thermal conductivities where β/DC heterointerfaces dominate (567 ˚C, fine nanowires with
11.0 interfaces/μm) and bulk phases dominate (910 ˚C, coarse equiaxed particles with 0.3
interfaces/μm). As we will discuss later, this nanostructuring reduced thermal conductivity by a
factor of 2. The 567 ˚C aging temperature produced fine eutectoid lamella with ~11.0
interfaces/μm regardless of the initial composition of α.
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Figure 7.1: Micrographs depicting lengthscales of eutectic lamellae made by arc-melting, melt-spinning,
and pulse laser melting techniques. The scale bars for the illuminated areas and the inlays are consistent.

The ternary Fe28Si68Ge4 alloy was utilized for meso-scale structuring. The solidification rate
effectively controlled meso-scale features such as α grain size, which in turn affects the aged β +
DC colony size, and DC lamellar lengthscales (Figure 7.1). Increasing the rate from 102 ˚C/s (arcmelting) to 106 ˚C/s (melt-spinning), reduced the interlamellar spacing by two orders of magnitude
from 131 to 1.5 μm and the aged β+DC colony size from 16 μm to 800 nm. Nanostructured eutectic
lamellae and β/β interfaces were found to be insignificant contributors to thermal scattering;
however, a consequence of eutectic and eutectoid engineering is a Group IV supersaturated α
phase, from Fe24.6Si73.8Ge1.6 (arc-melt) to Fe24.8Si72.2Ge3.0 (melt-spin), and is far more advantageous
for thermal scattering. The composition of the eutectoid nanowires is inherently dependent upon
the amount of entrained Group VI elements in the α phase. Exploratory work into pulse laser
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melting found that a solidification rate of 109 - 1012 ˚C/s was capable of producing supersaturated
α with compositions of Fe28Si68Ge4, Fe22.5Si67.5Ge10, and Fe23.5Si71.5Ge5. If these supersaturated α
compositions could be aged (at 567 ˚C) and characterized, then our theoretical model predicts the
resulting microstructure could have a thermal conductivity as low as ~2 W/mK. This would be an
order of magnitude decrease in thermal conductivity and could profoundly increase zT. Ultra-fine
lamellar regions were also identified from the PLM process with interlamellar spacing of 175 nm,
and could potentially be as promising as the supersaturated α material. However, due to processing
challenges the PLM materials were not able to characterized beyond SEM.
As previously stated, nanostructuring of the eutectoid decomposition had resulted in a 50x increase
in heterointerface density vis-à-vis highly coarsened particles in the Fe-Si alloy. This increase also
had a concomitant 2x reduction in thermal conductivity, from 22.8 to 12.1 W/mK. Matthiessen’s
rule for a thermal circuit was used to attribute individual thermal conductivity contributions to the

Figure 7.2: Plot showing the decrease in TBC as a function of at% Ge. The data points are color coded to
the micrographs and corresponding β/Si1-xGex interface.

153

heterointerface. The β/Si100 interface is clearly a poor scatter of phonons. We found that through
different eutectic/eutectoid processing routes in the Fe-Si-Ge alloy (Figure 7.2), we were able to
vary the Ge concentration of DC inclusions. Not only does alloy scattering caused by Ge impurities
benefit bulk thermal conductivity, but by examining a range of DC compositions it was discovered
that thermal boundary conductance is also highly susceptible to composition. By producing
~Si70Ge30 nanoinclusions in a β matrix, we were able to significantly drop thermal boundary
conductance from 571 to 49 MW/m2K vis-à-vis the pure Si sample. It was also discovered that
TBC is the more significant contributor of thermal conductivity. As coarsened, high TBC particles
had a thermal conductivity (8.9 W/mK), which is comparable to the meso-scale/nano-scale
structured sample (8.3 W/mK). A hierarchical eutectic/eutectoid microstructure did not provide
any obvious benefits for thermal scattering (beyond atomic-scale structuring), as fine Ge-rich
nanoinclusions are more significant scatterers of phonons.
The various compositions and heat treatments performed over the course of this dissertation
yielded valuable data for the construction of a ternary phase diagram; Three-phase regions were
identified at 1000 ˚C and 900 ˚C, α + ε + DC and β + ε + DC respectively. The isothermal sections
from these two temperatures, along with all data points are combined in Figure 7.3, and the
temperatures at which ε exists at equilibrium is color coded: 1) above and below the eutectoid
isotherm in the red region, 2) above the eutectoid isotherm in the purple region, and 3) does not
exist at any temperature in the blue region. The max DC equilibrium composition of the
heterointerface was identified as β/Si56.5Ge43.5. This composition cannot be achieved by arcmelting, as the melt needs to quickly solidify through the eutectoid isotherm to avoid ε nucleation.
Nonequilibrium techniques such as melt-spinning and powder processing are capable of avoiding
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Figure 7.3: Combination of 900 and 1000 ˚C isothermal sections. ε is not stable at equilibrium in the blue
region, only stable above the eutectoid isotherm in the purple region, and is stable above and to an unknown
temperature below the eutectoid isotherm.

ε nucleation at high temperatures and required to produce to produce a two-phase α + DC
microstructure in the purple region of Figure 7.3
7.2 Future Work
Although funding for this project has ended, we have not yet fully explored the design space
afforded us by the Fe-Si based alloys or by nonequilibrium solidification:
•

Develop processing techniques for PLM, preferably with a different type of high-powered
laser, to produce bulk samples with PLM microstructures. A more systematic approach to
experimentation would better illuminate how PLM conditions engender microstructures.
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•

Explore 𝜅𝜅𝑙𝑙 and TBC for sample compositions with β/Si56.5Ge43.5 interfaces, which is the

highest equilibrium Ge concentration allowed for this system. Volume fractions could be
varied to further tailor thermoelectric properties.
•

Obtain all thermoelectric properties from a hierarchically optimized PLM sample.

•

Investigate electrical boundary conductance as a function of Ge concentration.

•

Investigate the effects of bandgap engineering on S2σ by varying Si1-xGex nanowire
composition and substitute other isoelectronic elements for bandgap and valence band
alignment.

•

Alloying of isoelectronic Fe group elements. Os makes a semiconducting, isostructural βOsSi2 [125] and could potentially increase the bandgap and further enhance phonon
scattering. Ru might not have isostructural phase [126][127] but it is a heavy element and
has good solid solubility in Fe. However, there are a few major issues in using these
materials: they are both expensive, toxic, have melting temperatures well over 2000 ˚C,
and could be difficult and dangerous to arc-melt.

•

The nonequilibrium processing via PLM provides a means of creating supersaturated
matrices that would be otherwise impossible. For instance, isoelectronic/isostructural
substitution of Sn into the SiGe alloy [128]. Sn has low solid solubility in the disilicide and
DC phases. If a nonequilibrium technique like PLM were able to supersaturate Sn solute
into the α matrix, it could then be directed into DC nanowires upon aging. However, it is
not clear how competing, low solubility elements would arrange themselves during a
eutectoid decomposition.
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Appendix 1: Procedures for Mounting a Melt-Spun Ribbon in Epoxy
Mounting ribbons in epoxy is a nontrivial process, and cannot be done with the same methods as
the bulk material. A few of the challenges to overcome are: 1) the ribbons are extremely brittle
and should only be handled with vacuum tweezers, 2) the epoxy is denser than the Fe-Si-Ge
ribbons, so they will “float away” if not properly secured, and 3) the Buehler brand disposable
molds do not have flat bottoms, and cause the polished surface normal to be too far unaligned from
the growth direction to accurately observe eutectic structures. The following methods produce
viable samples and were found through trial and error.
Mounting Procedures
1. 1” diameter cylinder mold (Buehler), which can be used in standardized holders for SEM,
EBSD, plasma cleaners, etc.
a. First score the bottom-inside of the plastic mold, otherwise the superglue will not
stick to the plastic.
b. Use Crystalbond to fix a ribbon to a broken shard of a Si wafer (diameter < 1”).
Make sure that the ribbon concavity is facing up, press the ribbon flat, and cool the
wafer so that the Crystalbond hardens. The ribbon might break when flattened, but
this is acceptable as it increases the polishable surface area.
b. With the ribbon facing up, superglue the bottom of the Si shard to the bottom-inside
of the mold. This creates a flat surface for future polishing.
i. Sandwiching the ribbon between the plastic and the Si shard does not create
a secure epoxy base. The only thing holding the ribbon to the mount is the
Crystalbond and it will not survive the polishing process.
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c. Fill the mold with correctly measured epoxy with Ni conducting filler. Let the mold
set overnight.
d. Now, we need to polish through the Si wafer to the ribbon. Start with 800 grit paper
until the Si wafer starts to “disappear”, then polish with 1200 grit until scratches
appear on the ribbon.
e. Polish with fine alumina (0.3 μm) and diamond suspensions (0.05 nm) as described
in Appendix 3.
2. The second method is simpler and produces a smaller epoxy mount.
a. From a solid strip of staples, break off a large section. Then break off another
section that is just small enough to fit tightly inside the first when rotated 90˚. This
makes a tight square mold made by still connected staple sections.
b. Superglue the ribbons to the bottom and fill with conducting epoxy.
c. Polish with 800 grit paper until the ribbon is revealed. Then follow the polishing
procedure in Appendix 3.
d. The other side of the mount will not be flat, and should be ground away using 360
grit paper. Make sure to polish everything flat.
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Appendix 2: Procedure for Rietveld Refinement
The procedure for Rietveld is as follows.
1. The first step is to take high-resolution XRD data. For the PANalytical X’pert Pro, we
found that there were insignificant differences in lattice parameters and volume fractions
from 2 - 12 hours long scans at the smallest step size (0.008 ˚2θ). The Empyrean is an
inherently better machine and is capable of obtaining pristine spectrums, far better than
what was possible with the X’pert, in a quarter of the time. It should be noted that Rietveld
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Figure A2.1: The HighScore Plus program, with important tabs and windows marked for reference.
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refinement data was taken on the inferior machine, but should have no impact on our values
or interpretation.
a. Perform a high-resolution scan by using the lowest step size and high scan step
times. Several peaks for each phase are required, so a broad scan across 15 - 100 ˚
2θ is ideal.
b. The program is not intuitive, so Figures A2.1 and Figure A2.2 are labeled with
numbers that correspond to major windows and tabs in the following steps.
2. The .XDML file is the proprietary file extension from PANalytical and can be loaded into
their proprietary software “HighScore Plus”.
a. First identify the background, which is found under the “Treatment” tab (1) and is
called “Determine Background”.
1. On the new popup window click the “Manual” tab, click the “Use
cubic spline Interpolation”. This fits the base points with a cubic
spline.
2. Add and Move base points until the dark green interpolation line is
in the middle of the background noise and accurately fits the entire
baseline. Accept the background, but DO NOT “SUBTRACT”.
Subtracting the background causes subtle shifts in peak positions.
b. Next identify peak positions, which is found under the “Treatment” tab (1) and
called “Search Peaks”
1. Change the “Minimum significance” value so that all clearly defined
peaks are marked, and that random noise is not erroneously marked
as peaks. Then click “Accept”.
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c. Under the “Analysis” tab (2), expand “Search and Match”, and click “Execute
Search and Match”
1. Click “Edit” under the “Restrictions”, which will open up a periodic
table. Click Fe, Si, and Ge until they fall under the colored category
of “Possible elements” and the other elements are under “None of”.
The program will now only search for crystal structures that have
any combination of Fe, Si, and Ge.
2. Click on the “Quality” tab, and make sure “Skip patterns without
structure data” is selected. The returned PDF4’s will automatically
have structural data so creating your own from Wyckoff numbers is
not required.
3. Click the “Close” button. On the “Search and Match” window, click
“Search”.
4. When the search is complete, the “OK” button must be pressed, or
you will not be able to interact with the rest of the program.
5. Under the “Pattern Search” tab and window (3), HighScore will give
you back hundreds of possible matches from the PDF4 database, this
is organized according to a score. This value indicates how well it
matches the measured spectrum, but does not mean that it is the best
choice. DO NOT BLINDLY ACCEPT HIGHSCORE PLUS!
6. Drag phases from “Candidates” to the “Accepted Patterns” window
(4) until all the peaks are accounted for.
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Figure A2.2: Expanded “Refinement Control” and “Object Inspector” windows.

7. Select all the phases, right mouse click, and select “Convert Pattern
to Phase”.
8. Save your file as a .HPF in case there is an issue with the refinement.
d. Now click on the “Refinement Control” tab in the center window (5) and expand
the “Object Inspector” window (6).
e. In the top tabs, turn “Automatic” to “Manual” (7).
f. If desired, the HKL or 2θ of each peak can be labeled at this point.
3. Step one of refinement, remove the background. There are two ways that this can be done,
and are described by an online powerpoint procedure made by MIT [57]. I prefer their
manual fit as this method produces better results and. For the sake of explanation, whenever
a parameter is selected, click the refine button (8), and from here on it will be assumed that
refining occurs after every step.
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a. First right mouse click and anywhere in the “Refinement Control” window (9),
expand “Refine All” and select “Scale Factors”. This will scale the theoretical
peaks, which now appear on the plot as a blue fit line as opposed to the red measured
data.
b. Expand the “Global Variables” tab (10), then expand the “Background Polynomial”
tab (11). And select the “Flat background” button.
c. Click “1/X Background”.
d. Then “Coefficient 1”.
e. Then “Coefficient 2”.
f. Manually check that the background fit (black line) is within the noise. If it is, move
on to the next step, if it isn’t this means the background of your data is bad, possibly
due to poor mounting and the data should be scanned again.
4. Back in the “Refinement Control” window (9), under the “Global Variables” tab (10), click
the “Specimen Displacement [mm]” button. This accounts for any vertical offset from
sample in the holder, and is very powerful. Powder Si standards were purposefully offset
and this function aligned it the peaks perfectly. How this is achieved mathematically is not
known. Try to properly align your samples anyway.
5. Next comes the refinement steps which are accessed by right clicking over the “Refinement
Control” window (9) and expanding the “Refine All” tab. Remember to refine (8) after
each parameter is selected and check the theoretical fit on the plot and also the goodness
of fit (GOF). To find the GOF, click on the “Global Variables” tab (10) and it is located on
the “Object Investigator” windows (6).
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a. “Scale Factors” again, this determines the amplitude of the peaks. Peak amplitudes
are not necessarily the same over multiple scans, but that is not important.
b. “Cells”, this uses the structural data to recreate the spectrum and vary lattice
parameters to fit the data. If an alloy that follows Vegard’s law is analyzed, it is
possible to manually change the lattice parameters (to your predicted values) by
expanding that phase’s tab and changing the values under “Unit Cell”. This is
dangerous so keep an eye on the fit line.
c. “U’s”, “W’s”, and “V’s” are Cagliotti parameters and are used to fit the full-width
half-max. Refine after each selection.
d. “Pref. Orientation Parameter”, if the sample is powdered or has fine grains, texture
should not be an issue. Click this button anyway as it fits the intensity well.
However, if one peak is significantly smaller or larger than the other and is not
being properly fitted, click on the problematic phase, go to the “Object Inspector”
window (6), and go the “Preferred Orientation” section and manually adjust the
problematic hkl orientations. If it is over fitted, decrease the “Parameter
(March/Dollase)” value, if it is under-fitted increase it.
e. “Asymmetry Parameters”, this accounts for asymmetry in the peak. Occasionally
this will mess up one side of the peak fitting. Keep an eye on it.
f. Peak shape 1, changes an unknown parameter to change peak shape. This usually
makes the fit better.
g. Peak Shape 2, not sure what the difference is from peak shape 1, usually doesn’t do
anything.
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h. Go through steps 5.a-5.g again to ensure that the goodness of fit (GOF) is not stuck
at a local minimum.
6. In the “Refinement Control” tab (9), click on “Global Variables” (10) and make sure the
GOF in the “Objective Inspector” window (6) under the “Agreement Indices” is below 4
[57]. If so, then the Rietveld analysis was a success and the data can be trusted. If not try
again.
7. Save your data as a new .HPF file for future consultation.
a. Go to the “Reports” tab (12), expand “Create Word Report” and select “Wade”.
This report was specifically made by me to export the Rietveld data. If it no longer
exists, then you will have to create a new report format as the default does not give
Rietveld data.
b. Make sure that the lattice parameters and volume fractions agree with the values
currently in the program. For a reason I do not understand, sometime the program
will round to the nearest integer.
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Appendix 3: Mirror-Shine Polish Procedures
1. This is a standard mirror-shine polishing procedure. After each polishing cycle, rinse the
sample surface, air dry, and observe under an optical microscope. If all scratches are
parallel move down to the next grit, otherwise do the same grit over. Do each step for ~ 2
min. Always rotate the sample 90˚ from the last polish. If large scratches are still visible
after going down a grit size, go back to the prior grit and polish again. The Fe-Si-Ge alloys
are hard, but do not need any more pressure than the wait of your hand. Each polishing step
is roughly an order of magnitude decrease in particles diameter.
a. When using the grinding paper, have the wheel rotate at 200 RPM with water
constantly flowing over the surface. Before the 2 minutes are over, DO NOT
LOOK AT THE SAMPLE AND THEN CONTINUE POLISHING. The
pressure of you hand on the sample will be different and will cause a new, angled
polish surface to appear. It is very noticeable.
i. Use 360 grit on the polishing wheel to remove any macroscopic
inconsistencies.
ii. Then, or of the sample surface was already relatively smooth, polish with
800 grit paper.
iii. Then 1200 grit paper.
b. For the suspension polish, do not run water over the cloth while polishing, and spray
new suspension on the cloth occasionally. Turn the speed down to 80 RPM
i. Run water over the cloth to dampen it, run your finger across the surface to
dislodge coarse particles and to feel for anything that will cause scratches,
dry at 1000 RPM.
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ii. Polish with 0.3 μm Alumina powder, make a thick slurry and use liberally.
Every 45 sec or so add more slurry to the cloth.
1.

Alumina sticks to the sample surface, so turn on the water and run
the sample against the cloth for one minute, with periodic rinses.

iii. If scratches are not, or barely noticeable, move one to 0.05 diamond spray.
Similarly spray more suspension onto the cloth every ~45 sec. Clean the
surface.
c. To obtain a deformationless surface for EBSD:
i. Ion polishing is not recommended on aged samples, as the Ar ions
preferentially etch the high interface density and roughens the surface.
ii. Vibratory polish has been shown to work.
1. Fill the basin with 0.05 μm colloidal Si, and tune the frequency so
that the sample makes ~10 complete rotations per minute. Allow the
sample to polish for 2 hours. Clean the sample surface by rubbing it
against a clean polishing cloth under running water for several
minutes.
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Appendix 4: Preliminary TEM
Preliminary TEM Microscopy was performed on an SPS disk made from Fe21.4Si71.5Ge5Co2.1 that
was aged at 680 C for 10 hours. A disk of ~ 1 mm thickness was made by using the department’s
vibratory disk punch. The disk was then mechanically thinned with 1200 grit paper to ~200 μm,
and then dimpled using 0.3 μm diamond spray. The disk was then ion milled for ~3 hours with

β Matrix

a)

Crystalline
DC Nanowire

b)

β Matrix
Amorphous
DC Nanowire
Figure A4.1: TEM images with an unknown scale bar, showing the sharp interface between the β matrix
and a) the crystalline DC nanowire and b) the amorphous DC nanowire. The colored lines are oriented
along atom rows.
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guns at 10° (top) and 5° (bottom). After a hole pierced the sample, the angles were reduced to 5°
and 2° respectively, and the sample was milled for another hour. The stage was cooled with liquid
nitrogen to suppress beam-induced phase transformations.
The following images do not have scale bars, but regardless there is still some important
information to be gleamed. TKD-EBSD (Chapter 3) observed the grain orientation of the DC
nanowires and β matrix. While the β matrix had an excellent signal, the DC was for the most part
illegible. These TEM images suggest that the issue is not caused by instrument limitation. In Figure
A4.1.a atomic planes (red and blue lines) are clearly seen on either side of the sharp interface

Figure A4.2: TEM-EDS map depicting the disposition of constituent elements. Ge disposition is mostly
inside the nanowires, because it was ejected during the eutectoid phase transformation. It should also be
noted that Co substitutes Fe sites in the β matrix.
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between β matrix (dark phase) and DC nanowires (light phase). However, in Figure A4.1.b no
such order can be found in the DC nanowire, and suggests that the phase has been amorphized
during the ion mill process. A TEM-EDS map (Figure A.4.2) was taken and corroborates what we
found in TKD-EDS, that the β matrix is mostly free of Ge as it has segregated into the nanowires.
Co doping also shows that it stays within the β matrix.
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Appendix 5: Callaway-Debye Model and Size Effect
To explain the decrease in thermal conductivity that occurred beyond bulk and alloy scattering,
we used thermal boundary conductance to treat each interface as an additional phonon scattering
location. Another way at looking at the decrease in κ is due to a “size effect”, which occurs when
phonon mean free paths are longer than the width of a nanowire. Using the Callaway-Debye model,
we calculated the thermal conductivities with our measured nanowire sizes and compositions. The
following equations and their values were taken from Wang and Mingo [85] and the mathematical
model was reproduced in MATLAB. The thermal conductivity is described by
𝑘𝑘 4 𝑇𝑇 3

𝜅𝜅 = 2𝜋𝜋2𝐵𝐵𝑣𝑣
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where, kB is the Boltzmann’s constant, ħ is the reduced Plank’s constant, T is the Temperature, 𝜔𝜔c

is the frequency cutoff, and 𝑣𝑣𝑏𝑏 is the speed of sound through the solid material, and τ is the

scattering rate. By using Matthiessen’s equation, τ can be split into its constituent scattering rates:

Umklapp, alloy, and boundary scattering. The following equations are all used to determine the
scattering rate,
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Figure A5.1: Plot using the Callaway-Debye model to show the effects on Ge fraction and lengthscale of
SiGe nanowires on thermal conductivity.
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are the individual Umklapp scattering rates of pure Si

or Ge and are waited by atomic fraction in Equation A5.3; A, B, and C are parameters that are
adjusted to fit experimental data, and D is the nanowire diameter. By plugging these Equations
A5.2 - A5.7 into Equation A5-1 and using MATLAB to solve the integral and plot κ as a function
of Ge with several D values, we obtained Figure A5.1. This figure shows both the effects of alloy
scattering on thermal conductivity, and also the dependence of nanowire width on κ. Plugging in
the newly calculated κDC values into
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Figure A5.2: Comparison of thermal conductivities predicted by the Callaway-Debye model and
measurements taken via TDTR.
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where fβ and fDC are the volume fractions and κβ is thermal conductivity of β calculated in Chapter
3. From Figure A5.2, we can see that the model approximates our measured thermal conductivities
reasonably well. This shows that, even though size effect and thermal boundary conduction take a
different approach to model the heat transfer of nanostructured materials, both can reasonable
model the system. For reasons that are not understood, the nanostructured Binary Fe28.4Si71.6 + 567
°C/56 hr sample and rapid-cool + 567 °C/56 hr sample are under and overestimated respectively.
It is currently unclear what features could be causing these discrepancies and would require more
in-depth modeling and experimentation, which goes beyond the scope of this project.
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Appendix 6: 2D to 3D Interface Density – Geometric Correction Factor
A6.1 Nanowires to Lamellae
The interface density was calculated by the linear intercepts method, as described in Chapter
2.2.2.3. This method approximates the 2D interface density; however, our materials consists of
three-dimensional inclusions (nanowires and lamellae). To account for this discrepancy, we
estimated a geometric correction factor, by creating a simple model to calculate the interface
density of nanowires and lamellae in 2D and 3D, Figure A6.1. In 2D, both lamella and nanowire
are identical; difference in interface density do not appear until the nanoinclusions are expanded
into the third dimension. When the inclusion thickness (t) and width (w) are similar, we call it a
nanowire; when t >> w we call it a lamella. By finding the ratio of surface area to volume for 3D,

Figure A6.1: Simplified model to determine a) the perimeter to area ratio of a 2D system and b) the surface
area to volume ratio for a 3D system. The dimensions of the Si inclusions and the β matrix are labeled.
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or perimeter to area for 2D, systems, we can estimate a geometric correction factor to convert our
measured values to the 3D value. In 2D space the Si inclusion and the β-FeSi2 matrix are both
rectangles, and the interface density is simply,
𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 =

𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃𝑃

𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇 𝐴𝐴𝐴𝐴𝐴𝐴𝐴𝐴

=

2(𝑙𝑙𝑙𝑙)
𝐿𝐿𝑊𝑊

A6-1

where l and L are the lengths of the DC inclusion and matrix, and w and W are the widths of the
DC inclusion and matrix, respectively.
In 3D space, the inclusion and matrix are now boxes, and the interface density is now the ratio of
the surface area to the total volume,
𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 =

𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆 𝐴𝐴𝐴𝐴𝐴𝐴𝐴𝐴
𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇 𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉

=

2𝑙𝑙𝑙𝑙+2𝑤𝑤𝑤𝑤+2𝑡𝑡𝑡𝑡
𝐿𝐿𝐿𝐿𝐿𝐿
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T denotes the inclusion thickness and T the thickness of the β matrix. It is important that the volume
fraction stays constant, regardless of the size of the inclusion and matrix, so to achieve this W and
T are both functions of volume fraction of DC (f DC), or area fraction. This value was constant at
our measured value of 0.86 for nanostructrured Fe28.4Si71.6. The following equations were used to
vary the dimensions according to f DC.
𝑓𝑓𝑆𝑆𝑆𝑆 =

𝑉𝑉𝐷𝐷𝐷𝐷
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𝑙𝑙𝑙𝑙
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𝑙𝑙𝑙𝑙𝑙𝑙
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𝑉𝑉𝛽𝛽 + 𝑉𝑉𝐷𝐷𝐷𝐷

𝑊𝑊 = 𝑓𝑓
𝑇𝑇 =

𝐷𝐷𝐶𝐶 𝐿𝐿

𝑓𝑓𝐷𝐷𝐷𝐷 𝐿𝐿𝐿𝐿
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where V is the volume of the nanoconstituent. Equations A6-1 and A6-2, with the adjusted matrix
dimentions (Equations A6-3 – A6.5) were plotted as a function of t. Figure A6.2 shows the 2D and
3D interface densities for our model. We can see that the 2D model closely approximates the 3D
interface density of lamellae; this makes sense as the integration over a uniform 3D volume is
approximated by the 2D area, granted that each two-dimensional slice is identical to the 2D area.
However, when t approaches w (nanowire), we see a dramatic increase of interface density. The
geometric correction factor is simply 𝑥𝑥 =

𝜌𝜌3𝐷𝐷
𝜌𝜌2𝐷𝐷

and was found that x = 2 for nanowires. There are

Interface Density (interface/μm2)/(interface/μm3)

also two asymptotes in this plot, which corresponds to the

𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆 𝐴𝐴𝐴𝐴𝐴𝐴𝐴𝐴
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ratio of the inclusion, one
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Figure A6.2: Plot of 2D and 3D models showing the change in interface density as a function of inclusion
thickness, ranging from large (lamellae) to small (nanowire). The geometric correction factor at 0.03 μm is
2.
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where the surface area dominates (nanowire) and the other where the volume dominates (lamella).
Interestingly, what is being shown in Figure A6.2 is the reason why we want to nanostructure
materials; smaller particles have a more interfacial area per volume, and interface scattering effects
become prevalent.
A.6.2 Spheroids
Most of our processing parameters produced fine nanowires (Chapters 3 and 4), but we also
investigated coarsened samples where the nanowires had decomposed into spheroids. A similar
model was created substituting equations (volume, area, surface area, etc.) for rectangles for those
of spheres. The previous equations were then modified to find the area, circumference and volume
of a circle or sphere:
𝜋𝜋𝑟𝑟 2

A6-6

4
𝜋𝜋𝑟𝑟 3
3

A6-7

𝑊𝑊 = 𝑓𝑓
𝑇𝑇 =

𝐷𝐷𝐷𝐷 𝐿𝐿

𝑓𝑓𝐷𝐷𝐷𝐷 ∗𝐿𝐿∗𝑊𝑊

where r is the spheroid radius and the variable. This changes the interface density equations to:
𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 =

𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶𝐶
𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇 𝐴𝐴𝐴𝐴𝑒𝑒𝑒𝑒

=
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for 2D and
𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 =

𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆𝑆 𝐴𝐴𝐴𝐴𝐴𝐴𝐴𝐴
𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇𝑇 𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉𝑉

=

𝐿𝐿𝐿𝐿𝐿𝐿

for 3D. Figure A6.3 shows the 2D to 3D interface density plot. We found that for spheroids the
geometric correction factor x = 1.5.
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Figure A6.3: Plot of 2D and 3D models showing the change in interface density as a function of spheroid
radius. The geometric correction factor is consistently 1.5.
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Appendix 7: Models for Predicting Thermal Conductivity
From our experiments in Chapter 4, it is clear that TBC and interface density are the most
significant contributors to thermal conductivity. A simple theoretical model utilizing
Matthiessen’s rule was created to better illuminate how ℎ𝑘𝑘,𝛽𝛽/𝐷𝐷𝐷𝐷 and 𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 interact to influence bulk
thermal conductivity. For our simple model, we estimated the 𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 as a function of volume fraction

(f). In order to do this, we made a number of assumptions: 1) the nanowire dimensions were
constant, 2) the interlamellar spacing and thus the matrix dimensions are changing to facilitate a
constant f, 3) nanowires are rectangular, and 4) the finest spacing occurs when f = 0.5. So now we
can calculate f by the equation,
2𝑟𝑟 2 𝐿𝐿

𝑓𝑓𝐷𝐷𝐷𝐷 =

(𝜆𝜆+𝑟𝑟)2 𝐿𝐿
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where r is the width/thickness of the nanowire, L is the length of the matrix, and (𝜆𝜆 + 𝑟𝑟) is the
interlamellar spacing dependent width (and thickness) of the matrix. Solving Equation A7-1 for λ
gives,
2𝜋𝜋

𝜆𝜆 = ��𝒇𝒇

𝑫𝑫𝑫𝑫

− 1� 𝑟𝑟
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which means that the interlamellar spacing is now dependent on a variable f.
The interface density is simply the ratio of the surface area of the nanowire (SA,DC) divided by the
volume of the matrix (Vm),
𝑉𝑉𝑚𝑚 = (𝜆𝜆 + 𝑟𝑟)2 𝐿𝐿

𝑆𝑆𝐴𝐴,𝐷𝐷𝐷𝐷 = 2𝑟𝑟𝑟𝑟 + 2𝑟𝑟𝑟𝑟 + 2𝑟𝑟𝑟𝑟

A7-3
A7-4

189

𝜌𝜌𝛽𝛽/𝐷𝐷𝐷𝐷 =

𝑆𝑆𝐴𝐴,𝐷𝐷𝐷𝐷
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𝑉𝑉𝑚𝑚

and now the interface density is also dependent upon volume fraction. Now for a given f there is
𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 . By plugging Equations A7.2, A7.3, and A7.4 into Equation A7.5 we can estimate the

interface density as a function of volume fraction.
To solve Matthiesen’s equation,
1

𝜅𝜅𝑇𝑇
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𝑓𝑓𝛽𝛽
𝜅𝜅𝛽𝛽
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𝑓𝑓𝐷𝐷𝐷𝐷
𝜅𝜅𝐷𝐷𝐷𝐷

𝜌𝜌

+ ℎ 𝛽𝛽/𝐷𝐷𝐷𝐷

𝑘𝑘,𝛽𝛽/𝐷𝐷𝐷𝐷
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the values were taken from Table 4.3, as all the pertinent information for the inclusion
compositions 0, 6, 18, and 31 at % Ge have already been calculated. We can plot the thermal
conductivity, for a given inclusion composition, as a function of interface density and volume
fraction. These plots are contained within Figure A7.1.

a)
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b)

c)
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d)

Figure A7.1: Surface plots using Matthiessen’s equations to determine the theoretical κt as a function of
interface density and volume fraction. κDC and hk were obtained from a given at% Ge inclusion: a) 0 at%
Ge, b) 6 at% Ge, c) 18 at% Ge, and d) 31 at% Ge. The yellow dots designate the interface density of ~22
int/μm, and this falls around our measured thermal conductivity values.

The Figures A7.1a-c imply that doubling 𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 from ~22 int/μm (obtained when aged at 567 ˚C) to
~40 int/μm could decrease current κ by 1 – 3 W/mK. This might be at a point of diminishing return
for reducing lengthscales, as producing finer nanowires from solid-state techniques becomes more
difficult. However, in our Figure A7.1.d sample we have not nanostructured the DC inclusions and
there is a possible reduction to ~2 W/mK if we could obtain ~22 int/μm. The TBC is the most
significant contributor to thermal scattering and should be prioritized before 𝜌𝜌𝑖𝑖𝑖𝑖𝑖𝑖 .

It should be noted that some of our measured interface density do not fall within the plotted values,
and the yellow dots are moved to the nearest point on the plot surface. However, these plots show
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that when interfaces dominate, the bulk volume fractions (and their bulk thermal conductivity
values) are no longer significant. Taking this into account, out interface density (ignoring f)
approximates our measured κT for all the graphs, and are shown as yellow dots on the plots. This
model ignores phonon wavelengths and wavelength dependent scattering and it is possible that
these graphs are not accurate at high interface densities. Regardless this simple theoretical model
approximates our measured data and we considered it an accurate illustration of microstructural
contributions to thermal conductivity.
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Appendix 8: Attempts at Liquid Pulse Laser Ablation
The motivation for these experiments was to circumvent issues caused by PLM, such as shallow
melt depth and surface cracking, by first melting powders and then sintering them into a dense
SPS disk. As long as homogenization occurred before ablation, then any damage to the ablated
nanoparticle surface is trivial. We attempted to achieve this via liquid pulse laser ablation of SPS
disks and powders [116][117]. LPLA, like in the previously discussed PLM, uses a high-power
laser to melt a sample surface. In PLM, the laser-induced plasma plume is ejected into the chamber
where it can deposit on another surface or possibly form nanoparticles. A small amount of material
is lost to plasma, but this is acceptable for bulk materials. In LPLA (Figure A8.1), the plasma

Figure A8.1: Simplified diagram depicting the liquid pulse laser ablation process. First the incident laser
pulse heats the sample surface, and creates a plasma plume. The liquid medium constrains the growth of
the plume which then coalesces into nanoparticles.
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plume is constrained by the liquid medium which coerces the formation of ablated nanoparticles.
We sought to collect these nanoparticles for sintering in the hope that this would produce a bulk
material with PLM-like microstructure. These LPLA experiments were performed with the
excimer laser from Chapter 5 with the following parameters: 5g of material (either in SPS or
powder form) immersed in 40 mL of ethanol, laser-pulsed at 10 Hz for 30 min at 2.5 J/cm2 fluence,
and rastered so that two full passes were made across the sample diameter. The process is
shockingly violent, as each pulse would cause the sample to shift, bubbles to nucleate on the
sample surface, and even splash ethanol out of the beaker (a fused quartz plate kept the solution
from spilling over).
A8.1 LPLA of SPS Disks
The first experiments explored LPLA of SPS disks made from hand-powdered Fe28Si68Ge4
ribbons. Both DI water and ethanol were tested as the immersion liquid; but DI water resulted in
6% at O at the sample surface (as detected by SEM-EDS) so ethanol was used for all subsequent
experiments. The disks and powders were aged at 567 ˚C for 56 hours (complete decomposition)
before LPLA, so that melted material could be easily identifiable as α-FeSi2 in XRD or SEM
characterization.
A large laser-pulse count on a polished SPS disk caused the surface to bead up (Figure A8.2.a).
From SEM characterization we confirmed that ablation was occurring and observed ablated
nanoparticles that settled on the SPS disk. These particles are not found on a previous pulse laser
ablation experiment conducted in an Ar atmosphere, Figure A8.2.b; the lack of particles on the
surface show that without the constraint of the liquid medium the plasma plume and any resultant
nanoparticles are lost. The beads are not fully melted; a polished cross-section revealed that the
bead interior was not affected by the laser, but the exterior (~ 500 nm melt zone) does indicate
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Figure A8.2: SEM micrographs of ablated SPS disks, over-processing caused the surface to bead up. PLA
was performed in a) ethanol immersion and b) Ar atmosphere. c) A cross-section of the beads reveals that
only the outside layer was affected.
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melting as the eutectoid lamellae were solutionized. A double-sided piece of tape was used to
collect the ablated material, after evaporation, in the beaker and on the sample surface. Despite
having observed ablated particles in SEM, XRD analysis did not detect an α signal as the melt
volume was too low.
It should be mentioned that Figure A8.2 suggests that these beads are not compositionally
homogenized. Large amounts of SiGe persist on the surface and within the beads. The produced
nanoparticles from SPS disks (from hand-powdered Fe28Si68Ge4 ribbons) do not have the
supersaturated α phase that we desire; however, high-energy ball milling is capable of producing
particles sizes of ~200 nm and SPS could make an ultra-fine material for facile homogenization.
A8.2 LPLA of Powder
After it was discovered that LPLA did create a low volume of ablated nanoparticles, the next step
was to increase the LPLA melt volume. Instead of having using an incident surface, of which only
~500 nm could be melted, it was hypothesized that powder could provide a larger surface area for
the incident laser and could be stirred so that fresh powders could be ablated. 5g of powder was
made from Fe28Si68Ge4 ribbons via mortar and pestle and sieved to a particle diameter below 40
μm. The powder was mixed with ~40 mL of ethanol and the solution and was allowed to settle.
The micrograph, Figure A8.3.a, shows the typical powder morphology before ablation; it is
characterized by its jagged edges and eutectic/eutectoid microstructures.
We immediately ran into a challenge caused by the powder mixing into suspension. The force of
the incident beam was such that the unconstrained powder was mix with the liquid medium, and
each pulse would further stir the suspension. The laser was initially focused on the settled powder,
but the mixed suspension obscured the beam such that it did not focus and the resultant fluence
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Figure A8.3: Micrographs showing a a) pre-PLA powder particle with rough edges and b) a powder
particle covered in ablated nanoparticles.

was too low for melting. Focusing the laser at the top of the ethanol disturbed the liquid medium
too much and caused it to splash over the beaker, even with the fused quartz plate in place. No
melted powder was observed from these experiments.
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It became clear that powder particles needed to be constrained to the focal length. This eliminates
the possibility of a suspension forming and stirring, but a significant portion of surface layer
powder could still be ablated. A 2 mm thick plate of fused quartz was placed over the powder, and
constrained it to the focal length and highest fluence. After LPLA and evaporation, a piece of
double-sided tape was used to collect the surface layer powder. In SEM, several powder particles
were found covered in clusters of nanoparticles; this morphology is similar to what was observed
in the literature for LPLA of Si [116], and is caused by the plasma plume and subsequent
nanoparticles coalescing on the close-proximity powder particles. Unfortunately, XRD was not
able to detect the ablated nanoparticles: the α signal was overwhelmed by the large volume fraction
of untransformed β.
These experiments suggest that LPLA, at least with the excimer laser, is not suitable to produce a
detectable amount of ablated material. As mention in Chapter 5, the excimer laser is not the optimal
tool for laser processing of Fe-Si based alloys and better results could be achieved with alternate
laser equipment with longer pulse times.

